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This dissertation composes three papers detailing work intended to illumi-

nate the atomistic-scale mechanisms governing environment assisted fatigue

crack growth in aluminum. All studies focus on the application of concur-

rent atomistic-continuum multiscale modeling, utilizing the coupled atomistic

and discrete dislocation (CADD) methodology. First, an ab-initio prediction

of environmental embrittlement in aluminum is demonstrated using a den-

sity functional theory (DFT) based multiscale framework to simulate the be-

havior of a loaded crack-tip in the presence of both elemental oxygen and hy-

drogen impurities. The multiscale simulations and subsequent analysis sug-

gest that electronegative surface impurities can inhibit dislocation nucleation

from a crack-tip, which is consistent with macroscopic brittle failure. Second,

a series of ab-initio and multiscale simulations are performed, directly linking

an atomistic mechanism of hydrogen-assisted cracking (HAC) to experimen-

tal fatigue data. The mechanism of enhanced surface deformation is demon-

strated using an aluminum-only interatomic potential capable of reproducing

ab-initio trends by strategically shielding critical surface bonds in accordance

with the environmental exposure level. The strategic shielding approach is

used within a CADD-based model to predict an embrittling effect of hydrogen

on near threshold fatigue crack growth rates. Third, a CADD-based model is

used to simulate the approximate effects of monolayer surface layer stiffening



on near-threshold fatigue behavior in aluminum. Stiff surface layer effects are

investigated by adding a Lennard-Jones overlay potential to exposed aluminum

crack-face atoms. For the single crystal orientation studied, we find that defor-

mation behavior generally begins with a short period of fast transient crack-tip

propagation until a stable defect structure has accumulated ahead of the crack.

Additionally, the approximate effects of stiff monolayer surface-film formation

are found to inhibit crack growth by resisting typical slip-plane cracking behav-

ior. For all studies, the results are discussed in terms of the current environment

assisted fatigue literature.
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CHAPTER 1

INTRODUCTION

Despite decades of research on the phenomenon of fatigue crack growth in

structural metals, the specific atomistic mechanisms governing near-threshold

crack-tip propagation remain unclear [43, 37, 55, 38]. Due to the length and time-

scale limitations of current experimental capabilities, the most promising path

to a comprehensive understanding of near-threshold fatigue is likely through

direct, physics-based, atomistic simulation. Unfortunately, many significant

challenges tend to prevent researchers from producing atomistic models capa-

ble of capturing true fatigue mechanisms in real alloys [12, 13, 17].

Among the most daunting of these challenges, is the incorporation of realis-

tic environmental effects. Typically, atomistic simulations are limited by the ap-

proximation of an inert chemical environment [12, 13, 58, 17, 61]. Unfortunately,

it is well known that the characteristics of aluminum fatigue change dramati-

cally when observed in a vacuum environment rather than ambient air [52, 5].

Furthermore, the failure rates tend to increase with the level of environmental

humidity [44, 45, 59]. Accordingly, the purpose of the three papers composing

this dissertation is to illuminate the poorly understood atomistic-scale mecha-

nisms governing environmentally assisted fatigue.

The second chapter, entitled “Ab-initio prediction of environmental embrit-

tlement at a crack tip in aluminum,” is published as a Rapid Communication in

Physical Review B, and was selected as an Editors Suggestion. Co-authors in-

clude Prof. Arun Nair, Prof. Richard Hennig and Prof. Derek Warner. This

work details the use of an ab-initio atomistic-continuum multiscale framework

to simulate the behavior of a loaded crack tip in the presence of oxygen and hy-
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drogen. The multiscale simulations and subsequent analysis suggest that elec-

tronegative surface impurities can inhibit dislocation nucleation from a crack-

tip, which is consistent with macroscopic brittle failure. The highlight of the

analysis is the formulation and implementation of Pierels model used to pre-

dict the effects of surface binding on the critical load required for dislocation

nucleation.

The third chapter, entitled “Illuminating the chemo-mechanics of hydrogen

enhanced fatigue crack growth in aluminum alloys,” was co-authored by Dr.

Kristopher Baker and Prof. Derek Warner. This work uses a series of com-

putational studies, across multiple length scales, to directly link an atomistic

mechanism of hydrogen assisted cracking to experimental fatigue data. The

study begins with an ab-initio investigation of the effects of hydrogen bond-

ing on slip and decohesion at a {111} aluminum surface. An aluminum-only

interatomic potential is then modified to reproduce ab-initio trends by strate-

gically shielding critical surface bonds in accordance with the environmental

exposure level. Finally, the strategic shielding approach is used within a cou-

pled atomistic-continuum discrete dislocation framework to predict the effect

of hydrogen on near threshold fatigue crack growth rates.

The fourth chapter, entitled “Near-threshold fatigue loading in aluminum

and the mechanical effects of monolayer surface-layer stiffening,” was co-

authored by Prof. Derek Warner. This work details the use of a concurrently

coupled atomistic and discrete dislocation multiscale method (CADD) to di-

rectly simulate crack-tip deformation and propagation during near-threshold

fatigue loading in aluminum. The effects of environmental monolayer surface-

film stiffening are investigated by adding a Lennard-Jones overlay potential to

2



exposed aluminum crack-face atoms. The effects of surface layer stiffening are

found to clearly inhibit crack growth, and several resulting insights are high-

lighted.
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CHAPTER 2

AB-INITIO PREDICTION OF ENVIRONMENTAL EMBRITTLEMENT AT

A CRACK TIP IN ALUMINUM

2.1 Abstract

This letter reports on ab-initio predictions of environmental embrittlement in

aluminum. We have used an atomistic-continuum multiscale framework to sim-

ulate the behavior of a loaded crack tip in the presence of oxygen and hydrogen.

The multiscale simulations and subsequent analysis suggest that electronega-

tive surface impurities can inhibit dislocation nucleation from a crack tip, which

is consistent with macroscopic brittle failure. The metal-impurity bonding char-

acteristics have been analyzed using a Bader charge transfer approximation, and

the effect of this bond on the theoretical slip distribution has been investigated

using a continuum Pierels model. The Pierels model, which is a function of

the position dependent stacking fault energy along the slip plane, was used to

estimate the effects of several common environmental impurities.

2.2 Introduction

Aluminum alloys are extremely popular structural materials in todays engi-

neering world. This popularity is well deserved, as aluminum alloys have a

remarkably low density relative to their stiffness and strength. Aluminum al-

loys are also naturally resistant to corrosion due to their natural formation of

passivating oxide thin-films in oxygen environments. Although this hard film
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formation generally protects aluminum from mechanical wear and corrosion,

the brittle oxide material is also highly susceptible to rupture in areas of high

stress concentration, i.e. at a loaded crack-tip. For this reason, aluminum alloys

are not immune to environment assisted crack growth. This is especially true

in the case of near-threshold fatigue loading, when the protective oxide film is

frequently (or even continuously) ruptured at the slowly propagating crack-tip.

The presence of environmental impurities is known to promote crack growth

in a variety of technologically important materials [15]. For example, when alu-

minum is subjected to cyclical loading in a controlled atmosphere, a rise in hu-

midity will accelerate the crack growth process and lower the threshold load

required for fatigue to occur [52]. To explain the origin of this environmen-

tal embrittlement phenomenon, a wide variety of theoretical mechanisms have

been hypothesized from a top-down approach, using the wealth of experimen-

tal data and microscopy presented in the literature [29, 26].

It is now possible to use atomistic modeling capabilities to investigate classi-

cal embrittlement mechanisms from a bottom-up approach [51, 19, 1, 27]. Such

models can be used to observe bond rupture as it occurs, thus potentially illumi-

nating new chemo-mechanical details that have yet to be proposed. In the past,

atomistic modeling was limited when used to investigate fracture processes,

because it was a significant challenge to enforce accurate interatomic force cal-

culations while considering long range elastic interactions. Fortunately, grow-

ing supercomputing resources and advances in concurrent multiscale modeling

techniques [4, 46, 35, 33] are now beginning to make accurate atomic-scale sim-

ulations of crack growth more feasible.

In this spirit, the current work provides the first direct ab-initio glimpse into

5



the chemo-mechanical interactions that occur at a metal crack tip in the presence

of environmental surface impurities. The crack tip simulations were made pos-

sible by combining the newly developed quantum mechanical coupled atom-

istic discrete dislocation (QM-CADD) framework and the NASA Pleiades su-

percomputer.

We have examined three distinct crack tip configurations: (1) a crack tip with

no impurities, (2) a crack tip with a single hydrogen impurity, and (3) a crack

tip with a single oxygen impurity. Each simulation was initialized at a stable

stress intensity factor and the load was ramped through a succession of incre-

ments until equilibrium could no longer be reached without the nucleation of a

partial dislocation. To estimate the relative charge transfer induced by each im-

purity, a Bader analysis was performed on the electron charge density solution

for each configuration at the same load. The mechanical effect of the perturbed

charge distribution was determined by calculating the energetic resistance to

shear along each slip plane. This energy functional was used within a contin-

uum Pieirls model to arrive at a critical load prediction. A consistent strength-

ening effect was observed for all crack tip simulations in the presence of oxygen

and hydrogen. Although the continuum model yields a similar strengthening

effect for any electro-negative surface impurity, the results of QM-CADD sug-

gest that a unique embrittlment mechanism takes place in the presence of hy-

drogen.
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Figure 2.1: QM-CADD simulation setup for studying crack tip dislocation
nucleation: (a) Overall geometry with color contours showing
uniaxial strain in the vertical direction; (b) Zoomed view of the
crack tip region, showing the inner ions (grey), the interface
ions (black), and the pad ions (white); (c) The Kohn-Sham DFT
simulation cell consisting of the inner, interface, and pad ions
surrounded by a small vacuum in a periodic unit cell. The 3D
atomic structure is projected onto the 2D plane for visual clar-
ity.

2.3 QM-CADD Methodology and Setup

The QM-CADD atomistic-continuum framework is a reliable way to investigate

crack tip mechanisms involving complex metal-impurity bonding. The multi-

scale framework allows for the computation of high fidelity interatomic forces

by requiring that only the small nonlinear region of material surrounding the

crack tip is modeled atomistically. Here we use Kohn-Sham Density Functional

Theory (KS-DFT) in the atomistic region and linear elastic finite elements in the

surrounding region (see figure 2.1). The two regions are coupled by an iterative

force balance approach, and the relevant coupling errors have been minimized

by the methods discussed in [34, 33]. Broadly, one can consider the QM-CADD

approach to be identical to its ancestor, developed by Shilkrot et al. [47], but with

the original empirical potential driven inter-atomic force calculation replaced by

a quantum-mechanical Hellman-Feynman force calculation [23].
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All simulations were built upon the ductile aluminum crack tip geometry

depicted in figure 2.1. In this configuration, we use a 20,000 x 20,000 continuum

domain with a crack, terminating at a 58 x 55 atomistic region. The crack was

created by removing three (111) planes form a pristine material, preventing the

crack from closing at small loads. The resulting atomistic region consisted of a

total of 442 aluminum atoms, of which 326 were distributed in the pad region

in order to buffer the crack tip from possible vacuum effects.

All interatomic force calculations were performed within the Vienna Ab-

initio Simulation Package (VASP), in which ultra-soft pseudopotentials and a

plane wave basis set were used to solve the equations of (KS-DFT) [24]. Within

VASP, the local density approximation (LDA) was used, along with a 1 x 1 x 8 k-

point mesh, a Methfessel-Paxton smearing of 1 eV [30] and a plane wave cutoff

of 250 eV. All atomistic visualization was performed in VESTA [31].

A meaningful atomistic discretization of the continuous charge density field

was obtained by dividing space into regions using a Bader surface designed to

satisfy the relationship: Oρ(~rs) · n̂(~rs) = 0, where ~rs is a point on the Bader surface

and n̂(~rs) is the normal vector to the surface at that point.

2.4 QM-CADD Results

Using the QM-CADD framework to model the pure aluminum crack tip config-

uration, the critical load required for nucleation was found to occur at a stress

intensity of 0.245 eV/2.5. At this load there was a clear relative motion of atoms

across the (111̄) plane in the [112] direction, indicative of the nucleation of a par-

tial dislocation from the free surface. As expected for a ductile metal, plasticity
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Figure 2.2: Dislocation nucleation process in the presence of environmen-
tal impurity atoms: (a) Hydrogen causes nucleation to occur at
a stress intensity load of 0.310 eV/2.5. (b) Oxygen causes nucle-
ation to occur at a stress intensity load of 0.300 eV/2.5. Equi-
librium crack tip configurations for both impurities are shown
at KI = 0.235 eV/2.5, where both configurations are stable and
dislocation free. In both nucleated configurations, aluminum
atoms are shaded by their motion in the slip plane direction
relative to the previous load step. It is clear from these images
and the fiducial markers that hydrogen causes slip to occur on
a different slip plane than oxygen.

occurred on the most highly sheared slip plane without any sign of incipient

cleavage or crack advancement.

The presence of oxygen and hydrogen at the surface of the crack tip was
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observed to increase the critical nucleation load. While oxygen resulted in dis-

location nucleation on the same slip plane as in the pure aluminum case, hy-

drogen resulted in dislocation nucleation on a different slip plane (figure 2.2).

More specifically, the presence of hydrogen led to crack advancement by a sin-

gle atomic spacing and dislocation nucleation on the newly exposed slip plane.

Thus, both impurity elements were observed to inhibit crack tip plasticity, while

hydrogen qualitatively changed the response of the crack tip in that it led to in-

cremental crack advancement.

2.5 Bader Charge Analysis

Figure 2.3 shows the KS-DFT electron charge density solutions calculated dur-

ing QM-CADD simulations at a stable load of KI = 0.235 eV/2.5. The results of

the Bader analysis [57] of the valence charge density in Table 2.1 show that oxy-

gen and hydrogen both form an ionic bond with the nearest aluminum atom,

leading to a filled valence shell, as expected from electronegativity differences.

The charge transfer at the impurity site clearly influences the interatomic bond-

ing across the slip plane, which is ultimately the source of the higher critical

nucleation loads observed in the mechanical simulations.

2.6 Continuum Rice-Peierls Model

To better understand this process, we analyzed the crack tip dislocation nucle-

ation mechanism using an atomistically informed Peierls continuum model [41].

The Peierls model simplifies the dislocation nucleation process to a continuum
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Figure 2.3: Contour images of the valence electron charge density field for
each of the three crack tip configurations at KI = 0.235 eV/2.5.
Atomic positions are projected onto the 2D contour image,
which was taken on the plane halfway between atoms in the
[1̄10] direction in all three plots: (a) Pure aluminum crack tip
configuration, (b) & (c) the same configuration with hydro-
gen and oxygen added, respectively. Although both impuri-
ties have an effect on the charge transfer induced near the slip
plane, the resulting charge density fields are clearly different.
All contour units are in elementary electron charge (e).

mechanics problem involving a loaded linear elastic body with an embedded

slip plane capable of producing a shear displacement jump in the material. Ac-

cordingly the energy of the model system is then a function of the elastic strain

energy stored in the bulk material and the nonlinear localized energy penalty

associated with slip on the slip plane, i.e. the stacking fault energy curve. At low

loads, a unique slip distribution exists that corresponds to the unstable equilib-

rium state of the system (the barrier state for dislocation nucleation). The min-

imum load at which this barrier state ceases to exist represents the critical load

for dislocation nucleation to occur instantaneously.

Traditionally, the stacking fault energy curve is often assumed to be inde-

pendent of position [41, 58, 56]. This effectively corresponds to ignoring the

influence of the free surface on interatomic bonding. Alternatively, in this anal-

ysis we computed the stacking fault energy curve using KS-DFT as a function of

11



both plastic slip and distance along the slip plane from the crack surface, r. This

was accomplished by rigidly shearing the crack tip configuration used in the

QM-CADD simulation along the slip plane and integrating Hellman-Feynman

forces to define the stacking fault energy curve as a function of r.

The energy balance relationship used in the continuum Peierls dislocation

model is

U [δ (r)] = Uo +

∞∫
0

Φ[δ(r), r]dr +
1
2

∞∫
0

s[δ(r)]δ(r)dr −

∞∫
0

σrθ(r)δ(r)dr. (2.1)

In this relationship Uo is the energy of the loaded elastic system in which

the slip distribution, δ(r), is confined to be zero along the slip plane. Φ[δ(r), r] is

the local nonlinear component of the energy penalty associated with slip and is

derived from the stacking fault energy curves [41], e.g. figure 2.4. s[δ(r)] is the

stress distribution on the slip plane created by the slip distribution,

s[δ(r)] =
µ

2π(1 − ν)

∞∫
0

√
ξ

r
dδ(ξ)/dξ

r − ξ
dξ. (2.2)

The remaining term in equation (2.1) represents the elastic work done by

the slip distribution acting against the applied load, σrθ(r, ρ,KI , θ). The relevant

form of the applied load, as derived in Ref. [7], is dependent upon the radius

of curvature of the crack tip, ρ, the applied stress intensity factor, KI , and the

orientation of the slip plane, θ. In the calculations conducted here, the shear

modulus (µ) was taken as 46.9 GPa and the crack tip radius as 2.0 . The critical

nucleation load was obtained by incrementing the applied stress intensity factor

until the slip distribution corresponding to the local minimum of equation 2.1

failed to converge. For each load increment the equilibrium slip distribution

was found numerically using a standard Newton-Raphson approach.
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Figure 2.4: Contour plots for the calculated stacking fault energy surfaces
are shown for the pure aluminum, hydrogen and oxygen con-
figurations (from left to right, respectively). The energy vs. slip
relationship shows a trend of convergence toward the theoreti-
cal bulk stacking fault energy curve with increasing distance
from the crack tip. The presence of the free surface clearly
raises the stacking fault energy to a depth of 1nm into the mate-
rial, and both impurity atoms produce an even larger increase
in energy within the first few atomic layers.

The stacking fault energies were found to be significantly influenced by the

free surface to a depth of 1 nm into the material, beyond this scale the energies

approached that of the bulk. The influence of surface impurities on the stacking

fault energy was found to have a similar range (figure 2.4). Considering that the

critical state for partial dislocation nucleation from an aluminum crack tip in-

volves a dislocation very close the surface (∼1 nm) [58], substantial inaccuracies

can result if the bulk stacking fault energies are used in the model. This finding

justifies the approach taken here.

Despite its simplifying assumptions the Peierls continuum model predicts

that both hydrogen and oxygen inhibit crack tip plasticity in agreement with

the QM-CADD simulations (Table 2.1). Given the continuum model′s success

at reproducing the QM-CADD simulation results, it was used to examine the
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Table 2.1: Results of the Bader charge transfer analysis, QM-CADD simu-
lations and continuum model simulations. Charge units are dis-
played as the negative electron charge (−e), and KIN units are in
eV/2.5. The Impurity Effect was calculated as the percent change
in KIN with respect to the pure aluminum simulation. The con-
tinuum model results assume an effective crack tip radius of
ρ = 2.0 . The continuum predictions confirm the strengthening
effects of the QM-CADD simulations, albeit at a smaller magni-
tude.

effect of four additional impurity elements. Considering that chlorine, fluorine,

lithium and sodium relax to a similar location at the crack tip, the prediction

of their impact on nucleation was amenable to the continuum model. While

fluorine and chlorine both exhibited a strengthening effect, neither impurity

is predicted to have as strong of an effect as oxygen and hydrogen. In con-

trast, sodium and lithium each had a negligible effect on the critical nucleation

load, both creating less than a 1% change in the critical load relative to pure

aluminum. Loosely speaking, these results are consistent with the general un-

derstanding that surface impurities affect the bond strength on the slip plane

through localized charge transfer. While the addition of electropositive atoms

like lithium and sodium produced negligible perturbations in the charge den-

sity field of the crack tip, the other electronegative impurities had a much larger

effect.
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2.7 Discussion

In the literature, environmental embrittlement at the crack tip is often attributed

to impurities weakening interatomic bonding, and therefore enhancing decohe-

sion [32, 36, 19] and/or crack tip dislocation emission [28]. At first sight, the

ab-initio predictions made here are in direct contrast to the idea that impurity

elements such as hydrogen enhance dislocation emission at the crack tip. How-

ever, further consideration is warranted, in that it is possible that the presence

of impurities may force dislocations to be nucleated on the slip plane immedi-

ately in front of the crack tip, as observed here in the case of hydrogen (figure

2.2). This would ultimately inhibit crack tip blunting, which requires disloca-

tion nucleation on multiple slip planes, leading to a more brittle macroscopic

response.

The idea that the presence of impurities at the crack tip lowers the cohesive

energy is another mechanisms that may lead to embrittlement. This mechanism

is consistent with ab-initio predictions that show that the presence of hydro-

gen on a potential crack plane in bulk aluminum lower the cohesive energy of

that plane [19]. Here we examined the role of surface hydrogen on the cohesive

energy of the crack plane which activated in the QM-CADD simulation with

hydrogen. For the configuration examined here, the cohesive energy was not

found to be influenced by the presence of hydrogen on the surface of the crack.

Thus, the crack tip hydrogen embrittlement observed in our QM-CADD simu-

lation can solely be attributed to hydrogen inhibiting dislocation nucleation.

Overall, it is important to recognize that the findings of this work are likely

sensitive to the specific atomic configuration of the crack tip and impurity ele-
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ments that were studied, noting that the impurity elements were placed in the

surface location where we suspect they would most strongly influence dislo-

cation nucleation. Further, the surface oxide layer, a key feature in real-world

problems, has not been considered.

2.8 Summary and Conclusions

In summary, we have performed three direct quantum mechanical multiscale

simulations of a loaded crack tip, predicting that hydrogen and oxygen surface

impurities inhibit the onset of plasticity. While the addition of oxygen allowed

the onset of plasticity to occur on the same slip plane as the pure aluminum

configuration, the addition of hydrogen forced plasticity to occur on an alter-

nate slip plane, leading to incremental crack growth. In order to obtain more

insight into the inhibition of plasticity by surface impurity elements, we have

employed a quantum mechanically informed continuum model to predict the

critical load at which a dislocation will nucleate from the crack tip. The con-

tinuum model confirmed the impurity strengthening mechanism found in the

multiscale model, thus more firmly establishing that plasticity can be inhibited

by surface impurities. When compared to other work with bulk impurities, it

is clear that the strengthening mechanism observed here is dependent on the

geometry of the surface and the depth of adsorption. These factors motivate a

new understanding of embrittlement mechanisms.
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CHAPTER 3

ILLUMINATING THE CHEMO-MECHANICS OF HYDROGEN

ENHANCED FATIGUE CRACK GROWTH IN ALUMINUM ALLOYS

3.1 Abstract

The presence of elemental hydrogen is known to accelerate fatigue crack growth

in aluminum alloys. However, a direct link between experimental data and the

governing atomistic mechanisms has remained elusive. Here we present a se-

ries of computational studies, across multiple length scales, directly linking an

atomistic mechanism to experimental data for a specific aluminum alloy. Start-

ing with an ab initio investigation of hydrogen bonding near a {111} aluminum

surface, we quantify the effects of hydrogen surface impurities on slip and deco-

hesion. We then modify an aluminum-only interatomic potential to reproduce

ab initio trends by strategically shielding critical surface bonds in accordance

with the environmental exposure level. The strategic shielding approach is used

within a coupled atomistic-continuum discrete dislocation framework to pre-

dict the effect of hydrogen on near threshold fatigue crack growth rates. The

predicted trends agree with published experimental data, suggesting that hy-

drogen enhanced surface deformation is a key failure mechanism for aluminum

alloys in humid environments.
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3.2 Introduction

When an aluminum alloy is cyclically loaded (fatigued) at low loads in a con-

trolled environment, an increase in humidity will significantly decrease the time

to failure [52, 44, 59]. This is especially true when an edge crack is present on

the surface of the loaded material. In this case, the exposed metallic surface at

the advancing crack-tip is free to react with water and oxygen molecules in the

air, a reaction which generates atomized hydrogen impurities in addition to an

oxide film [14]. The presence of atomized hydrogen is experimentally linked

to enhanced crack growth rates, a process commonly referred to as hydrogen

assisted cracking (HAC) [59].

During a typical high cycle fatigue test, the relationship between the crack

growth rate (da/dN) and the environmental exposure level (P/f) follows the

general trend illustrated in figure 3.1. The exposure level, defined as the at-

mospheric pressure of water vapor (P) divided by the loading frequency (f),

approximately describes the amount of water vapor available to react with the

aluminum surface at the crack-tip per loading cycle. As stated, the H2O-Al in-

teraction is known to produce atomized hydrogen impurities, making P/f also

proportional to the crack-tip hydrogen concentration. Depending on the value

of P/f, the crack growth behavior can be classified into one of three general

regimes: (i) Below the exposure treshold
(
TExp

)
, the growth rate will be unaf-

fected by exposure. (ii) Between TExp and the saturation threshold (TS at), the

growth rate will increase proportionally with exposure. (iii) Above TS at, the

growth rate will either plataue or continue to increase at a lower rate before

reaching a plataue [44, 59].
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Figure 3.1: Typical high cycle fatigue crack growth behavior expected for
an Al-alloy over a range of environmental exposure levels.
Here, we propose that hydrogen enhanced surface deforma-
tion (HESD) must be (at least partially) responsible for the
proportional increase in da/dN as a function of P/f between
the exposure (TExp) and saturation (TS at) thresholds (the high-
lighted area). Detailed descriptions of exposure regimes (i)-(iii)
are presented in the text. The inset shows an HESD suscepti-
ble crack-tip system. Here, the crack-tip is not yet saturated by
oxide formation, and an atomized hydrogen concentration is
present on the surface. Large (dark-grey) atoms are aluminum,
medium (red) atoms are oxygen and small (light-grey) atoms
are hydrogen.

Here, we will focus on regime (ii), where da/dN is expected to increase pro-

portionally with the environmental exposure level. In this regime, we can as-

sume that the crack-tip will never become saturated by oxide formation [44, 59],

allowing for a range of possible surface coverages below the level of passiva-

tion. In the simulations discussed here, we consider only aluminum-hydrogen

interactions, and leave the chemo-mechanical effects of oxide coverage for fu-

ture study.

While HAC is often used to describe accelerated crack growth at exposure

levels above TExp, the exact chemo-mechanical origins are rarely agreed upon. In
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the literature, HAC is often assumed to occur by mechanisms like Hydrogen En-

hanced Decohesion (HEDE) [36, 32, 19], in which impurities reduce surface en-

ergies and encourage decohesion, or by Adsorption Induced Dislocation Emis-

sion (AIDE) [28] and Hydrogen Enhanced Localized Plasticity (HELP) [3, 50],

in which impurities encourage dislocation emission and mobility. Although

each of these mechanisms has been supported by one or both theoretical and

experimental studies [19, 53, 50, 45], none has been explicitly used to predict

experimental data within a physics based model.

Here, we have used electronic structure calculations to confirm that atomic

hydrogen will accelerate both cleavage and dislocation slip at an exposed alu-

minum surface, a process that we will refer to as hydrogen enhanced surface

deformation (HESD). Following this hypothesis, we used direct atomistic sim-

ulations to demonstrate that the HESD process accelerates the rate of fatigue

crack growth in a manner consistent with experimental results. The atomistic

simulations were performed using a concurrently coupled atomistic-discrete

dislocation multiscale modeling framework, the bond shielding approximation

developed here, and a well established empirical potential for pure aluminum.

3.3 Hydrogen Binding at an Aluminum Surface

To quantify the effects of near surface hydrogen impurities on slip and deco-

hesion, we started by examining the near surface binding energy landscape to

identify the most probable atomic sites for hydrogen to reside. Considering the

fact that a crack-tip is essentially a free surface, we approximated the binding

energy landscape of atomized hydrogen impurities at an aluminum crack-tip by
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considering a variety of interstitial sites near a simple {111} surface. Using the

Kohn-Sham Density functional Theory (KS-DFT) approach [22], we determined

a range of possible binding energies (EH
B ) by equation 3.1. Where, EH

DFT is the

energy of an isolated hydrogen atom, EAl
DFT is the energy of a pure {111} surface

and EH+Al
DFT is the energy of a {111} surface with an adsorbed hydrogen atom. A

summary of the binding energy results is given in figure 3.2.

EH
B = [EH+Al

DFT − (EAl
DFT + EH

DFT )]. (3.1)

All KS-DFT calculations were performed within the Vienna ab-initio Simu-

lation Package (VASP) [23], utilizing PAW pseudopotentials in conjunction with

the PBE exchange-correlation approximation at a plane wave energy cutoff of

450 eV. All k-point meshes were scaled to match a 15x15x15 Monkhorst-Pack

grid for a primitive fcc unit cell. Only one k-point was used in directions with

vacuum. Equilibrium geometries were obtained by relaxing atoms to a force

tolerance of 20 meV.

Overall, the binding energy predictions agree with other ab initio work

[60, 53], supporting the popular wisdom that an isolated hydrogen impurity

will most likely occupy a surface position in the absence of unsaturated sub-

surface vacancies and dislocation cores. Furthermore, considerations of biaxial

and uniaxial strain were not found to significantly change the favorability of the

free surface over sub-surface sites. Therefore, the energetic favorability of hy-

drogen ingress does not seem to depend strongly on the elastic stress state near

the surface.
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Figure 3.2: Binding energies (EH
B ) for a variety of isolated interstitial hy-

drogen impurity sites at a {111} aluminum surface, accord-
ing to equation 3.1. All calculations were performed using the
PAW-PBE Al and H pseudopotentiuals in VASP [23].

3.4 Slip and Decohesion at an Aluminum Surface

Having investigated the binding energy landscape of an isolated hydrogen im-

purity near a simple {111} aluminum surface, we subsequently examined hy-

drogens effect on the energetics of decohesion and slip for the most probable

sites presented in figure 3.2. More specifically, we used KS-DFT to investigate

the effect of a hydrogen impurity on the energy change in the first three atomic

layers at a {111} surface during an applied displacement. The choice to study

the first three atomic surface layers was motivated by two considerations: (1) the

importance of these layers in the cleavage and dislocation emission processes,

and (2) the very local effect that a free surface and hydrogen impurity have on

aluminum bonding [63].
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The energy change, Γ′a, per unit thickness, t, of the first three surface layers

was calculated for two cases of applied displacement, ∆a, acting either normal,

a = decohesion, or parallel, a = slip, to a {111} plane. Thus, we define

Γ′a(∆a) = ES ur f +H
a (∆a) +

Γa(∆a)A3Layers

t
, (3.2)

where

Γa(∆a) =
EBulk

DFT (∆a) − EBulk
DFT (0)

ABulk
DFT n

, (3.3)

and

ES ur f +H
a (∆a) =

1
2t

ES ur f +H
DFT (∆a) − ES ur f +H

DFT (0)
n

− Γa(∆a)AS ur f
DFT

 . (3.4)

In equations 3.2-3.4: EBulk
DFT (∆a) is the DFT energy of the bulk Al system

with applied displacement ∆a. ES ur f +H
DFT (∆a) is the DFT energy of the periodic

surface cell with a hydrogen impurity. ABulk
DFT and AS ur f

DFT are the areas of the

slip/decohesion planes for the bulk and surface cells, respectively. A3Layers is

the area of the slip/decohesion plane intersecting with the outermost 3 {111}

layers of aluminum atoms in the surface cell. In equations 3.3 and 3.4, n = 2 for

decohesion and n = 1 for slip.

ES ur f +H
DFT (∆a) was calculated using the geometry described in figure3.3a, which

is a periodic cell with a [111] surface oriented at an angle of 70.5◦ with respect

to the slip/decohesion plane (also a [111] plane). The utility of this simulation

cell is that the [111] component of the C cell vector (C111) can be extended in-

crementally to impose decohesion at the [111] A-B cell boundary. Similarly, the
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[112̄] and [110] components of the C cell vector (C112̄ and C110) can be changed

to impose interatomic slip on the same plane.

Realistic surface relaxation was achieved in the initial configuration by al-

lowing the outermost three layers of atoms to move freely to achieve a force

convergence of 20.0 meV/. During each increment of slip (0.2 increments), all

atoms within two layers of the slip plane were allowed to move freely in the

direction normal to the cell boundary. For the decohesion calculation, only one

displacement increment was performed (∆dec = 15). In this case, all aluminum

atoms within three layers of the free surface were allowed to move freely, while

all others were held fixed. In all cases, the hydrogen impurity was free to move

in any direction.

The values of Γ′decohesion for different hydrogen binding sites are presented in

figure 3.3b. The plotted values represent the %-change relative to the hydrogen-

free calculation for the same geometry. When located on the same plane as a

newly forming surface (the decohesion plane), adsorbed hydrogen impurities

significantly reduce the barrier for surface creation. Of the sites considered, the

largest effect occurs when the hydrogen is located at a sub-surface site intersect-

ing the decohesion plane. In this case, Γ′decohesion is reduced by 20% for the chosen

geometry, suggesting that a much greater multiple of this effect may be possi-

ble if the decohesion plane is completely saturated with hydrogen. Although

several binding sites result in a slight increase in Γ′decohesion, the overwhelming

trend is one of hydrogen enhanced decohesion. Thus, it is reasonable to expect

a typical distribution of hydrogen impurities to decrease the barrier for surface

formation at a free surface, and then also, at a loaded crack-tip.

Due to the computational expense of the Γ′slip calculations, we only consid-
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Figure 3.3: (a) The periodic simulation cell used to calculate ES ur f +H
DFT (∆a).

The B cell vector (not shown) is perpendicular to the A-C plane,
and pointing into the page. Note that both the A-B and B-C
cell boundaries are in the {111} family of planes. The grey
atoms represent the next periodic image of the simulation cell
in the C direction. (b) Summary of Γ′decohesion plotted on the im-
posed decohesion plane. Results are colored according to the
%-change in Γ′decohesion relative to the hydrogen-free calculation
for the same {111} surface.
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Figure 3.4: Plots of Γ′slip for an aluminum surface with and without hydro-
gen. (a) and (b) show Γ′slip for hydrogen in the fcc and first
tetrahedral-B sites for ACUTE step formation, respectively. (c)
and (d) depict Γ′slip for hydrogen in the fcc and first tetrahedral-
B sites for OBTUSE step formation, respectively. In each plot,
the hydrogen-free calculation is plotted as a dashed line for ref-
erence, and the hydrogen binding site of interest was consid-
ered on three different atomic planes lying parallel to the A-B
cell boundary. Plane 1 is on the A-B cell boundary, Plane 2 is
on the next plane above the cell boundary and Plane 3 is on the
next plane below the cell boundary.
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ered hydrogen bonded at the FCC surface site and 1st tetrahedral-a sub-surface

site when investigating slip. A detailed summary of these results is reported in

figure 3.4. The effect of hydrogen was found to be most significant when the

imposed slip produces an acute surface step at the A-B cell boundary. In this

case, the isolated energy barrier for creating the surface step is much lower than

when an obtuse step is formed (slip in the opposite direction). In either case,

the presence of a single hydrogen impurity can either increase or reduce Γ′slip for

either a leading or trailing Shockley partial dislocation.

According to our own KS-DFT predictions and experimental measurements

of hydrogens diffusivity in aluminum [62], one can expect atomized hydrogen

to quickly move between interstitial sites at room temperature. For this reason,

the mechanical behavior will be dominated by the weakest cases, when Γ′slip is

reduced; and thus, surface step formation can be expected to occur more fre-

quently in the presence of hydrogen. When combined with the Γ′decohesion results

already presented, the overall prediction is that hydrogen surface impurities

will enhance both slip and decohesion activity at a {111} aluminum surface at

room temperature. Given this evidence, we propose that a combination of both

AIDE and HEDE are responsible for regime (ii) HAC behavior in the form of the

unified mechanism of hydrogen enhanced surface deformation (HESD).

3.5 Multiscale Fatigue Model: Setup

Both analytic and atomistic models have clearly demonstrated that a direct con-

nection exists between material properties such as Γ′cleavage (or Γ′decohesion) and

a materials tendency for crack-tip cleavage (or dislocation emission) [63, 41].
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However, such a connection has not been made between these parameters and

near threshold fatigue crack growth rates. The challenge is that an appropri-

ate model requires both atomistic resolution at the crack-tip and a large spatial

domain for the emitted dislocations to glide away naturally.

Harnessing recent increases in computational resources, advanced multi-

scale modeling, and a strategic bond shielding approximation (SBSA), we are

now capable of addressing this challenge. To do so, we have employed a Cou-

pled Atomistic and Discrete Dislocation (CADD) multiscale model consisting

of an atomistic region at the crack-tip, embedded in a larger discrete dislocation

continuum domain (figure 3.5). The coupling allows for dislocations to pass

between the two regions following the approach introduced by Shilkrot et al.

[47].

Figure 3.5: (a)-(b) CADD simulation setup, as discussed in the text and
references [2, 47]. (a) Geometry of the continuum discrete dis-
location domain, where boundary conditions are applied. (b)
A simple embedded atomistic domain is shown for illustrative
purposes. Behavior of grey and black atoms is defined by SBSA
enhanced EAM molecular mechanics. Behavior of white atoms
is interpolated from the elastic continuum displacements. (c)-
(d) Typical crack-tip deformation mechanisms varied at low to
moderately high growth rates. Here, we see that the same mod-
erately high crack growth rate (∼ 10/cycle) can be a result of
both slip band cracking and brittle cleavage. In (c), red dashed
lines are used to highlight active slip planes.
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Unless otherwise stated, all CADD-based simulations presented here were

performed using the geometry and procedural details discussed by Baker and

Warner [2]. The geometry consisted of a single crystal of fcc aluminum, oriented

such that the horizontal axis corresponded with [47-1], the vertical axis with [-

113], and the out of plane direction with [2-11]. The explicit crack plane was

created by removing three consecutive planes of atoms normal to the vertical

axis, making the crack front aligned with the [2-11] direction. The (-1-11) slip

plane intersected the crack plane at an angle of 58.5 degrees from the horizon-

tal, with the [011] slip direction in the xy plane. For the chosen geometry, the

primary slip plane is the (-1-11) plane and the primary slip direction is the [011]

direction. All other slip planes are oblique to the xy plane, meaning the normal

vector to the plane is not in the plane of the 2D continuum discrete dislocation

(DD) region.

This orientation was chosen for two primary reasons. First, the line direction

of full dislocations is normal to the crack front, meaning that there are no model

thickness effects for the principal physical mechanisms. Second, the primary

means of slip involves full dislocations that have pure edge character, consistent

with the limitations of the model [2].

The crack tip was embedded into a 3D atomistic region of approximately

150 x 150 x 10 Å, which was encompassed by a larger 2D plane strain, discrete

dislocation continuum region spanning 2 x 2 x 0.001 microns. The atomistic

region is described by 0K molecular mechanics routine, using the interatomic

potential for aluminum by Ercolessi and Adams [11]. In the continuum domain

the anisotropic elastic constants, C11 = 0.682, C12 = 0.331, C44 = 0.180 eV/Å3 were

used, along with a cubic fcc lattice constant of 4.03208 Å. Loads were applied
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by prescribed displacements at the outer boundary of the continuum region

corresponding to the continuum solution for a sharp crack in an anisotropic

linear elastic material subjected to mode I loading. The interface updating in

CADD was done during every atomistic (conjugate gradient) step.

All fatigue simulations used a maximum stress intensity (KMAX) of 0.6 eV/2.5

and a load ratio (R) of 0.25. The applied loading followed a typical fatigue saw-

blade pattern consisting of 50 load step increments per fatigue load cycle. For

each simulation, loading was applied until the crack had propagated into the

atomistic domain boundary, or 10 load cycles had been reached.

While the atomistic domain was composed solely of aluminum atoms, a spe-

cific aluminum alloy was studied by choosing the appropriate dislocation glide

resistance in the continuum domain [2]. To compare with the experiments of Ro

et. al. [44], we chose to model an AA2x24 alloy, C433 aluminum (4.0 Cu, 1.4

Mg, 0.6 Mn, wt.%) with T351 aging conditions. Considering the reported uni-

axial yield stress of σy = 358 MPa [16] and the GP zone hardening relationship

discussed by Singh and Warner [49], a dislocation glide resistance of 110 MPa

was used.

3.5.1 Strategic Bond Shielding Approximation (SBSA)

While the CADD approach makes the atomistic simulation of near threshold fa-

tigue crack growth possible [2], the size and timescale of the required atomistic

domain is still well beyond what is feasible with KS-DFT. Thus, an empirical

interatomic potential approach is required. Here, we used a well-established

aluminum-only potential [9] that has been shown to predict the crack-tip re-
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sponse of pure aluminum in accordance with DFT predictions [33, 18].

In order to capture the effect of hydrogen on Γ′cleavage and Γ′decohesion) within the

multiscale model, the EAM bonding description was modified according to the

SBSA procedure presented here. At the start of each load increment, the num-

ber of allowed shielding events for that step (n) was chosen by the summation

Σ(Ri < pH) from i = 1 through 10. Here, Ri is a list of random numbers (0-1)

and pH is one tenth of the probability that a shielding event will be allowed to

occur at a given load step. A continuous distribution of pH input parameters

was used to produce an approximately continuous distribution of environmen-

tal exposure results.

The SBSA technique works by identifying critically stretched bonds of sur-

face aluminum atoms, and then shielding a number of these bonds that is pro-

portional to the environmental exposure level until a new equilibrium config-

uration is found. Here, this technique was implemented using the following

procedure:

1. Using a force gradient routine, allow all free atoms to relax to their equi-

librium positions.

2. Determine if each atom is on the surface by taking the ratio between its 1st

and 12th nearest neighbor distance.

3. For all atoms near the surface, any di-atomic force contribution greater

than the critical di-atomic force parameter ( fbar) is stored in a descending

list.

4. Assuming n shielding events are allowed, n unique atoms are chosen from

the descending list.
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5. Once an atom is targeted for a shielding event, that atoms critical bonds

are completely shielded by cancelling the diatomic forces. The forces are

continuously cancelled until the system reaches equilibrium.

6. Once an atom is targeted for a shielding event, that atom is prevented from

experiencing any force contribution greater than fbar2 for the remainder of

the simulation.

To chose appropriate parameters for the SBSA procedure, we repeated the

{111} Γ′ calculations with the following modifications: (1) EAM+SBSA was

used to calculate forces in lieu of KS-DFT, (2) all atoms were held fixed during

the decohesion/slip simulation, (3) a simple force integration procedure was

used to determine the total energy at each deformation step, and (4) a single

shielding event was allowed, lasting for the entire slip/decohesion simulation

once activated.

Considering the mobility of atomic hydrogen, the SBSA parameters were

fit to reproduce the KS-DFT predictions in which hydrogen most decreased Γ′.

Specifically, we chose the SBSA parameters, fbar and fbar2, that resulted in the fol-

lowing changes in the Γ′ barriers for the three cases: the formation of a partial

acute step ≈ -25%, the formation of a partial obtuse step ≈ -28%, and full decohe-

sion ≈ -20%. We found that these conditions were best accomplished by setting

fbar = 0.05eV−1 and fbar2 = 0.025eV−1. Using these parameters, the acute step, ob-

tuse step and decohesion barriers were decreased by approximately -25%, -20%

and -18%, respectively.

Although the fit SBSA parameters (above) were used for the CADD results

presented in figure 3.6, simulations were also performed with slightly larger

SBSA parameters ( fbar = 0.06eV−1 and fbar2 = 0.03eV−1). These results were not
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qualitatively distinguishable from those presented here, and thus, we assert that

the CADD predictions are relatively insensitive to the exact choice of the SBSA

parameters.

3.6 Multiscale Fatigue Model: Results and Discussion

Figure 3.6: Comparison of CADD simulation results with experimental fa-
tigue data for a C433 aluminum alloy. Units for crack growth
rate, da/dN, are /cycle. For simulation data points (shown in
green), environmental exposure is in units of average number
of allowed shielding events per load cycle. For experimental
data points (shown as black circles, obtained from reference
[44]), environmental exposure is in units of Pa · s. The hor-
izontal green and black dashed arrows show the approximate
growth rates in vacuum for simulation and experiment, respec-
tively.
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To account for the statistical nature of hydrogen enhanced crack growth, we

performed a set of 125 CADD fatigue simulations, with various levels of envi-

ronmental exposure. In order to plot both the simulation and the experimental

data on the same plot in figure 3.6, we use the assumption of Ro et. al. [44] that

the P/f measurement of environmental exposure is proportional to the num-

ber of hydrogen impurities available to react with the exposed crack-tip in the

regime of interest. Accordingly, we define the environmental exposure level in

the simulations by the average number of shielding events that occurred during

each load cycle. This value is expected to be proportional to, but not equal to,

the P/f exposure levels reported by Ro et. al. [44].

As was observed in experimental studies by Ro [44] and Wei [59], varying

the environmental exposure level in the CADD simulations led to variation in

both the crack growth rate (da/dN) and number of dislocations present at the

crack-tip. Altogether, four major trends were observed in the simulations. The

first and most obvious of these trends being that the average crack growth rate

increases as the exposure level increases. The second major trend is the exis-

tence of a threshold environmental exposure level, TExp, below which the first

trend ceases to exist. We find an upper bound for the threshold exposure level

at approximately 6.8 hydrogen events per load cycle by noting that all da/dN

predictions are greater than the exposure-free growth rate above this value. The

exposure-free growth rate was obtained by running CADD without the SBSA

procedure. This value is shown as a green dashed arrow in figure 3.6.

While the first and second trends describe variation in da/dN, the third and

fourth describe the competition between cleavage and plastic slip via disloca-

tion emission at the crack tip. The third trend being that there was very lit-
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tle plastic slip observed in simulations with the highest recorded growth rates

(da/dN > 20 /cycle). In other words, when many shielding events are allowed

(lots of hydrogen present), the crack-tip tends to deform by creating new sur-

faces rather than nucleating dislocations. The fourth and final trend is that

the competition between cleavage and dislocation emission behavior becomes

much more variable at lower da/dN levels. Even for simulations resulting in

moderately high growth rate predictions (da/dN = 10 /cycle), there is strong

variability in the number of dislocations observed. For example, figures 3.5c

and 3.5d show two situations with similar da/dN measurements, but very dif-

ferent deformation behavior.

Overall, the da/dN vs exposure predictions shown in figure 3.6 are in strong

agreement with the data from Ro et. al. [44]. Both the simulation data presented

here and the referenced experimental study predict that C433 aluminum will

exhibit an exposure threshold followed by a proportional increase in da/dN as

the exposure continues to grow. In figure 3.6, the absence of a TS at threshold

for the simulation data should be expected. As discussed, the ability to capture

this threshold requires an explicit model of oxidation at the crack tip, which has

been left for future study.

The small translation disagreement between simulation and experimental

data should also be expected. The application of different (yet proportional)

units for the environmental exposure level obviously explains a translational

shift between simulation and experimental TExp predictions. Additionally, the

crack growth rates measured in simulations are expected to be less than those

observed in experiments because: (1) we have excluded possible secondary

HAC mechanisms and oxidation effects, and (2) we have simulated a single
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crystal with a very small out-of-plane dimension and no initial plastic shield-

ing; yielding an expected fracture toughness less than the experimental value,

thus requiring the application of a lower fatigue load (KMAX) than the one used

in reference [44].

3.7 Conclusion

In summary, we have started with an ab initio study of hydrogen binding at

an aluminum surface, and subsequently worked out the expected effect a sur-

face impurity should have on slip and decohesion. This information was used

within a concurrent atomistic-continuum multiscale framework to directly pre-

dict the fatigue behavior of a C433 aluminum alloy in the presence of an envi-

ronment with variable humidity. All details considered, the strong qualitative

agreement between simulation and experimental trends is evidence that HESD

could be the controlling failure mechanism for precipitate hardened aluminum

alloys at regime (ii) environmental exposure levels. Furthermore, this direct,

physics based prediction of real HAC behavior is a valuable step in the ongoing

effort towards physics based failure modeling in the engineering world.
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CHAPTER 4

NEAR-THRESHOLD FATIGUE LOADING IN ALUMINUM AND THE

MECHANICAL EFFECTS OF MONOLAYER SURFACE-LAYER

STIFFENING

4.1 Abstract

We utilize a concurrently coupled atomistic and discrete dislocation multiscale

method (CADD) to directly simulate crack-tip deformation and propagation

during near-threshold fatigue loading in aluminum. The effects of environ-

mental monolayer surface-film stiffening are investigated by adding a Lennard-

Jones overlay potential to exposed aluminum crack-face atoms. For the single

crystal orientation studied here, we find that deformation behavior generally

begins with a short period of fast transient crack-tip propagation until a stable

defect structure has formed ahead of the crack-tip. During all stages of fatigue

loading, highly irregular crack-growth behavior is observed. The approximate

effects of stiff monolayer surface-film formation are found to significantly in-

hibit the initial crack growth rate by resisting typical slip-plane cracking behav-

ior. Beyond the initial stage of transient propagation, surface layer stiffening

continues to inhibit crack-growth behavior, but to a lower and less certain de-

gree. The results are discussed in terms of the current fatigue literature and

insights are provided for future work.
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4.2 Introduction

Due to their excellent strength-to-weight ratio and natural resistance to cor-

rosion, aluminum alloys have been used in lightweight aircraft structures for

more than a century. As these alloys continue to serve as a primary material

system, a key design concern involves the prediction of fatigue crack-growth

(FCG) based failure, i.e. the propagation of crack defects under cyclic subcriti-

cal loading. Despite decades of research on the phenomenon of fatigue in struc-

tural metals [55, 43, 38], the specific atomistic mechanisms governing the onset

of slow crack-tip propagation at the so-called fatigue threshold remain unclear.

Although many well-received theories and supporting empirical models have

been formulated through direct observation [43, 37], the length and time-scale

limitations of current experimental capabilities make it difficult to distinguish

correct theories from phenomenological approximations.

At this time, the most promising path to a comprehensive understanding of

near-threshold fatigue is likely through direct, physics-based, atomistic simu-

lation. Unfortunately, many significant challenges tend to prevent researchers

from producing atomistic models capable of capturing true fatigue mechanisms

in real alloys. One such challenge is the production of simulations with appro-

priately sized spatial domains. The application of small spatial domains can

artificially influence the glide of dislocations away from the crack-tip, affect-

ing long-range boundary conditions and ultimately biasing crack tip behavior

[12, 13, 17]. A common solution to this issue is the application of a discrete dis-

location (DD) dynamics model [10]. While DD simulations are much cheaper to

scale, these models do not explicitly represent the atomic scale complexities that

occur at a crack-tip, and thus cannot fully capture the microscopic mechanisms
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of interest.

In addition to the spatial-scale challenge present in direct fatigue model-

ing, it is also difficult to produce simulations capable of incorporating realis-

tic environmental effects. That is, typical atomistic simulations often rely on

the approximation of an inert chemical environment [12, 13, 58, 17, 61]. Due to

the well-known formation of a native oxide film on oxygen-exposed aluminum

surfaces [25], a thorough atomistic study of fatigue in aluminum alloys must

consider the possible micro-mechanical effects of surface-film formation.

Here we take steps in resolving the aforementioned challenges by using a

concurrently coupled atomistic and discrete dislocation multiscale framework

(CADD) [47, 8, 48, 34, 63, 2]. While the use of CADD is intended to reduce

the computational demands required to model an appropriate sized atomistic

domain, we also approximate the mechanical effects of stiff monolayer surface

film formation using a Lennard-Jones [20] overlay potential to modify the be-

havior of exposed aluminum crack-face atoms. This approach is intended to

approximately mimic the general surface-stiffening behavior experienced dur-

ing oxygen monolayer coverage. Such an occurrence is expected during the

early stages of oxide formation [25]. While this approach does not allow for the

direct quantification of explicit aluminum oxide surface film effects, it does al-

low for a reasonable sampling of possible qualitative crack-tip deformation and

propagation trends.
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4.3 Background

Although it is well known that aluminum alloys rapidly form aluminum oxide

surface films in the presence of environmental oxygen, it remains unclear ex-

actly how oxide film formation affects crack-tip propagation behavior. When

the cyclical crack growth rate ( da
dN ) is high in a vacuum environment, experi-

mental studies have shown that crack-tip propagation behavior does not change

when dry oxygen gas is added to the system [52]. While this trend might be a

consequence of the large fatigue process zone present at high loads, it may also

be that the crack-tip is propagating more quickly than the oxygen environment

is transported. At near-threshold fatigue levels, when molecular transport is not

an issue, multiple experimental studies have shown that a dry-oxygen environ-

ment can accelerate the average growth rate [52, 6, 5]. However, it is possible

that the ample time allowed for molecular transport may also be enough time

for trace levels of hydrogen to reach the fatigue process zone, and embrittle the

material [52, 6, 5, 44].

Given that the true effects of a dry-oxygen environment on fatigue crack-

growth are ultimately unclear, this work is intended to provide further insight

through direct atomistic simulations. The overall goals are to (1) characterize the

deformation behavior of an aluminum crack-tip during near-threshold loading,

and to (2) determine the micro-mechanical effects of monolayer surface film

stiffening.
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4.4 Methods

The CADD-based model presented here was designed to directly capture cycli-

cal crack-tip deformation behavior on the atomistic scale. The focus of the

model is a small molecular mechanics domain used to encompass the tip of

an ultra-sharp crack-tip in aluminum. Surrounding this atomistic domain, a

larger continuum domain is used to apply boundary conditions via finite ele-

ment analysis and to allow dislocations to glide away from the loaded crack-tip

via dislocation dynamics (DD).

Figure 4.1: Illustration of the CADD multiscale methodology, as discussed
in the text and references [2, 47, 8, 48]. The left-hand image
shows the geometry of the continuum discrete dislocation do-
main, where boundary conditions are applied. The right-hand
image shows an atomistic domain, which has been miniatur-
ized for illustrative purposes. For the simulations presented in
this work, the behavior of grey and black atoms are defined by
embedded atom model (EAM) molecular mechanics. Behav-
ior of white atoms is interpolated from the elastic continuum
displacements.
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4.4.1 Multi-scale Framework: Coupled Atomistic and Discrete

Dislocations (CADD)

The coupling methodologies used within the crack-tip model were built upon

the CADD techniques of Shilkrot et al [47]. The underlying framework con-

sists of solving problems in two distinct domains, coupled by self-consistent

displacement boundary conditions. As illustrated in figure 4.1, these domains

include an atomistic region bounded by a set of interface atoms/nodes, and a

continuum DD region approximated by linear elastic finite elements. In addi-

tion to these two domains, an additional layer of pad atoms is used to bound

the interface atoms, and overlap with the continuum domain. Altogether, the

pad atoms serve two critical purposes. First, they prevent a non-physical free

surface from existing along the interface atom boundary. Second, they serve as

a fixed boundary condition during relaxation within the atomistic domain.

A smooth transition in elastic deformation is achieved between the contin-

uum and atomistic domains by switching between the use of interface atoms

and pad atoms as fixed boundary conditions. While the interface atoms serve

as a fixed boundary during all continuum solutions, the pad atoms serve as a

fixed boundary during all atomistic solutions. In contrast to the atoms located

within the immediate atomistic domain, the positions of the pad atoms are de-

termined directly by the continuum solution alone. Thus the pad atoms provide

the necessary non-local boundary conditions across the interface to the atomistic

and DD regions.

Within the continuum region, the position of each node is a local function of

the boundary conditions and the resulting deformation within that region. The
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continuum region is assumed to be in a constant state of static equilibrium, such

that the energy functional associated with the region is always minimized in the

form:

EC =
1
2

∫
ΩC

(σ̂ + σ̃) : (ε̂ + ε̃)dV −
∫
∂ΩT

To(û + ũ)dA, (4.1)

where ΩC represents the continuum domain and ΩT represents the boundary

of the continuum domain on which a traction boundary condition, To, exists. σ̃,

ε̃, and ũ represent the infinite medium stress, strain, and displacement fields,

respectively, for the discrete dislocations at their distinct locations. σ̂, ε̂, and û

represent the solution fields from an anisotropic linear elastic boundary value

problem that when superimposed with the dislocation fields satisfy the overall

boundary conditions. σ̂, ε̂, and û are obtained using a standard displacement

based finite element approach, while σ̃, ε̃, and ũ are established analytic fields.

For a more in-depth overview of the CADD modeling procedures, including

the details of inter-domain dislocation passing and continuum DD theory, the

reader can find more information in publications by Shilkrot et al. [47] as well

as Baker and Warner [2].

Surface Film Effects: LJ+EAM

In order to approximate the mechanical effects of stiff monolayer surface film

growth. A Lennard-Jones [20] pair potential is used to magnify the inter-atomic

forces between exposed aluminum crack-face atoms. For specifically chosen

surface atoms, this effect is achieved by adding a pairwise Lennard-Jones in-

teraction to the EAM potential governing all other atoms in the system. The

addition of this secondary Lennard-Jones pair potential is referred to here as an

overlay potential. When applied to every atom within a 4x4x4 cubic FCC su-
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Table 4.1: Mechanical properties of aluminum supercell with and without
a Lennard-Jones overlay potential applied to all atoms. The pa-
rameters of the overlay potential were chosen to increase all pa-
rameters listed in table 4.1, and to produce an increase in C44

roughly comparable to a transition from Al to Al2O3 (450-500%).
The parameters were also chosen so as to leave the FCC lattice
constant effectively unchanged.

percell, the chosen Lennard Jones parameters used within the overlay potential

result in an overall stiffening of the system. The changes in specific mechanical

properties produced by the addition of the overlay potential are summarized in

table 4.1.

In order to track crack-tip propagation and to detect surface atoms during

run-time, a simple volume grid approach is utilized, as illustrated in figure 4.2.

At the beginning of each load step, the status of each cell in the static volume

grid is labeled as either a free-space or solid cell. A cell is labeled as a free-

space cell if it is adjacent to eight cells containing zero aluminum atoms, and

is also empty. Once the free-space and solid cells have been determined, the

surface atoms are detected by locating all atoms within two cells of a free-space

cell. This allows the crack-tip position to be tracked by locating the furthest

surface atom from the initial crack-tip location in the positive x-direction. For

the simulations presented here, each cell in the volume grid was set to be 1.5 x

1.5 Å in the x and y-directions, and to be the entire atomistic region thickness in

the z-direction.
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Figure 4.2: An illustration of the volume grid used to track crack-tip prop-
agation and detect surface atoms for adding an overlay poten-
tial. Free-space volume grid cells are shaded in gray, while
solid cells are white. Surface atoms experiencing overlay po-
tential effects are showed in yellow, while all other atoms are
shown in red.

During fatigue simulations in which stiff monolayer surface stiffening was

considered, nML exposed surface atoms were randomly selected at the start of

each load step for the addition of an overlay potential for the remainder of the

simulation. Here, nML is the number of atoms with potentials that need to be

modified, and it is equivalent to (nS ΘML − nF), where nS is the number of cur-

rently exposed surface atoms (both modified and unmodified), nF is the number

of exposed surface atoms already experiencing overlay effects and ΘML is the de-

sired monolayer coverage required for the current load step. In all simulations

considering monolayer film effects, ΘML was linearly interpolated between 0 at

KI = 0 and 1.0 at KI = KMAX, where KI is the current mode I stress intensity

and KMAX is the maximum stress intensity expected during load cycling. The

same relationships were used in simulations meant to approximate in-vacuo

conditions, however ΘML was linearly interpolated between 0 at KI = 0 and 0.1
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at KI = KMAX. Although a true in-vacuo simulation would require that ΘML =

0 at all times, the small value used here was designed to introduce statistical

variability to the system. Without this variability, the deterministic nature of

zero-temperature simulations would have prevented the macroscopic averag-

ing analysis presented later.

4.4.2 Multi-scale Fatigue Model Setup

In all simulations, the model geometry consisted of an FCC aluminum crystal,

oriented such that the horizontal axis corresponded with [471̄], the vertical axis

with [1̄13], and the out of plane direction with [21̄1]. An explicit crack plane

was created by removing three consecutive planes of atoms normal to the ver-

tical axis, making the crack front aligned with the [21̄1] direction. For this ori-

entation, a 1̄1̄1) slip plane intersects the crack plane at an angle of 58.5 degrees

from the horizontal, with the [011] slip direction lying on the xy plane. In all

simulations, this (1̄1̄1) plane is the dominant location of long-range slip. This

orientation was chosen so that the line direction of full dislocations is normal to

the crack front, and so that the primary means of slip involve full dislocations

that have pure edge character, consistent with the limitations of the underlying

model [2].

The explicit crack-tip was modeled within a 3D atomistic domain of approx-

imately 25 x 25 x 1 nm, as detailed in figure 4.3. This atomistic domain was then

embedded within a larger 2D continuum region spanning 2 x 2 microns. The

motion of atoms within this region was governed by a 0K molecular mechanics

energy minimization routine using the Large-scale Atomic and Molecular Mas-
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Figure 4.3: A snapshot of the actual atomistic domain and surrounding
continuum mesh. The region highlighted in red is the mesh
corresponding to the free and interface atoms modeled by
EAM molecular mechanics (pad atom nodes are not shown to
be overlapping with the courser continuum domain). The re-
gion highlighted in yellow shows the area along the continuum
crack surfaces where the crack-tip opening distance is calcu-
lated at a constant distance from the current crack-tip location.
Finally, the yellow line drawn over the red atomistic region
shows the band of atoms where dislocations are detected and
passed to the continuum domain. The details of dislocation
passing are discussed in references [2, 47].

sively Parallel Simulator (LAMMPS) [39] as a dynamic library within a parallel

multiscale wrapper code. The interatomic potential by Ercolessi and Adams

[11] was used to calculate all inter-atomic forces during minimization. In the

continuum domain the anisotropic elastic constants, C11 = 0.682, C12 = 0.331, C44

= 0.180 eV/Å3, along with a cubic FCC lattice constant of 4.03208 Å.

Loading was applied to the multiscale model by prescribing fixed displace-

48



ments at the outer boundary of the continuum region corresponding to the an-

alytical solution for a sharp mode I crack in an anisotropic linear elastic ma-

terial. The crack-tip position was updated at the start of every load step, and

the interface updating in CADD was done after every other atomistic energy

minimization step.

In all cases a fatigue load ratio, R, of 0.5 was used along with a stress intensity

load ranges, ∆K, of 0.275, 0.300 and 0.325 eV/Å2.5. The cyclical loading schedule

followed a typical fatigue saw-blade pattern consisting of 44-52 load step incre-

ments per fatigue load cycle at a load step increment of ±0.0125 eV/Å2.5. For

each simulation, loading cycling was applied until 15 fatigue cycles had been

reached. For simulations at ∆K = 0.275 eV/Å2.5, additional simulations were

run (with and without monolayer effects) for 32 load cycles.

While the atomistic domain was composed solely of aluminum atoms, the

properties of a typical precipitation hardened aluminum alloy was approxi-

mated by choosing an appropriate dislocation glide resistance in the continuum

domain [2]. Utilizing the hardening relationship discussed by Singh and Warner

[49], it was determined that a continuum dislocation glide resistance of 110 MPa

was reasonable approximation for a GP zone hardened alloy with uniaxial yield

stresses reported to be roughly σy = 358 MPa [16].

4.5 Results

The multitude of multiscale fatigue simulations performed here exhibited three

general trends for the geometry, temperature and loading details considered.

First, fatigue behavior commences with a short period of fast transient crack-
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tip propagation lasting between one and five load cycles. This period of fast

propagation generally slows once a stable defect structure is accumulated ahead

of the crack-tip. Second, within an isolated fatigue simulation, crack growth

is highly irregular and discontinuous. Third, the approximate effects of stiff

surface layer formation result in a reduction in dislocation nucleation as well as

overall crack growth rates. However, the disparity between crack growth rates

seems to decrease as more fatigue cycles are considered.

4.5.1 Transient Behavior

Figure 4.4: The first major deformation event experienced in the majority
of simulations is dislocation nucleation from the primary slip
plane intersecting the crack front. (a) Shows the nucleation of a
dislocation along the primary slip plane (labeled with a dashed
line). (b) Continued dislocation nucleation of the primary slip
plane leads to a localized disordering of atoms to accommodate
shear-tension coupling along the surface. To highlight the de-
fect structures, atoms with non-FCC coordination are colored,
while FCC atoms are grey.

The deformation and propagation of a pristine crack-tip in a single crystal of

aluminum was found to begin with a transient period of fast crack growth last-

ing one to five fatigue cycles. Although the addition of a surface-film stiffening
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had a significant effect on the magnitude of this transient stage of growth, all

simulations exhibited similar behavior. In all cases, this fast propagation stage

was controlled by the rapid nucleation of dislocations from the initially disloca-

tion free crack-tip. In the majority of these simulations, the first sign of plastic

deformation was the nucleation of one or more full dislocations along the pri-

mary slip plane intersecting the crack plane at 58.5 degrees. As illustrated in

figure 4.4, the continued nucleation of dislocations along this plane eventually

leads to the formation of a small immobile defect structure, usually resulting

from shear-tension coupling along the surface. These defect structures gener-

ally lead to an increment of brittle failure, followed by further accumulation of

defects ahead of the crack-tip. The fast propagation stage ends once the defect

structure is large enough that it remains stable for multiple load cycles, tem-

porarily arresting crack growth.

The magnitude of crack-growth experienced during the initial transient

stage of fatigue deformation is most closely related to the number of consecu-

tive dislocations allowed to glide away from the surface on the same slip plane,

sharpening the crack-tip and localizing brittle defect structures in a small region

of high stress concentration. As is illustrated in figure 4.5 for vacuum condi-

tions, the emission of dislocations out of the atomistic region is most prevalent

during the early transient stages of fatigue loading, and becomes less common

once a stable defect structure forms and the fatigue loading progresses. Once

a stable immobile defect structure has formed ahead of the crack-tip, propaga-

tion ceases to occur by slip-band cracking, and begins to occur by the gradual

reordering and formation of trapped defect ahead of the crack.
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Figure 4.5: An in-vacuo fatigue simulation shown after 15 fatigue cycles.
Red lines are used to label planes on which a full dislocation
has nucleated and glided away from the surface. To highlight
the defect structures, atoms with non-FCC coordination are col-
ored, while FCC atoms are grey. It is clear that the majority of
dislocation nucleation occurs during the early stages of defor-
mation when crack growth is the fastest.

4.5.2 Irregular Propagation

During all observed stages of fatigue crack-tip deformation, propagation behav-

ior is highly irregular and discontinuous. For a single fatigue simulation, the

crack-tip does not advance by a fairly regular distance during each loading cy-

cle. For example, a crack-tip defect structure may remain fairly stationary for 14

cycles, and then suddenly become reordered during the 15th cycle, advancing

the crack-tip forward by a nanometer or more. This detail makes near-threshold

fatigue crack growth difficult to quantify on an atomistic scale, because contin-

uous crack-growth rates da
dN cannot be directly extracted over a small number of

load cycles. For the results presented here, da
dN measures have been determined

under the assumption that experimentally observable crack-growth behavior
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can be approximated by a macroscopic ensemble average of many microscopic

crack-tip responses. Unless otherwise stated, all plotted curves depicting the

crack-tip position as a function of the fatigue loading cycle were determined by

averaging the results of fifteen distinct simulations.

4.5.3 Surface Film Effects

The fatigue simulation results with and without the consideration of monolayer

surface film stiffening are summarized in figure 4.6. After fifteen load cycles, it

is clear that an in-vacuo crack is likely to propagate further than a crack with

stiffened surface bonds. The primary cause of this disparity is the inhibition of

early dislocation nucleation from the stiffened surface. As illustrated in figure

4.7, the presence of stiffened surface atoms tends to prevent dislocations from

both initiating and gliding away from the crack-front and subsequently pre-

vents slip-band cracking during the initial stage of fast transient propagation.

While the averaging of fifteen simulations for each curve provided reason-

ably smooth trends at ∆K = 0.275 and 0.325 eV/Å2.5, the averaged curve for in-

vacuo conditions at ∆K = 0.300eV/Å2.5 still reflects some of the irregular crack-tip

propagation behavior observed during isolated simulations. Even so, all results

reflect the relatively intuitive trend that stiff monolayer formation is likely to

inhibit slow crack propagation.

Although it is clear that cracks initially grow at a slower rate in the presence

of stiffened surface bonds, the effect becomes slightly less significant and more

uncertain as the load cycling continues. In figure 4.8, the approximate post-

transient crack growth rates are quantified at ∆K = 0.275 and 0.325 eV/Å2.5 for
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Figure 4.6: Curves depict the average location of the crack-tip for each fa-
tigue load-range considered as a function of the current load
cycle number. Loads listed in legend have units of meV/Å2.5. In
legend, V denotes in-vacuo results, while ML denotes mono-
layer surface stiffening results.

in-vacuo and surface-film conditions. It is clear that the slopes are still higher

for in-vacuo conditions. However, there is also more error in fitting realtive to

the small slopes that are the subject of comparison.

In order to provide more data for the collection of a post-transient crack

growth rate, additional simulations were performed for both in-vacuo and

monolayer surface film conditions at ∆K = 0.275 eV/Å2.5 for 32 load cycles. As

shown in figure 4.9, these longer simulations result in a slight increase in vari-

ability, and a decrease in the fitted crack growth rates. However, the disparity

between in-vacuo and surface-stiffened growth rates is still present, albeit to a

lesser degree.
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Figure 4.7: During the early stages of crack-tip deformation and propaga-
tion, stiff surface film formation clearly inhibits the nucleation
of dislocations along the primary slip plane. (a) & (b) Show
crack-tips with stiff monolayer surface film coverage after two
full load cycles. (c) Shows an in-vacuo crack-tip after the same
loading has been performed.

4.6 Discussion

The presented results provide several valuable insights regarding the direct sim-

ulation of atomistic-scale fatigue crack growth in aluminum. The most criti-

cal insight to consider before future research is performed is the necessity of a

large atomistic domain. Although the use of a multiscale-model dramatically

reduces the spatial requirements for producing accurate boundary conditions

and avoiding boundary effects on dislocation behavior, there are still other de-

tails to consider. First, under cyclical fatigue loading, a sharp dislocation-free

crack-tip will commence with a transient stage of fast crack-propagation. Thus,

the atomistic domain must be large enough to capture this initial crack-tip ad-

vance by utilizing a large atomistic domain, or by implementing a model with

an adaptive geometry. Second, a relatively large defect structure is formed at

the crack-front by the end of the transient propagation stage. These defect struc-

tures were not observed in a predictable manner until large atomistic domains

55



Figure 4.8: Although the average crack-growth distances observed within
the first five loading cycles range from about 1-6 Å/cycle de-
pending on the specific load range and presence of a surface
film, the crack-growth rates slow dramatically as the loading
progresses. Nevertheless, the approximate growth rates deter-
mined from a linear fit predict increased da

dN in a vacuum envi-
ronment. Error bars depict half the standard deviation distance
in each direction.

were utilized (¿ 15-20 nm). This detail limited the loads available for considera-

tion in the current work.

In addition to highlighting the need for large or adaptive atomistic domains,

the current work also suggests that the long-term growth mechanism of near-

threshold cracks in zero-temperature conditions may be the gradual reorder-

ing of quasi-stable defect structures ahead of the crack-tip. In the simulations

performed here, these defect structures are comprised of dislocations that are

immobile due to both elastic interactions as well as the limitations of periodic

boundary conditions. Clearly, the use of out-of-plane periodic boundary condi-
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Figure 4.9: Plot of the average crack-tip position as a function of fatigue
load cycle. Here, 32 load cycles were considered at ∆K = 0.275
eV/Å2.5 for both in-vacuo and surface-film conditions. Error
bars depict half the standard deviation distance in each direc-
tion.

tions in the current model plays a strong role in the specific nature of the defect

structures and dislocation character observed [2, 61]. However, the formation of

immobile defects is a well-known occurrence [42, 40], and it is likely that the ac-

commodation of high stress concentrations and shear-tension coupling present

at a loaded crack-tip will enhance their formation. Therefore, ongoing devel-

opment in the simulation of near-threshold fatigue behavior will likely require

the development of models capable of capturing such immobile defect struc-

tures accurately. Such models should also consider the effects of temperature,

as thermal fluctuations are likely to be an additional governing factor in the

nucleation, glide and reordering of the underlying dislocations.

Regarding the effects of monolayer surface stiffening on crack-tip deforma-

tion behavior. This detail was found to be clearly inhibitive of both dislocation
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nucleation and the overall near-threshold propagation of fatigue cracks. Al-

though it seems intuitive that the stiffening of bonds is likely to inhibit any form

of failure, several oxide-based mechanisms have been proposed for the acceler-

ation of fatigue crack growth [21]. For example, it is believed that the formation

of an oxide film during the loading stage of a fatigue cycle can encourage crack

growth by preventing both slip-reversal and crack-face re-welding during the

unloading stage. The results presented here suggest that this is not a probable

mechanism at near threshold loads, because the ability for a surface to nucle-

ation dislocations and experience interatomic decohesion seems to play a more

critical role in the growth a fatigue crack than does the reversibility of slip.

It is possible that the experimentally observed acceleration of near-threshold

fatigue growth rates in dry-oxygen environments is a result of surface film-

based mechanisms beyond the reach of the model used here [21, 54, 55]. How-

ever, the clearly inhibitive results observed during direct simulation suggest

that any acceleration is likely due to the well-established embrittling effects of

aluminum-water interactions and the resulting presence of elemental hydrogen

impurities [44, 45, 59, 14]. Even in a dry-oxygen environment, it is likely that

trace levels of highly mobile [60, 62] hydrogen will have time to diffuse to the

crack-tip during slow near-threshold growth. In this case, the presence of a stiff

oxide film is likely to enhance the embrittling effects of hydrogen by preventing

crack-tip blunting, and further localizing the fatigue process zone. This possibil-

ity is consistent with the experimental observation of reduced crack-tip blunting

in laboratory air compared to vacuum [44, 6].

Overall, the work presented here makes significant progress in an ongoing

effort to illuminate the micro-mechanical origins of near-threshold fatigue crack
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growth in aluminum alloys. Although a number of critical limitations remain,

the current methodologies have provided useful insights for the design and im-

plementation of future models.

4.7 Summary and Conclusions

We have utilized a concurrently coupled atomistic and discrete dislocation mul-

tiscale method to directly simulate crack-tip deformation and propagation dur-

ing near-threshold fatigue loading in aluminum. For the single crystal orien-

tation considered, deformation behavior was generally found to begin with a

short period of fast transient crack-tip propagation that slows once a quasi-

stable defect structure has accumulated ahead of the crack-tip. Beyond the

transient propagation stage, slow and irregular crack-growth behavior was ob-

served. The approximate effects of monolayer surface stiffening were found to

clearly inhibit crack growth by resisting initial slip-plane cracking behavior and

the restructuring of defects ahead of the crack-tip surface.

In light of the results presented here, it is clear that fatigue behavior must

be studied within very large or adaptive atomistic modeling domains. Fur-

thermore, the limitations imposed by periodic boundary conditions and low-

temperature approximations must be addressed. Given that the primary mech-

anism observed here for fatigue crack growth is the restructuring of trapped

quasi-stable defects, it is critical that future models are capable of determining

the true nature of these factors.
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CHAPTER 5

CONCLUSION

In summary, three papers have been presented with the common goal of il-

luminating the atomistic-scale mechanisms governing environmentally assisted

fatigue. In the second chapter, entitled “Ab-initio prediction of environmental

embrittlement at a crack tip in aluminum,” an ab-initio atomistic-continuum

multiscale framework was used to directly simulate dislocation nucleation at a

loaded crack tip in the presence of elemental oxygen and hydrogen impurities.

Results of the multiscale simulations and subsequent analysis were in support

of the notion that electronegative surface impurities can inhibit dislocation nu-

cleation from a crack-tip, which is consistent with macroscopic brittle failure.

In the third chapter, entitled “Illuminating the chemo-mechanics of hydro-

gen enhanced fatigue crack growth in aluminum alloys,” a series of computa-

tional studies were used to directly link an atomistic mechanism of hydrogen

assisted cracking (HAC) to experimental fatigue data. The study began with

an ab-initio investigation into the effects of hydrogen bonding on slip and de-

cohesion at a {111} aluminum surface, and was followed by the formulation

of an approximate implicit hydrogen model. Finally, this implicit model was

used within a coupled atomistic-continuum discrete dislocation framework to

predict the effect of hydrogen on near threshold fatigue crack growth rates. The

predicted trends were in agreement with published experimental data, suggest-

ing that hydrogen enhanced surface deformation is a key failure mechanism for

aluminum alloys in humid environments.

In the fourth chapter, entitled “Near-threshold fatigue loading in aluminum

and the mechanical effects of monolayer surface-layer stiffening,” a modified
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coupled atomistic and discrete dislocation (CADD) model was used to directly

simulate crack-tip deformation and propagation during near-threshold fatigue

loading in aluminum. The presence of environmental surface stiffening was

approximated through the addition of a Lennard-Jones overlay potential. The

results exhibited three general trends. First, fatigue behavior commenced with a

short period of fast transient crack-tip propagation lasting between one and five

load cycles. This period of fast propagation generally slowed once a stable de-

fect structure had accumulated ahead of the crack-tip. Second, within each iso-

lated fatigue simulation, crack growth was highly irregular and discontinuous.

Third, the approximate effects of surface stiffening resulted in the inhibition of

both dislocation nucleation and overall crack growth rates.

Altogether, the presented papers have further illuminated the atomistic level

mechanisms governing near-threshold fatigue by quantifying the effects of spe-

cific environmental impurities on specific deformation mechanisms. Although

there are many remaining questions regarding the true nature of near-threshold

fatigue in aluminum, this work has clarified some of the specific modeling lim-

itations that need to be overcome before these questions can be answered.
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