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The semiconductor industry enabling numerous electronic devices that em-

power the digital era has arrived at a turning point in recent years. Traditional

silicon (Si)-based devices are about to reach the material limit as a result of ex-

treme scaling of gate length below 10nm, leading to the forthcoming end of

Moore’s law. One of the proposed ways to advance beyond Moore’s law is to

use alternative, advanced semiconducting materials such as indium gallium ar-

senide (InGaAs) and gallium oxide (Ga2O3), mainly for their superior electronic

properties compared to traditional semiconductors. However, a series of major

challenges need to be overcome in order for these materials to live up to their

promise, including insufficiently high dopant activation and insufficiently low

contact resistivity for InGaAs, and strong degree of dopant segregation towards

the surface for Ga2O3. In this thesis, we address these challenges with a compu-

tational modeling approach, based on ab initio density functional theory calcu-

lations. Our main findings include: (1) negatively-charged cation vacancies are

the major contributor of charge compensation in heavily Si-doped InGaAs; (2)

composition, surface termination, doping concentration, compositional grad-

ing and metal-semiconductor alloying can all affect the contact resistivity of

InGaAs; (3) in random InGaAs, vibrational modes associated with shallow n-

type dopants (Si, Se) and defects (cation vacancies) assume band-like distribu-

tion with many satellite peaks, in contrast with the single-peak signature of the



same impurities in binary compounds (GaAs, InAs); and (4) Sn has the strongest

tendency to segregate towards the (010) surface of Ga2O3 among three common

shallow n-type dopants (Si, Ge, Sn), and the presence of negatively-charged

surface Ga vacancies drastically enhance the segregation effect due to Coulomb

interaction. This work would serve as a guidance for further experimentation

and engineering with advanced semiconducting materials in electronic device

applications.



BIOGRAPHICAL SKETCH

Jingyang Wang is a native of China, born in a small town Jiande of Zhejiang

Province and raised in the city of Beijing. After three years of high school, at

the young age of eighteen, he embarked on a long adventure to attend Cornell

University as a new freshman. During his first four years at Cornell, he studied

Physics and Mathematics, had his first taste of research in three biophysics labs,

and graduated as a proud member of the Class of 2013; little did he know until

his last two months as a senior that he would continue his long academic jour-

ney at his dear Alma Mater. In his first year as a fresh Ph.D. student, he found

a new interest in computational materials science; after an extended period of

search, he realized that nowhere at Cornell allows him to pursue his newfound

passion in this booming field better than in the group of Prof. Paulette Clancy,

in the School of Chemical and Biomolecular Engineering. During his five years

in the group, he has enjoyed an unprecedented degree of freedom in choosing

his research topics and executing his projects, all with the generous and unfail-

ing support of Prof. Clancy. This unique experience has allowed him to develop

and hone a very diverse range of research skills, which would prove extremely

useful in his two internships at IBM T. J. Watson Research Center in 2016/17

and one internship at Western Digital in 2018. After six fruitful years as a Ph.D.

student, he has embarked on yet another grand journey; this time to the West,

joining the groups of Prof. Yi Cui at Stanford University and Dr. Lin-Wang

Wang at Lawrence Berkeley National Laboratory, to further expand his research

portfolio in the realm of batteries, catalysis, and novel electronic devices. In his

spare time, he enjoys music improvisation, reading, hiking, and writing poetry.

iii



Being perfect is boring. It’s the imperfections that make us perfect.

– Jessie J

Dedicated to my parents Mr. Puqu Wang and Ms. Xiangqin Fang

Dedicated to the memory of my grandparents Mr. Zhangwen Fang and Ms.

Zhixian Yang

Dedicated to every day and night of my devotion to an ideal

iv



ACKNOWLEDGEMENTS

I owe my first and foremost thanks to Prof. Paulette Clancy, who has been a

great research advisor as well as a role model. She has provided great amount

of freedom for my research, which is instrumental in cultivating my ability as

an independent scholar to the fullest extent. She has encouraged me to con-

duct highly interdisciplinary projects, which has greatly expanded my gamut

of research interest and perspectives. Her strong support for me to take on pro-

longed internships in industry has been truly helpful in shaping my problem-

oriented mindset. Last but not least, her unwavering patience has provided me

with the exact driving force I needed most to complete my Ph.D. Prof. Clancy, I

will always remember how honored I am as your Ph.D. student.

My next thanks goes to Dr. Binit Lukose, now at Wiley Publishing. Be-

fore I joined this group, I was just a new Ph.D. student knowing nothing about

atomistic simulation. Were it not for Binit’s numerous detailed hands-on expla-

nations, the barrier of learning computational materials science for me would

have been so much higher. He has been a master teacher for whatever question

I had regarding density functional theory and molecular dynamics simulations.

Binit, I truly wish you the best luck in your new position and in life!

Also, I must express my deep gratitude to every mentor who helped me

in one way or another during my research projects. My thanks goes to: Prof.

Mike Thompson at Cornell, whose vast knowledge of semiconductor process-

ing has given me many important insights from a practical point of view; Dr.

Phil Oldiges and Dr. Pranita Kerber at IBM, whose deep experience in device

simulation has opened another door for my research and made my internship

so enjoyable; and Dr. Zhaoqiang Bai and Dr. Derek Stewart, whose deep knowl-

edge in phase change materials adds a novel and important dimension to my

v



research portfolio. I would also like to thank my Ph.D. committee (Prof. Thomp-

son, Prof. Clancy, Prof. Craig Fennie, and Prof. Francis DiSalvo) for their many

useful comments in my defense and thesis preparations. There have been so

many great mentors and colleagues I’m indebted to for various reasons, includ-

ing (but certainly not limited to): Prof. David Muller, Prof. Debdeep Jena, Prof.

Grace Xing (Cornell); Dr. Siyuranga Koswatta, Dr. Christian Lavoie, Alexander

Hsu (IBM); Dr. Alan Kalitsov, and Dr. Gerardo Bertero (Western Digital).

Next, my big thanks goes to the members in the Clancy group. They have

been top-notch scholars, wonderful companions, and best friends to laugh with

both in work and in bar. Their diverse talents have always inspired me to go

higher in my own research, and give it back to whomever needs my help. In

particular, I would like to thank Dr. Henry Herbol for being a very sweet and

outgoing friend and a great teacher in any and all things about computer and

programming; Haili Jia for her great contribution in our paper and her strong

faith in my project design; Dr. Jonathan Saathoff and Dr. James Stevenson for

their vast and deep knowledge regarding molecular simulations, chemistry, and

programming; Dr. Victoria (Tori) Sorg for her many helpful insights from an ex-

perimentalist’s point of view; Dr. Mardochee Reveil for his strong talent and

many thoughtful discussions on III-V; Nikita Sengar for her inexhaustible en-

thusiasm; Isaiah Chen for his effervescent humor; and every other member in

the group from whom I have benefited a great deal in my research as well as in

life.

I must also express my deep gratitude for several people who have been

instrumental in helping me adjust my life at Cornell during my undergraduate

and graduate years, including: Dr. Zhongwu Wang, Dr. Xiaoyun Lu, Mr. Frank

and Ms. Susan Eggleston.

vi



Last but not least, I am deeply thankful for the endless love of my par-

ents and grandparents who have made it all possible with their fullest support.

Without them, I could not arrived where I am right now.

vii



CONTENTS

Biographical Sketch . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . iii
Dedication . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . iv
Acknowledgements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . v
Contents . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . viii
List of Tables . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xi
List of Figures . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xiii

1 Introduction 1

2 Background 5
2.1 Fundamentals of semiconductor materials . . . . . . . . . . . . . . 5

2.1.1 Structure of crystals . . . . . . . . . . . . . . . . . . . . . . 6
2.1.2 Band theory of semiconductors . . . . . . . . . . . . . . . . 9
2.1.3 Impurities in semiconductors . . . . . . . . . . . . . . . . . 17

2.2 Basics of MOSFET . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33
2.2.1 metal-semiconductor contact . . . . . . . . . . . . . . . . . 36

2.3 Selected semiconductor materials of technological importance . . 42
2.3.1 III-V compounds . . . . . . . . . . . . . . . . . . . . . . . . 43
2.3.2 Gallium oxide . . . . . . . . . . . . . . . . . . . . . . . . . . 54

3 Theories and Methods 63
3.1 Computational materials science . . . . . . . . . . . . . . . . . . . 63
3.2 Foundations of ab initio computational methods . . . . . . . . . . 65

3.2.1 Schrödinger’s equation . . . . . . . . . . . . . . . . . . . . 65
3.2.2 Born-Oppenheimer approximation . . . . . . . . . . . . . . 68
3.2.3 Hartree-Fock method . . . . . . . . . . . . . . . . . . . . . 69

3.3 Density functional theory . . . . . . . . . . . . . . . . . . . . . . . 71
3.3.1 The Hohenberg-Kohn theorems . . . . . . . . . . . . . . . 71
3.3.2 The Kohn-Sham equations . . . . . . . . . . . . . . . . . . . 75
3.3.3 Exchange-correlation functional . . . . . . . . . . . . . . . 78
3.3.4 Jacob’s ladder in DFT . . . . . . . . . . . . . . . . . . . . . 83
3.3.5 Band gap correction: beyond conventional DFT . . . . . . 84
3.3.6 Practical aspects of DFT simulation of crystals . . . . . . . 91

3.4 Modeling of point defects in semiconductors . . . . . . . . . . . . 100
3.4.1 Defect formation energy . . . . . . . . . . . . . . . . . . . . 101

3.5 Miscellaneous techniques in materials modeling . . . . . . . . . . 111
3.5.1 Special quasirandom structure . . . . . . . . . . . . . . . . 111
3.5.2 Phonon calculation . . . . . . . . . . . . . . . . . . . . . . . 115
3.5.3 Quantum transport . . . . . . . . . . . . . . . . . . . . . . . 122
3.5.4 Population analysis . . . . . . . . . . . . . . . . . . . . . . . 129

viii



4 Ab initio modeling of vacancies, antisites, and Si dopants in ordered
InGaAs 141
4.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 141
4.2 Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 143

4.2.1 Defect formation energy . . . . . . . . . . . . . . . . . . . . 143
4.2.2 Details of DFT and GW calculations . . . . . . . . . . . . . 144
4.2.3 Constraints on equilibrium chemical potentials . . . . . . 148
4.2.4 Corrections to the defect formation energy . . . . . . . . . 149
4.2.5 Maximum dopant and carrier concentration . . . . . . . . 153

4.3 Results . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 154
4.3.1 Bulk Properties of CuAu-I type In0.5Ga0.5As . . . . . . . . . 154
4.3.2 Point defects in In0.5Ga0.5As . . . . . . . . . . . . . . . . . . 156

4.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 171

5 Fingerprinting the vibrational signatures of dopants and defects in a
fully random alloy: An ab initio case study of Si, Se, and vacancies in
In0.5Ga0.5As 180
5.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 180
5.2 Methodology . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 183

5.2.1 Structural model of random In0.5Ga0.5As . . . . . . . . . . . 183
5.2.2 Dynamic matrix . . . . . . . . . . . . . . . . . . . . . . . . . 185
5.2.3 Local phonon density of states from real-space Green’s

function . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 187
5.3 Results . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 189

5.3.1 Local atomic environments . . . . . . . . . . . . . . . . . . 189
5.3.2 Strain field induced by dopants and defects . . . . . . . . . 190
5.3.3 Local Phonon Density of States . . . . . . . . . . . . . . . . 193

5.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 203

6 Ab initio studies of contact resistivity of alloyed and non-alloyed
Ni/In1−xGaxAs contact 210
6.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 210
6.2 Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 211
6.3 Results . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 214

6.3.1 Semiconductor alloy composition . . . . . . . . . . . . . . 215
6.3.2 Semiconductor surface termination . . . . . . . . . . . . . 217
6.3.3 Doping concentration in semiconductor . . . . . . . . . . . 219
6.3.4 Semiconductor compositional grading . . . . . . . . . . . . 220
6.3.5 Metal-semiconductor alloying . . . . . . . . . . . . . . . . 222

6.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 226

7 Ab initio studies of segregation of n-type dopants and vacancies near a
β-Ga2O3 (010) surface 232
7.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 232

ix



7.2 Computational methods . . . . . . . . . . . . . . . . . . . . . . . . 234
7.3 Results and Discussion . . . . . . . . . . . . . . . . . . . . . . . . . 240

7.3.1 Formation energy of shallow donors and intrinsic defects
in bulk β-Ga2O3 . . . . . . . . . . . . . . . . . . . . . . . . . 240

7.3.2 Dopant segregation towards β-Ga2O3(010) surface . . . . . 243
7.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 259

8 Summary and Future Work 264
8.1 Summary . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 264
8.2 Future work . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 267

x



LIST OF TABLES

2.1 Seven distinct crystal systems and their corresponding fourteen
Bravais lattices in three-dimensional space. . . . . . . . . . . . . . 10

2.2 Notation of high-symmetry points and lines in the fcc Brillouin
zone. [6] . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 18

2.3 Common semiconductor materials used in industry and their in-
trinsic carrier concentration at T = 300K. [1] . . . . . . . . . . . . 19

2.4 Common shallow donors and acceptors used for silicon, and
their absolute binding energies. Reproduced from Table 2.3, [1]. . 22

2.5 Selected basic materials properties (lattice constant a, relative ef-
fective electron mass m∗e/me at Γ-point, effective conduction band
density of states NC, electron mobility µe, band gap Eg, and di-
electric constant εr) of some commonly used undoped semicon-
ductors, measured at T = 300K. Data from [29]. . . . . . . . . . . 45

2.6 Selected basic materials properties (band gap Eg, dielectric con-
stant εr, and breakdown field Ec) of some commonly used un-
doped semiconductors, measured at T = 300K. Data from [53]. . 55

4.1 Heats of formation per formula unit of all possible binary com-
pounds formed by In, Ga, As and Si, and CuAu-I ordered
InGaAs2. aExperimental values [32]; btheoretical value [33]. . . . 150

4.2 Relaxation effects on defect volume for the defects studies in this
work. Column 3 gives the relaxed defect volume (defined as
the tetrahedron volume contained by the four nearest-neighbor
atoms of the defect); column 4 gives the percentage of change in
the defect volume (+ means expansion, −means contraction). . . 155

4.3 Structural parameters of bulk ordered CuAu-I type In0.5Ga0.5As as
calculated by LDA DFT. In the reference column, the lattice con-
stant a and the bond lengths are experimental results of a random
In0.5Ga0.5As alloy, whereas η is a calculated value for CuAu-I-
type ordered In0.5Ga0.5As. . . . . . . . . . . . . . . . . . . . . . . . . 157

4.4 Energy levels of band edges and the band gap of In0.5Ga0.5As
as calculated from LDA DFT and a G0W0 approximation. The
reference energy is set to be the value corresponding to the LDA
VBM. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 157

6.1 Specific contact resistivity of commensurate Ni/GaAs(100) and
Ni/InAs(100) interface, with different surface termination on the
semiconductor side at 1 × 1019cm−3 active doping concentration. 219

6.2 Specific contact resistivity of commensurate Ni/In1−xGaxAs(100)
at three different compositions: InAs, In0.5Ga0.5As, and
In0.3Ga0.7As, with As termination at 1 × 1019cm−3 active doping
concentration. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 219

xi



6.3 Specific contact resistivity of commensurate Ni/In0.5Ga0.5As
(100) and Ni/(linearly graded In1−xGaxAs) (100), with As termi-
nation at 1 × 1019cm−3 active doping concentration. . . . . . . . . 222

6.4 Specific contact resistivity of commensurate Ni/InAs (100) and
Ni2InAs/InAs (100) interface, with As termination at 1×1019cm−3

active doping concentration. . . . . . . . . . . . . . . . . . . . . . 225

7.1 Lattice sites and their respective coordination numbers in the
bulk and on the top layer of the (010) surface of β-Ga2O3. . . . . . 247

7.2 Ratio of the average D-O bond length (D = Si, Ge, Sn) in the top
surface layer to that in the bulk (second column), and the ratio of
average D-O bond length vs. average Ga-O bond length in the
top surface layer (third column), as calculated by DFT. . . . . . . 249

7.3 Ion species and their respective Shannon-Prewitt radii at lattice
sites with 4-fold and 6-fold coordination. [36] . . . . . . . . . . . 249

7.4 Total ICOHP values (in eV) for different dopant configurations
on the top surface layer, the sub-surface layer, and in the bulk. . . 252

7.5 Total ICOHP values (in eV) for different vacancy configurations
on the top surface layer, sub-surface layer, and in the bulk. . . . . 254

7.6 Elastic vs. Coulombic contributions to the segregation energy
(in eV) for SiGa, GeGa, SnGa, and VGa on Ga lattice sites, calculated
from eqns. (3-4). . . . . . . . . . . . . . . . . . . . . . . . . . . . . 254

7.7 Elastic vs. Coulombic contributions to the segregation energy (in
eV) for SiGa (from Ga1(bulk) to Ga1(sub)), GeGa (from Ga1(bulk)
to Ga1(sub)), SnGa (from Ga2(bulk) to Ga2(sub)) for selected sur-
face vacancy configurations. . . . . . . . . . . . . . . . . . . . . . 258

7.8 Binding energies of SnGa and DGa in various inequivalent second-
nearest-neighbor pair configurations, and the corresponding
segregation energy of SnGa from a bound position in bulk Ga2O3

compared to that at a Ga2O3(010) surface. . . . . . . . . . . . . . . 259

xii



LIST OF FIGURES

1.1 (a) Number of transistors per chip as a function of year of intro-
duction (Moore’s law; reproduced from Fig. 3, [3]); (b) transis-
tor gate length in technology nodes and production year (repro-
duced from Fig. 4.1, [4]). . . . . . . . . . . . . . . . . . . . . . . . . 2

2.1 Schematics of part of a crystal lattice. The atoms (blue and green
spheres) are arranged in an ordered and periodic fashion in all
directions. The black square represents one possible unit cell of
the crystal. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 7

2.2 (a) Diamond crystal structure (left: primitive cell; right: cubic
conventional cell); (b) zinc blende crystal structure (left: primi-
tive cell; right: cubic conventional cell); (c) wurzsite crystal struc-
ture (hexagonal unit cell). Spheres with different colors represent
different chemical species. . . . . . . . . . . . . . . . . . . . . . . . 8

2.3 The parallelepiped shape of a crystal unit cell, defined by the
side lengths a, b, c and internal angles α, β, γ, as well as by a set
of lattice vectors a,b, c. . . . . . . . . . . . . . . . . . . . . . . . . . 9

2.4 Miller indices of some important planes in a cubic crystal. Re-
produced from Fig. 1.2, [4]. . . . . . . . . . . . . . . . . . . . . . . 11

2.5 Origin of electronic energy bands in a crystal. Reproduced from
[5]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 11

2.6 The Fermi function at (a) zero temperature (T = 0K), and (b)
finite temperature. Reproduced from Fig. 2.15, [1]. . . . . . . . . 12

2.7 The schematics of density of states for three types of materials:
metal, semiconductor, and insulator. Upward and downward
curves represent conduction and valence bands respectively; the
shades represent filling of electrons. . . . . . . . . . . . . . . . . . 14

2.8 Energy-band structures of (a) Si and (b) GaAs, where Eg is the
energy band gap. Plus signs (+) indicate holes in the valence
bands and minus signs (-) indicate electrons in the conduction
bands. Reproduced from Fig. 1.4, [4]. . . . . . . . . . . . . . . . . 17

2.9 Brillouin zones for face-centered cubic (fcc), diamond and zinc
blende crystal structures, showing high-symmetry points and
lines. Reproduced from Fig. 1.3, [4]. . . . . . . . . . . . . . . . . . 18

2.10 Schematic of the energy levels of three types of impurities
(donor, acceptor, deep center) in a semiconductor band struc-
ture. The 	 symbol represents an electron. . . . . . . . . . . . . . 19

2.11 Fermi level positioning in Si at 300K as a function of the doping
concentration. Reproduced from Fig. 2.21, [1]. . . . . . . . . . . . 21

xiii



2.12 Visualization of (a) a donor and (b) acceptor action using the
bonding model. In (a) the Column V element P is substituted
for a Si atom; in (b) the Column III element B is substituted for a
Si atom. Reproduced from Fig. 2.10, [1]. . . . . . . . . . . . . . . . 23

2.13 Schematic of various point defect configurations in reference to
(a) the perfect crystal, including (b) vacancy; (c) substitutional;
(d) interstitial; and (e) antisite. . . . . . . . . . . . . . . . . . . . . 26

2.14 Real metal-semiconductor interface. Surface states, indicated by
horizontal lines, pin the Fermi level at ∼ 1/3Eg above the va-
lence band (VB) maximum. This results in a Schottky barrier of
∼ 2/3Eg. Reproduced from Fig. 2.22, [11]. . . . . . . . . . . . . . . 29

2.15 Density of vibrational states for (a) undoped and (b) 12C-doped
GaP, calculated numerically with the linear-chain model. A LVM
due to 12C has a calculated frequency of 510 cm−1. Reproduced
from Fig. 1, [18]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 31

2.16 Schematics of mechanisms of (a) infrared (IR) spectroscopy, and
(b) Raman spectroscopy. Details see texts of Sec. 2.1.3. . . . . . . 33

2.17 Schematic cross-section of a planar n-type metal-oxide-semiconductor
field effect transistor (n-MOSFET). In an n-MOSFET, the source
and drain regions are heavily n-type doped (denoted by “n+”)
semiconductors, and the substrate are lightly p-type doped. . . . 34

2.18 (a) ID − VGS characteristic of a MOSFET (in log and linear scale
for ID); (b) ID − VD characteristic of a MOSFET. . . . . . . . . . . . 37

2.19 Various phases of MOSFET operations for VGS > VT . (a) VDS = 0,
where the channel region is flat; (b) VDS < VGS − VT , where the
channel region is tapered towards the source; (c) VDS > VGS − VT ,
where the channel region is pinched off from the drain. . . . . . . 37

2.20 Front contact resistance-contact width product as a function of
contact length and specific contact resistivity for sheet resistance
Rsh = 20Ω/square and semiconductor resistance Rsm = 0. Repro-
duced from Fig. 3.18, [21]. . . . . . . . . . . . . . . . . . . . . . . . 38

2.21 Components of the parasitic resistances in a MOSFET device:
contact resistance (Rcontact), source/drain resistance (RS/D), and
channel resistance (Rchannel). Reproduced from [22]. . . . . . . . . 39

2.22 Metal-semiconductor contacts according to the simple Schottky
model. The upper and lower parts of the figure show the metal-
semiconductor system before and after contact, respectively. Re-
produced from Fig. 3.1, [21]. . . . . . . . . . . . . . . . . . . . . . 40

2.23 Depletion-type contacts to n-type substrates with increasing
doping concentrations. The electron flow is schematically indi-
cated by the electrons and their arrows. Reproduced from Fig.
3.3, [21]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 42

2.24 Periodic table of elements. Reproduced from [28]. . . . . . . . . . 44

xiv



2.25 The schematic conventional unit cell of random In0.5Ga0.5As;
each cation lattice site is equally likely to be occupied by either
an indium (In) atom or a gallium (Ga) atom. Note that the “unit
cell” depicted here only represents the repeatable unit of the un-
derlying lattice, not the actual atomic arrangement within the cell. 47

2.26 Atomic models for the random zinc blende structure and vari-
ous possible superlattice structures for III-V alloys. Reproduced
from Fig. 2.1, [41]. . . . . . . . . . . . . . . . . . . . . . . . . . . . 49

2.27 Calculated net donor concentration (Nd) of Si+-implanted and
MBE Si-doped In0.53Ga0.47As specimens as a function of anneal-
ing temperature after 10m furnace anneals at 550, 600, 650, 700,
and 750◦C. Reproduced from Fig. 4, [47]. . . . . . . . . . . . . . . 53

2.28 Landscape of contact resistivity vs. metal film resistivity of Si-
compatible ohmic contacts to n-InGaAs [51]. The desired regime
of operation is the bottom left corner. Reproduced from Fig. 4,
[52]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 54

2.29 (a) β-Ga2O3 crystal structure; (b) (010) and (2̄01) surfaces. Repro-
duced from Fig. 4, [55]. . . . . . . . . . . . . . . . . . . . . . . . . 56

3.1 Typical methods in computational materials science in terms of
size and time. Reproduced from [3]. . . . . . . . . . . . . . . . . . 65

3.2 Number of articles and patents in materials science including the
term “density functional theory” published per year during the
past 25 years. Reproduced from [3]. . . . . . . . . . . . . . . . . . 72

3.3 Flowchart of a self-consistent Kohn-Sham DFT calculation. . . . 79
3.4 Jacob’s ladder of density functional approximations. The rungs

are labeled on the left, and their added ingredients are shown on
the right. Reproduced from [3]. . . . . . . . . . . . . . . . . . . . . 85

3.5 Comparative plot of the calculated and experimentally available
values for all the electronic band gaps obtained in the current
work. Legend: GGA, HSE, and G0W0 denote the results of this
work for the corresponding level of theory. MP-GGA denote the
results of Materials Project. Reproduced from [36]. . . . . . . . . 88

3.6 Cell representation of (a) a bulk crystal with point defect(s); (b) a
pristine crystal surface. . . . . . . . . . . . . . . . . . . . . . . . . 92

3.7 Solid line: A schematic of a typical Bloch wave in one dimension.
(The actual wave is complex; this is the real part.) The dotted line
is from the eik·r factor. The light circles represent atoms. Repro-
duced from [37]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 95

3.8 Schematic of band structure of an one-dimensional crystal in (a)
extended scheme; (b) reduced scheme. The blue circles in both
plots denotes the same point in the band structure, correspond-
ing to the same wavefunction ψn=1,k+2π/a = ψñ=2,k. . . . . . . . . . . 95
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CHAPTER 1

INTRODUCTION

The modern age is properly termed the “Information Age”. [1] Human

life has been so fundamentally changed since the invention of information-

processing devices, such as computers, laptops and cell phones, that it is almost

unimaginable today how our predecessors lived in a time without them. At

the very heart of this tremendous technology advancement lies the innovation

of semiconductor materials. The prototypical example is the usage of semicon-

ductors such as silicon (Si) and germanium (Ge) in the invention of transistors,

the basic building block of all computing devices today. [1] In fact, the de facto

rule that the semiconductor industry has been following in the past half cen-

tury, the so-called “Moore’s law” (Fig. 1.1(a)), [2] was enabled in large part by

the exceptional electronic properties as well as the low cost of silicon, and has

given birth to the extraordinary growth of electronics and computer industry

in the latter half of 20th century. Nothing emblems the role of silicon in this

achievement better than the name “Silicon Valley”.

Despite the remarkable advancement Moore’s law has contributed to the In-

formation Age, in recent years it has started to show signs of weariness. Moore’s

law, which states that the number of transistors on an integrated circuit doubles

roughly every two years, [2] depends on aggressive and constant miniaturiza-

tion of individual transistor size. After more than fifty years of exponential scal-

ing, the characteristic size of a transistor (“gate length”) has entered the sub-10

nanometers regime (Fig. 1.1(b)). At this extreme scale, silicon-based transis-

tors is quickly approaching its physical limit, and are faced with unprecedented

challenges on both materials level and device level. On materials level, the in-

1



Figure 1.1: (a) Number of transistors per chip as a function of year of in-
troduction (Moore’s law; reproduced from Fig. 3, [3]); (b) tran-
sistor gate length in technology nodes and production year (re-
produced from Fig. 4.1, [4]).
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sufficient charge carrier mobility of silicon starts to limit the switching speed of

scaled-down transistors. [5] On device level, the parasitic resistances and ca-

pacitances, especially at the material interfaces, limit respectively the maximum

current and the maximum operating frequency of the device. [6] These chal-

lenges will only become more pronounced as the device size continues scaling

down. In order to continue enabling future technological advances such as In-

ternet of Things (IoT) and Artificial Intelligence (AI), such performance-limiting

hurdles must be overcome with innovative strategies built upon fundamental

understanding of the physics of semiconducting materials and devices. [7]

The work presented in this thesis is devoted to addressing the above-

mentioned challenges by the means of computational modeling, from both ma-

terials and device perspectives. The thesis is organized as follows. Chapter 2

provides the necessary background for the subsequent chapters. Chapter 3 ex-

pounds the theoretical and computational methods employed in all the research

works detailed in this thesis. Chapter 4 focuses on the calculation of formation

energies of Si dopant and intrinsic defects of the ternary semiconducting com-

pound In0.5Ga0.5As, and their consequences on the maximum carrier concentra-

tion and dopability of In0.5Ga0.5As. Chapter 5 focuses on the vibrational finger-

print of dopants and vacancies in random In0.5Ga0.5As. Chapter 6 focuses on the

specific contact resistivity of various Ni-In(Ga)As interfacial systems. Chapter 7

focuses on the thermodynamics and atomistic mechanism of dopant and defect

segregations towards the Ga2O3(010) surface. Chapter 8 concludes the thesis

with limitations of our approach and future works. The theoretical and com-

putational approach outlined in the thesis is striven to be comprehensive and

general in nature, and thus can find wide applications in aspects of materials

research not limited to those covered in this thesis.
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CHAPTER 2

BACKGROUND

This chapter provides a self-contained exposition of the materials science

background for all the research works presented in this thesis. The chapter is

divided into two parts. Sec 2.1 gives a bird’s eye view of the fundamentals of

semiconductor materials, with a focus on two main factors – doping and defects

– that influence the materials’ electrical behavior. Sec 2.2 turns to two semicon-

ductor material systems of wide interest – III-V compounds and gallium oxide

(Ga2O3) – that comprise the basis of our research works in this thesis.

2.1 Fundamentals of semiconductor materials

Semiconductor is an important class of materials that possess unique electronic

properties. For practical purposes, semiconductors are characterized by their

ability to conduct electricity in a controllable manner. Such control is typically

achieved by intentional incorporation of external chemical element(s) in the

crystal lattice of the semiconductor material in question, a procedure known

as “doping” (see Sec 2.2). Although the process of doping introduce impurity

atoms in the crystal, it is an essential technique in semiconductor processing,

as it can increase the charge carrier concentration in a semiconductor material

and hence enhance the electrical performance of the device. [1] In contrast, un-

intentionally present impurities, called “defects”, often dictates the maximum

charge carrier concentration in a semiconductor. [2] For a particular type of

semiconductor material, the effectiveness of doping is often limited by the type

and concentration of defects present. Hence, in order to develop strategies for

future improvement of semiconductor device performance, it is critical to gain a
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fundamental understanding of the interplay between doping and defect inside

semiconductor materials. Such is a main theme of this thesis.

2.1.1 Structure of crystals

Many semiconductor materials of technological importance have the atomic

structures of crystals, meaning that the atoms arrange themselves in an ordered,

periodic fashion in space, forming a lattice pattern; each atom of the crystal oc-

cupies exactly one lattice site (Fig.2.1). Any repeating unit in a crystal is called

a unit cell; the smallest of all unit cells is called the primitive cell. It is also

useful to define the conventional cell as the smallest unit cell that contains the

same point group symmetries (see the following paragraph) as the whole lattice;

the conventional cell typically has a more regular geometry than the primitive

cell. Fig. 2.2 shows several representative crystal structures in semiconductor

materials.

All unit cells of a crystal that fill up three-dimensional space must have the

shape of a parallelepiped, which is uniquely defined by the three side lengths

a, b, c (called “lattice constants”) and three internal angles α, β, γ; it can also

be represented by the lattice vectors a,b, c (or denoted as a1, a2, a3), as shown in

Fig. 2.3. [3] Based on the relations among these structural quantities, all crystals

can be grouped into seven distinct crystal systems. These seven crystal systems,

together with the non-equivalent point lattice sites inside the unit cell, comprise

14 Bravais lattices in three-dimensional space (see Table 2.1). These lattices re-

sult in 230 non-equivalent ways of repeating atoms throughput the space that

satisfy the required translational and rotational symmetry; these arrangements
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Figure 2.1: Schematics of part of a crystal lattice. The atoms (blue and
green spheres) are arranged in an ordered and periodic fash-
ion in all directions. The black square represents one possible
unit cell of the crystal.

are known as space groups, in addition to 32 non-equivalent symmetries of a

local atomic environment, known as the (crystallographic) point groups. [2]

Hence, each space group uniquely represents the spatial symmetry of the crys-

tal structure.

Although a real crystal sample contains extremely large number of atoms,

it is nevertheless not infinite. In many systems of interest, the crystal sample is

grown on a substrate oriented towards a particular direction. The crystal thus

is terminated by a surface of atoms in perpendicular to this direction. In any

crystal, there exist certain directions along which the atoms are aligned more

regularly forming atomic planes, and therefore are favored by growth and pro-

cessing. To denote such directions in a consistent manner, a convenient notation
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a)

b)

c)

Figure 2.2: (a) Diamond crystal structure (left: primitive cell; right: cubic
conventional cell); (b) zinc blende crystal structure (left: prim-
itive cell; right: cubic conventional cell); (c) wurzsite crystal
structure (hexagonal unit cell). Spheres with different colors
represent different chemical species.
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Figure 2.3: The parallelepiped shape of a crystal unit cell, defined by the
side lengths a, b, c and internal angles α, β, γ, as well as by a set
of lattice vectors a,b, c.

called “Miller indices” are adopted. The Miller indices are a set of three inte-

gers (hkl). These integers, by convention, are designated to be the smallest set of

integers such that the plane in question intercepts the three lattice vectors a,b, c

respectively at a/h, b/k, c/l. (If the plane does not intersect a given axis, then the

corresponding Miller index equals 0.) Similarly, we denote the direction along

ha + kb + lc as [hkl]. It is easily seen that in cubic crystals, the direction [hkl]

is perpendicular to the plane (hkl). Fig. 2.4 shows some of the most common

surfaces in a cubic unit cell crystal.

2.1.2 Band theory of semiconductors

The physics of semiconductor crystals can best be understood in terms of band

theory, which describes energy levels of atoms in crystalline solids. Accord-

ing to quantum mechanics, electrons associated with a single atom occupy a
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Crystal system Bravais lattice Unit cell shape
Triclinic simple a , b , c;

α , β , γ , 90◦

Monoclinic simple a , b , c;
base-centered α = β = 90◦ , γ

Orthorhombic simple a , b , c;
base-centered α = β = γ = 90◦

body-centered
face-centered

Tetragonal simple a = b , c;
body-centered α = β = γ = 90◦

Trigonal simple a = b = c;
α = β = γ , 90◦

Hexagonal simple a = b , c;
α = 120◦, β = γ = 90◦

Cubic simple a = b = c;
body-centered α = β = γ = 90◦

face-centered

Table 2.1: Seven distinct crystal systems and their corresponding fourteen
Bravais lattices in three-dimensional space.

set of discrete energy levels, known as atomic orbitals. When two atoms are

brought sufficiently close to each other, the electrons in their respective outer-

most atomic orbitals (valence electrons) interact with each other and rearrange

themselves, so as to lower the total energy of the two-atom system, a process

known as bonding. This process creates new energy levels in which the elec-

trons can occupy. As more and more atoms are brought together, this bonding

process would occur between any two neighboring atom pairs, resulting in a

multitude of energy levels. A real-world macroscopic crystal sample consists

of on the order of 1 mole of, or 6.02 × 1023 densely packed atoms. In such a

sample, the vast amount of interatomic bondings generate innumerable energy

levels such that individual energy levels cannot be clearly distinguished from
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Figure 2.4: Miller indices of some important planes in a cubic crystal. Re-
produced from Fig. 1.2, [4].
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Figure 2.5: Origin of electronic energy bands in a crystal. Reproduced
from [5].

adjacent ones. The thus-formed continuous energy levels of electrons are called

“energy bands”. (Fig. 2.5)

When the atoms are placed on a crystalline lattice, their electrons fill up the

energy bands according to a known probability distribution. At absolute zero

temperature (T = 0K), all energy levels E below a certain threshold known as the

“Fermi level” EF are completely filled up with electrons, and all energy levels

above EF are empty. As the temperature increases to finite values, the electrons

that occupy energy levels close to the Fermi level tends to disperse, so that there
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Figure 2.6: The Fermi function at (a) zero temperature (T = 0K), and (b)
finite temperature. Reproduced from Fig. 2.15, [1].

is a finite probability that an energy level above the Fermi level is occupied by

electron(s), and a finite probability that an energy level below the Fermi level

is unoccupied by electron(s). For physical motivations that will become clear

in subsequent sections, it is beneficial to introduce the notion of “holes”, which

can be simply understood as the lack of an electron. When an electron with one

negative unit of charge −e is excited to a higher energy level, it leaves a hole with

one positive unit of charge +e at its original energy level; hence both electrons

and holes are charge carriers of opposite signs. Under thermal equilibrium, the

probability distribution for electrons, known as the “Fermi function”, is given

by

f (E) =
1

1 + exp
(

E−EF
kBT

) (2.1)

where kB = 8.617 × 10−5eV/K is the Boltzmann constant. As the material as a

whole must remain charge neutral, the probability distribution for holes is given

by

1 − f (E) =
1

1 + exp
(

EF−E
kBT

) . (2.2)

The plots of the Fermi function at zero temperature and finite temperature are

shown in Fig. 2.6.
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The Fermi function f (E) tells us about the probability of occupation of elec-

trons and holes as a function of energy at a given temperature under thermal

equilibrium; it however does not contain any information on the number of

electronic energy levels available at a given energy value E. This information is

provided by the density of states D(E). This is an intrinsic quantity of materi-

als; each material has a different density of states. The density of electrons and

holes in a material at a given energy E is therefore given by the product of the

density of states at E and the probability for the carrier to occupy these states:

n(E) = D(E) f (E);

p(E) = D(E)(1 − f (E)).
(2.3)

The density of states is a crucial indicator of the electronic properties of a

material. In a material, the distribution of electron energy levels depend as a

function of multiple factors, including the nature of interatomic bonding and

lattice spacing. Some combinations of these parameters give a band structure

that is continuous, while others give a band structure in which the energy bands

are separated into two groups by a gap where no energy level exists; this gap is

called the “band gap”. (Fig. 2.7) In the former case, the electrons can be contin-

uously excited to gradually higher energy levels as the temperature increases;

whereas in the latter case, the ability for an electron below the band gap to be

excited to the top of the band gap depends on the size of the gap Eg. When Eg

is large enough, it is impossible by means of increasing temperature alone to

excite an electron across the gap, due to the very small probability of occupa-

tion by the Fermi function at the top of the gap. (Fig. 2.6) In this case, even at

finite temperature, essentially all electrons will be confined in their energy levels

below the gap (called the “valence band”), and no electrons will be able to flow

freely inside the crystal at energy levels above the gap (called the “conduction

13



Figure 2.7: The schematics of density of states for three types of materials:
metal, semiconductor, and insulator. Upward and downward
curves represent conduction and valence bands respectively;
the shades represent filling of electrons.

band”), hence electricity conduction is not possible. Such materials are properly

named insulators. On the other hand, for sufficiently small Eg, at elevated tem-

peratures a large number of electrons will be able to spill from the bottom of the

gap into the top, giving rise to the so-called “charge carriers”. Such materials

are called semiconductors.

Both density of states and Fermi function can provide crucial insight on the

charge carrier distribution inside a material. (Sec. 2.1.3) The density of states

can be obtained routinely from computer simulations (Chap. 3). With this infor-

mation, we can perform further analysis such as calculating maximum charge

carrier concentration at a particular dopant level (Chap. 4), or bond population

analysis in a crystal (Chap. 7). These methods will be explained in detail in

Chap. 3.

The best way to visualize the energy bands of a crystal is by plotting the

band structure of the unit cell. In a band structure plot, the energy levels of elec-
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trons are plotted as a function of k-point, corresponding to values of momen-

tum of electron in the crystal (called “crystal momentum”). When an electron

moves in free space (i.e. no atom is present), its wavefunctions are superposi-

tions of plane waves with the functional form exp(ik · r) (k denotes the wavevec-

tor; r denotes the position). The electron’s energy, which is purely kinetic, is

described by quantum mechanics as

E(k) = Ekin(k) =
~2k2

2me
, (2.4)

where ~ = 4.136 × 1015eV·s is the reduced Planck constant, me = 9.109 × 10−31kg

is the electron mass, and k = |k| = 2π/λ is the wavenumber of the electron with

wavelength λ. In a periodic crystal, the electron’s energy is inevitably affected

by the presence of atoms. The nuclei potential gives rise to a potential energy

term U(k) to the electron, while the kinetic energy term of the electron becomes

Ekin(k) =
~2k2

2m∗e
, (2.5)

where the term m∗e here represents the “effective mass” of an electron inside

the crystal. This mass is not the true electron mass, as the mass of electron

always stays constant; it purely reflects the effect that the crystal potential has

on the electron’s motion, as if the electron has changed its mass. In other words,

the smaller the effective mass, the faster the electron moves inside a crystal.

(This observation has important consequences for device performance; see for

example Sec. 2.3.1.) This result also applies to holes. The effective masses of

electrons and holes can be obtained from the band structure by

m∗ = ~2
(
∂2E
∂k2

)−1

, (2.6)

where the partial derivative is taken at the CBM/VBM, where the potential en-

ergy of electron/hole is zero. We see from this “effective mass theory” that the
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conduction and valence bands should locally resemble parabola at their respec-

tive extrema (see, for example, the band structures of Si and GaAs shown in

Fig. 2.8); moreover, the effective masses is related to the curvature of the band

extrema (the greater the effective mass, the smaller the curvature, the flatter the

band). Hence the effective masses is a direct measure of the density of states

available at CBM/VBM. This very useful relation can be quantified by defining

the “effective density of states” of CBM/VBM:

NC = 2
(
m∗ekBT
2π~2

)3/2

;

NV = 2
(
m∗hkBT
2π~2

)3/2

.

(2.7)

In every band structure, the electronic energy levels are conventionally plot-

ted as the k-point moves along a certain path connecting high-symmetry points

inside the (first) Brillouin zone of the crystal. The Brillouin zone is the set of all

possible unique wavevectors k, corresponding to wavelengths λ greater than

the lattice constants, that can describe any electronic wavefunction in a crys-

tal. (Sec. 3.3.6) The Brillouin zone of the face-centered cubic (fcc), diamond,

and zinc blende crystal structure is shown in Fig. 2.9, along with its associated

high-symmetry points (Table 2.2) and directions. Band structures is a materials-

specific property, and they provide a complete and unique picture of electron

dynamics for each crystal.
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Figure 2.8: Energy-band structures of (a) Si and (b) GaAs, where Eg is the
energy band gap. Plus signs (+) indicate holes in the valence
bands and minus signs (-) indicate electrons in the conduction
bands. Reproduced from Fig. 1.4, [4].

2.1.3 Impurities in semiconductors

Doping in semiconductors

It is clear from the previous section that for semiconductors, temperature can

serve as a “knob” to control the degree of electricity conduction. However for

the application of electronic devices, this is neither sufficient nor precise. For

instance, many commonly used semiconductor materials have much smaller

concentrations of charge carriers than typical metals at room temperature. (Ta-

ble 2.3) Such intrinsic semiconductors contains relatively small concentration
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Figure 2.9: Brillouin zones for face-centered cubic (fcc), diamond and zinc
blende crystal structures, showing high-symmetry points and
lines. Reproduced from Fig. 1.3, [4].

High-symmetry point Coordinates in Brillouin zone
Γ (0, 0, 0)
X 2π

a (0, 1, 0)
L 2π

a ( 1
2 ,

1
2 ,

1
2 )

W 2π
a ( 1

2 , 1, 0)
U 2π

a (1
4 , 1,

1
4 )

K 2π
a (3

4 ,
3
4 , 0)

High-symmetry line Direction
∆ [010] (Γ − X)
Σ [110] (Γ − K)
Λ [111] (Γ − L)

Table 2.2: Notation of high-symmetry points and lines in the fcc Brillouin
zone. [6]

of impurities, and often do not possess sufficient amount of charge carriers re-

quired for standard device operations. In order to overcome the obstacle, an-

other strategy, namely doping (see Sec. 2.1), is routinely used in semiconductor

industry. Doping refers to the practice of adding external chemical elements

called “dopants” to the crystal lattice of the semiconductor. The charge carrier
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Figure 2.10: Schematic of the energy levels of three types of impurities
(donor, acceptor, deep center) in a semiconductor band struc-
ture. The 	 symbol represents an electron.

concentration in the semiconductor depends on both the chemical nature and

the amount of dopants added within a given range. This property of semicon-

ductor materials allows effective and precise control over charge carrier concen-

trations, and hence the degree of electricity conduction (electrical conductivity),

needed in a semiconductor-based device.

Semiconductor material intrinsic carrier concentration at 300K
Silicon (Si) 1 × 1010cm−3

Germanium (Ge) 2 × 1013cm−3

Gallium Arsenide (GaAs) 2 × 106cm−3

Table 2.3: Common semiconductor materials used in industry and their
intrinsic carrier concentration at T = 300K. [1]

To help understand the mechanism of carrier concentration modulation by

doping, we again resort to the energy band picture of electrons in a semicon-
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ductor. Fig. 2.10 shows the energy levels of electrons in a typical semiconductor

material with impurities. As discussed in the previous section, the conduction

band are the energy levels in which excited valence electrons can flow freely

inside the crystal, thereby capable of conducting electricity; the valence band

are the energy levels where valence electrons are bound to the atomic nucleus,

and thus cannot conduct electricity. These energy bands are always present,

regardless of whether impurities exist in the crystal. However, the presence of

relatively large amount of impurities in a semiconductor can often modify the

energy landscape and significantly alter the distribution of electrons. Depend-

ing on the electronic nature, an impurity belongs to one of the three categories:

donor, acceptor, and deep center. A donor is a chemical species which can

donate valence electrons to the conduction band. When a donor is properly

incorporated into the crystal, it introduces an additional energy level within

the band gap that is very close to the minimum point of the conduction band

(“conduction band minimum (CBM)”); such level is called the shallow donor

level. The proximity of this donor level to the CBM allows electrons occupy-

ing this level to be easily excited to the CBM. The consequence is an increase

of electron concentration in the conduction band (and a decrease of hole con-

centration in the conduction band); hence incorporation of donors is known

as “n-type doping” (“n” for negatively charged electrons). Similarly, when an

acceptor is properly incorporated into the crystal, it introduces an additional

energy level (acceptor level) within the band gap that is very close to the max-

imum point of the valence band (“conduction band maximum (VBM)”); such

level is called the shallow acceptor level. The proximity of this acceptor level to

the VBM allows electrons occupying the highest valence bands to be easily ex-

cited to the acceptor level. The consequence is an increase of hole concentration
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Figure 2.11: Fermi level positioning in Si at 300K as a function of the dop-
ing concentration. Reproduced from Fig. 2.21, [1].

in the valence band (and a decrease of electron concentration in the conduction

band); hence incorporation of acceptors is known as “p-type doping” (“p” for

positively charged holes). Hence we see that doping with donors increase free

electron concentration; doping with acceptors increase free hole concentration.

For materials with band gap (semiconductors and insulators), the Fermi level

position within the band gap shifts as a function of carrier concentration (see

Eq. (2.3)), and therefore depends in turn on the doping concentration. (Fig.

2.11) Finally, a deep center is a type of impurity which introduces at least one

energy level within the band gap that is far away from both conduction band

and valence band. Any electron or hole that occupies this level cannot be eas-

ily excited to either side of the band gap, and is thus localized (“trapped”) at

the defect level. Such impurities are typically considered undesirable for the

purpose of doping, but they may useful in other applications. For instance, the

nitrogen-vacancy (NV) center in diamond can potentially act as a quantum bit

(qubit), which is the basic unit of information in a quantum computer. [7]

In order for a chemical element to behave as donor or acceptor in a particu-
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Donors |Eb| (eV) Acceptors |Eb| (eV)
Antimony (Sb) 0.039 Boron (B) 0.045

Phosphorous (P) 0.045 Aluminum (Al) 0.067
Arsenic (As) 0.054 Gallium (Ga) 0.072

Indium (In) 0.16

Table 2.4: Common shallow donors and acceptors used for silicon, and
their absolute binding energies. Reproduced from Table 2.3, [1].

lar semiconductor material, it must possess certain chemical properties. From

an atomistic point of view, a donor-type or acceptor-type dopant is incorpo-

rated into the crystal lattice of a semiconductor by substituting atoms of the host

material. As the host atoms form bonds in a crystal, such atomic substitution

breaks existing bonds between the substituted host atoms and the neighboring

host atoms, and forms new bonds between the dopant atom and the neighbor-

ing host atoms. As a chemical rule of thumb known as the “octet rule”, an atom

in a bonding environment is stabilized when eight electrons are present in its

outermost shell. Such condition is satisfied with every host atom in a stable

crystal. That means if the impurity species has the same number of valence

electrons as the host atom it substitutes, then the bonding environment will be

the same as that before the substitution, and no extra electrons will be donated

to or accepted from the sea of free electrons in the crystal (“reservoir”). On

the other hand, if the impurity species possess more valence electrons than the

host atom species it substitutes, these extra valence electron(s) may not partic-

ipate in the bonding process, and will become free electrons. Similarly, if the

impurity species possess fewer valence electrons than the host atom species it

substitutes, a same number of missing electrons are required from the sea of

free electrons in order to form the stable octet for the impurity atom. (Fig. 2.12)

From this reasoning, we see that shallow donors should have greater valence

22



Figure 2.12: Visualization of (a) a donor and (b) acceptor action using the
bonding model. In (a) the Column V element P is substituted
for a Si atom; in (b) the Column III element B is substituted
for a Si atom. Reproduced from Fig. 2.10, [1].

than the substituted species, and shallow acceptors less valence than the sub-

stituted species. It must to be emphasized that the reverse is not always true;

namely, simply having a different number of valence electrons does not entail

a particular chemical species is a shallow donor/acceptor, as it may be a deep

center. In other words, the difference between the energy level of the impurity

and that of the closest band edge (called the “binding energy” of the dopant)

must be small enough (typically less than 0.1 eV) in order to qualify as shallow

dopants. Table 2.4 lists commonly used shallow donors and acceptors in silicon

and their binding energies.

Finally, it is worth noting that although doping is an effective way of con-

trolling carrier concentration in a semiconductor, it does not always work as ex-

pected. Specifically, it is often found that as concentration of the dopant species

in a crystal increases beyond a threshold value, the carrier concentration will

saturate and stop increasing further, a phenomenon known as “dopant deacti-

vation”. Such difficulty in doping may be traced to three possible origins. [8]
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First, the dopant might have an energy level(s) that is not “shallow” enough, so

that the carriers cannot be excited to the corresponding band edge at room tem-

perature. Second, the dopant atoms may cluster and form a secondary phase

beyond a concentration threshold, either due to insufficient solid solubility in-

side the host crystal or a tendency to segregate towards the epitaxial surface of

the host crystal. In this case, the local bonding environment in this new phase

becomes the same as that in the bulk crystal consisting of purely the dopant

species, and thus no new charge carriers will be generated. Last but not least, as

the Fermi level shifts towards the band edge as a consequence of increased car-

rier concentration due to doping, defects of opposite charge become more likely

to form inside the crystal (See Sec. 2.1.3 for detailed discussion), causing the

net charge carrier concentration to saturate. These bottlenecks of doping have

become a major challenge in many semiconductor-based applications, as the

performances of many semiconductor devices depend critically on the ability to

increase charge carrier concentration. Two research works in this thesis (Chap. 4

and 7) are concerned mainly with the problem of dopant deactivation, through a

comprehensive investigation of the physical and chemical mechanisms, as well

as proposing possible strategies to overcome this performance-limiting obstacle.

Defects in semiconductors

Naturally-occuring crystals never comes as perfect arrangements of atoms in

our simple mathematical model. Even without intentional doping, it is thermo-

dynamically favorable for certain impurities and irregularities to form inside a

crystal; such imperfections are called defects. Defects come in a great variety

of types. In terms of geometry, three main types of defects can be found in a
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crystal: point defects, line defects, and planar defects. Point defects are atom-

sized modifications on a single lattice site. There are four main types of point

defects: vacancies, substitutionals, interstitials, and antisites. (Fig. 2.13) A

vacancy is the lack of an atom in a crystal; a substitutional is the occupation of

a foreign species not part of the crystal itself; an interstitial is an atom situated

in the void space between atoms in the crystal; and an ansisite is the occupa-

tion of a species that belongs to the crystal but on the wrong lattice site. Line

defects refer to dislocations, where an entire line of atoms shift out of their origi-

nal place on the lattice due to shear stress. Dislocations include edge dislocation

(dislocation line parallel to stress direction) and screw dislocation (dislocation

line perpendicular to stress direction). Planar defects are discontinuity of pe-

riodic atomic arrangements across a plane; these include surfaces (termination

of atomic planes), interfaces (atomic plane where two different crystals meet),

grain boundaries (atomic plane where two regions of the same crystal with dif-

ferent crystallographic orientations meet), stacking faults (missing of an atomic

layer in a regular stacking sequence of atomic planes), and twin boundaries

(atomic plane where two regions across the plane are mirror images of each

other). As we shall see, the defects with most electronic importance are point

defects, so we will focus solely on point defects from this point on.

Point defects can behave electrically as either shallow donors, shallow ac-

ceptors, or deep centers. For defects that behave as shallow donors or acceptors

(the so-called “electrically active” defects), they would either assist or hinder n-

type or p-type doping, depending on whether the defect contributes the same or

opposite type of charge carriers compared to the dopant. On the other hand, de-

fects that behave as deep centers trap carriers at their energy levels deep inside

the gap, causing a bottleneck in doping efficiency at high concentrations. Note
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Figure 2.13: Schematic of various point defect configurations in reference
to (a) the perfect crystal, including (b) vacancy; (c) substitu-
tional; (d) interstitial; and (e) antisite.

that a deep center can act as a donor or an acceptor, depending on the position of

the Fermi level. Unlike shallow donors or acceptors, many deep centers possess

multiple charge states inside the band gap, meaning that the defect can retain

different numbers of electrons or holes as the Fermi level varies; the Fermi levels

at which the defect acquires or loses charge carrier are called “charge transition

levels”. We shall see in Sec. 3.4.1 and 4.2.5 that these levels can be calculated us-

ing a quantitative formalism of point defect thermodynamics, and can provide

information on the maximum carrier concentration achievable inside a partic-

ular semiconducting material at a given temperature, a critical knowledge in

semiconductor device processing.

Point defects are inherently present in any crystal; such phenomenon can

be understood from thermodynamic argument. Consider a piece of gallium ar-

senide (GaAs) crystal at room temperature. There are four Ga atoms and four
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As atoms in the conventional cubic unit cell with side length a = 5.65Å, result-

ing in a density of Ga lattice sites ns = 2.22 × 1022cm−3. In bulk GaAs crystal,

a Ga vacancy in −3 charge state (meaning three electrons are bound to the va-

cancy; denoted as V−3
Ga) has a formation energy (energy required to remove a Ga

atom from the lattice) E f = 0.24eV for Fermi level at 0.3eV below the CBM, a

condition corresponding to moderate n-type doping. [9] Based on these results,

it is possible to deduce that at extremely high n-type doping levels, the thermal

equilibrium concentration of V−3
Ga in GaAs, given by the Arrhenius-type formula

nV = ns exp
(
−E f

kBT

)
, (2.8)

is equal to 2.0×1018cm−3 at room temperature. At such non-negligible concentra-

tions, these defects would often contribute charges with opposite sign to that of

the dominant carrier (“charge compensation”). Furthermore, even intentional

dopants may start to exhibit undesirable properties when located on the wrong

lattice sites or under non-standard conditions. For example, Si is commonly

used as donors in GaAs when incorporated on Ga sites, but can also behave

as acceptors when substituting As atoms (such behavior is called “amphoteric

doping”) [10], or even as deep centers when it adopts an alternative bonding

geometry on Ga sites when under hydrostatic pressure greater than 2 GPa (e.g.

“DX centers” in Si-doped GaAs) [11]. These challenges all could contribute to

dopant deactivation at high doping concentrations, severely limiting the effi-

cacy of doping. Hence, it is crucial to fully understand the types and behaviors

of such doping-hindering defects and their interactions with dopants as a first

step towards overcoming the doping bottleneck in semiconductor materials.

Finally, defects are prevalent on the surfaces and interfaces of materials.

Common defects of this kind include dimers, dangling bonds (DBs), vacancies,

antisites, and adatoms. These defects often contribute significantly to the char-
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acteristics and performance of electronic devices. For example, presence of de-

fects on semiconductor surfaces introduces surface states inside the band gap,

causing the Fermi level near the surface to be pinned at a fixed position irrespec-

tive of the doping concentration and doping type in the bulk (known as “Fermi

level pinning”). [12, 13, 14, 15] (Fig. 2.14) Fermi level pinning limits the car-

rier concentration near the surface, which in turn degrades the charge transfer

characteristics across the interface between the semiconductor and the metal /

oxide. Specifically, Fermi level pinning at metal-source/drain interface leads to

the formation of Schottky barriers with height independent of the metal work

function, which adds parasitic contact resistances to the device. Fermi level

pinning at oxide-channel interface traps the minority carriers for positive gate

voltage (inversion mode), thereby limiting the degree of gate modulation on the

channel conductance. [11, 16] For these crucial reasons, removal of surface and

interface defects has been one of the major challenges for III-V processing and

integration in electronic devices.

Vibrational fingerprint of impurities in materials

For a doped semiconductor sample, it is often important to have a knowledge of

the distribution of dopants. Especially when a particular semiconducting mate-

rial approaches its doping limit, it is essential to be able to pinpoint the lattice

locations of dopants and defects in order to obtain a fundamental understand-

ing of the limiting factors. One of the most common experimental methods for

detecting positions of impurities in a crystal is the spectroscopic methods. This

method utilizes the fact that all atoms are in constant vibrational motion around

their equilibrium positions, even under thermal equilibrium. Due to the global
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Figure 2.14: Real metal-semiconductor interface. Surface states, indicated
by horizontal lines, pin the Fermi level at ∼ 1/3Eg above the
valence band (VB) maximum. This results in a Schottky bar-
rier of ∼ 2/3Eg. Reproduced from Fig. 2.22, [11].

(space group) as well as local (point group) symmetries of the crystalline lattice

(Sec. 2.1.1), atoms in the lattice exhibit patterns of collective vibrational mo-

tions at certain frequencies, known as “phonon modes”. Such phonon modes

depend sensitively on the atomic mass and interatomic force constants, a mea-

sure of the mechanical strength of bonding analogous to macroscopic spring

constants. Inclusion of defects in the lattice usually brings about modifications

in atomic mass and local interatomic force constants, leading to a change in

the phonon modes of the crystal. When the atomic mass of the impurity is

much smaller than any of the host atom species, or the force constants are much

higher compared to those of the host bonds, the vibrational pattern of the im-

purity and its close atoms will become separated form that of the host crystal,

thereby creating local vibrational modes (LVM). (Fig. 2.15; detailed discussion

see Chap. 5) As the bond strengths depend on the local atomic environment,
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phonon modes are an effective source of information that offers critical insights

on the lattice locations of a particular atomic species. Historically, the doping

behavior of technologically important semiconductors such as silicon and gal-

lium arsenide have been thoroughly understood with the help of spectroscopic

methods, through accurate identication of local vibrational modes of dopants,

defects, and dopant-defect complexes. [17]

Experimentally, phonon modes are obtained by spectroscopic methods.

Spectroscopic methods measure the “phonon density of states” (PDOS), or

phonon spectrum of a crystal, namely the intensity of vibration within a range

of frequencies. Characteristic phonon modes of a system appear as peaks in the

phonon spectrum. There are two main types of spectroscopic methods, namely

infrared (IR) spectroscopy and Raman spectroscopy. [19] In both methods, a

light source is required to shine a beam of light onto the material sample. In

infrared spectroscopy, the quantized units of light, or photons, are absorbed by

the atoms and turned into quantized units of vibrations, or phonons, with equal

amount of energy inside the crystal. (Fig. 2.16(a)) In Raman spectroscopy, the

photons are not absorbed by the atoms, but rather scattered by the atoms, as the

photons involved provide much higher energies than that of vibrational modes;

(Fig. 2.16(b)) in this case, the photons scattered by the atoms may lose or gain

energy, depending on whether the atoms are excited from the ground state to a

vibrational state or otherwise. [19] As the energy difference between each vibra-

tional state and the ground state of a material stays constant independent of the

spectroscopic method used, these two methods produce similar phonon spec-

tra for a particular system; however, there exist important differences. Not all

vibrational modes of a system can be detected by both IR (IR-active) or Raman

(Raman-active) spectroscopy. As IR spectroscopy utilizes photon absorption as
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Figure 2.15: Density of vibrational states for (a) undoped and (b) 12C-
doped GaP, calculated numerically with the linear-chain
model. A LVM due to 12C has a calculated frequency of 510
cm−1. Reproduced from Fig. 1, [18].
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a means of exciting vibrations, a particular vibrational mode must change the

electric dipole moment of the local group of atoms (or molecule) to signal the

occurrence of such absorption. In contrast, as scattered photons originate from

oscillations of electric dipoles, the intensity of scattered photons is proportional

to the polarizability of the local atom group (or molecule); hence in Raman spec-

troscopy only vibrational modes that change the polarizability can be detected.

These criteria are formally known as “selection rules”. [19]

Due to the limitations stated above, it is not guaranteed that any one spec-

troscopic method will be able to uncover all phonon modes for a given system.

Furthermore, in complicated material systems such as random alloys, the lack of

long-range order will cause disruption in propagation of phonons in the crystal,

resulting in a relatively large number of “background” local vibrational modes

that blur the signal of vibration of dopants and defects. In Chap. 4, such phe-

nomenon is investigated using advanced computational modeling techniques

for the first time.
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Figure 2.16: Schematics of mechanisms of (a) infrared (IR) spectroscopy,
and (b) Raman spectroscopy. Details see texts of Sec. 2.1.3.

2.2 Basics of MOSFET

Metal-oxide-semiconductor field effect transistors (MOSFETs) are an important

class of electronic devices that serves as the workhorse for today’s extensive

computing needs. Fig. 2.17 shows the structure of a planar MOSFET. In a MOS-

FET, the source and drain regions are semiconductors that are heavily-doped

with the same polarity (n-type or p-type), while the substrate is lightly-doped

with the opposite polarity. The contacts are metals that connects different parts

of the device with external electric circuits. The operation of a MOSFET is con-

trolled by the voltage applied to the gate VG, which introduces a vertical electric

field through the gate oxide. When a positive gate-to-source voltage VGS is ap-

plied in an n-type MOSFET (n-MOSFET), excess holes under the gate are driven

away from the vicinity of the gate, creating a depletion region. As VGS keeps

increasing, excess free electrons are attracted from source and drain to the de-
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Figure 2.17: Schematic cross-section of a planar n-type metal-oxide-
semiconductor field effect transistor (n-MOSFET). In an n-
MOSFET, the source and drain regions are heavily n-type
doped (denoted by “n+”) semiconductors, and the substrate
are lightly p-type doped.

pletion region, creating a new ”inversion layer” (channel) filled with electrons.

Additionally, application of a small drain-to-source voltage VDS would intro-

duce a lateral electric field across the channel, forcing the electrons to flow from

the drain to the source, thereby creating a current ID in the opposite direction.

The magnitude of ID varies with respect to both VGS and VDS . At a fixed

positive value of VDS , when VGS is below a threshold voltage VT , there is still

not enough free electrons in the depletion region, therefore ID remains close to

zero (called the “OFF-mode” of MOSFET). The onset of ID occurs when VGS

exceeds VT , switching the MOSFET to textbf“ON-mode”. (Fig. 2.18) A device

like MOSFET that has two states (ON and OFF) belongs to the category of “logic
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devices”, as it can perform logic operations. On the other hand, at a fixed VGS >

VT , ID exhibits distinct growing patterns as VDS increases. When VDS is small

(VDS � VGS − VT ), the lateral electric field causes the shape of the channel to

taper towards the source, making it easier for electrons to flow out of the drain,

thereby increasing ID in a linear fashion (the “linear region”). When VDS reaches

a threshold value (VDS = VGS −VT ), the tapering of the channel becomes so severe

that the channel is “pinched-off” from the drain. (Fig. 2.19) In this scenario, ID

would saturate at a maximum level, even if VDS keeps increasing beyond the

threshold value (the “saturation region”). Quantitatively, the dependence of ID

on VGS and VDS can be described by the following equations:

ID ≈ 0 (VGS < VT );

ID ≈ µinvCox
W
L

(VGS − VT )VDS (VGS > VT ,VDS � VGS − VT );

ID ≈ µinvCox
W
2L

(VGS − VT )2 (VGS > VT ,VDS ≥ VGS − VT ).

(2.9)

From these equations, it is clear that as the width W and length L of the gate

becomes smaller than ever, in order not to let ID in ON-mode (Ion) degrade with

the scaling, it is crucial to improve on materials-specific parameters such as the

electron mobility in the inversion layer (µinv). Another equally important chal-

lenge of transistor scaling is that, in a realistic MOSFET, there exists a very small

but finite current ID even when no gate voltage is applied (VGS = 0). This leak-

age current Ioff is the main source of static power consumption for a MOSFET.

Hence it is crucial to reduce Ioff so that a chip containing billions of transistors

would not waste exceeding amount of energy in standby mode. Finally, the

subthreshold swing S , defined by the inverse slope of the ID − VGS curve in the

substreshold region (VGS < VT ), is a key parameter that determines the switch-
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ing speed from OFF to ON-mode for a MOSFET and the magnitude of VT . The

smaller the S , the steeper the slope, and the smaller the VT which leads to less

dynamic power consumption per transistor. S is given by

S = ln(10)
(
kBT

q

) (
1 +

Cdep

Cox

)
, (2.10)

where q is the elementary charge, Cdep and Cox are the capacitances of the de-

pletion layer and the oxide, respectively. It is clear from this equation that S

can be lowered by increasing Cox (through reducing thickness of oxide or using

materials with high permittivity (“high-κ”)) or decreasing CD (through reducing

density of interfacial defects between the oxide and the substrate); nonetheless,

in a MOSFET S is always greater than the “”thermionic limit”, which equals

ln(10)(kBT/q) = 60mV per decade (10 times) increase in ID at room temperature

(T = 300K). Alternative devices such as tunneling field effect transistor (TFET)

is capable of breaking this limit by taking advantage of band-to-band tunneling

rather than thermal injection of carriers into the channel. Improvement on these

three parameters (increase Ion, decrease Ioff, decrease S ) are the major objectives

and challenges of transistor scaling.

2.2.1 metal-semiconductor contact

The (metal-semiconductor) contacts are an important component of all elec-

tronic devices. They serve as the connection between the device and the ex-

ternal circuit. As the transistor size keeps scaling down, so does the contact

length Lc. Contact resistance, an inherent quantity of metal-semiconductor con-

tact that measures the easiness of carrier transport across the junction, increases

as coth(Lc) at the limit of small Lc. [20] (Fig. 2.20) This phenomenon causes the
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Figure 2.18: (a) ID −VGS characteristic of a MOSFET (in log and linear scale
for ID); (b) ID − VD characteristic of a MOSFET.

Figure 2.19: Various phases of MOSFET operations for VGS > VT . (a) VDS =

0, where the channel region is flat; (b) VDS < VGS − VT , where
the channel region is tapered towards the source; (c) VDS >
VGS − VT , where the channel region is pinched off from the
drain.
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Figure 2.20: Front contact resistance-contact width product as a function
of contact length and specific contact resistivity for sheet resis-
tance Rsh = 20Ω/square and semiconductor resistance Rsm =

0. Reproduced from Fig. 3.18, [21].

contact resistance to take up an increasing portion of the overall device parasitic

resistances (Fig. 2.21), hence becoming a major limiting factor of performance

in ultra-scaled devices. It is critical for such devices to have contacts with low

(specific) contact resistivity (contact resistance normalized by area).

Fundamentally, the contact resistivity originates from two physical mecha-

nisms. First, according to the Schottky-Mott rule, [23, 24] the electronic proper-

ties of the contact is mainly determined by the relative magnitude of the work

function of the metal φm and that of the semiconductor φs, both defined to be

the difference between the vacuum level Evac and their respective Fermi level

EFm and EFs. When the metal and the semiconductor come into contact, the

energy bands of the semiconductor would bend as the Fermi level must remain

constant across the interface under thermal equilibrium. Fig. 2.22 shows three
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Figure 2.21: Components of the parasitic resistances in a MOSFET device:
contact resistance (Rcontact), source/drain resistance (RS/D), and
channel resistance (Rchannel). Reproduced from [22].

possible scenarios of band bending for an n-type doped semiconductor, corre-

sponding to φm < φs, = φs, and > φs respectively. In reality, almost all metals

have φm > φs for common semiconductors, therefore a Schottky barrier exists at

the metal-semiconductor interface, with height φB = φm − χ where χ is the elec-

tron affinity of the semiconductor. It is evident that the Schottky barrier height is

a materials-specific property of the bulk metal and semiconductor, independent

of the conditions of the interface. On the other hand, another important mecha-

nism is the Fermi level pinning by defects occuring at the metal-semiconductor

interface (Sec. 2.1.3). These defects trap the free electrons at their mid-gap

energy levels, thereby limiting the ability for the electrons to move across the

Schottky barrier. As the defects originate from the semiconductor surface, it

is found experimentally that contrary to the Schottky model, the Schottky bar-

rier height is largely independent of the work function of the metal for pinned

semiconductors.

As expected, the contact resistivity of a metal-semiconductor junction de-

pends positively on the Schottky barrier height. Another critical “knob” for
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Figure 2.22: Metal-semiconductor contacts according to the simple Schot-
tky model. The upper and lower parts of the figure show the
metal-semiconductor system before and after contact, respec-
tively. Reproduced from Fig. 3.1, [21].

tuning the contact resistivity is the level of doping in the semiconductor. The

band diagrams of these three scenarios are illustrated in Fig. 2.23. Near the

metal-semiconductor interface, there exists a region in the semiconductor that

is depleted of free carriers (called “depletion region”) due to drift of carri-

ers into the metal. The width of this depletion region is inversely propor-

tional to the square root of doping level Nd in the semiconductor at a given

φB. Therefore, depending on the semiconductor doping level, carrier trans-

port across metal-semiconductor junction can manifest in one of three scenarios:

thermionic emission (TE), thermionic-field emission (TFE), and field emission

(FE). In thermionic emission, the depletion width is large due to light doping,

hence the carriers must be thermally excited in order to cross the barrier, mak-
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ing the contact a rectifying junction (diode). In field emission, the depletion

width is sufficiently small due to heavy doping, so that the carriers can tunnel

directly through the barrier without being thermally excited, making the con-

tact an Ohmic contact. The onset of dependence of contact resistivity on dop-

ing concentration happens in the TFE regime, where tunneling starts to happen.

Quantitatively, the contact resistivity in the FE regime is given by

ρc = ρc0 exp
(
2φB

~

√
εsm∗

Nd

)
, (2.11)

where ρc0 is a materials-specific constant, εs the dielectric constant of the semi-

conductor, and m∗ the effective mass of the majority carrier in the semiconduc-

tor. It is evident from Eq. (2.11) that as the stringent scaling requirement de-

mands very low contact resistivity in an ultra-scaled MOSFET device, it is criti-

cally important for a semiconductor material to be able to have sufficiently high

concentrations of active dopants. This turns out to be one of the most serious

bottlenecks for incorporation of III-V materials in next-generation MOSFET de-

vices.
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Figure 2.23: Depletion-type contacts to n-type substrates with increasing
doping concentrations. The electron flow is schematically in-
dicated by the electrons and their arrows. Reproduced from
Fig. 3.3, [21].

2.3 Selected semiconductor materials of technological impor-

tance

Historically, semiconducting materials such as Si and GaAs have played major

roles in the development of almost all kinds of electronic devices due to their

exceptional properties. (Sec. 2.1.3) In recent years, several new semiconducting

materials have come forward as candidate materials used in next-generation

electronic devices, for their alleged superior properties compared to their al-

ready successful predecessors. This section will detail two kinds of such mate-

rials, which are the main focus of this thesis.
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2.3.1 III-V compounds

Crystal structure

III-V compounds are an important class of semiconductors since the earliest

days of electronics. The usage of gallium arsenide (GaAs) in transistors dates

back to 1965. [25] Nowadays, GaAs finds widespread applications in electronic

devices such as heterojunction bipolar transistors (HBTs), field effect transis-

tors (FETs), and diodes, enabling high-speed and high-frequency electronics.

[26] III-V compounds obtains its name from the fact that the family of com-

pounds all consist of at least one group-IIIA species and one group-VA species.

(Fig. 2.24) Two main crystal structures exist for III-V compounds: zinc blende

and wurtzite. (Fig. 2.2) Such phenomenon is known as “polymorphism”, and

individual structures “polymorphs”. Both polymorphs of binary III-V com-

pounds share the same point group; namely, each atom is bonded covalently

with four nearest-neighbor atoms of alternate species, forming a regular tetra-

hedra (known as “tetrahedral coordination”). The difference of these two poly-

morphs lies in their space groups: zinc blende structure belongs to space group

F43̄m in Herman-Mauguin notation (or number 216); wurtzite structure belongs

to space group P63mc in Herman-Mauguin notation (or number 186). It is well

known that at room temperature, bulk arsenide crystals such as gallium ar-

senide (GaAs) and indium arsenide (InAs) are found in zinc blende structure,

whereas bulk nitride crystals such as gallium nitride (GaN) and indium nitride

(InN) are found in wurtzite structure. [27] The relative ground state energy of

these two polymorphs depend only on the properties of free atoms of the con-

stituent chemical species. [27]
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Figure 2.24: Periodic table of elements. Reproduced from [28].

Electronic properties

III-V semiconductors are long known for their superior electronic properties,

thanks to their band structure. First, all III-V semiconductors are direct band

gap semiconductors, meaning that the CBM and VBM are located at the same

k-point. This allows the electrons to be excite directly from the VBM to the CBM

without the assistance of phonons, as opposed to indirect band gap semicon-

ductors such as silicon. This property is crucial for applications in optoelectron-

ics such as photovoltaics, photodiodes, and laser diodes, as the electrons from

the conduction band annihilates holes from the valence band through radiative

recombination, emitting photon in the process. Another important advantage

of III-V compounds is their significantly smaller effective electron masses m∗e

compared with silicon. (Table 2.5) This property has two major implications: (1)
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higher electron injection velocity (vinj) compared to silicon (vinj ∼
√

1/m∗e), and

thus higher operating current (Ion) in transistors; (2) the electron mobility (µe)

of III-V compounds is higher compared to silicon (µe ∼ 1/m∗e), and hence faster

switching speed of transistors. These superior electronic properties allow sub-

stantial improvement of device performance while keeping a moderate power

consumption. This is the main reason and motivation that certain III-V mate-

rials are considered potential candidates for use as source, drain, and channel

materials in next-generation field effect transistors (FETs) with gate length be-

low 10nm.

Material/Property (T = 300K) Si Ge GaAs InAs In0.53Ga0.47As InSb
a (Å) 5.431 5.658 5.653 6.058 5.869 6.479

m∗e/me(Γ) 0.19 0.08 0.063 0.023 0.041 0.014
NC (cm−3) 2.8 × 1019 1.04 × 1019 4.7 × 1017 8.3 × 1016 2.08 × 1017 4.16 × 1016

µe (cm2/V-s) 1,450 3,900 9,200 33,000 12,000 77,000
Eg (eV) 1.12 0.66 1.42 0.35 0.74 0.17
εr 11.7 16.2 12.9 15.2 13.9 17.7

Table 2.5: Selected basic materials properties (lattice constant a, relative ef-
fective electron mass m∗e/me at Γ-point, effective conduction band
density of states NC, electron mobility µe, band gap Eg, and di-
electric constant εr) of some commonly used undoped semicon-
ductors, measured at T = 300K. Data from [29].

Alloying and ordering

In semiconductor processing, it is often desirable to have a material with certain

properties that are intermediate between those of two pure materials. For exam-

ple, in applications such as metal-oxide-semiconductor field effect transistors

(MOSFET), GaAs has a relatively large band gap (1.42 eV), which causes unde-

sirable Fermi level pinning near CBM by As-As dimer antibonding (σ∗) states

at the interface between GaAs and high-κ dielectric oxides such as hafnium ox-
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ide (HfO2) and aluminum oxide (Al2O3). [30, 31] On the other hand, InAs has a

very small band gap (0.35 eV), allowing electrons to tunnel from the conduction

band of the drain to the valence band of the substrate via band-to-band tunnel-

ing (BTBT), resulting in leakage current which degrades the performance of the

MOSFET device. [32, 33] One way to mitigate these problems is to mix GaAs

and InAs during growth phase to form an alloy compound In1−xGaxAs, where

indium and gallium atoms constitute 1 − x and x proportions of all the cations

in the crystal respectively (0 ≤ x ≤ 1). Such a pseudobinary compound has in-

termediate band gap between that of GaAs and of InAs, which is large enough

to reduce the magnitude of BTBT current, and small enough so that the inter-

facial defect states lies entirely within the conduction band. Furthermore, at a

specific composition In0.53Ga0.47As, the lattice constant of the alloy (a = 5.869Å)

matches exactly with that of InP, a commonly used III-V substrate, allowing

perfect epitaxial growth without inducing strain and dislocations. These ad-

vantages make In0.53Ga0.47As a very appealing candidate for future generation

electronic devices such as MOSFETs.

In a real-world alloy such as InGaAs, the arrangement of different cation

species (In and Ga in InGaAs) on their common sublattice deviates from that

of a random alloy, where each cation site is randomly occupied by either an in-

dium or a gallium atom, with respective probability 1−x and x. (Fig. 2.25) Under

certain circumstances, atoms of same species tend to aggregate while atoms of

different species tend to separate, which leads to phase separation if the con-

stituent pure materials form distinct regions (“domains”) inside the alloy. In

other scenarios, atoms tend to arrange themselves in regular fashion, thereby

exhibiting either short-range order (SRO), where the number of A-B type bonds

exceeds that in a random alloy; or long-range order (LRO), where the atoms
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Figure 2.25: The schematic conventional unit cell of random In0.5Ga0.5As;
each cation lattice site is equally likely to be occupied by either
an indium (In) atom or a gallium (Ga) atom. Note that the
“unit cell” depicted here only represents the repeatable unit
of the underlying lattice, not the actual atomic arrangement
within the cell.

form periodic superstructures called superlattices with periodicity greater than

that of the constituent crystal in at least one direction. 1 It is observed in experi-

ments that long-range ordering would spontaneously appear in almost all III-V

alloys under certain growth conditions across the spectrum of epitaxial growth

methods, such as liquid phase epitaxy (LPE), molecular-beam epitaxy (MBE),

metal-organic vapour-phase epitaxy (MOVPE), and vapor-levitation epitaxy

(VLE). [35] Fig 2.26 shows commonly observed types of superlattice structures

for III-V alloys.

According to thermodynamics of bulk crystals, the tendency of atoms in an

1The degree of short-range order and long-range order in an alloy can be quantified; one of

the methods is proposed by Cowley [34].
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alloy to exhibit ordering is determined by three main factors: formation en-

thalpy of the random phase (∆HR), formation entropy of the random phase (∆S R),

and the excess energy of the order phase of interest relative to its constituent

pure phases (∆EO). To be precise, if the alloy is grown above the temperature

TR = ∆HR/∆S R, the alloy is more stable in the random phase; on the other hand,

if the alloy is grown below the temperature TO = (∆HR+∆EO)/∆S R, then the alloy

is more stable in the ordered phase of interest. [36] Using high-accuracy com-

putational modeling, it is found that the excess energy ∆EO of most long-range

ordered (LRO) bulk phases of III-V pseudobinary alloys are positive except for

chalcopyrite and famatinite phases; nevertheless, the excess energy of all these

metastable LRO bulk phases are very small (the largest value being 110 meV for

In0.5Ga0.5As with CuPt-B phase [37]). Combined with the experimental observa-

tion of various LRO phases, an important implication is that factors other than

bulk thermodynamics must play an decisive role in the formation of ordering in

the alloy. For example, it is found that if the alloy grown is coherent on an lattice-

mismatched substrate (i.e. the interface is free of dislocations), then the ordered

phases are much more likely to occur, especially at low growth temperatures.

This is because the external strain on the alloy lattice imposed by the substrate is

maximally relieved by increasing the fraction of certain types of atomic clusters

while decreasing the fraction of others, thereby creating ordering that deviates

from total randomness. [38] In addition, surface thermodynamics and growth

kinetics may also influence the type of ordering of the alloy. [39] For example,

it is shown that certain LRO phases of In0.5Ga0.5P, such as CuPt-B and CuAu-I,

possess the lowest formation energy when such ordering occurs near the sur-

face due to reconstruction, a trend in contrast with the results of the bulk alloy.

[39] In terms of growth kinetics, it is found that growth temperature, growth
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Figure 2.26: Atomic models for the random zinc blende structure and var-
ious possible superlattice structures for III-V alloys. Repro-
duced from Fig. 2.1, [41].

rate and substrate orientation can all influence the degree and type of LRO in

near-surface GaAs0.5Sb0.5 grown by MOVPE. [40] Knowledge of ordering of a

III-V alloy is very important, as the degree and type of LRO can alter many ba-

sic properties of the semiconductor alloy compared to the random case, such as

reduction of band gap, splitting of valence bands, transition from indirect band

gap to direct band gap, decrease of effective electron mass, and induction of

internal electric field. [39]

Challenges

Despite the many advantages of III-V materials described above, widespread

usage of III-V materials in field effect transistors has yet to become a reality. Sev-

eral major obstacles must be overcome in order to truly unleash the promised

potential of III-V materials as an alternative material for next-generation logic

devices.

First, one of the key advantages of silicon is the high-quality interface it

can form with its native oxide, SiO2, which can be readily formed when sili-
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con is oxidized. Such interface has a very low mid-gap interfacial defect density

(∼ 1010cm−2eV−1) [42]. In contrast, native oxides of III-V compounds such as

gallium oxide (Ga2O3) do not possess such beneficial properties. For example,

when exposed to air or low-vacuum environment, the oxidized surface of GaAs

readily forms a wide variety of unwanted defects such as As and Ga dangling

bonds, As-As dimers, and Ga vacancies, thereby introducing high interfacial

defect density between the substrate and the native oxide. [31] Such conse-

quence is undesirable for scaled-down transistors, due to Fermi level pinning

effect which causes an increase in the subthreshold swing and renders the gate

modulation ineffective. This has historically been one of the main bottlenecks of

III-V-based FETs. Fortunately, in recent years important progress has been made

that greatly reduces the interfacial defect density. Specifically, atomic layer de-

position (ALD) of high-κ oxides such as HfO2 and Al2O3 is used to suppress

the spontaneous formation of poor-quality native oxide on GaAs surface [42].

Experiments have shown that the Fermi level is largely unpinned at the inter-

face between GaAs and ALD-deposited oxide. [42] ALD-deposited oxides has

been demonstrated on other III-V compounds as well. [31] It is found that sur-

face processing techniques such as pre-deposition cleaning treatment, as well as

using III-V compounds containing indium, significantly improves the quality

of the oxide-substrate interface. The former method removes the III-V surface

defects, while the latter method pushes the defect states above the conduction

band due to the smaller band gap compared to GaAs.

Second, due to the immense success of silicon in driving Moore’s law for

five decades, currently existing semiconductor processing tools and infrastruc-

ture are designed and tuned to work with silicon substrates on which the chips

are made. It is hence a great economical advantage if III-V compounds can be
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integrated on Si substrates. However, this has met with numerous challenges,

mostly due to the relatively large lattice mismatch between the two class of ma-

terials. (Table 2.5) This lattice mismatch creates a large number of defects such

as dislocations and antiphase domain boundaries at the interface between the

Si substrate and the epitaxially grown III-V compound, which leads to shorts

and traps that severely degrades the device performance. [43] Various methods

have been devised to tackle this problem with limited success, such as using

graded ternary III-V buffer layers with continuously varying lattice constant,

transfering the III-V thin film onto dielectric-covered Si substrate, and aspect

ratio trapping (ART) where III-V material is grown inside trenches formed by

SiO2 on top of Si substrate. [44] One of the more recent and promising route is

template-assisted selective-area epitaxy (TASE), [45] where the growth of III-V

materials is confined by a “template” to a nanometer-thin cross section (with

diameter < 100nm) on Si substrate. This small cross section completely elimi-

nates the typical growth defects that result from bulk growth. Furthermore, this

method allows growth of III-V material on Si substrate with arbitrary orienta-

tion, unlimited by the lattice spacings of Si substrate in a particular direction.

Last but not least, the parasitic resistances of a transistor have a great impact

on the magnitude of Ion at a given VGS and VDS . Both the channel resistance

Rchannel and the contact resistance Rcontact depend negatively on the doping level

Nd in the semiconductor, hence it is critical to obtain a sufficiently high level of

doping for extreme-scaled transistors. For silicon, n-type doping that results in

a free electron concentration of above 1020cm−3 is routinely achieved. [46, 43] In

contrast, n-type doping in InGaAs by Si, one of the dopants with best activa-

tion and low diffusivity, is found to saturate at a free electron concentration of

≈ 1.5 × 1019cm−3 upon thermal annealing at high temperatures, a step required
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for maximizing dopant activation and remove damage from dopant implanta-

tion. [47] (Fig. 2.27) This saturation level remains relatively constant regardless

of implant conditions and anneal conditions. The root cause of this dopant acti-

vation limiting phenomenon was not perfectly understood. Several hypotheses

have been proposed aiming for an explanation, including (1) insufficient solid

solubility of dopants, (2) amphoteric nature of group IV dopants in III-V com-

pounds, and (3) presence of charge-compensating defects such as vacancies.

[43] Chap. 4 of this thesis presents a comprehensive computational modeling

study confirming that the formation of negatively-charged cation (In/Ga) va-

cancies is responsible for the dopant deactivation. In addition, many strategies

for breaking the limit of active dopant concentration have been proposed, in-

cluding lowering growth temperature, using annealing techniques with shorter

time duration such as rapid thermal annealing or laser spike annealing, [48] and

co-implanation with other low diffusivity dopants. The motivation of the last

strategy is that, due to the fact that group-VI elements such as sulfer (S), sele-

nium (Se) or tellurium (Te) would preferentially occupy group-V (arsenic) sites

in InGaAs, co-doping with group-VI dopants would likely result in reduced

amphoteric doping of Si and hence increased carrier concentration. Experi-

ments so far have shown limited degree of improvement in dopant activation

by co-implanation. [43] Especially surprising is the fact that co-implantation

of silicon with sulfer, which shows high percentage of activation when doped

alone, exhibits only slight increase in the carrier concentration upon annealing

to 1.7× 1019cm−3. [49] It is not clear whether most of the group-VI dopants truly

occupy group-V lattice sites in these samples. Spectroscopic methods such as in-

frared (IR) or Raman spectroscopy are deployed to determine the local dopant

configuration, but such methods are challenging to provide definitive answers
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Figure 2.27: Calculated net donor concentration (Nd) of Si+-implanted and
MBE Si-doped In0.53Ga0.47As specimens as a function of an-
nealing temperature after 10m furnace anneals at 550, 600,
650, 700, and 750◦C. Reproduced from Fig. 4, [47].

due to variations in the cation arrangement in a short-ranged or near-random

alloy. Chap. 5 of this thesis aims to tackle this problem by a novel computa-

tional scheme which links particular local phonon modes to certain dopant /

defect configurations in a random alloy, taking into full account the depen-

dence on local atomic environment. Finally, the 2018 version of the Interna-

tional Roadmap for Devices and Systems (IRDS) [50] requires that for sub-10nm

transistor devices, the contact resistivity must be less than 1 × 10−9Ω-cm2. Cur-

rent contact technologies for III-V semiconductors cannot yet achieve this ambi-

tious goal, (Fig. 2.28) which requires a fundamental understanding of the metal-

semiconductor interface on the atomic level. Chap. 6 of this thesis focuses on the

impact of various material- and atomistic-level factors on the contact resistivity

of Ni-In(Ga)As interface.
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Figure 2.28: Landscape of contact resistivity vs. metal film resistivity of
Si-compatible ohmic contacts to n-InGaAs [51]. The desired
regime of operation is the bottom left corner. Reproduced
from Fig. 4, [52].

2.3.2 Gallium oxide

Metal oxides, like III-V materials, is another class of semiconductor material

with important electronic applications. Among them, gallium oxide (Ga2O3) has

in recent years experienced a surge of interest due to its superior electronic prop-

erties compared to conventional semiconductors in power electronics, such as

wide band gap (4.6−4.9eV), high breakdown field (6−8MV-cm−1), and excellent

chemical and thermal stability. [53, 54] (Table 2.6) These properties makes Ga2O3

an attractive candidates for a wide range of applications, including power elec-

tronics, solar blind UV detectors and gas sensors. [53] There are five identified
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polymorphs of Ga2O3, namely corundum (α), monoclinic (β), defective spinel

(γ), and orthorhombic (δ, ε). [53] Out of these polymorphs, β-Ga2O3 is the most

stable phase at standard condition, therefore making it the most used in in-

dustry. Fig. 2.29 shows the crystal structure of β-Ga2O3, and two of the most

commonly used surfaces of β-Ga2O3 in device applications. [55]

Material/Property (T = 300K) Si GaAs 4H-SiC GaN Ga2O3

Eg (eV) 1.12 1.42 3.25 3.4 4.85
εr 11.8 12.9 9.7 9.0 10.0

Ec (MV-cm−1) 0.3 0.4 2.5 3.3 8.0

Table 2.6: Selected basic materials properties (band gap Eg, dielectric con-
stant εr, and breakdown field Ec) of some commonly used un-
doped semiconductors, measured at T = 300K. Data from [53].

Unlike InGaAs, which shows a bottleneck of n-type doping at ∼ 1019cm−3

(Sec. 2.3.1), Ga2O3 can be doped n-type up to ∼ 1020cm−3. [54] Nonetheless, the

doping level actually achieved varies greatly depending on the dopant species

and growth condition. One of the issues with doping in Ga2O3 is that some

species of dopants (for example, tin (Sn)) experience significant degree of seg-

regation towards the surface when subjected to thermal treatment such as an-

nealing; namely, most of the grown-in dopants to leave their activated bulk sites

and form a separate contiguous solid phase above the Ga2O3 surface. This phe-

nomenon severely hampers the performance of Sn-doped Ga2O3. [56] To date,

the cause of dopant segregation in Ga2O3 has not been elucidated. In Chap. 7 of

this thesis, we use computational modeling to reveal that both surface thermo-

dynamics of dopants and surface defects (vacancies) play a big role in dopant

segregation towards the Ga2O3(010) surface.
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Figure 2.29: (a) β-Ga2O3 crystal structure; (b) (010) and (2̄01) surfaces. Re-
produced from Fig. 4, [55].
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CHAPTER 3

THEORIES AND METHODS

This chapter provides a detailed discussion of all the theories and compu-

tational methods used in materials modeling and simulation relevant to this

thesis.

3.1 Computational materials science

Since the dawn of human history, the discovery and deployment of materials

have always been a story of trial and error. Successful application of a new

material typically involves thousands of failures and long periods of research

and development, a fact vividly captured by the quote of Thomas A. Edison,

the famous inventor who discovered successful usage of tungsten filament in

incandescent light bulbs: ”I have not failed. I just found 10,000 ways that

won’t work.” While this strenuous method of materials discovery and exper-

imentation had its glory days in the past, it can no longer keep up with the

exponentially-increasing need of today’s lightning fast development of human

civilization. A cheaper, faster and more effective way of materials research and

development is currently in critical need.

With the rapid increase of computing power enabled by Moore’s law, nowa-

days we have more computational resources and capacity than ever before.

Computational science, “a rapidly growing multidisciplinary field that uses ad-

vanced computing capabilities to understand and solve complex problems”, [1]

has become increasingly important in the 21st century that it has been termed

the “third pillar” of science, alongside theory and experiment. [1] Computa-

63



tional science achieves this end by making use of computational models, which

can be regarded as a approximated version of reality that is simple enough yet

captures the essence of the problem at hand. This new method of investigation

has many advantages over the other paradigms; it is mostly suitable when the

problem is too complicated to be analyzed by theory, or too costly, takes too

long, or too unrealistic to be studied by experiments. [1] It is with these ad-

vantages that computational sciences has found wide applications in various

traditional areas such as social sciences, physical sciences, biological sciences

and medicine, climate sciences, geosciences, national security, and engineering

and manufacturing. [1]

Computational materials science, an intersection of materials science and

computation, aims to understand the properties and phenomena of materials

and help design novel, better materials. [2] Computational materials science

has the potential to guide and complement costly and time-consuming experi-

ments on an unprecedented scale, the importance of which has been fully rec-

ognized in governmental programs such as “Materials Genome Initiative” of

the United States and “Horizon 2020” of the European Union. Computational

materials science covers both static and dynamic phenomena of materials. De-

pending on the length scale and time scale, different computational methods are

deployed to best capture the most relevant physical mechanisms of the materi-

als system. (Fig. 3.1) Typically, methods that are suitable for length scales closer

to the atomic scale make fewer empirical assumptions and rely more on the fun-

damental theory of atomic interactions, thereby achieving higher accuracy; the

downside is that the size of the system that can be simulated is typically much

smaller than the higher-level phenomenological methods. At the bottom rung

of the ladder of all methods lies first principle (ab initio) methods, which make
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Figure 3.1: Typical methods in computational materials science in terms of
size and time. Reproduced from [3].

(in principle) no additional assumptions than quantum mechanics itself. In this

thesis, we use first principles (ab initio) density functional theory (DFT) in all of

our works. This level of theory is required because the physics and chemistry of

dopants and defects depends sensitively on the details of the atomic interaction,

which requires a sufficiently accurate treatment.

3.2 Foundations of ab initio computational methods

3.2.1 Schrödinger’s equation

All matters in nature are composed of atoms. With this basic fact comes an

important insight: all materials follow the laws of nature that governs the in-

teractions of atoms. It follows that as long as we have the knowledge of these
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laws of nature, we can, at least in principle, know the properties of materials

from the theory, just as we can know the motions of celestial bodies with the

help of Newton’s law of gravity and Einstein’s theory of relativity. Fortunately,

the fundamental laws of matter on the atomic scale have already been found,

nearly a century ago: quantum mechanics, one of the pillars of modern physics

and chemistry. At the core of quantum mechanics lies Schrödinger equation,

the centural law that governs interactions of electrons and nucleus, the basic

building blocks of everyday matters.

The (time-independent) Schrödinger equation can be expressed succinctly

as:

ĤΨ = EΨ. (3.1)

Ĥ is called the Hamiltonian operator or simply the Hamiltonian of a system; it

is a function which acts on another function (Ψ) to give the total energy E of all

particles in the system, which is the sum of kinetic energy and potential energy.

Ψ, called the wavefunction, is the fundamental quantity of quantum mechan-

ics. It describes the physical state of all particles in the system, in the sense that

|Ψ|2 = Ψ∗Ψ (∗ denotes complex conjugate) equals the amplitude of probability of

the system in a given spatial configuration at a particular time. Note that the

word “state” here assumes a different meaning from that in classical mechanics,

where both a particle’s position r and momentum p are needed to fully describe

the state of a particle. In quantum mechanics, thanks to the Heisenberg uncer-

tainty principle, we simply cannot know for certain both r and p at the same

time, even in theory. Rather, what we do know for certain is that, when a mea-

surement is made on a particular physical quantity (called an “observable”), such

as position or energy, the wavefunction Ψ collapses from a superposition of

eigenstates to a single eigenstate which yields a determinate value (one of the
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eigenvalues) of that observable only. In other words, we cannot, even in theory,

know what state of the system is in until we take a measurement. (This is called

the “Copenhagen interpretation” of quantum mechanics.)

Any molecule or material other than a single hydrogen atom consists of more

than two elementary particles. In a many-particle system containing M atoms

and N electrons, the Schrödinger equation assumes the form

ĤΨ(x1, x2, . . . , xN; R1,R2, . . . ,RM) = EΨ(x1, x2, . . . , xN; R1,R2, . . . ,RM), (3.2)

where the wavefunction Ψ is a function of all electron positions and spins (xi =

{ri, σi}) and all nucleus positions (RI). The many-body Hamiltonian is given

by: [4]

Ĥ = T̂e + T̂n + V̂e−e + V̂n−e + V̂n−n;

T̂e = −
~2

2me

N∑
i=1

∇2
i ;

T̂n = −

M∑
I=1

~2

2MI
∇2

I ;

V̂e−e =
1
2

N∑
j,i

N∑
i=1

e2

|ri − r j|
;

V̂n−e = −

N∑
i=1

M∑
I=1

ZIe2

|ri − RI |
;

V̂n−n =
1
2

M∑
J,I

M∑
I=1

ZIZJe2

|RI − RJ |
,

(3.3)

where T̂e, T̂n, V̂e−e, V̂n−e, and V̂n−n denote respectively the electron kinetic energy,

nucleus kinetic energy, electron-electron Coulomb interaction energy, nucleus-

electron Coulomb interaction energy, and nucleus-nucleus Coulomb interaction

energy. It is important to fully grasp the complexity of the many-body wave-

function Ψ, which is a function of 3(M + N) variables. Indeed, it was not long
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after the birth of quantum mechanics that scientists found solving the many-

body Schödinger equation (3.3) is an unattainable task for all but the smallest

system, the hydrogen atom. Nonetheless, a typical macroscopic piece of mate-

rials consists of roughly Avogadro’s number (6.02 × 1023) of atoms. It therefore

seemed to many physicists and chemists in the early 20th century that it woule

be very difficult, if not entirely hopeless, to understand materials and molecules

entirely from the very law that governs them, i.e. quantum mechanics. As Paul

A. M. Dirac, a founding father of quantum mechanics, famously put it in 1929:

“The underlying physical laws necessary for the mathematical theory of a large

part of physics and the whole of chemistry are thus completely known, and the

difficulty is only that the exact application of these laws leads to equations much

too complicated to be soluble. It therefore becomes desirable that approximate

practical methods of applying quantum mechanics should be developed, which

can lead to an explanation of the main features of complex atomic systems with-

out too much computation.”

3.2.2 Born-Oppenheimer approximation

One of the first steps of approximation towards solving the “materials problem”

was proposed by Max Born and J. Robert Oppenheimer in 1927. [5] They argued

that as the mass of electrons (9.11 × 10−31 kg) is significantly smaller than the

masses of atomic nuclei (the lightest nucleus is the proton, with the mass 1836

times the electron mass), the motion of an electron should be significantly faster

than that of a nucleus. Therefore, from the electron point of view, the nuclei can

be regarded as stationary. This insight makes it a reasonable approximation to

separate the wavefunction of the system into an electron part and a nuclei part,
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namely

Ψ(x1,2,...,N; R1,2,...,M) = Ψe(x1,2,...,N; R1,2,...,M)Ψn(R1,2,...,M). (3.4)

In this expression, the electronic wavefunction Ψe depends only parametrically

on the nuclei positions R1,2,...,M, meaning that it can be regarded as the solution

of an “electronic Hamiltonian” Ĥe where the nuclei kinetic energy T̂n and the

nucleus-nucleus Coulomb interaction energy V̂n−n in the system Hamiltonian Ĥ

vanish, and the nucleus-electron Coulomb interaction energy V̂n−e becomes an

additive constant. The total energy of the system can then be expressed as the

sum of the electronic energy Ee = and the nuclei energy En. As nuclei do not

participate in chemical reactions, it is thus very valuable to be able to focus on

the wavefunction of only electrons, which now is a function of effectively only

3N variables.

3.2.3 Hartree-Fock method

One of the earliest attempts to approximately solve many-body Schrödinger’s

equation was the Hartree-Fock method. The basic assumption of Hartree-Fock

method is that each electron in the system interact with all other electrons not in

pair-wise fashion, but only through an effective mean-field Coulomb potential;

this is known as the independent electron approximation. Douglas Hartree

proposed in 1928 [6] that as a direct consequence of this approximation, the

many-electron wavefunction Ψe can be written as the product of single-electron

wavefunctions ψi:

Ψe(x1,2,...,N) =

N∏
i=1

ψi(xi), (3.5)
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and the many-electron Hamiltonian Ĥe can be decomposed as a sum of single-

electron Hamiltonians ĥi:

Ĥe =

N∑
i=1

ĥi =

N∑
i=1

[t̂i + (v̂n−e)i + (v̂e−e)i];

t̂i =
~2

2me
∇2

i ;

(v̂n−e)i = −

M∑
I=1

ZIe2

|ri − RI |
;

(v̂e−e)i = −e
∫

dr′
n(r′)
|ri − r′|

(3.6)

where t̂i, (v̂n−e)i and (v̂e−e)i are the one-electron kinetic energy, nuclear-electron

potential energy, and electron-electron potential energy, respectively. The elec-

tron density n(r) is approximated by

n(r) =
∑
σi

N/2∑
i=1

|ψi(r)|2. (3.7)

The one-electron Schrödinger-like equation [t̂i + (v̂n−e)i + (v̂e−e)i]ψi = εiψi is called

the “Hartree equation”.

The apparent advantage of Hartree’s approximation is the extremely simple

form. Nonetheless, it has a fatal flaw: the product form of the many-electron

wavefunction (Eq. (3.5)) fails to satisfy the antisymmetry principle, namely ex-

changing the position-spin index x of any two electrons changes the sign of Ψe.

Vladimir Fock refined the formalism in 1930, [7, 8] by recognizing that Ψe must

be a particular linear combination of the product of ψi called the “Slater’s deter-

minant” in order to satisfy the antisymmetry principle. In this case, Ψe assumes

the form

Ψe(x1,2,...,N) =
1
√

N!

∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣

ψ1(x1) ψ2(x1) · · · ψN(x1)

ψ1(x2) ψ2(x2) · · · ψN(x2)
...

...
. . .

...

ψ1(xN) ψ2(xN) · · · ψN(xN)

∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣∣
. (3.8)

70



With this form of Ψe, it can be shown that an additional “exchange potential”

term must be added to the Hartree equation to take into full account the anti-

symmetry principle; namely,

[t̂i + (v̂n−e)i + (v̂e−e)i]ψi +

∫
dr′v̂x(r, r′)ψi(r′) = ε̃iψi, (3.9)

with

v̂x(r, r′) = −
∑
σ j

N/2∑
j

ψ∗j(r
′)ψ j(r)

|r − r′|
. (3.10)

Equation (3.9) is called the “Hartree-Fock equation”.

3.3 Density functional theory

Density functional theory is arguably one of the most successful theory in the

physical sciences. It has become the workhorse for today’s materials simulation

and modeling in various disciplines, judging from the exponential increase in

both the number of papers published and number of patents issued containing

the keyword ”density functional theory”. ((Fig. 3.2)) One of the inventors of

density functional theory, Walter Kohn, was awarded the Nobel Prize in Chem-

istry for his work in 1998. This section serves as an introduction to this remark-

able method.

3.3.1 The Hohenberg-Kohn theorems

Although Hartree-Fock method helped greatly reduce the complexity of the

problem, it is still based on the idea that knowledge of the wavefunction of the

71



Figure 3.2: Number of articles and patents in materials science including
the term “density functional theory” published per year during
the past 25 years. Reproduced from [3].

system is required to solve for the energy of the system. This idea was the foun-

dation of a collection of computational methods known as “wavefunction-based

methods” including Hartree-Fock (HF) method, Møller-Plesset (MP) pertura-

tion theory, coupled cluster (CC) methods, multi-configurational self-consistent

field (MCSCF), configuration interaction (CI), and so forth, each with various

degree and type of approximations and accuracy. These methods all rely on

solving for the electronic wavefunction, and therefore are typically restricted to

very small systems containing < 100 electrons. This makes solution of many

realistic materials and molecules intractable.

An alternative path towards solving the “materials problem” was first sug-

gested independently by Llewellyn Thomas and Enrico Fermi in 1927. They

proposed that the kinetic energy and the potential energy of non-interacting elec-

trons in an infinite homogeneous electron gas (HEG) can be expressed as func-

tionals (function acting on a function) of only the electron density n(r) (hence
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the name “density functional theory”), defined by

n(r) = Ne

∫
dr2 . . .

∫
drN

∑
σ1

|Ψe(x1, x2, . . . , xN)|2, (3.11)

i.e. the probability of finding any electron of any spin σ at a given position r.

In particular, the kinetic energy functional Te[n(r)], called the “Thomas-Fermi

model”, is given by

Te[n(r)] =
3

10
(3π2)2/3

∫
dr n(r)5/3. (3.12)

This original idea was later refined by Dirac in 1930, attempting to take into ac-

count the interaction of electrons, namely exchange (the quantum-mechanical

repulsion of same-spin electrons due to Pauli exclusion principle) and corre-

lation (the non-independent spatial distribution of electrons due to Coulomb

repulsion). Despite the novelty of these attempts, the results were not very

accurate. This raises a fundamental question: can the state of the interacting

many-body system be obtained uniquely by the electron density of the system?

This question was finally put to definitive rest in 1964, when a paper [9]

containing two ingenious and elegant theorems named after Pierre Hohenberg

and Walter Kohn profoundly changed the way scientists think about the rela-

tion between the electron density and the energy of a many-particles system. In

essence, the Hohenberg-Kohn theorems establish an exact one-to-one correspon-

dence between the ground state energy and a particular electron density (the

ground state electron density) of any interacting many-particle system. This has

drastically reduced the dimension of the problem from 3N to only 3, namely the

spatial dimensions of the electron density n(r) = n(x, y, z). This astounding result

makes it possible, at least in theory, to simulate realistic materials systems with

size much larger than what is possible with the wavefunction-based methods.

The first theorem states:
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Theorem 1. The external potential V̂ext(r) of a system of interacting particles is an

unique functional (up to an additive constant) of the ground state electron density

nGS(r) of the system.

In the case of many-particle systems, the external potential V̂ext(r) of the

electrons refers to the nuclear-electron repulsion term V̂n−e. The first theorem

implies that, since the electronic Hamiltonian Ĥe is completely determined by

fixing V̂n−e, the eigenstates (wavefunctions) of the system is also completely de-

termined. Therefore, the electronic kinetic energy T̂e and the electron-electron

repulsion functional V̂e−e are functionals of the ground state electron density as

well. The total energy of the electrons can then be expressed as

Ee[n(r)] = Ne

∫
dr2 . . .

∫
drN

∑
σ1

Ψ∗e T̂e Ψe + Ne

∫
dr2 . . .

∫
drN

∑
σ1

Ψ∗e V̂e−e Ψe︸                                                                                         ︷︷                                                                                         ︸
FHK[n]

+ Ne

∫
dr2 . . .

∫
drN

∑
σ1

Ψ∗e V̂n−e Ψe

= FHK[n(r)] +

∫
dr V̂ext(r) n(r)

(3.13)

where FHK[n(r)] is called the “Hohenberg-Kohn (HK) functional”; it is indepen-

dent of the external potential Vext, and is thus a “universal” functional.

The second theorem states:

Theorem 2. The total electronic energy functional Ee[n(r)] gives the lowest energy

value EGS for a given V̂ext(r) if and only if the electron density n(r) = nGS(r).

Combined with the first theorem, we can draw a very powerful conclusion:

the ground state properties (including energy) of any system is dependent on
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the electron density only. In other words, as long as FHK[n] is known, no wave-

function is required at all in order to know exactly all the information related to

the ground state of an interacting many-particle system.

3.3.2 The Kohn-Sham equations

The universal functional FHK[n] is the core concept of the Hohenberg-Kohn the-

orems. From Eq. (3.6), it is evident that FHK[n] is an implicit functional of the

electron density n(r). Hohenberg-Kohn theorems, despite their conceptual sig-

nificance, are existence theorems; namely, they prove that a universal functional

capable of yielding the ground state energy for any system exists, but do not

provide the actual form of dependence of the functional on n(r).

The Kohn-Sham equations, proposed by Walter Kohn and Lu Jeu Sham in

1965, [10] concretize the form of FHK[n] by making an important simplification,

thereby marking the starting point of the practical density functional theory

as we know it today. Kohn and Sham proposed that formally, FHK[n] can be

decomposed as

FHK[n(r)] = Ts[n(r)] + J[n(r)] + Exc[n(r)]

= Ts[n(r)] +
1
2

∫
dr

∫
dr′

n(r)n(r′)
|r − r′|

+ Exc[n(r)]
(3.14)

where Ts is the kinetic energy functional of the noninteracting electron gas, J is

the classical Coulomb self-interaction energy, and Exc, named the “exchange-

correlation functional”, contains all energy contributions due to exchange and

correlation effects of the electron density not captured by Ts and J. This decom-

position is meritable since Ts can be written down exactly (see next paragraph),

and Exc, while unknown, has a much smaller magnitude (typically accounts for

75



less than 10% of the total energy [2]) compared to the other two terms and hence

does not introduce significant error in the total energy.

The crucial insight of Kohn and Sham is that they showed it is possible to

construct a fictitious ground state density of the noninteracting electrons, such

that it is equal to the ground state density nGS of the real interacting electrons.

The procedure is by substituting the many-electron problem by an one-electron

problem, where each electron in the system is seen as moving in an noninter-

acting effective medium resulted from all other electrons. This way, the total

electron density n(r) can be written as the sum of one-electron effective densi-

ties ñi(r):

n(r) =
∑
σ

N/2∑
i=1

ñi(r) =
∑
σ

N/2∑
i=1

|φi(r)|2 (3.15)

where φi(r) are the fictitious Kohn-Sham wavefunctions of a single electron in

the system. The index i runs through all orbitals (number of electrons / number

of possible spins (2)). It is important to note that the purpose of φi is purely

to construct the correct total density n(r) of the interacting electron system, not

to provide an accurate description of the actual state of any real electron in the

system. The kinetic energy functional can then be expressed as

Ts[n(r)] =
1
2

∑
σ

N/2∑
i=1

∫
dr |∇φi(r)|2 (3.16)

In this form, the kinetic energy Ts is not an explicit functional of n(r), but rather

an explicit functional of the one-electron Kohn-Sham wavefunctions φi(r). As

the kinetic energy of the real interacting electron system Te is in general dif-

ferent from Ts, the difference is entirely captured in the exchange-correlation

functional Exc. With the ansatz of Kohn-Sham wavefunctions, it can be shown

that the electronic Hamiltonian (3.6) can be written as a sum of one-electron op-

erators. This leads to a Schrödinger-like equation, called the Kohn-Sham (K-S)
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equation, which acts on a single Kohn-Sham wavefunction φi(r) and yields the

ground state density nGS(r) and energy EGS of the entire system:

ĤKS φi(r) = εKS
i φi(r),

ĤKS =
δEe[n]
δn(r)

=
~2

2me
∇2

i +

∫
dr′

n(r′)
|r − r′|

+
δExc[n]
δn(r)

+ Vext︸                                  ︷︷                                  ︸
Veff[n]

,
(3.17)

where δ denotes functional derivative (derivative with respect to a function). It

is worthy of note that although the K-S equation gives the correct ground state

density nGS(r) and energy EGS, it does not give the correct eigenenergies εi of the

real electrons. Indeed, it is recognized that the Kohn-Sham eigenenergies εKS
i

does not in general correspond to any physical quantity of the system; [10, 11]

the notable exceptions being that the energy of the highest occupied K-S orbital

in a metal gives the negative work function, [12] and the average position of the

K-S CBM and VBM in a semiconductor (insulator) is the exact position relative

to the vacuum. [13] Nonetheless, in practice it is found that the collection of

K-S eigenenergies εi give a reasonably accurate representation of the real band

structure of the materials system. The most prominent inaccuracy lies in the

band gap of semiconductors/insulators, whose real value is typically severely

underestimated with Kohn-Sham eigenenergies. The underestimation of band

gap is one of the main known deficiencies and challenges of density functional

theory. In Sec. 3.3.5, two state-of-the-art methods used in this thesis for reducing

this discrepancy are briefly introduced.

Solving the Kohn-Sham equation, although much easier than solving the

many-body Schrödinger equation, is no straightforward task. Over the years,

many clever schemes and techniques are employed in obtaining accurate solu-

tions of K-S equation. One of them is the “self-consistent field” (SCF) method.

This method originates from the observation that the K-S Hamiltonian ĤKS it-
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self is a functional of the electron density n(r) of the system, therefore it depends

on K-S wavefunctions φi, the very quantity we seek to solve. The SCF method

uses an iterative procedure to find the solution, starting from an adequate ini-

tial guess n0(r) (usually the superposition of atomic electron densities). At each

SCF iteration, the K-S equation is solved with the effective potential Veff of the

current density nk, yielding a new set of K-S wavefunctions φi and the new elec-

tron density nk+1. The electron density is optimized towards convergence by a

procedure called “charge mixing”, where the input electron density of each it-

eration k is calculated as a function of a selected number of previous input and

output electron densities. When the residual density R[n] becomes smaller than

a predefined tolerance, the K-S equation is considered to be solved, with the fi-

nal electron density being the correct ground state density nGS of the system of

interest. Fig. 3.3 summarizes the procedure of a Kohn-Sham SCF calculation.

3.3.3 Exchange-correlation functional

As seen in Sec. 3.3.2, in the Kohn-Sham formalism, the only unknown quan-

tity in the total energy functional Ee[n] is the exchange-correlation functional

Exc[n]. As the problem of solving the Kohn-Sham equation reduces to know-

ing the functional form of Exc[n], Exc[n] plays a central role in density functional

theory. In theory, the exact form of Exc[n] contains all the exchange and cor-

relation effects of any real many-electron system, and therefore makes solving

the Kohn-Sham equation fully equivalent to solving the many-body Schödinger

equation, except with tremendously less complexity. This grand promise has

sparked and sustained the five-decade-long quest for Exc[n] since the invention

of density functional theory. Nonetheless, this goal has proven to be far more
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Enter iteration 0

No

Enter iteration k
(k = 1, 2, . . .)

Yes

Figure 3.3: Flowchart of a self-consistent Kohn-Sham DFT calculation.

elusive, due to the extremely complicated nature of Exc[n] and the lack of a sys-

tematic approach to improve Exc[n]. To date, various approximations of Exc[n]

have been proposed, with varying degree of success and deficiency in modeling

properties of molecules and materials.
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Local density approximation (LDA)

The earliest and simplest exchange-correlation (xc) functional is the local (spin)

density approximation (L(S)DA), where the value of Exc[n] at any location r is

assumed to depend only on the local values of n(r). The general functional forms

of spin-independent and spin-dependent local density approximation are given

by:

ELDA
xc [n] =

∫
dr n(r) εxc[n(r)];

ELSDA
xc [n↑, n↓] =

∫
dr n(r) εxc[n↑(r), n↓(r)],

(3.18)

where εxc is the exchange-correlation energy per particle. In the original formu-

lation of L(S)DA put forward by Kohn and Sham in the same seminal paper,

[10] the electrons are assumed to form a homogeneous electron gas (HEG) with

uniform charge density n everywhere in space. In this limit, it was shown that

the assumption of locality of electronic exchange and correlation holds exactly,

and εxc can be decomposed into an exchange part εx and a correlation part εc.

Specifically, εx is given by an extension of the Dirac’s formula of exchange en-

ergy εx[n] = −(9α/8)(3/π)1/3n1/3(r) (α is a parameter) as in Thomas-Fermi-Dirac

equation (Sec. 3.3.1), and εc is given by an interpolation formula between the

known correlation energies in the high- and low-density limit of the HEG. A

more recent version of LDA uses the values of εxc from highly accurate quan-

tum Monte Carlo simulation of HEG. [14]

Despite the very crude and simplistic nature of L(S)DA, numerous calcula-

tions have confirmed that in real materials systems, L(S)DA already gives rea-

sonably accurate structural parameters such as lattice constants (often within

several percent of the experimental value) for simple metals and semicon-

ductors, and tends to faithfully describe various molecular properties such as
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equilibrium structures, harmonic frequencies, and charge moments, and crys-

tal properties such as band structure (except for band gap). [15] Such unex-

pected accuracy are mainly due to three reasons: (1) the overestimating error by

L(S)DA in the exchange energy Ex largely cancels out the underestimating er-

ror in the correlation energy Ec for simple electronic systems; (2) the exchange-

correlation hole nxc(x, x′), defined by the difference between the pair correlation

function of electrons g(x, x′) and the electron density n(r′), satisfies the exact

sum rules under the description of L(S)DA; (3) the electron-electron Coulomb

repulsion depends on the spherical average of the XC hole, which is reason-

ably well reproduced by L(S)DA. On the other hand, not surprisingly, L(S)DA

has a series of drawbacks. For instance, L(S)DA is well known to underestimate

lattice constants and bond lengths, while severely overestimating cohesive ener-

gies, phonon frequencies, and elastic moduli. [16] Furthermore, L(S)DA poorly

predicts parameters related to chemical reactions, such as reaction enthalpies

and activation energy barriers. These errors are a manifestation of L(S)DA

to overbind atoms (by ∼ 1eV/atom), due to the incorrect local features of the

L(S)DA exchange-correlation hole. This overestimation of binding energies is

significantly larger than required by the so-called “chemical accuracy”, namely

better than 1 kcal/mol or 50 meV/atom. Despite these deficiencies, the local

(spin) density approximation still finds its use today, mainly for its moderate

computational cost. Most commonly used variations of LDA functionals in-

clude VWN [17] and Perdew-Zunger [18].
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Generalized gradient approximation (GGA)

Many shortcomings of the local density approximation are to some extent alle-

viated by the next generation exchange-correlation functional: the generalized

gradient approximation (GGA), which has become one of the standard func-

tionals in today’s simulation of solids. GGA stems from the observation that in

many real molecules and materials, the electron density varies rapidly in space,

hence the homogeneous electron gas (HEG) is fundamentally not a truthful rep-

resentation of the real system. The main modification of GGA over LDA is the

inclusion of the dependence on the gradient of electron density ∇n(r) (hence

GGA is also known as a “semilocal functional”). The general functional forms

of GGA are given by: [19]

EGGA
xc [n] =

∫
dr f [n(r),∇n(r)];

EGGA
xc [n↑, n↓] =

∫
dr f [n↑(r), n↓(r),∇n↑(r),∇n↓(r)].

(3.19)

Unlike in L(S)DA, the choice for f is not unique. One of the most popular

choices to this day, the PBE (Perdew-Burke-Ernzerhof) functional, [20] gives

EGGA
xc as

EGGA
xc [n↑, n↓] = EGGA

x [n] + EGGA
c [n↑, n↓];

EGGA
x [n] =

∫
dr n(r) εx[n] Fx[s(r)];

EGGA
c [n↑, n↓] =

∫
dr n(r) εc[n] Fc[rs, ζ, t(r)].

(3.20)

where Fx and Fc are called the exchange and correlation “enhancement factor”

which contain the dependence on the density gradient, through two dimension-

less terms s(r) ∝ |∇n|/n4/3 and t(r) ∝ |∇n|/n7/6; rs = (4πn/3)−1/3 is the Wigner-Seitz

radius (the radius of average spherical volume taken up by an electron in the

material), and ζ = (n↑ − n↓)/n is the relative spin polarization. Like L(S)DA
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functionals, the construction of the PBE functional is entirely from physical con-

straints on the exchange-correlation hole and the energy, thus PBE belongs to

non-empirical functionals (i.e. without empirical parameters to fit to exper-

imental results). Other formulations of GGA functionals include PW91 [21],

Lee-Yang-Parr (LYP) [22], Perdew86 (P86) [23], and revised PBE (rPBE) [24].

In practice, GGA has several advantages over L(S)DA. For crystals, GGA

is shown to produce lattice constants with generally better accuracy. For

molecules, GGA greatly improves on atomization and bond dissociation en-

ergies, bond lengths, and transition barriers, typically within 10% of the true

values (while errors of L(S)DA can be as large as 100%). However, like with

any approximated functionals, there is still room for improvement for GGA,

the most notable being that GGA tends to weakly underbind atoms in solids,

showing the opposite trend to L(S)DA. Generally, PBE performs much better

for molecules than for solids. A later variation of the PBE functional, named

PBEsol [25], is designed for solids and surfaces; it tends to yield better accu-

racy for solid-phase properties such as lattice constant, bulk moduli, phonon

frequencies, and surface energies.

3.3.4 Jacob’s ladder in DFT

Although it is well recognized that there is no magic recipe for systematic im-

provement on the accuracy of XC functional for all properties of chemical sys-

tems, a formal hierarchy that resembles the Jacob’s ladder can be constructed for

different levels of XC functionals, [26] with higher level XCs possessing greater

complexity and (in principle) accuracy than lower level ones. (Fig. 3.4) Not
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surprisingly, local (spin) density approximation (L(S)DA) and general gradi-

ent approximation (GGA) occupy respectively the lowest (first) and the second

rung on the Jacob’s ladder in DFT. The third rung corresponds to the so-called

“meta-GGA” functionals, which depends on the second derivative of electron

density ∇2n and/or electronic kinetic energy densities τσ =
∑N/2

i |∇φi,σ|
2/2, in ad-

dition to electron density n(r) and density gradient ∇n. Starting from the fourth

rung, the XC functionals become significantly more complex as they make use

of the Kohn-Sham orbitals. Specifically, hybrid functionals, the fourth rung of

the ladder, includes a dependence on all the occupied K-S orbitals; whereas

random-phase-approximation (RPA)-like functionals, the fifth rung of the lad-

der, depends on all (occupied and unoccupied) K-S orbitals.

As a rule of thumb, the higher the level of a functional, the more expensive

the computational cost. As this thesis focuses on various properties in solids,

with the exception of Chap. 4 (which used the LDA functional due to con-

strained computational resources), all other research works presented in this

thesis (Chap. 5-7) use PBEsol functional (except for calculating band gaps), as it

strikes a good balance between computational cost and accuracy.

3.3.5 Band gap correction: beyond conventional DFT

For gapped materials such as semiconductors and insulators, the magnitude

of the band gap is a critical quantity that determines the electronic and optical

properties of the material. (Sec. 2.1.2) Unfortunately, one of the paramount dif-

ficulties of conventional (local and semilocal) density functionals (LDA, GGA,

and meta-GGA) is their inability to predict the correct band gap value. Due to
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Figure 3.4: Jacob’s ladder of density functional approximations. The rungs
are labeled on the left, and their added ingredients are shown
on the right. Reproduced from [3].

the “delocalization error” of electrons and lack of derivative discontinuity, con-

ventional density functionals typically underestimate the band gap by about

50% on average, thereby severely hindering the predictive ability of DFT. Al-

ternative methods beyond conventional DFT have been proposed aiming to

remedy this problem, with two methods – hybrid functional and GW method

– being two of the most satisfactory state-of-the-art methods in this regard.

Hybrid functional

Hybrid functionals stem from the observation that the exchange energy Ex of

same-spin electrons account for a major proportion (∼ 85−95%) of the exchange-
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correlation energy of the many-electron systems. [27] It is therefore possible to

improve on GGA functionals by making use of the exact exchange term of the

Hartree Fock method (Sec. 3.2.3):

EHF
x [n] = −

1
2

∑
σ

N/2∑
i

N/2∑
j

∫
dr

∫
dr′

φ∗i,σ(r)φ j,σ(r)φ∗j,σ(r′)φi,σ(r′)
|r − r′|

. (3.21)

Note that EHF
x [n] is evaluated with the Kohn-Sham orbitals φi instead of the

Hartree-Fock orbitals ψi. It is evident from Eq. (3.21) that EHF
x is a non-local den-

sity functional, thus it has the advantage of completely eliminating the unphys-

ical many-electron self-interaction error in the approximated exchange energy

of GGA which tends to over-delocalize electrons. Nonetheless, when applied

to molecules and solids, the XC functional Exc = EHF
x + EGGA

c gives unrealistic

results, [28] due to the fact that EHF
x is an exact result for non-interacting elec-

tron systems. As electrons in most realistic material systems lie between the

non-interacting limit and the fully-interacting limit (where ELDA/GGA
x performs

reasonably well due to error-cancellation effects), practical hybrid functionals

define the exchange energy Ex as a mixture of EHF
x and EGGA

x to mimic the real

static correlation effect. (This formalism is called the generalized Kohn-Sham

DFT.) Common variants of hybrid functionals include B3LYP, [17, 22, 29, 30]

B3PW91, [29] PBE0, [31, 32] and HSE, [33, 34] with their XC functionals defined

by

EB3LYP
xc = 0.08ELSDA

x + 0.20EHF
x + 0.72EB88

x + 0.19EVMN
c + 0.81ELYP

c ;

EB3PW91
xc = 0.08ELSDA

x + 0.20EHF
x + 0.72EB88

x + 0.19EVMN
c + 0.81EPW91

c ;

EPBE0
xc =

1
4

EHF
x +

3
4

EPBE
x + EPBE

c ;

EHSE
xc = aEHF, SR

x (ω) + (1 − a)EPBE, SR
x (ω) + EPBE, LR

x (ω) + EPBE
c .

(3.22)

where a is an empirical parameter for tuning the band gap (see next paragraph).

In particular, the HSE functional splits the exchange parts of Hartree-Fock and
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PBE into a short-range part and a long-range part, by decomposing the Coulom-

bic 1/r term in the exchange energies:

1
r

=
erfc(ωr)

r
+

erf(ωr)
r

, (3.23)

where ω is the range-separation parameter characterizing the spatial extent of

the short-ranged screening effect of the electrons, such that the electron-electron

Coulomb interaction becomes negligibly small beyond a distance of ∼ 2/ω. The

HSE functional is reduced to PBE0 at ω = 0, and asymptotically approaches

PBE as ω → ∞. By including the electronic screening effect, the HSE func-

tional rectifies the divergence behavior of orbital energy derivatives in metals

and small-gapped semiconductors and reduces the high computational cost as-

sociated with the long-ranged Coulomb interaction in EHF
x ; [33] therefore, HSE

achieves considerable improvement on properties of solids compared to other

hybrid functionals.

The hybrid functionals are shown to be able to greatly improve on many

molecular and material properties, such as atomization energies, bond lengths,

and vibrational frequencies. One of the most striking results of hybrid func-

tionals is the great improvement of predicted band gap of gapped materials

over conventional functionals, as is clearly shown in Fig. 3.5. The main rea-

sons of this success are two-fold. First, within the framework of generalized

Kohn-Sham DFT, HSE naturally contains an approximate derivative disconti-

nuity (∆xc = ∂Ee/∂Ne|Ne→N+ − ∂Ee/∂Ne|Ne→N− , where Ne is the (variable) number

of electrons in the system), which can be shown to be the difference between

the true (fundamental) energy gap G and the Kohn-Sham band gap g. Second,

HSE includes a portion of the exact HF exchange energy, which is free of self-

interaction error (SIE) for single atoms; this has the effect of correcting the effect

of SIE on K-S eigenenergies, a signature defect of semi-local (GGA) XC func-
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Figure 3.5: Comparative plot of the calculated and experimentally avail-
able values for all the electronic band gaps obtained in the cur-
rent work. Legend: GGA, HSE, and G0W0 denote the results
of this work for the corresponding level of theory. MP-GGA
denote the results of Materials Project. Reproduced from [36].

tionals. [35]

One of the few challenges currently facing hybrid functionals is that, as the

exact HF exchange energy depends on all occupied K-S orbitals, the compu-

tational expense is typically considerably higher (by about a factor of ∼ 100)

than that of the local and semilocal functionals. Simulation of large systems us-

ing hybrid functionals is still considered a challenge in DFT. In this thesis, due

to constraints on computational resources, we use hybrid functional only for

the purpose of correcting the band gaps of semiconductors, which does not re-

quire large supercells (Sec. 3.3.6), unlike in calculation of total energy of defect-

containing crystals).
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GW method

Density functional theory is, by definition, a theory of the ground-state; this

implies that properties related to the excited states of electrons, including the

band gap (the energy difference between the lowest excited state and the high-

est ground state), cannot be accurately calculated using DFT, even if the exact

universal functional is known. Hybrid functionals such as HSE gives satisfactory

band gaps in many cases, but they still fundamentally belong within the frame-

work of DFT. To treat such problems in a rigorous manner, higher-level meth-

ods must be employed. One of such methods is the so-called (quasiparticle) GW

method, where the system is treated on the footing of many-body perturbation

theory. The term “quasiparticle” refers to the collection of a single bare elec-

tron and its surrounding positive polarization charge resulted from Coulomb

repulsion of other electrons. The critical insight of the GW method is that, sim-

ilar to the spirit of the Hartree approximation, a system of interacting electrons

can be regarded as a system of weakly interacting quasiparticles. GW method

seeks an exact form of many-electron exchange and correlation of this system

of quasiparticles, by replacing the Kohn-Sham XC functional with the so-called

“(electron) self-energy” Σ:

Vxc[n(r)]φi(r)→
∫

dr′ Σ(r, r′; εi)φi(r′). (3.24)

The effect of replacing XC functional with the self-energy on the Kohn-Sham

band structure is to perturb each eigenenergy εi by a correction term

∆εi = Re
[∫

dr′ φ∗i (r)Σ(r, r′; εi)φi(r′) −
∫

dr φ∗i (r)Vxc[n(r)]φi(r)
]
, (3.25)

with Re denoting the real part of a complex quantity. The self-energy can be

calculated (in time domain) as the product of the Green’s function G(rt, r′t′) and
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the dynamically screened Coulomb interaction W(rt, r′t′). It captures the energy

contributions of all electron-electron interactions in a system. Unlike XC func-

tionals, Σ is an energy-dependent quantity; furthermore, it is truly non-local.

Furthermore, Σ contains the exact derivative discontinuity ∆xc which is crucial

in reproducing the correct band gaps. Fig. 3.5 shows the clear advantage of GW

method over all DFT methods (including the hybrid functional HSE). Nonethe-

less, since calculation of Σ requires a large number of unoccupied electronic or-

bitals, GW is even more expensive computationally than HSE. In practice, GW is

typically performed by perturbing the converged Kohn-Sham orbitals produced

by a preceding DFT calculation.

GW methods come in many different flavors. The most commonly-used and

computationally cheapest flavor is the so-called “one-shot GW”, or G0W0 ap-

proximation. This method is a first-order perturbation based on DFT results;

namely, eqn (3.25) is solved by performing a Taylor expansion on the right hand

side and taking the first order correction term

Zi

[∫
dr φ∗i (r)(Σ(εi) − Vxc)φi(r)

]
(3.26)

with the renormalization factor

Zi =

[
1 −

∫
drφ∗i (r)

∂Σ(ω)
∂ω

∣∣∣∣
ω=εi

φi(r)
]−1

, (3.27)

instead of being solved self-consistently. It is hence expected that G0W0 approx-

imation would depend on the accuracy of the DFT starting point, yet for many

common semiconductors, the G0W0 band gap agrees remarkably well with ex-

periment even for LDA as the starting point. In Chap. 4, we use G0W0 to calcu-

late the shifts in CBM and VBM of the CuAu-I-ordered In0.5Ga0.5As.

90



3.3.6 Practical aspects of DFT simulation of crystals

In practical DFT calculations, several importact points warrant special care. This

section includes some important practical aspects of DFT calculations, specifi-

cally applied to modeling of crystals.

Periodic boundary conditions

In Sec. 2.1.1, we have seen that all crystals are solids with essentially an infinite

copies of a basic structure (unit cell) repeated periodically in space. It is appar-

ent that no practical computers can handle near-infinite (Avogadro’s number)

amount of atoms. In many mainstream DFT codes, the periodic boundary con-

ditions (PBC) are imposed, which means that all the atoms inside a simulation

box (called the “cell”) is repeated periodically in all three lattice dimensions (â,

b̂, ĉ). Thanks to the periodic nature of crystals, the PBC scheme allows simula-

tion of the entire crystal with only a very small number of atoms.

It is very important to note that PBC is the natural condition satisfied by the

bulk region of pristine crystals without any defects; therefore, great care must be

taken to simulate non-bulk-like or defective materials. In this thesis, we mainly

focus on two kinds of materials systems: (1) bulk crystal with point defect(s);

(2) crystal surface. For bulk crystal with point defect(s), the PBC scheme im-

plies that the defect(s) are repeated with the same periodicity as that of the host

crystal, forming a periodic regular array in three-dimensional space. Although

this picture is far from physical per se, the most important point from the simu-

lation perspective is that the distance between the defect(s) themselves and their

nearest periodic images due to PBC is sufficiently large. Using cells with small lat-
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Figure 3.6: Cell representation of (a) a bulk crystal with point defect(s); (b)
a pristine crystal surface.

tice constants often causes spurious interactions between the defect(s) and their

images, which introduces various errors to the simulation results of defective

materials. Therefore, it is critically important to use large-sized simulation cells

that contain many replica of the crystal unit cell (called an “supercell”) in defect

simulations. (Fig. 3.6(a)) (This important point is covered in detail in Sec. 3.4)

For crystal surface, it is important to incorporate “vacuum” (in the sense of a

region lack of atoms) into the simulation cell, as every real surface is interfaced

with free space. (Fig. 3.6(b)) The way to define such a system in the PBC scheme

is to create a slab composed of crystal unit cells stacked in the direction along

the surface orientation, which is terminated on its two ends by vacuum in that

direction. Like with the defective crystals, the thickness of both the slab and the

vacuum must be large enough, so that one end of the slab and the opposite end

(or its nearest periodic image) have minimal spurious interactions. This aspect

is especially important if there exist impurities on or near the surface. (Chap. 7)
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Plane wave basis set

We have indicated in Sec. 2.1.2 that plane waves are natural mathematical de-

scriptors for electronic wavefunctions in a crystal. The underlying reason is the

Bloch’s theorem, which states that for an electron in an external potential V(r)

with periodic translational symmetry, the one-particle wavefunction ψ(r) can be

expressed as the product of a plane wave and a periodic function uk(r) with the

same periodicity as V(r): (Fig. 3.7)

ψk(r) = eik·ruk(r) (3.28)

Such a function can be Fourier expanded into a sum of plane waves:

uk(r) =
1
√

Ω

∑
G

Ck(G)eiG·r, (3.29)

where Ω is the volume of the simulation cell. In this equation, G belongs to a

particular set of vectors in the reciprocal space (the space of all wavevectors k).

This set of vectors (the “reciprocal lattice vectors”) are the Fourier-transformed

Bravais lattice vectors R = n1a1 + n2a2 + n3a3 (ni = integer); namely, G = m1b1 +

m2b2 + m3b3 (mi = integer), such that

b1 = 2π
a2 × a3

Ω
= 2π

a2 × a3

a1 · (a2 × a3)
;

b2 = 2π
a3 × a1

Ω
= 2π

a3 × a1

a2 · (a3 × a1)
;

b3 = 2π
a1 × a2

Ω
= 2π

a1 × a2

a3 · (a1 × a2)
.

(3.30)

These expressions satisfy the orthonormality relations ai · b j = 2πδi j, which im-

plies eiG·R = 1. It follows that the electron wavefunctions ψk(r) are “periodic” in
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the reciprocal space as well:

ψn,k+G(r) = ei(k+G)·run,k+G(r)

= eik·r(eiG·run,k+G(r))

= eik·rũn,k(r)

= ψñ,k(r),

(3.31)

since ũk(r) is by construction a periodic function in R like uk(r). Strictly speak-

ing, this equation tells us that the electronic wavefunction with band index n

at wavevector k + G is equivalent to the wavefunction with band index ñ at

wavevector k. (Fig. 3.8) This result has a significant implication, namely in a

periodic crystal, any wavefunction can be described equivalently by k-points

within the Brillouin zone (Sec. 2.1.2) only, thereby reducing an infinite-space

problem to a finite-space one without losing any information. However, Eq.

(3.27) still contains an infinite number of plane waves. In practice, a finite num-

ber of plane-waves must be used. The number of plane-waves included is con-

trolled by the (kinetic) energy cutoff Ecut,

Ecut =
~2

2me
G2

cut (3.32)

which corresponds to the kinetic energy of an (non-interacting) electron with

wavenumber Gcut. This means that all the wavefunctions with |k + G| ≤ Gcut

are included in the plane-wave expansion of ψk. Similarly, the electron density

n(r) can also be expanded exactly in the plane-waves, with the density cutoff ncut

equal to 4Ecut, corresponding to eight times the number of plane-waves with |k+

G| ≤ Gcut. The plane-waves form a complete (when Ecut → ∞) and orthonormal

basis set for expanding the electronic wavefunctions and density in periodic

systems, and the resulting energies Ee and εi can be systematically improved by

simply increasing Ecut. It can be shown that the entire Kohn-Sham equation can
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Figure 3.7: Solid line: A schematic of a typical Bloch wave in one dimen-
sion. (The actual wave is complex; this is the real part.) The
dotted line is from the eik·r factor. The light circles represent
atoms. Reproduced from [37].

Figure 3.8: Schematic of band structure of an one-dimensional crystal in
(a) extended scheme; (b) reduced scheme. The blue circles in
both plots denotes the same point in the band structure, corre-
sponding to the same wavefunction ψn=1,k+2π/a = ψñ=2,k.

be expressed in terms of plane waves, making it easier to compute with efficient

fast Fourier transform (FFT) operations in the reciprocal space.
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k-point sampling

As we have seen in the previous section, the Kohn-Sham wavefunction ψk(r) is

uniquely determined by the k-points inside the Brillouin zone (BZ). This means

that many physical quantities such as total energy, electron density and density

of states can be expressed as an integral over all k-points in the Brillouin zone

(BZ):

f̄ =
1

ΩBZ

∫
BZ

dk f (k), (3.33)

where ΩBZ = (2π)3/Ω is the volume of the BZ. In numerical calculations, such

a continuous three-dimensional integral must be approximated by a discrete

weighted summation

f̄ ≈
∑

k j∈IBZ

wk j f (k j), (3.34)

where IBZ denotes the ”irreducible Brillouin zone”, namely the subspace of BZ

which cannot be further reduced by the point group symmetry of the crystal.

In principle, the denser the k-points used in the summation, the more accurate

the approximation will be. However, the number of k-points used is limited by

the computational resources. Hence it is very important to choose the appropri-

ate k-points included in the summation that most accurately approximate the

integral (3.31) while maintaining feasible computational cost.

The most straightforward and widely used k-point sampling scheme was

proposed by Monkhorst and Pack in 1976. [38] In this scheme, an equally-

spaced three-dimensional mesh of k-points are sampled in the Brillouin zone,

with number of k-points equal to N1,N2,N3 along b1,b2,b3, respectively. In gen-

eral, from the expression of the Brillouin zone volume ΩBZ we see that larger

simulation cell leads to smaller reciprocal cell, which means fewer k-points need

to be sampled in the BZ if the k-point density (hence the numerical accuracy) is
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kept constant.

Another common method for k-point sampling is by Chadi and Cohen in

1976. [39] They construct a set of “special k-points” with the following proce-

dure: expand the k-point dependent function f (k) in Fourier series:

f (k) = f0 +

∞∑
m=1

fmAm(k) (3.35)

where

Am(k) =
1
nT

∑
|R|<Rm

eik·R (3.36)

with nT is the number of point group operations of the crystal lattice, and Rm the

radius of the m-th “shell” of lattice vectors. From this expression, we see that if

there exists a “special point” k0 such that Am(k0) = 0 for all m, then f̄ = f0 = f (k0).

However, such a point does not exist. However, for some crystal systems it is

possible to find a point k0 such that Am(k0) = 0 for 1 ≤ m ≤ N for some finite

N. (Such k0 is called the “mean-value point”. [40]) It is found that in simple

cubic crystals, k0 = 2π
a ( 1

4 ,
1
4 ,

1
4 ) for N = 3. Chadi and Cohen expanded this idea by

defining the set of special k-points ki (i = 1, 2, · · · , n) using the criteria:
n∑

i=1

wki Am(ki) = 0 (m = 1, 2, · · · ,N);

n∑
i=1

wki = 1.

(3.37)

This way, for large enough N, we have

f̄ = f0 ≈

n∑
i=1

wki f (ki). (3.38)

Pseudopotential

As is made clear in Sec. 3.3, the central quantity of density functional theory is

the electron density. An all-electron description of the system produces the ex-
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act electron density of the system; such an description has, nevertheless, several

shortcomings from a computational point of view. First, due to the require-

ment of orthogonality of wavefunctions, the wavefunctions of valence electrons

exhibit high-frequency oscillations at small distance r to the nucleus (“core re-

gion”), which require an infeasible number of plane wave basis (scale as Z3 with

Z = atomic number) to accurately represent. Second, Coulomb potential be-

tween bare electrons diverges as 1/r as r approaches 0. These shortcomings

lead to exceeding large total energies of the system, which is prone to large nu-

merical errors.

The idea of pseudopotentials is motivated by the fact that the core electrons

of an atom usually do not participate in chemical bonding, and therefore play

a much less important role than the valence electrons in determining the chem-

ical and physical properties of molecules and materials. It is therefore advan-

tageous to construct “pseudopotentials” (PPs) where the atomic core (nucleus

+ core electrons) is “frozen”, meaning that they are not represented by actual

electrons but by an effective potential equal to the screened Coulomb poten-

tial of a single fixed, non-polarizable charge. This approximation has the ef-

fect of removing the divergence of Coulomb potential near r = 0. In addition,

a “pseudo-wavefunction” can be constructed such that the rapid oscillations

of the valence electron wavefunctions are replaced by artificial smooth ones;

this approximation has the effect of reducing the size of the plane-wave basis

set. To construct an accurate pseudopotential, a set of parameters (including

core region radius rc, XC functional, and pseudopotential type) must be opti-

mized so that the resulting atomic energy levels and valence region wavefunc-

tions must match those of an all-electron calculation. Moreover, the pseudo-

wavefunctions/potentials matches the all-electron wavefunctions/potentials in
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Figure 3.9: Schematic illustration of a pseudo wave function pseudized
from a 3s wave function (showing the relative amplitude in ar-
bitrary unit) and the corresponding pseudo- and all-electron
(AE) potentials. Reproduced from [2].

the valence region (r > rc). (Fig. 3.9)

There exists three main types of pseudopotentials: norm-conserving, ultra-

soft, and projected augmented wave (PAW). In norm-conserving PPs, the in-

tegrated electron density within the core region must be equal to that of an

all-electron calculation (hence the name “norm-conserving”). This construction

has the advantage of faithful representation of valence electrons, but relatively

large basis set is still required. Ultrasoft PPs substantially alleviates this issue

while maintaining accuracy, by relaxing the charge conservation constraint of

the norm-conserving PPs. This is achieved by dividing the total valence elec-

tron density into a very smooth (“ultrasoft”) part and a more oscillatory part,

treated as core augmentation charge. A third approach, PAW combines the ac-
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curacy and transferability of all-electron calculations with the efficiency of the

pseudopotential approach. In PAW, a set of one-electron pseudo-wavefunctions

ψ̃i are defined such that the all electron wavefunctions ψAE
i can be obtained

by a linear transformation operation on {ψ̃i}. Furthermore, it utilizes atomic

orbitals (defined on a atom-centered radial grid) to represent part of valence

electron wavefunctions in the core region, and plane waves to represent those

in the valence region. In this thesis, norm-conserving and ultrasoft PPs have

been used in structural optimization and total energy calculations of crystals,

whereas PAW PPs are used solely for population analysis due to their gener-

ally higher consumption of computer memory and their ability to reproduce

all-electron density.

3.4 Modeling of point defects in semiconductors

In Sec. 2.1.3., it has been shown that the impact of dopants and defects on the

properties of semiconductor cannot be overstated. Hence a thorough, atomic-

level understanding of these impurities is of unprecedented importance in pro-

viding a guidence for improving the quality and performance of semiconduct-

ing materials in future devices. In a crystalline solid, two critical aspects of

defects and dopants control the properties of a semiconductor: formation and

migration. The former is fundamentally governed by thermodynamics, the lat-

ter by kinetics. The formation energy of an impurity tells us about the likelihood

of presence of the impurity, whereas the migration energy of an impurity tells us

about the likelihood of diffusion of the impurity. As dopant activation entails

the dopant and defect atoms being located on particular lattice sites, both the

formation and migration energies are essential in explaining this complex phe-
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nomena. Nevertheless, as the impurity migration is a dynamic process, it is

more difficult to be accurately modelled in density functional theory, as in a real

crystal, the typical diffusion process occurs on a spatial and temporal scale far

exceeding the capabilities of DFT. Even so, the formation energy itself provides

critical information about the dopant/defect distribution in a crystal under ther-

mal equilibrium. Hence, we focus on only the defect formation energies in all the

research works presented in this thesis.

3.4.1 Defect formation energy

Under thermal equilibrium, the defect concentration of defect species D is given

by the Arrhenius equation (Eq. (2.8)):

nD = ns exp
(
−E f (D)

kBT

)
, (3.39)

which depends exponentially on the defect formation energy E f (D). Hence

an accurate evaluation of E f (D) is critical. In the fully rigorous treatment, the

defect formation energy under a constant finite temperature T and pressure P is

the Gibbs free energy of formation

∆G f (D) = ∆E f (D) − T∆S f (D) + P∆V f (D), (3.40)

where ∆E f (D) is the change in internal energy due to defect formation, ∆S f (D)

the defect formation entropy (consisting of configurational entropy ∆S f
conf(D) and

vibrational entropy ∆S f
vib(D)), and ∆V f (D) the defect formation volume. For

a typical defect formed at standard conditions, the latter two terms are typi-

cally much smaller than the formation enthalpy. [41, 42, 43] In addition, the

entropy term requires expensive phonon calculations, and the defect formation
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volume ∆V f (D) is not well-defined in periodic DFT calculations. Hence, the

most common practice in DFT literature is to consider only the internal energy

term ∆E f (D), which composes the bulk of ∆G f (D). We will denote the defect

formation energy E f (D) = ∆E f (D) from this point on.

The defect formation energy of a defect D in the charge state q in a gapped

material (semiconductor or insulator) is given by the expression

E f (Dq) = Etot(Dq) − Etot(pure) −
∑

i

∆niµi + q(EF − EVBM) + Ecorr. (3.41)

In this expression, Etot(Dq) is the total energy of the supercell containing a copy

of defect D; Etot(pure) is the total energy of the pristine supercell without any

defect. ∆ni is the number of atoms of species i added to (∆ni > 0) or removed

from (∆ni < 0) the supercell as a result of defect formation; µi is the atomic chem-

ical potential of species i as in the simulated material. q is the charge state of the

defect; EF is the Fermi level of the system; EVBM is the energy level of the valence

band maximum of the pristine supercell. Finally, Ecorr is a correction term which

accounts for the spurious Coulombic interactions between a charged defect and

its nearest neighboring images due to PBC. In the following subsections, we fo-

cus on three most important aspect of defect formation energy: atomic chemical

potential, defect charge state, and finite-size corrections.

Atomic chemical potential

The atomic chemical potential µi indicates the growth conditions of the material.

Typically, epitaxial growth of crystalline materials involves sources of elemental

materials known as “atomic reservoirs”, with which the material can exchange

atoms. [44] In creating a defect, atoms from the material has to be either added
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to the material from the reservoir, or removed from the material to the reservoir.

The chemical potential µi of element i can be understood as the energetic cost of

exchanging one atom of element i between the reservoir and the grown material,

which are in constant thermal equilibrium. Large values of µi correspond to i-

rich growth conditions, namely the supply of element i atoms from the reservoir

are high compared to other elements. Conversely, small values of µi correspond

to i-poor growth conditions, where the supply of element i atoms are relatively

low.

In any particular materials system, the values of µi cannot be arbitrary. They

are strictly bounded by several constraints: (1) µi cannot be greater than the

energy per atom in the corresponding bulk elemental phase (µi < Ei), meaning

that no elemental phase inside the material can form; (2) the stoichiometric sum

m(µA−EA)+n(µB−EB)+ · · · composed of any subset of elements A, B, . . . present in

the material cannot be greater than the formation enthalpy of their compound

AmBn . . ., meaning that no secondary phase inside the material can form; (3) the

stoichiometric sum m(µA−EA)+n(µB−EB)+ · · · composed of all elements A, B, . . .

present in the material must be equal to the formation enthalpy of the material

itself. The set of allowed values of µi for all elements i in the material (including

the defect) is the intersection of volumes in the chemical potential space that

satisfy all three constraints for every element i.

Defect charge state

From Sec. 2.1.3, we have seen that the charge state of a defect characterizes

the defect’s electronic properties within a gapped material. As the Fermi level

varies with the free carrier concentration in the material, we will consider it as
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an independent variable which can assume any value within the band gap. 1

As the Fermi level varies within the band gap, the defect may either assume the

same charge state or switch between different charge states, depending on the

number of defect energy levels within the gap. The charge transition level of

a defect defines the position of Fermi level where the switch from one charge

state to another occurs:

ε(q1/q2) =
E f (Dq1 , EF = 0) − E f (Dq2 , EF = 0)

q2 − q1
(3.42)

where EF = 0 means the Fermi level is located at the VBM. This equation tells us

that at the transition level EF = ε(q1/q2), the formation energies E f (Dq1 = E f (Dq2 ;

the charge state transition from q1 to q2 therefore corresponds to a point where

for EF < ε(q1/q2), E f (Dq1) < E f (Dq2); and for EF > ε(q1/q2), E f (Dq1) > E f (Dq2).

(Fig. 3.10)

As discussed in Sec. 3.3.5, conventional XC functionals severely underesti-

mate the band gap for semiconductors and insulators. Advanced computational

methods such as hybrid functionals and GW method are capable of improving

the band gap (and also the charge transition levels); [45, 46] nonetheless, the

expensive nature of these methods prohibit large-scale calculations of super-

cells with limited computational resources. A compromise is to impose an ex

post facto corrections on the band edge (CBM and VBM) positions. This pro-

cedure, known as “scissor operation”, simply shifts the positions of CBM and

VBM by ∆EC and ∆EV respectively, which are the differences between the con-

ventional DFT results and the advanced method results. Despite being able to

reproduce the correct band gap value, this ad hoc procedure presents an addi-

1This statement is not strictly true; for example, the Fermi level can locate inside the con-

duction band as well as the valence band for very heavily-doped narrow-gap semiconductors

(such as InAs and InSb). We do not consider those cases here.
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Figure 3.10: Schematic illustration of formation energy E f vs Fermi level
EF for an amphoteric defect that can occur in three charge
states q: +1, 0, and −1. Solid lines correspond to the forma-
tion energy as defined by Eq. (3.39). The defect exhibits two
charge-state transition levels: a deep donor level ε(+/0) and
a deep acceptor level ε(0/−). The thick solid lines indicate
the energetically most favorable charge state for a given Fermi
level. Reproduced from [41].

tional problem to the defect formation energies and calculated charge transition

levels. Namely, it is not clear whether the charge transition level should stay at

its absolute energy level (scheme (1) in Fig. 3.11), or keep constant its relative

position to the nearest band edge (scheme (1) in Fig. 3.11). Lany and Zunger [47]

proposed a general scheme for correcting the charge transition level with band

edges. Specifically, they considered three different scenarios for defects: (1) truly

shallow dopants (both before and after correction); (2) truly deep defects (both

before and after correction); and (3) “pseudo-shallow” defects (shallow before

correction, deep after correction). (Fig. 3.12) For truly shallow dopants, the

charge transition level should follow the band edge position upon correction, as

the delocalized character of the defect charge density belongs to that of a “per-
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Figure 3.11: Schematic illustration of the effect on the formation energies
(left) and single-particle energies (right) when the valence-
and conduction-band edges in LDA are corrected by ∆EV and
∆EC toward the experimental gap Eg = EC − EV . Solid lines
correspond to situation before correction and dotted lines to
the situation after correction. The scale is chosen so as to illus-
trate the magnitude of corrections needed in ZnO. In general,
the defect levels can be affected by the correction in varying
degrees, as illustrated by examples (1) and (2). Reproduced
from [47].

turbed host state”; for truly deep defects, the charge transition level should stay

at its absolute energy level, as the localized character of the defect charge den-

sity belongs to that of a “defect-localized state”. For “pseudo-shallow” defects

(such as singly charged oxygen vacancy V+
O in ZnO), since the nature of de-

fect charge density is incorrectly described by the conventional XC functional,

a much more complex correction scheme must be used, where the band struc-

ture of the host crystal must be modified during the self-consistent calculation. [47]

For the second case, it is important to have a correct value of ∆EC and ∆EV , by

having a common reference energy level of the two computation schemes. A

natural choice is by aligning the average electrostatic potential V̄ of the pristine

supercell obtained using the two schemes. (Fig. 3.13)
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Figure 3.12: Schematic illustration of three qualitatively different behav-
iors of defect level during band-gap correction. If the primary
defect level, i.e., the defect-localized state (DLS, red) is reso-
nant inside the conduction band, the electron is released to
a secondary, conduction-band-like perturbed-host state (PHS,
blue). In this case, the defect exhibits shallow behavior. If
the DLS lies inside the gap, the defect exhibits deep behav-
ior. Type I: Shallow in LDA, shallow after correction. Type II:
Deep in LDA, deep after correction. Type III: Shallow in LDA,
deep after correction. Reproduced from [47].

Finite-size corrections

The finite-size correction term Ecorr takes into account the energy contributions

arisen from modeling a charged, defective system under periodic boundary

conditions. There are two main contributions to Ecorr. First, when a charged

defect is introduced in a supercell, the G = 0 terms of the Fourier-transformed

classical Coulomb (Hartree) potential VH and ionic potential Vext of an infinite

periodic array of charges would diverge to infinity. [49] To remedy this prob-

lem, these terms are set arbitrarily to zero, corresponding to imposing a uniform

compensating charge background to obtain overall charge neutrality in the su-

percell. [47] This procedure leads to the unintended consequence of an arbitrary

shift in the average electrostatic potential in the supercell, compared to the pris-
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Figure 3.13: Schematic illustration of the alignment between energy lev-
els obtained with a semilocal and a hybrid density functional.
The charge transition levels µ and µ̄ are referred to the respec-
tive valence band maxima (VBM) and to a common reference
level, respectively. The conduction band minima (CBM) are
also shown. Reproduced from [48].

tine bulk. Second, for supercells that are not sufficiently large in all dimensions,

the Coulomb interactions between the defect charge and its nearest periodic im-

ages do not vanish, (Fig. 3.14) which adds a spurious contribution to the total

energy of the defective system. These two artifacts cause errors in defect forma-

tion energies, which in turn affect the accuracy of related quantities such as net

carrier concentrations.

Fortunately, these sources of errors can be corrected with their respective

means. For the error resulted from arbitrary potential shift, a procedure called

“potential alignment” is needed; this procedure involves aligning the electro-

static potential of the pristine bulk system and that of the neutral defective sys-
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tem, at a location R suffiently far from the defect:

∆EPA(Dq) = q∆V = q(V̄R(Dq) − V̄R(bulk)), (3.43)

where V̄R(Dq) and V̄R(bulk) are the (local) atomic-sphere averaged electrostatic

potential at R for defective and pristine bulk systems, respectively. This aligned

potential provides a common energy reference for all pristine as well as defec-

tive systems. The second error is more difficult to correct, largely due to the

complex nature of the spatial distribution of defect charges.

For the error resulted from artificial Coulomb interactions, several correc-

tion schemes have been proposed. Leslie and Gillan [50] argued and Makov

and Payne [51] proved that, for an infinitely periodic array of localized charges

q with a neutralizing background charge in a structureless dielectric with per-

mittivity α, the correction energy ∆ECoul can be expressed as the dipole term in

the multipole expansion of defect charge density:

∆ECoul(Dq) =
q2αM

2εL
+

2πqQ
2εL3 + O(L−5), (3.44)

where αM is the lattice-dependent Madelung constant, Q is the second radial

moment of defect charge density, and L = Ω−1/3 is the characteristic lattice di-

mension of the supercell. This corretion scheme contains no emphirical fitting

parameters; nonetheless, it requires a series of calculations with increasing L.

This would lose its effectiveness if one of the dimensions of the unit cell is al-

ready large. Besides, the Makov-Payne correction scheme tends to overestimate

the correction energy ECoul for charged defects in semiconductors. [52]

An alternative scheme of correction is the so-called “FNV scheme” [53, 54].

In this method, the defect charge is approximated by a model charge qmodel with

the shape of a localized Gaussian function plus a delocalized exponential tail.

109



This model charge induces an electrostatic potential V , which corresponds to the

difference between the electrostatic potential of the charged supercell and that

of the neutral supercell. The long-range part of the potential, Vlr, characterizes

all artificial Coulomb interactions between the model charge and its periodic

images. The short-range part, Vsr = V − Vlr, is hence the real potential of the

isolated defect charge. Then, assuming that the defect charge is localized, the

short range potential should decay to zero in regions far from the defect. If it

is not zero, then that nonzero constant should be equal to ∆V . The correction

term, Ecorr, is determined by the expression:

Ecorr = Eiso − Eper − q∆V; (3.45)

where Eiso is the self-energy of the isolated model charge, and Eper refers to

the artificial Coulomb energy of the periodic array of model charges. The FNV

scheme has several advantages compared with Makov-Payne scheme, includ-

ing: (1) convergence with respect to lattice parameter L is not necessary; and (2)

the value of Ecorr is largely independent of the shape details of the model charge.

The downside of FNV scheme is that it cannot be used to correct formation en-

ergies of fully delocalized defects (such as shallow dopants). For practical pur-

poses, we would assume (reasonably) that in this case, Ecorr is approximately

zero.
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Figure 3.14: Schematic illustration of spurious Coulomb interactions be-
tween a charged defect in the supercell and its neighboring
images.

3.5 Miscellaneous techniques in materials modeling

3.5.1 Special quasirandom structure

Substitutionally disordered solid solutions (alloys) are prevalent in nature, [55]

and they have found many important applications in electronic devices. In or-

der to have a thorough understanding of near-random alloys, it is critical to

have an accurate model of a random crystal structure. Nevertheless, in a super-

cell with periodic boundary conditions, by construction no configuration can

be truly random in the most strict sense, namely every (sub)lattice site may

be occupied by an atom of either one of a set of elements (therefore almost no

long-range order can occur in the crystal). One of the earliest and simplest at-

tempts to model a random alloy is called the “virtual crystal approximation”

(VCA). [56] VCA is a mean-field approximation, meaning that it treats every
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atom in a random crystal as the same species, namely a virtual atom whose

potential 〈V〉 is the stoichiometric average of the potentials of all the elements

that could occupy its lattice site. The main advantage of VCA is its low com-

putational cost, as all the random mixing effects are included in the effective

virtual atom. However, while VCA typically gives a qualitatively correct de-

scription of structural and electronic properties for simple semiconducting and

ferromagnetic alloys, [57, 58, 59, 60] it suffers from several major limitations: (1)

VCA is effective only when the perturbation in electron density, resulted from

different atomic potentials of the alloying elements, are sufficiently small; (2)

VCA completely neglects all chemical effects due to variations of local atomic

environment. An alternative method called the “coherent potential approxi-

mation” (CPA) [61, 62] improves on VCA by taking into account the single-site

scattering effect from randomly distributed elements. It is done by replacing

the atomic potential at each lattice site with an effective potential V0, which is

determined self-consistently by requiring that within this potential, the average

scattering from all the alloying elements at each lattice site is zero. Nonetheless,

as a mean-field theory, CPA still fails to completely resolve all the disadvantages

of VCA.

Despite these seemingly insurmountable difficulties in modeling random

alloys, Walter Kohn’s principle of nearsightedness [63], which states that any

change at places far away has little impact on the local electronic structure,

gives us hope in creating a model of random alloy that accurately reproduces

the chemical properties of a real random alloy, even within a relatively small

finite volume. The formalism of special quasirandom structure, proposed by

Alex Zunger [64], is a theoretical framework of random alloy modeling aligned

with this insight. The core idea is based on a powerful formalism called “clus-
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ter expansion”, which states that any macroscopic observable P of a crystal with

any given atomic arrangement (configuration) σ can be expanded into a sum of

contributions from particular groups of atoms called clusters:

P(σ) =
∑
α

mαJαρα(σ) (3.46)

where mα is the degeneracy of cluster α (i.e. the number of equivalent clusters to

α in the crystal); Jα, called “effective cluster interaction” (ECI), is the expansion

coefficient in the sum (it can be regarded as the contribution to P from clus-

ter α); and ρα(σ) is the cluster correlation function of α (see below) in a crystal

with configuration σ. While Eq. (3.29) is exact if all clusters in the crystal are

included, the true advantage of cluster expansion is that only a small number

of short-ranged, low-ordered (having a few atoms) clusters (see Fig. 3.15 for

example) are needed for the expansion to be sufficiently close to the true value

P(σ). For a given set of clusters {α}, the ECIs {Jα} can be found by expressing

Eq. (3.44) in matrix form P = ΠJ and solve by matrix inversion J = Π−1P.

It is clear from Eq. (3.44) that cluster correlation functions {ρα(σ)} serve

as the basis of the cluster expansion for a given configuration σ. The cluster

correlation function ρα(σ) is the average value of cluster functions Γn
α over all

clusters α′ symmetrically equivalent to α in the crystal. The cluster functions,

which capture both the geometry of and the atomic species in the cluster, are

defined as

Γn
α =

∏
i∈α

Θ
ni
i (σi), (3.47)

where σi denotes the species of atom i in cluster α, and Θ
ni
i is the basis function

with index ni, which must satisfy the orthogonality condition. In binary random

alloys, Θ
ni
i (σi) = σi.

In a completely random structure, by definition there is no correlation in
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Figure 3.15: Geometrically unique clusters of fcc lattice sites. The average
distance from the center of mass of the cluster increases mov-
ing left to right. Reproduced from [65].

atomic species arrangements between different clusters. Therefore, an accurate

model of a random alloy must aim to satisfy this constraint as much as possible.

Quantitatively, this means that the absolute difference

∆ρα(σ) = |ρα(σ) − ρα(σrand)| (3.48)

between the cluster correlation function of the model configuration σ and of the

completely random configuration σrand must be minimized for as many sym-

metrically distinct clusters α as possible; any model that satisfies this criteria

for a selected number of short-ranged clusters is called a “special quasirandom

structure” (SQS).

In the statistical sense, σrand can be calculated exactly; in a binary random

alloy, for clusters containing k lattice sites, ρα(σrand) = (2x − 1)k. In Chap.

5, as we consider vibrational signatures of dopants and defects in a random

In0.5Ga0.5As, we need to have a 216-atom special quasirandom structure of

In0.5Ga0.5As which minimizes the target function, namely the sum of correla-
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Figure 3.16: Schematics of selected short-ranged low-ordered atomic clus-
ters in (a) face centered cubic (fcc) lattice; (b) body centered
cubic (bcc) lattice. Reproduced from [66].

tion functions ρ̃ =
∑
α∈Λ ∆ρα(σ) for a selected set of short-ranged, low-ordered

clusters Λ. In this case, we choose Λ = {J2,K2, L2,M2, J3, J4} on the cation sub-

lattice which assumes fcc crystal structure. (Fig. 3.16) A version of simulated

annealing, a meta-heuristic global optimization algorithm, is used to optimize

the target function below the tolerance 10−2. () The distribution of ρ̃ are shown

in Fig. 3.17. We see that the distribution shows many local minima whose value

exceeds the tolerance, hence it is crucial to use a global optimizer such as simu-

lated annealing in order to find the required SQS.

3.5.2 Phonon calculation

Lattice dynamics

Atoms are in constant random oscillatory motion about their local energy min-

ima, even under thermal equilibrium. In the harmonic approximation, the local

potential energy landscape of a system of atoms can be described by a Taylor
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Figure 3.17: Distribution of the target function ρ̃ for configurations of 216-
atom In0.5Ga0.5As supercell traversed in the simulated anneal-
ing algorithm, shown as (a) histogram; (b) individual val-
ues, where the red dots represents the configurations with
ρ̃ < 0.05.

Algorithm 1: Algorithm for simulated annealing in SQS search.

1: Initialize:
random model configuration σ;
target function value ρ̃ of σ;
initial temperature Tmax;
final temperature Tmin � Tmax

2: while T > Tmin do
3: Swap two atoms of distinct species in σ
4: Calculate new target function value of σ, ρ̃′

5: if ρ̃′ < ρ̃ then
6: Accept the swap and update ρ̃← ρ̃′

7: else
8: Accept the swap and update ρ̃← ρ̃′ with probability P = 1

1+exp((ρ̃′−ρ̃)/T )
9: end if

10: if ρ̃′ <tolerance then
11: An SQS is found; break
12: end if
13: T ← T − ∆T
14: end while
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series about their equilibrium positions r0:

V(r) = V(r0) +
1
2

N∑
α,β=1

3∑
j,k=1

∂2V(r)
∂rα j∂rβk

∣∣∣∣
r=r0

uα juβk, (3.49)

where α, β are the atom indices, j, k are the Cartesian directions, and u is the

(small) displacement of an atom along a particular direction. Taking derivative

of the corresponding Hamiltonian with respect to uα j, we obtain the classical

equation of motion for lattice dynamics

fα j = Mαüα j = −

N∑
β=1

3∑
k=1

Fα j,βkuβk. (3.50)

where fα j is the net force component on atom α in direction j, and Fα j,βk =

∂2V(r)/∂rα j∂rβk

∣∣∣∣
r=r0

is the (α j, βk)-th entry of the force constant matrix F of the

system. We will see that all the information of the system’s vibrational proper-

ties are encoded in the dynamical matrix D, with Dα j,βk = Fα j,βk/
√mαmβ.

In practical computational simulations, D can be calculated with two main

methods: frozen phonon method, and density functional perturbation method.

The frozen phonon method makes use of Eq. (3.48); namely, the dynamical

matrix element Dα j,βk is obtained as follows: in a supercell with all the atoms at

their equilibrium positions, displace the atom β in directions +k and −k (one at

a time) by a small amount u, and calculate the corresponding force components

f +
α j and f −α j; then Dα j,βk is given by

Dα j,βk =
f +
α j − f −α j

2u
. (3.51)

The density functional perturbation method, on the other hand, operates in the

reciprocal space, where D can be obtained by self-consistently calculating the

charge density induced by a small perturbation ∂n/∂u. This formalism is more

evolved mathematically, and due to its complexity (scale as O(N4
e )), it cannot yet
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be used for large scale calculations in real space, e.g. supercells with defect(s).

In Chap. 5, we use the frozen phonon method in our calculations of vibrational

signatures of impurity modes in random InGaAs. We must note that, one of

the limitations of the frozen phonon method is that it cannot deal with polar

solids, where the internal electric field results in a non-analytical term at Γ point

which induces splitting of high-frequency longitudinal and transverse optical

(LO and TO) modes. This contribution can be naturally accounted for in the

DFPT framework.

Finally, the dynamical matrix D for any system must satisfy two generic

constraints. [67, 68] First, by definition the force constants between two atoms

should not depend on the relative order of atom-direction (α j, βk) indices; there-

fore, D must be diagonally symmetric (Dα j,βk = Dβk,α j). Second, due to the trans-

lational symmetry of crystals, the forces acting on each atom cannot be changed

upon a uniform displacement on all atoms. This implies that
∑

k Dα j,βk = 0, which

is known as the “acoustic sum rule”. Both constraints must be applied itera-

tively in order for D to satisfy them simultaneously.

Local phonon density of states

The force constant Dα j,βk is a quantitative measure of the mechanical stiffness

of interatomic bonds, which dictates the characters of vibration between these

two atoms; therefore, the dynamical matrix D contains the complete vibrational

information of the system. Nonetheless, the dynamical matrix itself does not

correspond to any experimentally measurable quantity; instead, such quantities

are stored in the spectrum of the dynamical matrix. In a periodic crystal, vi-

bration of native atoms propagate throughout the lattice, thereby assuming the
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form of plane waves with certain frequenciesω and wavevectors k The equation

of motion (3.48) then becomes

ω2e = D · e, (3.52)

where e is the displacement vector of all the atoms in the system. Solving this

eigenvalue problem gives the eigenfrequencies ωp and eigen-displacement ep of

the vibrational normal modes of the system. Mature experimental techniques

such as spectroscopic methods are capable of producing phonon spectrum of

a materials system, which contains the intensities as a function of frequencies

of vibration. Normal modes of vibration of a given materials system appear as

peaks in its phonon spectrum. The frequency of a particular vibrational mode

in the phonon spectrum directly indicates the strengths of the force constants,

which depends on the underlying local lattice geometry and atomic configura-

tion. Moreover, many important thermodynamic quantities, such as vibrational

entropy and free energy, can be directly obtained from mathematical operations

on the phonon spectrum.

The phonon spectrum can be approximately calculated within the ab initio

framework; in this context, it is known as the phonon density of states (PDOS),

analogous to the electron density of states. Formally, the PDOS can be expressed

as

g(ω) =
1
N

3N∑
l=1

δ(ω − ωl). (3.53)

The PDOS describes the global vibrational patterns of the whole system; it is also

possible to obtain the local phonon density of states (LPDOS) by projecting the

PDOS onto each atom:

g(ω, rα) =

3N∑
l=1

δ(ω − ωl)|el
α|

2. (3.54)
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It is clear that the expressions (3.51) for PDOS and (3.52) for LPDOS both require

knowledge of all the eigenfrequencies ωp of the dynamical matrix. However, for

very large systems, solving Eq. (3.50) exactly is impractical, as the direct matrix

diagonalization typically scales as O(N3) with N = number of row/columns of

the matrix. Fortunately, there exists an approach that can solve for g(ω, rα) with-

out solving for the eigen-displacement vector e, and therefore is very efficient

for large systems. To do so, we first recognize that the LPDOS can be expressed

in terms of the lattice static Green’s function G, defined as: [69]

Gα j,βk(ω2) = [(ω2I − D)−1]3α−3+ j,3β−3+k =

3N∑
l=1

el
α je

l†
βk

ω2 − ω2
l

, (3.55)

by

g(ω, rα) = 2ω
(
1
π

lim
η→0+

Im Gα j,α j(ω2 + iη)
)
. (3.56)

It is clear from Eq. (3.54) that the diagonal terms Gα j,α j of the Green’s function

is all we need in order to obtain the LPDOS. Gα j,α j of a large symmetric matrix

D can be conveniently calculated using the recursion method first proposed by

Haydock et al. [70, 71, 72] In this method, the dynamical matrix D is first trans-

formed into a tridiagonal form (possible for all symmetric matrices):

D̃ =



a1 b2 0 · · · 0

b2 a2 b3 · · · 0
. . .

. . .
. . .

0 · · · b3N−1 a3N−1 b3N

0 · · · 0 b3N a3N


. (3.57)

where al and bl are determined with the Lanczos recursion algorithm [73] (Al-

gorithm 2). This procedure is repeated until either the maximum number of

iterations has been reached, or bl converges to zero, whichever comes first. Typ-

ically, for systems with large 3N, it takes far fewer steps n than 3N for al and bl

120



to converge to their respective stable values, thereby making the Haydock re-

cursion method a very efficient algorithm for large systems. After all of al and bl

in D̃ and φl have been obtained, the Green’s function G in matrix representation

can be calculated from the Green’s function G̃ = (zI − D̃)−1: (z ≡ ω2 + iη)

G(z) = LG̃(z)LT , (3.58)

where L = [φ1 φ2 · · ·φn · · · ] is the transformation matrix. From Eq. (3.56) the

following relation can be deduced:

Gα j,α j(z) = G̃11(z), (3.59)

where G̃11 is the entry on the first row and first column of G̃. This equation

reveals that the LPDOS can be obtained only if we know G̃11(z), which can be

calculated as a continued fraction involving only al’s and bl’s:

G̃11(z) =
1

z − a1 −

b2
2

z − a2 −

b2
3

. . .
b2

n

z − an − b2
n+1t(z)

(3.60)

where t(z) = [z−a∞−
√

(z − a∞)2 − 4β2
∞]/(4β2

∞), with a∞ and b∞ being the converged

values of al and bl respectively. We find that for a typical 1000-atom system of

dopant-containing random In0.5Ga0.5As, n = 300 yields an converged LPDOS for

both the dopant atom and the host atoms.
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Algorithm 2: Lanczos recursion algorithm.

1: Initialize:
l← 0;
φ0 ← 0;
φ1 ← (. . . , 0, 1, 0, . . .)T ((3α − 3 + j)-th entry = 1, other entries = 0);
a1 ← φ

T
1 Dφ1;

b1 ← 0;
Maximum number of iterations Nmaxiter

2: while l < Nmaxiter or bl , 0 do
3: φ̃l+1 ← (D − alI)φl − blφl−1

4: al+1 ← φ̃
T
l+1Dφ̃l+1

5: bl+1 ←

√
φ̃T

l+1φ̃l+1

6: φl ←
φ̃l
bl

7: l← l + 1
8: end while

3.5.3 Quantum transport

Charge transport in the nanoscale

Electron transport governs the electrical properties and performance of devices

under operation. A two-terminal device can be schematically represented by

Fig. 17. In the device, the two terminals, corresponding to the left electrode (LE)

and right electrode (RE), are electron reservoirs which are respectively fixed at a

given electron chemical potential (or voltage); the transport region (“sample”),

which lies in between the electrodes, determines the transport behavior of elec-

trons. On the most fundamental level, the transport characteristics of a device

at zero bias (voltage difference between LE and RE) is governed by the inter-

action between electron and other particles (such as electrons and atoms) and

quasiparticles (such as phonons). Upon encountering such entities, the electron

wavefunction will be scattered either elastically or inelastically; such scatterings

are the main source of resistance for electrons in a device. If the characteristic
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dimensions of a device in the transport direction Lc is greater than the average

distance between two elastic scattering events for an electron (“mean free path”

Lm), it is then very likely for an electron to experience elastic scattering during its

travel across the device; such regime is called “diffusive transport” (Fig. 3.18(a)).

If Lc < Lm, than it is unlikely for an electron to experience resistance from elas-

tic scattering; such regime is called “ballistic transport”. Analogously, electronic

transport without experiencing any inelastic scattering is called “coherent trans-

port” (Fig. 3.18(b)), as it preserves the phase of the electronic wavefunction.

Diffusive transport can be well described by semiclassical transport formalism

based on Boltzmann’s and Drude’s theory, which leads to the familiar Ohm’s

law (R = ρL/A, where ρ = resistivity of the material, A is the cross-sectional

area in the transverse direction); in contrast, coherent ballistic transport is best

described by the Landauer-Büttiker formalism [74, 75], which violates Ohm’s

law in that the resistance of a device is independent of the length of the device.

For devices with gate length on the order of 1-10 nm, the most relevant transport

regime is the ballistic regime. Fortunately, the essential transport characteristics

of such devices can be simulated in practice via non-equilibrium Green’s func-

tion (NEGF) method, combined with either ab initio DFT or empirical calculation

methods such as tight binding.

Landauer-Büttiker formalism

For a nanoscale device, the electron is confined within a very small space with

the dimension ∼ W in the transverse direction. This, rather than scattering, is the

main source of resistance for electrons in the ballistic regime. To motivate our

discussion, we first consider an idealistic one-dimensional device whose width
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Figure 3.18: Schematics of (a) diffusive transport; (b) ballistic transport in
a two-terminal device, where the characteristic length in the
transport direction is Lc.

W is so thin, such that the electron wavefunction is confined to one conduction

channel with energy level E0(k) = E0(k = 0)+~2k2/2m∗e (k = longitudinal wavevec-

tor). When a forward bias V =
µR−µL

e (µL > µR) is applied between the electrodes, a

current I is induced in the device. I consists of a right-going component I+ (cor-

responding to k > 0) and a left-going component I− (corresponding to k < 0).
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Under finite temperature,

I = I+ + I−

= n+ev+ + n−ev−

=

 e
L

∑
k>0

Tk(E)vk(E) fL(E)

 +

 e
L

∑
k′<0

Tk′(E)vk′(E) fR(E)


=

e
L

∑
k

Tk(E)vk(E)( fL(E) − fR(E))


(3.61)

In these equations, v represents the group velocity of the electron wavefunc-

tions. The third equality comes from the fact that the number density of elec-

trons transmitted n =
∑

k Tk(E) f (E), where Tk(E) is the transmission coefficient

(ratio of transmitted current vs. total current), and f (E) is the Fermi function,

corresponding to the left or right electrode ( fL/R(E) = [1 + exp((E − µL/R)/kBT )]−1).

The last equality comes from the fact that the right-going transmission coef-

ficient T+ = Tk>0 should be equal to the left-going transmission coefficient

T− = Tk<0, and v− = −v+, due to time-reversal symmetry. Replacing the sum∑
k by 2(L/(2π))

∫
dk (the factor 2 accounts for spin degeneracy) and v(k) by

(1/~)(dE/ dk), we obtain

I =
2e
h

∫ ∞

−∞

dE T (E)( fL(E) − fR(E)). (3.62)

In the linear response regime (|µL − µR| is small), we can Taylor expand the right

hand side and obtain in the first-order approximation

I =
2e
h

T (E)(µL − µR). (3.63)

Hence, in the T = 0K and full transmission (T (E) = 1) limit, the conductance

G = I
V = 2e2

h ; this is called the quantum of conductance G0. For a realistic de-

vice with a finite width W, many such channels are available to the electrons;

furthermore, the transmission probability of electronic wavefunctions in each
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channel is always less than one due to existence of scattering in the sample.

Therefore, for a device with M channels and transmission probabilities Ti, the

total conductance is

G =
2e2

h

M∑
i=1

Ti. (3.64)

This formula is called the Landauer-Büttiker formalism; it is a general formula

for describing coherent ballistic transport in electronic devices.

Non-equilibrium Green’s function (NEGF)

The non-equilibrium Green’s function (NEGF) method [76, 77, 78] is a practical

scheme to calculate transport characteristics of nanoscale devices. It is capa-

ble of treating devices with either weakly interacting ballistic contacts (as in the

Landauer limit) or strongly interacting contacts. Within the NEGF framework,

a device is modeled as an open-boundary configuration, where the outer parts

of left/right electrodes are treated as the corresponding bulk material with pe-

riodic boundary conditions. Formally, the Hamiltonian of the system H can be

expressed as

H =


HL HL,C 0

H†L,C HC HR,C

0 H†R,C HR

 , (3.65)

where the subscript X (X = L (left electrode), C (central region), R (right elec-

trode)) denotes the Hamiltonian term for subspace X, and the subscript X,Y de-

notes the coupling Hamiltonian between region X and region Y . The elements

of H are given by

Hi j =

∫
drφ∗i (r − RI)H(r)φ j(r − RJ), (3.66)
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where φi and φ j are atomic orbitals centered around atom I and J respectively.

Note that here, instead of the plane wave basis, a LCAO (linear combination

of atomic orbitals) basis is used. This basis, unlike the plane wave basis, is in

general non-orthogonal; hence the Schrödinger equation of the system assumes

the matrix form

Hc = ESc, (3.67)

where S i j =
∫

drφ∗i (r−RI)φ j(r−RJ) is the overlap integral between orbitals i and

j (nonzero for nonorthogonal orbitals). The overlap matrix S should assume the

same form (Eq. (3.63)) as H. We recognize that directly solving Eq. (3.63) is not

feasible, as the Hamiltonian and overlap submatrices containing orbital(s) from

left/right electrode must be infinite-dimensional due to the open boundary con-

ditions. To solve this problem, we write Eq. (3.65) in another form:

(ES −H)G = I, (3.68)

with I = identity matrix. Eq. (3.66) can be considered as the definition of the

Green’s function G. This form is more advantageous to work with than Eq.

(3.65), as it is possible to reduce the infinite-dimensional problem to a finite

one without losing any useful information. To see this, we first note that the

submatrices H̃LC and H̃RC of the “reduced device Hamiltonian” H̃ ≡ (E + iη)S−H

(eta is an infinitesimally small positive number, introduced to avoid the pole

of G) can be eliminated via block Gaussian elimination; this procedure would

transform H̃C into the form

H̃
′

C = H̃C − (H̃†LCH̃−1
L H̃LC) − (H̃†RCH̃−1

R H̃RC)

= H̃C − ΣL − ΣR,

(3.69)

whereΣL = H†L,CH−1
L HL,C andΣR = H†R,CH−1

R HR,C are the self-energy matrices of the

left/right electrode respectively, which contain all the information of the inter-
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action between the electrode and the central region. In order to facilitate calcu-

lation, the whole device with semi-infinite electrodes is divided into “principal

layers” (Fig. 3.19), where the atomic orbitals in each layer only interacts with

orbitals within the range covering nearest-neighbor layers. This decomposition

is possible when there is a lack of long-range Coulomb interaction between the

atoms, due to the nearsightedness principle of electron density [63]. The origi-

nal infinite-dimensional reduced Hamiltonian H̃ thus reads

H̃ =



. . .
. . .

. . . h̃L h̃LL 0

h̃†LL

[
H̃C

]
h̃RR

0 h̃†RR
h̃R

. . .

. . .
. . .


, (3.70)

where

H̃C =



h̃1 h̃1,2

h̃†1,2
. . .

. . .

. . .
. . . h̃n−1,n

h̃†n−1,n h̃n


. (3.71)

It can be seen from Eq. (3.63) and (3.68) that the semi-infinite submatrices H̃LC

and H̃RC are non-zero only in the block H̃LL and H̃RR respectively. This means

that the self-energy matrices ΣL and ΣR can be reduced to finite blocks with

the same size as H̃LL and H̃RR respectively, without losing any information of

electrode-central region interaction. After a series of matrix algebra, we can

arrive at the following expression for transmission coefficient:

T (E) = Tr(ΓLG†CΓRGC) (3.72)

where ΓL/R = i(ΣL/R − Σ
†

L/R) are the so-called “broadening functions”, and GC =

H̃−1
C is the Green’s function of the central region. Combined with the Landauer
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Figure 3.19: Schematics of a infinite two-electrode device, divided into
principal layers; interaction within each layer is described
by the block reduced Hamiltonian h̃I , whereas interaction of
nearest-neighbor layers is described by h̃IJ.

current formula (Eq. (3.60)), we now have a computational recipe for calculating

the current in a physical device model.

3.5.4 Population analysis

Chemists’ intuition suggests that there exists an intrinsic connection between

the chemical bonds and the electron density. From a quantum mechanical point

of view, chemical bonds are special regions of the electron density, formally

known as “bond critical points (CP)”. A bond CP is defined mathematically

as locations where the spatial gradient of the electron density ∇n(r) = 0, and

the electron density n(r) shows a local minimum along the axis connecting the

two bonding atoms, and a local maximum along two orthogonal axes. With

this rigorous definition of chemical bonds, it becomes possible to quantitatively

analyze chemical bonding in material systems (called “population analysis”).

Two of the many methods of population analysis are the “crystal orbital overlap
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population” (COOP) [79] and “crystal orbital Hamilton population” (COHP)

[80]. COOP and COHP are based on the idea that chemical bonding information

can be derived from partitioning either the total electron number (COOP) or the

electronic band structure (COHP) in an energy-resolved manner. Specifically,

COOP is defined as the density of states weighted by the overlap matrix S:

COOPi j(E) = S i j

∑
n

fJc∗nicn jδ(E − En), (3.73)

where cni are the coefficients of expansion of electron density in linear combi-

nations of atomic orbitals (LCAO), S i j is the overlap between atomic orbitals ϕi

and ϕ j; fJ is the occupation number of each band J. Similarly, COHP is defined

as the density of states weighted by the Hamilton matrix H:

COHPi j(E) = Hi j

∑
n

fJc∗nicn jδ(E − En), (3.74)

where Hi j is the Hamiltonian matrix element of orbitals i and j. COOP is an indi-

cation of bond order, while COHP reflects bond strength between two neighbor-

ing atoms. When plotted as a function of one-electron energy E, both COOP and

COHP can show different bonding characters within a specified energy range:

for COOP, positive values indicate bonding (stabilizing) interaction, and neg-

ative values indicate anti-bonding (destabilizing) interaction; for COHP, vice

versa. Another useful quantity is the negative integrated COHP (−ICOHP), de-

fined as −
∫ EF

−∞
dE COHP(E). The magnitude of −ICOHP is an indication of the

strength of the covalent bonds between two atoms; the greater the |−ICOHP|,

the stronger the covalent bonding interaction. In Chap. 7, we adopt the plane-

wave formalism of COHP (projected COHP, or pCOHP) [81] to study the bond

strength between surface dopant and nearest-neighbor vacancy on Ga2O3(010)

surface.
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[62] B Velickỳ, S Kirkpatrick, and H Ehrenreich. Single-site approximations in

the electronic theory of simple binary alloys. Physical Review, 175(3):747,

1968.

[63] Emil Prodan and Walter Kohn. Nearsightedness of electronic matter. Pro-

ceedings of the National Academy of Sciences, 102(33):11635–11638, 2005.

[64] Alex Zunger, S-H Wei, LG Ferreira, and James E Bernard. Special quasir-

andom structures. Physical Review Letters, 65(3):353, 1990.

[65] Lance Jacob Nelson. Cluster expansion models via bayesian compressive

sensing. 2013.

[66] ZW Lu, S-H Wei, Alex Zunger, S Frota-Pessoa, and LG Ferreira. First-

principles statistical mechanics of structural stability of intermetallic com-

pounds. Physical Review B, 44(2):512, 1991.

[67] Alexei A Maradudin, Elliott Waters Montroll, George Herbert Weiss, and

IP Ipatova. Theory of lattice dynamics in the harmonic approximation, volume 3.

Academic press New York, 1963.

[68] GJ Ackland, MC Warren, and SJ Clark. Practical methods in ab initio lattice

dynamics. Journal of Physics: Condensed Matter, 9(37):7861, 1997.

[69] Eleftherios N Economou. Green’s functions in quantum physics, volume 3.

Springer, 1980.

138



[70] R Haydock, Volker Heine, and MJ Kelly. Electronic structure based on the

local atomic environment for tight-binding bands. Journal of Physics C: Solid

State Physics, 5(20):2845, 1972.

[71] PE Meek. Vibrational spectra and topological structure of tetrahedrally

bonded amorphous semiconductors. Philosophical Magazine, 33(6):897–908,

1976.

[72] MJ Kelly. Applications of the recursion method to the electronic structure

from an atomic point of view. In Solid State Physics, volume 35, pages 295–

383. Elsevier, 1980.

[73] Cornelius Lanczos. An iteration method for the solution of the eigenvalue

problem of linear differential and integral operators. Journal of Research of

the National Bureau of Standards, 45(4):255–282, 1950.

[74] Rolf Landauer. Spatial variation of currents and fields due to localized

scatterers in metallic conduction. IBM Journal of Research and Development,

1(3):223–231, 1957.
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CHAPTER 4

AB INITIO MODELING OF VACANCIES, ANTISITES, AND SI DOPANTS

IN ORDERED INGAAS

The work presented in this chapter is published in: J. Wang, B. Lukose, M.

O. Thompson, and P. Clancy, Journal of Applied Physics 121, 045106 (2017).

4.1 Introduction

Since the earliest days of semiconductor technologies, III-V materials have been

recognized and extensively studied for their superior electrical and optical

properties. Not surprisingly then, III-V devices have found broad commercial

application, ranging from high electron-mobility transistors (HEMT) to solid

state lasers [1]. As advances in CMOS technology shrink transistor nodes below

10 nm, silicon-based MOSFETs are beginning to see performance degradation

due to pronounced quantum tunneling effects. In comparison, In0.53Ga0.47As, a

ternary III-V compound semiconductor, possesses superior electron transport

properties, such as high electron mobility (8450 cm2/V-sec at 300 K) [2] and

high injection velocity (∼ 3 × 107 cm/sec for gate length < 30 nm), making it

particularly appealing for next-generation MOSFET channel materials [3].

Currently, several major challenges remain for InGaAs to be considered suit-

able for practical use, including the low density of trap states at the channel-

dielectric interface, low Ohmic contact resistivity, and hetero-integration on a

silicon platform [4]. In particular, in order for sub-10 nm n-MOSFETs to work

properly, the contact resistance must be less than 5×10−19 Ω-cm2, corresponding

to a lower limit of carrier concentration above ∼ 1 × 1020 cm−3 [5]. However,
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experimental studies have shown that thermodynamically stable carrier con-

centrations in heavily Si-doped n-type In0.53Ga0.47As have, so far, not exceeded

∼ 1.4 × 1019 cm−3, largely regardless of annealing temperature [6]. Possible lim-

iting factors of donor activation include the low solid solubility of dopants, self

compensation, and compensation by intrinsic defects. To date, the origin of low

dopant activation in n-type InGaAs is still not known from a theoretical point

of view. The urgency and technological importance of addressing this funda-

mental challenge is reflected by its explicit inclusion in the 2013 edition of the

International Technology Roadmap for Semiconductors [4].

In recent years, some ab initio theoretical studies have also been carried out

on defects in InGaAs. [7, 8, 9, 10, 11, 12] Each of these studies considers a se-

lected portion of all possible defects in InGaAs. This approach is suitable for

investigating properties of individual defects, but does not provide a holistic

picture of defect-dopant interactions. In particular, the dominant species of

compensating defect – the main interest of experimental investigation – can-

not be properly identified without taking into account all possible species of

intrinsic defects. Furthermore, qualitative predictions of maximum carrier and

defect concentrations cannot be properly determined.

In this paper, we provide a detailed and quantitative description of dopant

activation and deactivation mechanisms in InGaAs on atomic and electronic

scales, taking into account both dopant-induced defects and native point de-

fects in InGaAs. Using Density Functional Theory (DFT) in conjunction with a

band gap correction employing many-body perturbation theory (GW approxi-

mation), we calculate formation energies and thermodynamic transition levels

of Si on substitutional and interstitial sites, as well as of vacancies and antisites
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in InGaAs. From these ab initio results, we estimate the equilibrium concentra-

tion of various defects and free electrons after annealing at higher temperature,

and thereby identify the predominant compensation mechanism in InGaAs un-

der various growth conditions. These results help us understand the atomistic

origin of low dopant activation, and could serve as a guide in determining the

optimal conditions for n-type doping in InGaAs.

4.2 Methods

4.2.1 Defect formation energy

In the supercell formalism, the formation energy of a defect in a crystalline solid

is given by

E f (Dq) = E(Dq) − Ebulk −
∑

i

∆niµi + q(EV + EF) + Ecorr, (4.1)

where E(Dq) is the total energy of the supercell containing a defect D in charge

state q, and Ebulk is the total energy of the pristine bulk supercell. ∆ni is the

number of atoms of species i added to (∆ni > 0) or removed from (∆ni < 0)

the supercell as a result of forming the defect, and µi = µbulk
i + ∆µi is the chem-

ical potential of element species i. For charged defects, the formation energy

also contains a contribution from the chemical potential of the electrons, also

known as the Fermi level, EF . The Fermi level of a semiconductor is treated

as an independent variable that can assume any value within the band gap,

and it is referenced to EV , the valence band maximum (VBM) of the bulk mate-

rial. The correction term, Ecorr, takes into account the errors introduced by finite

size effects and the periodic boundary conditions, such as spurious overlaps of
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neighboring defect wave functions and, in the case of charged defects, Coulomb

interactions between image charges. We use a combined correction scheme by

Lany and Zunger [13] and Freysoldt et al. [14, 15], as this approach does not

require additional higher-level DFT or GW calculations. (For details, see Sec.

4.2.4)

4.2.2 Details of DFT and GW calculations

The composition of InGaAs alloys that is most commonly considered for n-

channel devices, In0.53Ga0.47As, is lattice-matched to an InP substrate, and falls

close to an equimolar InAs/GaAs ratio. However, the stoichiometry reveals

nothing of the way that the cations (In and Ga) are arranged on an atomic scale;

the cations could, in principle, be either randomly arranged or ordered. Ex-

perimental observations have repeatedly confirmed the presence of long-range

order in ternary III-V alloys, including InGaAs [16, 17, 18, 19]; theoretically, it

is also understood that ordered structures reduce total bulk strain energy com-

pared with that of a random solid solution, as bond distortion is minimized.

[20] For ternary III-V alloys, the two most common ordered structures fall into

the categories of CuAu-I and CuPt-B [21], which correspond to periodically al-

ternating layers of In and Ga atoms in the 〈001〉 and 〈111〉 directions, respec-

tively, as shown in Fig. 4.1. In this study, we focus only on CuAu-I ordered

In0.5Ga0.5As alloys.

We use Density Functional Theory (DFT) to obtain energy-minimized struc-

tures and the energetics of defects in InGaAs. All the DFT calculations in

this study are performed within the local density approximation (LDA) in the
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Figure 4.1: 64-atom supercells of CuAu-I and CuPt-B ordered In0.5Ga0.5As
superlattices, showing alternating layers of In and Ga in the
[001] and [111] direction.

Perdew-Zunger parameterization [22], with the norm-conserving pseudopoten-

tial of a Goedecker-Hartwigsen-Hutter-Teter (GHHT) type [23, 24], as imple-

mented in the plane-wave DFT code QUANTUM ESPRESSO [25]. Compared

to our previous study (Lee et al. [10]) which used the Projector Augmented

Wave (PAW) method within the Generalized Gradient Approximation (GGA),

we find that using a norm-conserving pseudopotential in LDA produces a better

description of parameters such as the bulk modulus and band gap for InGaAs.

The 4d electron states of In and the 3d states of Ga are treated as core states,

since inclusion of those electrons as valence electrons would require an infeasi-

bly large (> 250 Ry) cut-off energy in order to achieve adequate convergence. It

has been shown that such simplifications yield a systematic error of around 0.1

eV in the final value of the defect formation energy, independent of supercell

size, but changes monotonically with the charge state of the defect [26].

Thermodynamic arguments suggest that a certain amount of native defects

will always be present within a crystal under normal conditions. Hence, in this

study, we investigated a large number of native defects (vacancies, cation-anion

and anion-cation antisites) in InGaAs, together with Si-induced defects (substi-

tutional and interstitial). Those defects are chosen for their relatively low defect

formation energies (compared with, say, self-interstitials) as well as the consid-
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eration of different charge states (in contrast to cation-cation antisites InGa and

GaIn), which make them possible donors and acceptors in InGaAs. The com-

plexity of the ternary compound itself and the sheer number of defect species

and charge states that need to be modeled makes it imperative to use the most

efficient method of calculation as well as maintaining sufficient accuracy. In that

regard, our first test was to check for convergence of results with respect to su-

percell size. We considered supercells of InGaAs containing 64 and 128 atoms,

corresponding respectively to a 2 × 2 × 2 simple cubic unit cell and a 4 × 4 × 4

fcc unit cell of zincblende structure. As we will show later for Si substitutional

defects, the formation energies converge to within ∼0.05 eV for both a 128-atom

supercell and a 64-atom cell, indicating that considering a system size larger

than 64 atoms is unnecessary. In contrast, the formation energies of charged

interstitials, vacancies and antisites do not converge even for a 128-atom su-

percell, due to pronounced finite-size effects; hence, we apply an adequate cor-

rection scheme for charged defects. We adopt the correction method proposed

by Freysoldt, Neugebauer, and Van de Walle (FNV) [14, 27], as this scheme is

purely ab initio and requires no additional DFT calculations.

Self-consistent calculations determine the cutoff energy and k-point sam-

pling necessary to satisfy the convergence criteria we chose for the total energy

(≤ 5 meV/atom) and force (≤ 10 meV/(A·atom)) on each atom. Based on these

criteria, we use an energy cutoff Ecut = 50 Ry for all our calculations. The k-

points are a Γ-centered 3 × 3 × 3 Monkhorst-Pack mesh for both 64-atom and

128-atom cells. Using these input parameters, a cell relaxation optimizes the

structure of a bulk InGaAs supercell. This is followed by an ionic relaxation

after introducing the defect to the cell. All atoms are slightly displaced in ran-

dom directions for the defective supercell to remove any spurious symmetry.
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Our convergence criteria for relaxation are 10−5 Ry for the total energy and 10−4

Ry/Bohr for the force for 64-atom supercells, and 10−4 Ry for the total energy

and 10−4 Ry/Bohr for the force for larger cells.

To reproduce the correct doping behavior and accurately predict the maxi-

mum free carrier concentration, requires that the defect formation energies are

calculated accurately. Unfortunately, it is well known that, as a ground state

theory, LDA DFT not only systematically underestimates the band gap of semi-

conductors and insulators, but invariably predicts the wrong absolute band en-

ergies, which, in turn, critically affects the value of the defect formation en-

ergy. On the other hand, many-body perturbation theory – a higher-level ab

initio method – takes into account the exchange and correlation effects of elec-

trons, and thus provides a much more accurate approximation to both the band

energies and the band gaps than DFT results in general [28]. Since, to our

knowledge, the experimental energy of valence band maximum is unknown

for In0.5Ga0.5As, we resort to many-body perturbation theory to obtain its VBM

energy.

We use the code YAMBO [29] as the algorithm for many-body perturbation

theory calculations. These calculations use non-self-consistent one-shot GW

(G0W0) under a plasmon-pole approximation (PPA) for dynamically screened

Coulomb interactions (W). Due to the extremely high computational cost of GW

methods, we use the four-atom primitive cell of CuAu-I type In0.5Ga0.5As for the

calculation. The preceding LDA DFT calculations use a 60 Ry energy cutoff and

a Γ-centered 21×21×15 k-mesh (corresponding to 528 k-points in the irreducible

Brillouin zone). We use 96 bands to calculate the Green’s function, G, and the

irreducible polarizability, χ. We use up to 6 Ry of G-vectors in the dielectric
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function and 12 Ry of G-vectors in the exchange part of the self energy. To test

the accuracy of the G0W0 calculation, its predicted band gap is compared to the

experimental value. Our choices for the parameters described above yield an

uncertainty of less than 0.05 eV for both the energy of VBM and the band gap.

4.2.3 Constraints on equilibrium chemical potentials

From Eq. (1), the defect formation energy is dependent on the elemental chem-

ical potentials, µi. As the relative abundance of each atomic species during

growth is unknown, the exact values of each µi cannot be determined. Nev-

ertheless, in thermal equilibrium, the value of µi in a compound is subjected

to multiple constraints. First, each µi must be no greater than the chemical po-

tential of the bulk elemental solid (∆µi ≡ µi − µ
bulk
i ≤ 0). Next, the sum of the

chemical potentials of any two elements A and B must be no greater than the

chemical potential of the bulk binary compound AmBn (m∆µA + n∆µB ≤ ∆HAmBn ,

where ∆H denotes heat of formation). Lastly, the sum of the chemical potentials

(weighted by stoichiometry) of all three species must be equal to the chemical

potential of the bulk ternary compound (∆µIn + ∆µGa + 2∆µAs = ∆HInGaAs2). Es-

sentially, these constraints ensure that no elemental and binary bulk phase is

thermodynamically preferred than the ternary alloy itself. The boundary of the

allowed region of elemental chemical potentials as defined by these constraints

corresponds to the limits of growth conditions of In0.5Ga0.5As in experiments.

Table 4.1 lists heats of formation per formula unit for all possible binary

compounds that can be formed with In, Ga, As and Si, and the unit cell of

CuAu-I ordered In0.5Ga0.5As. Apart from SiAs2, whose very large positive
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heat of formation is a consequence of its instability below 45 kbar of pres-

sure [30], all other compounds are stable under standard conditions. However,

we found that the requirements ∆µIn + ∆µAs ≤ ∆HInAs, ∆µGa + ∆µAs ≤ ∆HGaAs

and ∆µIn + ∆µGa + 2∆µAs = ∆HInGaAs2 cannot mutually hold. Indeed, The heat

of formation of InGaAs2 is greater than the sum of the heats of formation of

GaAs and InAs by a small amount, ∼ 0.08 eV. Fig. 4.2 shows that the phase

space for GaAs and InAs overlap with each other, leaving no space for CuAu-

I ordered In0.5Ga0.5As to be thermodynamically favorable. This indicates that,

from a purely enthalpic point of view, bulk CuAu-I ordered In0.5Ga0.5As can-

not be stably formed by mixing GaAs and InAs compounds. The endothermic

formation of ordered InGaAs from binaries is also supported by the calcula-

tions of Chakrabarti et al. [31] for chalcopyrite-type In0.5Ga0.5As. According

to Chakrabarti et al., surface reconstruction is the driving force behind cation

ordering in the lattice, thus such ordered alloys are favored by growth kinet-

ics rather than thermodynamics. For our purposes, this simply means that we

should discard the constraints imposed by binaries GaAs and InAs (constraint

2), and only stipulate that the elemental chemical potentials be limited by their

bulk values and by the heat of formation of InGaAs (constraints 1 and 3). Thus,

the limiting growth conditions now correspond to the vertices of the triangular

region in Fig. 4.2, namely In-poor (∆µIn = ∆HInGaAs2), Ga-poor (∆µGa = ∆HInGaAs2),

and In/Ga-rich (∆µIn = ∆µGa = 0) growth conditions.

4.2.4 Corrections to the defect formation energy

Accurate determination of defect formation energies is a challenging task, since

it involves the difference between two total energies that are orders of mag-
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Substance ∆H (eV) Ref. ∆H (eV)
InAs −0.65 −0.62 ± 0.02a

GaAs −0.76 −0.85 ± 0.01a

SiAs −0.13 −0.12b

SiAs2 151.65 N/A
InGaAs2 −1.33 N/A

Table 4.1: Heats of formation per formula unit of all possible binary com-
pounds formed by In, Ga, As and Si, and CuAu-I ordered
InGaAs2. aExperimental values [32]; btheoretical value [33].

∆µ In

∆µGa

∆H

∆H

− 1.5 − 1.0 − 0.5 0

− 1.5

− 1.0

− 0.5

0

GaAs

InAs

Figure 4.2: Parameter space spanned by chemical potentials of In and Ga,
constrained by ∆H ≤ ∆µIn ≤ 0 and ∆H ≤ ∆µGa ≤ 0 (see Sec. 4.2.3
for detail). ∆H = −1.33eV is the heat of formation of InGaAs2,
a unit cell of CuAu-I ordered In0.5Ga0.5As. Chemical potential
domains of GaAs (red) and of InAs (blue) overlap, indicating
that CuAu-I ordered In0.5Ga0.5As is a metastable phase.

nitude greater than the formation energy itself, as is evident from Eq. (1).

Freysoldt et al. [34] argues that the accuracy of calculated defect formation en-

ergies in a semiconductor can be no better than about 0.1 eV using DFT. Errors

usually arise from two sources. The first kind of error is due to insufficient pre-

cision of the calculation, such as finite-size effects, including band-filling effects,

defect wave function overlap, and image charge interactions. Such errors can
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usually be kept to a minimum if the supercell size is large enough, or some

careful correction scheme is applied a posteriori. The second kind of error is in-

herent in the approximate nature of the exchange-correlation (xc) functional in

DFT. This error, in contrast, cannot be systematically reduced, without using

more accurate, and far more computationally costly, methods such as GW or

DFT with hybrid functionals. These errors can, in principle, be removed by a

general correction term as follows: [13]

Ecorr = (∆EBF + ∆Eel) + (q∆EV + ze∆EC − zh∆EV). (4.2)

The first two terms, the band-filling correction ∆EBF and the electrostatic correc-

tion ∆Eel, attempt to remove the first kind of error described above. The band-

filling correction is specific for shallow dopants; it corrects the Moss-Burstein

type [35, 36] band-filling effect of donor electron/acceptor hole, which arises

from impurity interactions in very highly doped semiconductors. Since the pur-

pose of this study is to investigate the limit of doping for a channel material,

the dilute-limit case scenario is of limited interest, and hence we do not adopt

the band-filling correction here. On the other hand, the electrostatic correction

remedies the slow convergence of Coulomb interaction between image charges

of the defect. To date, several schemes for electrostatic correction have been pro-

posed [37, 14, 15, 13]. The most widely used scheme consists of an alignment of

the average electrostatic potential between the defective and the bulk supercell,

together with a Makov-Payne correction term:

∆EMP
el =

q2α

2εL
−

2πqQ
3εL3 , (4.3)

where ε is the dielectric constant of the bulk solid, α the Madelung constant

of the supercell (calculated from a periodic array of point charges q), and Q

the second radial moment of the localized defect charge density, ρD, contained
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in the supercell. The Makov-Payne scheme assumes that the defect charge

can be approximated as a point charge, hence it gives an upper bound on the

amount of Coulomb interactions between image charges. For real physical de-

fects, the amount of the correction is usually smaller than ∆EMP
el [15], implying

that Makov-Payne correction generally overestimates the finite-size error. Some

studies [38] have shown that a Makov-Payne-like term, a1L−1+anL−n, agrees with

the trend for extrapolation of defect formation energies to the infinite-cell limit,

but the coefficients a1, an and n are simply fitting parameters, and thus cannot be

determined from first principles. These issues limit the accuracy of the Makov-

Payne scheme. A recent alternative option is the Freysoldt-Neugebauer-Van de

Walle (FNV) scheme [14, 15], which subtracts from the formation energy the

interaction energies between periodic images of defect charges (Einter) and be-

tween isolated defect charge and compensating background charge (Eintra). This

correction already takes into account the alignment of plane-averaged electro-

static potential between defective and bulk supercells, so no separate alignment

needs to be performed. Komsa et al. [39] has shown that, compared to the

Makov-Payne scheme, the FNV scheme generally produces more accurate cor-

rection energies. Since the FNV scheme does not need any information other

than the DFT electrostatic potentials, we use this scheme in our study for all

charged defects.

Unlike the finite-size effects which can largely be eliminated using simple a

posteriori correction methods, the error in band edge positions (CBM and VBM)

is due to the inherent deficiency of Kohn-Sham DFT in describing quasiparticle

energy levels, and thus must be determined from other methods. For defect for-

mation energy calculations, we need to obtain the correct VBM, EV , and band

gap value, Eg. The deviation of the exact value of EV from the DFT value is
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denoted by ∆EV . This adjustment will also change the formation energy of shal-

low donors and acceptors, as the localized defect levels are hybridized with

the conduction or valence band. The amount of change is ze∆EC and −zh∆EV

for donors and acceptors, respectively, where ze (zh) is the number of electrons

(holes) occupying the perturbed CBM (VBM) caused by the shallow donor (ac-

ceptor). (Details see Lany and Zunger [13] Sec. III F) For deep defects, no such

shift is necessary, since the defect level is localized within the band gap.

4.2.5 Maximum dopant and carrier concentration

Under equilibrium conditions, the formation energy of a defect D in charge state

q, E f (Dq), is directly related to the defect concentration in a crystal, which is

given by:

c(Dq) = Nsite g(Dq) exp(−E f (Dq)/kBT ), (4.4)

where Nsite is the concentration of sites available for the defect, g(Dq) is the

degeneracy of the defect, and kB the Boltzmann constant. Since the equilib-

rium Fermi level, EF , depends on the doping level, it must be calculated self-

consistently using the charge neutrality condition for semiconductors:∑
D,q

q · c(Dq) − n + p = 0, (4.5)

where the electron concentration, n, and the hole concentration, p, are calcu-

lated from the density of states g(E) of bulk In0.5Ga0.5As and the Fermi-Dirac

distribution f (E) as:

n =

∫ ∞

EC

f (E, EF ,T )g(E)dE; (4.6)

p =

∫ EV

−∞

[1 − f (E, EF ,T )]g(E)dE. (4.7)

153



Note that, to attain maximum accuracy under degenerate doping, we use the

general expressions with the density of states, rather than the approximation

using effective masses of the bands, to calculate these concentrations. By choos-

ing the optimal growth condition for n-type dopants such as Si in InGaAs, the

formation energies of charged donors would decrease, while those of charged

acceptors would increase, together with a decrease in donor compensation ef-

fect. These would lead to an increase in the equilibrium value of EF towards the

conduction band edge (EC), and hence achieve the maximum electron concen-

tration.

4.3 Results

4.3.1 Bulk Properties of CuAu-I type In0.5Ga0.5As

As a ternary alloy of binary compounds GaAs and InAs, InxGa1−xAs adopts a

structure derived from the zincblende structure of the binary compounds; yet,

the atomic positions of In, Ga and As are distorted from the original Wyckoff

positions 4a and 4c. For CuAu-I type In0.5Ga0.5As, the additional ordering in

[001]-direction reduces the degrees of freedom of atomic positions in a random

alloy. The primitive cell of CuAu-I type In0.5Ga0.5As assumes simple tetragonal

structure with space group P4m2 [40], which is different from the space group of

a zincblende structure (F43m) due to lattice distortion. The primitive cell vectors

are (1/2, 1/2, 0), (-1/2, 1/2, 0), and (0, 0, η); the two cation species (In, Ga)

occupy lattice sites (0, 0, 0) and (0, 1/2, η/2), and the anions (As) occupy lattice

sites (1/4, 1/4, ηu) and (1/4, 3/4, η(1−u)) (coordinates are in units of conventional
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Defect q Volume (Å3)
Vol. relax.

(%)
SiIn +1 6.95 −16.9

0 6.95 −16.9
SiGa +1 6.92 −4.5

0 6.95 −3.9
SiAs 0 7.15 −8.3

−1 7.07 −9.4
Sia

T1 +2 7.55 −9.7
+1 7.53 −10.0
0 7.53 −10.0

Sib
T1 +2 8.63 +3.2

+1 8.80 +5.2
0 9.57 +14.4

SiT2 +2 9.98 +28.0
+1 9.65 +23.7
0 8.39 +7.5

VIn 0 5.26 −37.0
−1 5.19 −38.0
−2 5.08 −39.3
−3 4.93 −41.0

VGa 0 5.03 −30.5
−1 5.00 −30.9
−2 4.95 −31.5
−3 4.89 −32.4

VAs +1 5.03 −7.8
0 5.03 −25.0
−1 5.00 −48.0
−2 4.95 −57.6
−3 4.89 −64.8

AsIn +2 7.82 −6.6
+1 8.24 −1.5
0 8.62 −3.0

AsGa +2 7.81 +7.9
+1 8.23 +13.7
0 8.64 +19.4

InAs +2 9.49 +21.7
+1 8.91 +14.2
0 8.40 +7.6
−1 8.06 +3.3
−2 7.87 +0.8

GaAs +2 7.92 +1.5
+1 7.63 −2.1
0 7.35 −5.9
−1 7.04 −9.6
−2 6.75 −13.5

Table 4.2: Relaxation effects on defect volume for the defects studies in this work.
Column 3 gives the relaxed defect volume (defined as the tetrahedron
volume contained by the four nearest-neighbor atoms of the defect);
column 4 gives the percentage of change in the defect volume (+ means
expansion, −means contraction).
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lattice constant a in the xy plane). The resulting structural parameters, a, η, u of

CuAu-I type In0.5Ga0.5As, are determined by energy minimization using LDA

DFT, as shown in Table 4.3. The calculated lattice constants and bond lengths

agree with reference values within 2-3%.

As expected, the LDA band structure of the primitive cell of In0.5Ga0.5As

shows a direct band gap at Γ of only 0.41 eV, which underestimates the exper-

imental value of 0.813±0.001 eV (at 4.2 K) [41] by about 50%. This large dis-

crepancy reflects the well-known inability of LDA DFT to reproduce band gaps

accurately. In contrast, our G0W0-derived band gap value, 0.84 eV, agrees well

with the experimental result. Table 4.4 lists the energy of the valence-band max-

imum (VBM), conduction-band minimum (CBM), referenced to the DFT VBM,

as well as the band gap for In0.5Ga0.5As as calculated by LDA DFT and G0W0

method.

4.3.2 Point defects in In0.5Ga0.5As

Si substitutional defects

Effective incorporation of silicon as a dopant in InGaAs requires a change of

bonding in the local crystal structure by replacing a native atom by a Si atom.

Such substitutional Si defects are the most relevant ones to our study. Consid-

ering that the covalent radius of Si atom is smaller than that of In, Ga, and As

(rSi = 1.11Å, rIn = 1.42Å, rGa = 1.22Å, rAs = 1.19Å [45]), we would expect that Si

could readily replace all three kinds of atoms in the crystal if size was the only

defining metric. If a Si atom replaces a cation (In or Ga), it can donate an elec-

tron to the system, influencing the crystal in the direction of n-type doping. A
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this work reference
a (Å) 5.71 5.85 [42]
η 1.01 1.005 [43]
u 0.268 N/A

In-As bond length (Å) 2.54 2.61 [44]
Ga-As bond length (Å) 2.42 2.47 [44]

Table 4.3: Structural parameters of bulk ordered CuAu-I type In0.5Ga0.5As
as calculated by LDA DFT. In the reference column, the lattice
constant a and the bond lengths are experimental results of a
random In0.5Ga0.5As alloy, whereas η is a calculated value for
CuAu-I-type ordered In0.5Ga0.5As.

Energy level (eV) LDA G0W0

VBM 0.0 −0.04

CBM 0.41 0.80

Band gap 0.41 0.84

Table 4.4: Energy levels of band edges and the band gap of In0.5Ga0.5As
as calculated from LDA DFT and a G0W0 approximation. The
reference energy is set to be the value corresponding to the LDA
VBM.

Si atom replacing an anion (As) accepts an electron (or donates a hole), thereby

making the system more p-type. This amphoteric behavior of Si is not ideal

for n-type doping since, for a sufficiently high concentration of dopants in the

crystal, self-compensation of Si would prevent further incorporation of Si onto

cation sites.

The atomic structure of Si substitutional defects does not vary from the cor-

responding local structure of the bulk InGaAs lattice. For pristine InGaAs, the

slight lattice distortion of the zincblende structure results in a reduction of sym-
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metry for the tetrahedral bonds surrounding As atoms, from perfect tetrahedral

symmetry Td to C2v. On the other hand, the bonds surrounding In or Ga atoms

form a higher symmetry D2d since in this case, all four nearest-neighbor atoms

are arsenic. We found that all relaxed structures containing Si substitional de-

fects preserve the original symmetries at the defect site. The conservation of

symmetry indicates that the bonding electron wave functions at the defect site

share the same spatial distribution as in the bulk crystal. Upon relaxation, we

observed that the bond lengths for all charge states decreased compared with

the unrelaxed values. (Volumes for all relaxed and unrelaxed defects are given

in Table 4.2.)
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Figure 4.3: Formation energy of Si-induced and intrinsic defects in CuAu-
I-type In0.5Ga0.5As under different limiting growth conditions:
(a) As-poor; (b) Ga-poor; (c) In-poor. Gray dashed lines indi-
cate the VBM and CBM of the DFT band gap, while the solid
vertical boundaries of the figure indicate the VBM and CBM
of the GW-corrected band gap. The slope of each line segment
equals the charge state of the defect.

The formation energies of Si substitutional defects are shown in Fig. 4.3,
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under three limiting growth conditions (As-poor, Ga-poor, In-poor) outlined in

Sec. 4.2.3. The slope of each line segment represents the charge state of the cor-

responding defect; and for any given Fermi level, only the most stable charge

state for each defect is shown. The energies are extrapolated to within the GW

band gap, using the scheme detailed by Lany and Zunger [13] (cf. Sec. II D).

Note that the thermodynamic transition levels remain unchanged under differ-

ent growth conditions due to the fact that the elemental chemical potentials, µi,

do not enter the definition of the transition level ε(q/q′) (Eq.(2)). It is clear from

Fig. 4.3 that both SiIn and SiGa are stable within the band gap only under charge

state +1, indicating that both defects are shallow monovalent donors. Similarly,

SiAs is stable within the gap mostly in the −1 state, with ε(0/ − 1) being very

close to the VBM, suggesting that it is a shallow monovalent acceptor. These

characteristics agree with our intuition for the behavior of Si substitutionals in

GaAs [46]. Quantitatively, the GW-corrected thermodynamic transition levels

for SiIn, SiGa and SiAs between the stable charged state and the neutral state are

ε(+1/0) = EC + 0.023 eV, ε(+1/0) = EC + 0.026 eV and ε(0/ − 1) = EV + 0.084 eV,

respectively.

Regarding the influence of growth conditions, we find that the self-

compensation effect is strong under As-poor growth conditions; see Fig. 4.3(a).

This is expected, as more Si atoms tend to occupy anion sites under As-poor

conditions, and vice versa. Specifically, the Fermi level at which the most sta-

ble defect transfers from SiIn to SiAs occurs at EV + 0.28 eV, which lies in the

p-type doping regime. This suggests that under As-poor growth conditions, Si

would behave more as an acceptor than as a donor, which would lead to p-type

doping rather than the desired n-type. In contrast, Si exhibits much weaker self-

compensation behavior under Ga-poor and In-poor growth conditions. (Fig.
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4.3(b,c)) This is due to the fact that, while the formation energy of SiAs is higher

compared to that under As-poor conditions, the formation energy of SiGa (and

SiIn) is lower. Hence SiAs would compensate only the Si-cation substitutional de-

fect with a higher energy, but not that with a lower energy, resulting in a strong

tendency for Si to occupy cation sites and become a donor. It is especially en-

couraging that the formation energy of SiGa (and SiIn) remains below zero within

the band gap under Ga (and In)-poor conditions, meaning that Si donors will

form spontaneously across all doping regimes.

Si interstitial defects
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Figure 4.4: Atomic configuration of (a-c) unrelaxed Si tetrahedral intersti-
tials SiT1a, SiT1b, and SiT2, showing regular tetrahedral symme-
try; (d) relaxed Si0

T2, showing split interstitial-like distortion.

In addition to substitutional sites, Si atoms may also occupy interstitial sites

in InGaAs. Although multiple possible interstitial sites exist, we focus on the

three possible tetrahedral defects: SiT1a, SiT1b and SiT2. The T1a and T1b intersti-

tials are tetrahedrally coordinated with four As atoms, whereas the T2 intersti-

tial is tetrahedrally coordinated with two In and two Ga atoms; see Fig. 4.4(a-c).

The difference between SiT1a and SiT1b lies in the second-nearest neighbor atoms;
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for SiT1a these are two In and four Ga atoms, while for SiT1b these are two Ga and

four In atoms. The four tetrahedral bonds in the initial unrelaxed configuration

satisfy D2d symmetry for SiT1a and SiT1b, and C2v symmetry for SiT2. For relaxed

defects, we observe a clear trend of expansion of these bonds (with a notable

exception stated below). The respective symmetries are largely preserved for

almost all stable charge states for each defect, with the only exception being the

neutral state of SiT2, in which case the Si atom is significantly deviated from its

tetrahedral position; the fully relaxed configuration resembles a split-interstitial

consisting of a Si and a Ga atom; see Fig. 4.4(d). This split configuration has

a formation energy ∼ 0.7 eV lower than that of the tetrahedral configuration.

A similar proclivity has been observed for dopants, especially boron, to form

stable split interstitials in a silicon matrix under neutral state. [47] The reason

behind this behavior may be that, without the symmetric bonding due to ex-

tra electrons, the repulsion from In atoms pushes the Si atom toward the Ga

atoms, creating a highly asymmetric configuration. It is interesting to observe

that this behavior is also observed for the more unlikely negative charge states

(-1, -2) of SiT2. On the other hand, the lack of such asymmetrical distortion for

positive charge states of SiT2 probably indicates the presence of an energy bar-

rier between the tetrahedral and the split-interstitial configuration, suggesting

that interstitial diffusion of charged Si either from or to the T2 interstitial sites is

unlikely to occur.

Regarding the electronic properties, type T1 and T2 Si-interstitials also ex-

hibit qualitatively different behaviors. The T1 interstitials are both shallow

donors, with +2 being the most stable charge state throughout the band gap;

see Fig. 4.3. In terms of formation energy, the three +2-charged interstitials

come very close, with the greatest difference between them being less than ∼ 0.1
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eV. However, due to the above mentioned large relaxation effect of the T2 in-

terstitial, the formation energy of the neutral SiT2 is considerably lower than

those of the tetrahedral neutral T1 interstitials (by ∼ 0.6 − 0.8 eV), resulting in

a deep-donor-like and negative-U behavior (ε(+2/0) = EC − 0.35 eV) for the T2

interstitial. In any case, the formation energies of all Si-interstitials are indepen-

dent of growth conditions, as no addition / removal of In, Ga, and As atom is

involved in forming these defects. Although Si-interstitials are all donor-like

defects, their relatively high formation energies (> 2.0 eV) prevent them from

being nearly as prevalent as Si-substitutionals, and hence their contribution to

free electrons will be much smaller.

Vacancies

In CuAu-I type In0.5Ga0.5As, the nearest neighbors of a cation vacancy (VIn, VGa)

are all As atoms, and the arrangement of second nearest neighbors (In and Ga)

on the four sides is symmetric. In GaAs, it is observed from ab initio calculations

that the single vacancy, VGa, adopts approximate Td symmetry under all allowed

charge states, ranging from −3 to +1 [48]. In our calculations, however, we ob-

serve different degrees of distortion from an ideal Td symmetry for both VIn and

VGa under charge states from −3 to 0. We find that this peculiar phenomenon

is caused by the fact that neither an In atom nor a Ga atom lies at the center

of a 64-atom or an 128-atom supercell. Hence, upon full atomic relaxation but

no cell relaxation, the local structure of the vacancy assumes the asymmetry of

global atomic arrangements surrounding the vacancy. This is in contrast to de-

fects with an on-site atom (substitutionals, interstitials, and antisites), since the

bonding interactions between the central atom and the nearest neighbor atoms
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essentially balance out the forces exerted by atoms further away. But such bond-

ing forces are absent for a vacancy. The observed deviation from Td symmetry

should therefore be seen as an artifact of the supercell scheme, not a physical

feature of the vacancy itself. Indeed, in 128-atom supercells, the difference in

the vacancy “bond lengths” decreases compared to those in 64-atom supercells.

As a general trend, the nearest neighbor As atoms relax toward the vacancy’s

original site under all charge states, and the “bond lengths” decrease with lower

charge states.

q=+1: C2v q=0: C2v q=−1: C2v q=−2: Cs q=−3: Cs

Figure 4.5: Atomic structures of a relaxed arsenic vacancy (VAs) in InGaAs
in charge states +1, 0,−1,−2,−3, and their respective symmetry.
The vacancy site is denoted by a small grey dot.

The atomic structure of an anion vacancy (VAs) shows a qualitatively differ-

ent picture. Instead of the Td-symmetric configuration of the cation vacancies,

VAs exhibits large structure distortions. In GaAs, VAs assumes a C2v symmetry in

+1 charge state, a D2d symmetry in 0 and −1 states, and becomes a split vacancy

with ∼ C3v symmetry for −2 and −3 states [48]. Each configuration stated above

is found to be the lowest energy structure under the specified charge state. The

multiple-symmetry nature of VAs suggests that it should be a deep trap state. In

InGaAs, we find a very similar pattern of structural change for the same defect

(Fig. 4.5). The nearest-neighbor atoms around VAs relax inward and assume a

C2v symmetry in +1, 0 and −1 charge states. For −2 and −3 states of VAs, the

vacancy goes through a large structural distortion via moving one of the near-

est neighbor atoms significantly towards the original vacancy site, effectively
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creating a “split-vacancy”. In GaAs, the other three As atoms relax about the

same distance toward the vacancy, thereby creating the C3v symmetry for the

four As atoms. In InGaAs, however, the other three atoms do not belong to

the same species. In this case, an In atom relaxes significantly towards the va-

cancy, making the In-In bond length much shorter than the Ga-Ga bond length.

This asymmetric configuration eliminates the rotational symmetries altogether,

keeping only the reflection symmetry. Therefore, the nearest-neighbor atoms of

VAs assume a lower Cs symmetry.

The formation energies of vacancies are plotted in Fig. 4.3. VIn and VGa are

both shallow acceptors, since only negative charge states are thermodynam-

ically favorable within the gap. The transition levels for VIn are ε(0/ − 1) =

EV − 0.056 eV, ε(−1/ − 2) = EV + 0.16 eV, and ε(−2/ − 3) = EV + 0.44 eV; those for

VGa are ε(0/−1) = EV−0.057 eV, ε(−1/−2) = EV +0.15 eV, and ε(−2/−3) = EV +0.43

eV. The closeness of the transition levels suggest the chemical similarity between

the two defects. In contrast, the deep-trap character of VAs is evident from its

transition levels. Charge states ranging from (+1) to (-3) can be accommodated

within the band gap, making VAs one of the most complex defects surveyed in

this work. The transition levels are ε(+1/−1) = EV +0.52 eV, ε(−1/−2) = EV +0.64

eV, and ε(−2/ − 3) = EV + 0.84 eV (EC − 0.01 eV). Note that according to our re-

sults, the defect exhibits one negative-U behavior at the +1/−1 transition, which

agrees with predictions for VAs in GaAs, but lacks the other negative-−U behav-

ior predicted at the −1/ − 3 transition in GaAs [49, 48]. This disagreement could

be explained by the bistability of the VAs [50]; namely, the structural distortion

stabilizes the defect in the corresponding charge state (−2 or −3), thereby mak-

ing the “metastable ground state” with the undistorted structure slightly less

energetically favorable.
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As with the substitutional defects, the formation energies of vacancies are

heavily influenced by the growth condition. Under In (Ga)-poor conditions, In

(Ga) vacancies dominate the defect population under n-type doping regimes,

compensating the substitutional SiIn (SiGa) at EC + 0.073 eV (EC + 0.036 eV); on

the other hand, VAs has a relatively high formation energy, rendering its com-

pensation effect negligible. On the other hand, under As-poor conditions, cation

Si-substitutionals are compensated by all three types of vacancies, but none of

them are significant compared with the self-compensation from SiAs.

Antisites

Antisites are a class of well-studied defects in GaAs. Experimentally, the

presence of the so-called EL2 defect, a deep defect responsible for the semi-

insulating character of GaAs under certain growth conditions, is known to be

closely related to the anion antisite AsGa. Opinions in the literature are divided

as to the exact composition of the EL2 defect; while some claim that EL2 is sim-

ply the single antisite AsGa [48, 51, 52], others have proposed more complex

models, such as AsGa + VGa [53] or AsGa + Asi [54]. Despite the inconclusive-

ness regarding the atomic structure of EL2, evidence suggests that AsGa should

be a deep donor in GaAs [55]. The other antisite defect in GaAs, GaAs, is less

experimentally investigated, but is predicted to be a deep amphoteric defect by

theoretical calculations [48, 56, 57].

In GaAs, both AsGa and GaAs are predicted to preserve the Td symmetry

upon relaxation to the lowest energy state [48]. This behavior is also observed

in our calculation for all antisites under all possible charge states in InGaAs,

as none of the antisites display any significant Jahn-Teller distortion. Specifi-

165



cally, cation antisites (InAs,GaAs) preserve C2v symmetry, while anion antisites

(AsIn,AsGa) preserve D2d symmetry, as do the Si substitutionals on the corre-

sponding lattice sites.

Formation energies of antisite defects are shown in Fig. 4.3. We find that,

just as has been experimentally verified for AsGa in GaAs, both anion antisites

in InGaAs exhibit deep-donor-like behavior in the GW band gap. Both defects

share two possible stable charge states (+1, 0) within the gap, and the transition

levels of the two defects are very close: (ε(+1/0) = EC − 0.36 eV for AsIn and

EC−0.43 eV for AsGa). As for cation antisites, besides the positive and the neutral

charge states, these two defects can also be stable within the gap under negative

charge states (−1,−2 for InAs, −1 for GaAs), making them behave as deep traps.

The transition levels of InAs occur at ε(+1/0) = EV + 0.077 eV and ε(0/ − 1) =

EV + 0.47 eV, and those of GaAs occur at ε(0/− 1) = EV + 0.31 eV and ε(−1/− 2) =

EV + 0.70 eV. Note that except for the −2 state of GaAs, none of the formal charge

states of the other antisites become stable within the band gap.

The formation energies of antisites sensitively depend on the growth con-

dition. Under As-poor conditions (Fig. 4.5(a)), anion antisites are unlikely to

form, therefore their formation energies are significantly greater, especially un-

der n-type doping. On the other hand, cation antisites are much more likely to

form, as evidenced by their low formation energy. In particular, under As-poor

conditions, GaAs is the most stable intrinsic defect, compensating SiIn at EV +0.65

eV and SiGa at EV + 0.57 eV. This is another reason why an As-poor growth con-

dition is extremely unfavorable for n-type doping. In contrast, the formation

energy of GaAs (InAs) is raised to among the highest of all defects under Ga(In)-

poor conditions. Hence for n-type doping, the only charge-compensating single
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point defect is the corresponding vacancy.

Dependence of free carrier concentration on growth conditions

Under thermal equilibrium, doped semiconductors satisfy the charge neutrality

condition (Eq. (4.2)). Using the formalism in Sec. 4.2.5, we obtain the maximum

net carrier concentration (e.g., net carrier concentration at the Si solubility limit)

under thermal equilibrium as a function of annealing temperature (Fig. 4.6).

The results agree well with the knowledge we obtained from formation energy

calculations (Fig. 4.3). For As-poor growth conditions, the charge compensation

of donor (SiIn) by acceptor (SiAs) occurs in the p-type regime at EF = EV + 0.28

eV (Fig. 4.3(a)). Indeed, Fig. 4.6 shows that the equilibrium Fermi level at tem-

peratures from 500 K to 1200 K is pinned at 0.2-0.3 eV above the VBM. The same

correspondence can also be seen for Ga-poor and In-poor growth conditions,

where the Fermi level pinning occurs near the conduction band under both cir-

cumstances.

In contrast to the slightly varying equilibrium Fermi level at various temper-

atures, the equilibrium net carrier concentration varies significantly with tem-

perature, due to its exponential sensitivity to the Fermi level. Under As-poor

conditions, as the equilibrium Fermi level lies in p-type regime, holes become

the majority carrier and the electrons the minority carrier, whereas under Ga

and In-poor conditions, electrons become the majority carriers. We find that

the maximum net carrier concentration increases with annealing temperature

under all growth conditions. The net carrier concentration under As-poor con-

ditions (p − n) can reach 1.7 × 1019 cm−3 at 1200 K, while the net carrier con-

centration under Ga- and In-poor conditions (n − p) can only reach 3.7 × 1018
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Figure 4.6: Top: Equilibrium net carrier concentration of Si-doped
In0.5Ga0.5As containing all defects studied in this work as a
function of annealing temperature, under various limits of
growth conditions. Bottom: Equilibrium Fermi level of Si-
doped In0.5Ga0.5As as a function of annealing temperature.

cm−3 and 5.2 × 1018 cm−3, respectively, at the same temperature. This behavior

can be explained by the fact that the effective density of states of the valence

band of In0.5Ga0.5As is much greater than the effective density of states of the

conduction band, making p-type doping easier than n-type doping for InGaAs

under their respective optimal growth conditions. Our predicted maximum net

electron concentration under In-poor conditions agrees with the experimentally

observed “thermodynamic limit,” 1.4 × 1019 cm−3 [58], within a factor of about

three, suggesting that our equilibrium approach is quite accurate. On the other

hand, using non-equilibrium growth and annealing techniques may be able to

achieve majority carrier concentration and dopant activation beyond this limit

(for example, cf. [59]).

Fig. 4.7 shows the trend of dopant activation as a function of dopant concen-

168



10
16

10
17

10
18

10
19

10
20

10
16

10
18

10
20

10
22

10
24

N
e

t 
c
a

rr
ie

r 
c
o

n
c
e

n
tr

a
ti
o

n
 (

c
m

−
3
)

Silicon concentration (cm
−3

)

As−poor
Ga−poor
In−poor

Figure 4.7: Net free carrier concentration in Si-doped InGaAs as a function
of Si concentration under thermal equilibrium at T = 1200K.

tration at 1200 K. When the total Si concentration in InGaAs is below a certain

threshold value (∼ 5 × 1018 cm−3 for In- and Ga-poor conditions, ∼ 1 × 1019 cm−3

for As-poor condition), the net carrier concentration is equal to the Si concen-

tration; this means that all incorporated dopants are ionized and contributing

to the conductivity. After the Si concentration accumulates beyond this thresh-

old, however, the dopant activation rate quickly starts to decrease, causing the

net free carrier concentration to saturate. This suggests that the concentration

of charge-compensating defects only becomes significant after the Si concentra-

tion reaches this threshold. This is confirmed in Fig. 4.8, which shows that the

concentration of the dominant charge-compensating acceptor (VGa under Ga-

poor conditions and VIn under Ga-poor conditions) rises to comparable levels to

that of the primary Si donor after the total Si concentration reaches the thresh-

old. Fig. 4.8 also shows the most abundant species of single point defects in

InGaAs and their respective concentrations under cation-poor conditions; the

trends agree very well with the formation energies plotted in Fig. 4.3. In ad-

dition, Fig. 4.7 suggests that additional Si concentration beyond the threshold

level does not contribute more free carriers.
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Figure 4.8: Concentration of dominant species of single point defects in Si-
doped InGaAs as a function of Si concentration under thermal
equilibrium at T = 1200K.

Based on the defect concentrations in Fig. 4.8, it is clear that most of the Si

atoms still form donors on cation sites, instead of becoming acceptors on anion

sites or interstitials. Hence these additional Si dopant atoms should get deac-

tivated primarily by forming doubly negatively charged donor-vacancy pairs

(SiIII − VIII)−2 (III = In/Ga, depending on growth conditions) with the dominant

triply-charged cation vacancies. This is confirmed in Fig. 4.9, which shows that,

under In-poor growth conditions, (SiIn − VIn)−2 does indeed have a lower for-

mation energy than Si+In for a Fermi level EF > 0.68eV. Note that the formation

energy of (SiIn−VIn)−2 is much smaller than that of the VIn alone. In addition, the
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formation energy of (SiIn − SiAs)0 is also much smaller than that of SiAs within

the band gap (-0.03 eV). These suggest that both defect pairs have a small bind-

ing energy, making them easy to form from single point defects. Our conclu-

sion strongly corroborates the statement by Lind et al. [60] that Si activation

in heavily-doped n-type InGaAs is not limited by chemical solubility or auto-

compensation, but by defect-complex formation with charged cation vacancies.

SiIn

SiIn-SiAs

SiIn-VIn

SiAs

VIn

Figure 4.9: Formation energies of dominant species of single point defects
and defect pairs in CuAu-I-type In0.5Ga0.5As, under In-poor
growth conditions.

4.4 Conclusions

In this paper, we have performed a comprehensive set of ab initio calculations

of formation energies of Si-induced and intrinsic single point defects in an or-

dered (CuAu-I-type) bulk In0.5Ga0.5As. We have used the purely ab initio G0W0
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method to correct the band gap underestimated by LDA DFT, thereby obtain-

ing excellent agreement with experimental band gap, and reducing the error in

defect transition levels due to an incorrect band gap. We find that Si substi-

tional defects, SiT1 interstitials, and cation vacancies are shallow defects, while

SiT2 interstitial, arsenic vacancy (VAs), and all antisite defects are deep. We ob-

serve that under all growth conditions, Si-interstitials remain difficult to form

under n-type doping, while the formation energies of other defects vary sig-

nificantly under different growth conditions. As-poor conditions are extremely

unfavorable for n-type doping, as both SiAs and GaAs participate in the charge

compensation process, and the Fermi level is pinned near valence band max-

imum. In-poor and Ga-poor conditions are much more beneficial for n-type

doping, since the formation energy of the most stable donor (SiIn and SiGa, re-

spectively) is considerably lowered compared with under As-poor conditions,

and the charge compensation effect is significantly reduced. However, in this

case the corresponding cation vacancy (V−3
In and V−3

Ga) has a formation energy

comparable to that of the Si donor. In addition, cation vacancies tend to form

pairs with the Si donor due to their small binding energy, which compensates

the donor and inhibits the n-type doping, thereby limiting the maximum net

electron concentration in InGaAs. We have predicted the maximum net carrier

concentration and Fermi level under thermal equilibrium as a function of an-

nealing temperature, and found good agreement with experimental results. We

suggest that non-equilibrium annealing process would be an effective way to

increase dopant activation.
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[26] CWM Castleton, A Höglund, and Susanne Mirbt. Density functional the-

ory calculations of defect energies using supercells. Modell. Simul. Mater.

Sci. Eng., 17(8):084003, 2009.

[27] Christoph Freysoldt, Jörg Neugebauer, and Chris G Van de Walle. Electro-

static interactions between charged defects in supercells. Phys. Status Solidi

B, 248(5):1067–1076, 2011.

[28] Ferdi Aryasetiawan and Olle Gunnarsson. The gw method. Rep. Prog.

Phys., 61(3):237, 1998.

[29] Andrea Marini, Conor Hogan, Myrta Grüning, and Daniele Varsano.
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aging the supercell approximation for charged defects in semiconductors:

Finite-size scaling, charge correction factors, the band-gap problem, and

the ab initio dielectric constant. Phys. Rev. B, 73(3):035215, 2006.

[39] Hannu-Pekka Komsa, Tapio T Rantala, and Alfredo Pasquarello. Finite-

size supercell correction schemes for charged defect calculations. Phys. Rev.

B, 86(4):045112, 2012.

[40] AA Mbaye, DM Wood, and Alex Zunger. Stability of bulk and pseudo-

morphic epitaxial semiconductors and their alloys. Phys. Rev. B, 37(6):3008,

1988.

[41] K Alavi, RL Aggarwal, and SH Groves. Interband magnetoabsorption of

in0.53ga0.47as. Phys. Rev. B, 21(3):1311, 1980.

[42] JC Woolley and BA Smith. Solid solution in the gaas-inas system. Proc.

Phys. Soc. B, 70(1):153, 1957.

177



[43] Dan Teng, Jun Shen, Kathie E Newman, and Bing-Lin Gu. Effects of or-

dering on the band structure of iii–v semiconductors. J. Phys. Chem. Solids,

52(9):1109–1128, 1991.

[44] JC Mikkelsen Jr and JB Boyce. Atomic-scale structure of random solid so-

lutions: Extended x-ray-absorption fine-structure study of ga 1- x in x as.

Phys. Rev. Lett., 49(19):1412, 1982.
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CHAPTER 5

FINGERPRINTING THE VIBRATIONAL SIGNATURES OF DOPANTS

AND DEFECTS IN A FULLY RANDOM ALLOY: AN AB INITIO CASE

STUDY OF SI, SE, AND VACANCIES IN IN0.5GA0.5AS

The work presented in this chapter is published in: H. Jia, J. Wang, and P.

Clancy, submitted to Physical Review B (2019). Part of the work is reproduced

with permission from Haili Jia.

5.1 Introduction

Dopants and defects play a major role in altering electronic and optical proper-

ties of semiconductors. In many scenarios, dopant activation of semiconductors

is limited either by the presence of charge-compensating defects, or the occupa-

tion of dopants on lattice sites that generate minority charge carriers (“ampho-

teric doping”). Insufficient dopant activation is often a bottleneck for achiev-

ing higher levels of device performance; in such situations, obtaining a detailed

picture of dopant and defect distribution in the crystal becomes critically impor-

tant. Experimentally, spectroscopic methods such as infrared (IR) spectroscopy

and Raman spectroscopy are conventionally deployed for this purpose [1, 2].

By directly probing the vibrational modes of atoms in the crystal, these meth-

ods are capable of identifying distinct local bonding configurations of dopant

atoms and defects from the frequencies and characteristics of corresponding vi-

brational modes (known as “vibrational fingerprints”). Due to the high accu-

racy of these methods, many experimental analyses utilizing vibrational spec-

troscopy have achieved great success in identifying certain dopant and defect

lattice positions in binary III-V semiconductors. [3, 4, 5, 6, 7, 8, 9]

180



In a typical semiconductor alloy, the long-range ordering of constituent

species on their common sublattice is usually not preserved, replaced by a short-

ranged or near-random fluctuation of local atomic environments. [10, 11, 12]

Such variations in local atomic configuration induce a variety of vibrational

modes at different frequencies for a substitutional dopant or defect in the al-

loy, making it difficult to accurately assign dopant and defect lattice positions

to a given mode.

Despite the multitude of experimental and computational studies of dopant-

and defect-induced vibrational modes in pure semiconductor compounds, to

date there have been limited number of studies on the dopant- or defect-

induced vibrational modes in near-random semiconductor alloys. One promi-

nent example is the resolution of preferred local bonding for nitrogen impuri-

ties in high In/Ga content InGaAs alloys. Experimental studies using Fourier

transform infrared (FTIR) spectroscopy [13, 14, 15] and Raman spectroscopy

[16, 17, 18] have measured the local vibrational modes of nitrogen in InGaAs;

however, due to random variations in the local environment, these experimen-

tal studies provide conflicting and ambiguous results. On the computational

side, numerical simulations have attempted to address the same challenge [19]

using approximate schemes such as empirical lattice dynamical models. These

models require a priori calibration with experimental data and thus are system-

dependent and lack generality and transferability. Besides, the Abell-Tersoff

semi-empirical model predictions of the extrinsic “substitution energy” of a Si

dopant on a cationic lattice site in InGaAs were found to be strongly depen-

dent on the strain induced by a local arrangement of In and Ga cationic atoms

[22]. Moreover, current state-of-the-art ab initio density functional theory (DFT)

codes often make extensive use of point group and space group symmetries for
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treating phonons in crystals,[20] which are not applicable to highly disordered

random alloys. Several ab initio computational studies of defects in alloys have

been performed. [21, 23] However, these studies only considered variations

among chemical species of nearest-neighbor atoms, while ignoring the random-

ness of atomic arrangements in the larger host crystal. They also ignored any

influence of dopants and defects on lattice structure that extends over several

shells of neighbors. A more rigorous theoretical treatment must take these cru-

cial aspects into account, while maintaining a feasible computational cost.

In this work, we present a systematic approach to modeling the vibrational

modes of impurity atoms in a random alloy. For our case study, we choose

two prototypical n-type dopants, silicon and selenium, and one prevalent com-

pensating defect, a cation vacancy, in a random InGaAs alloy. Specifically, we

use special quasirandom structures (SQS) to model a random alloy within the

framework of DFT, and real space Green’s function to calculate local phonon

density of states of a dopant or defect within an extended supercell that is be-

yond the capabilities of DFT calculation. This approach allows us to accurately

determine the local vibrational modes of defects in a random alloy directly from

DFT calculations, without any empirical parameters or extensive computational

cost. Specifically, our method reveals the key qualitative difference between

dopant and defect modes in random semiconductor alloys and in pure semicon-

ductor compounds, namely the formation of satellite peaks across a continuous

range of frequencies.[19] We will discuss the methodology in detail in Sec. 5.2

and provide results in Sec. 5.3.
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5.2 Methodology

5.2.1 Structural model of random In0.5Ga0.5As

For density functional theory (DFT) calculations, we use 216-atom cubic super-

cells of In0.5Ga0.5As containing one impurity (substitutional silicon on cation site

(SiIII), substitutional selenium on cation site (SeIII), or cation vacancy (VIII)). This

particular size is chosen, as we verified that if the impurity is placed at the center

of the supercell, the impurity strain field is almost fully contained within the cell

boundaries (above a small force threshold of 0.03 eV/Å) for all defect/dopant

species in this work. (details see Sec. 5.3.2) This is crucial since the finite-size

effect of elastic interaction between neighboring images of impurities need to be

reduced as much as possible.

The random arrangement of the cation species is modeled within the formal-

ism of special quasirandom structures. [37] We used an in-house code to gen-

erate candidate structures with minimizing the sum of cluster functions for six

clusters: pairs with first, second, third, and fourth nearest neighbor separations

on the cation sublattice, as well as triplet and quadruplets with first nearest-

neighbor separation on the cation sublattice. We use simulated annealing [38]

to find the optimal 216-atom SQS model such that the sum of cluster functions

lies below a chosen threshold of 10−2. Fig. 5.1 shows the SQS model of random

In0.5Ga0.5As we use in all subsequent calculations and analysis.

We use the plane-wave density functional code QUANTUM ESPRESSO for

all calculations in this work. We apply PBEsol functional with ultrasoft pseu-

dopotentials, with an energy cutoff of 50 Rydberg and a density cutoff of 400
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Figure 5.1: The 216-atom cubic special quasirandom structure (SQS)
model of random In0.5Ga0.5As used in this work, where yellow,
blue, and magenta spheres represent indium (In), gallium (Ga),
and arsenic (As) atoms respectively.

Rydberg. Due to the large number of expensive calculations, We use a single k-

point 2π
a ( 1

4 ,
1
4 ,

1
4 ) in order to minimize computational cost while retaining compu-

tational accuracy, as it is shown to be the most accurate single k-point sampling

for simple cubic systems [39]. We have verified that upon atomic relaxation,

this setting yields convergence of atomic forces to within 5 meV/Å. We use the

Broyden-Fletcher-Goldfarb-Shanno (BFGS) algorithm [40] for atomic and cell

relaxation while keeping the cubic symmetry of the cell, with a force criterion

of 10−3 Rydberg/Bohr and a stress criterion of 0.5 kbar. The relaxed supercell of

our In0.5Ga0.5As SQS assumes an equal side length of 16.96Å.
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5.2.2 Dynamic matrix

To calculate interatomic force constants required for analyzing phonon density

of states, we apply frozen phonon method [41] by displacing each atom within

the impurity strain field by ±0.05Å relative to its equilibrium position in each of

the Cartesian directions, with the impurity placed at the center of the supercell.

The thus calculated force constants are then used to construct the corresponding

entries of the much larger 3000 × 3000 force constant matrix for the 1000-atom

effective supercell of defective random In0.5Ga0.5As, which is in turn used in

calculation of atom-projected local phonon density of states using the real-space

Green’s function formalism. (details see Sec. 5.2.3)

A simplified picture that illustrates our formulation is shown in Fig. 5.2. We

devide all the atoms in the 216-atom defective supercell into region 1 and region

2. Specifically, region 1 is designated to consist of atoms that are close enough

to the impurity, such that their interatomic interactions are strongly influenced

by the impurity; region 2 consists of the rest of atoms whose interatomic inter-

actions remain largely unaffected by the impurity. In our calculations, region

1 consists of all atoms within the strain field of the impurity as determined by

DFT. (details see Sec. 5.3.1) We then embed this 216-atom supercell at the center

of a larger, 1000-atom cubic effective supercell of random In0.5Ga0.5As to construct

the total dynamic matrix. We denote all the atoms outside of the 216-atom su-

percell as region 3. The reason to use a larger effective supercell is that, the

size of the 216-atom supercell imposes a cutoff on the range of the interatomic

force constants, which is insufficient for real-space Green’s function to yield a

converged local phonon density of states. The total dynamic matrix, D, of the

1000-atom effective supercell can then be formally expressed in the following
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form:

D =


H1 V12 V13

V21 H2 V23

V31 V32 H3

 . (5.1)

In this representation, Hi are intra-region dynamic submatrices, describing

interactions between atom pairs both belonging to the same region; Vi j = VT
ji

are the inter-region dynamic submatrices, describing interactions between atom

pairs belonging separately to two regions i and j. Since from our previous 216-

atom DFT calculations, we have already calculated the force constants for all

pairs of atoms with at least one atom lying within the strain field of the impu-

rity (region 1, designated as “inner region”), we have determined all elements

of H1, V12 and V21. To determine the rest part of the total dynamic matrix, we

resort to virtual crystal approximation (VCA), namely treating the interatomic

interactions in regions less impacted by the impurity (regions 2 + 3, designated

as “outer region”) as the corresponding interatomic interactions within a homo-

geneous medium of random In0.5Ga0.5As. The VCA force constants are calcu-

lated by averaging the force constants of bulk GaAs and of bulk InAs, and then

mapped onto the corresponding lattice positions of the 1000-atom effective su-

percell using space group symmetry operations. Note that since the impurity is

sufficiently far from any atom in region 3, we can effectively approximate the in-

teratomic force constant between the impurity and any atom in region 3 as zero.

This treatment has minimal impact on the local vibrational modes of the im-

purity, but is necessary in order to construct the larger dynamic matrix needed

for proper convergence in real-space Green’s function method. Finally, we sym-

metrize D by iteratively applying the force constant sum rules together with the
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diagonal symmetrization procedure. [41] Our formalism effectively reduces the

heavy computational cost of phonon calculations, while retaining the required

accuracy for the local vibrational spectrum of the impurities. We note that our

approach is similar to the “combined dynamic matrix” method proposed by Shi

and Wang. [42] In all of our calculations, we use the charge-neutral dopants

and defects, since the Coulomb interactions between the supercell images are

long-ranged and therefore requires special treatment in phonon calculations.

[43] Experimentally, it is found that the vibrational modes of charged shallow

dopants (such as Si and Se) are only slightly different from those of the neutral

ones, as the dopant charge is delocalized throughout space. [44] The vibrational

modes of deep-level defects (such as cation vacancies) can shift by as much as

several tens of cm−1 under different charge states [44], but this effect does not

modify our qualitative conclusions (see Sec. 5.3.3 and Sec. 5.4).

5.2.3 Local phonon density of states from real-space Green’s

function

To calculate the vibrational density of states in a crystalline solid, the conven-

tional approach is to uniformly sample a sufficient number of k-points in the

Brillouin zone. The vibrational density of states can then be constructed either

from the sum of states over eigenvalues and k-points, or from the imaginary

part of the trace of the static lattice Green’s function. However, for defective

crystals, this approach is not practical, since the real-space “unit cell” must be

large enough to minimize interactions between periodic images of the defect,

which renders such method prohibitively expensive. On the other hand, ran-
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dom crystals are characterized by their local environments, instead of periodic-

ity. This suggests that the optimal method should take advantage of the locality

of the atomic interactions in the real space, rather than the periodicity of the

supercell.

Based on these considerations, we choose to use the real-space Green’s

method [45] that is particularly suitable for treating large disordered systems.

With the total dynamic matrix D calculated following the procedure in Sec. 5.2.2,

we can construct the real-space Green’s function, G, defined as [46]

G = (ω2I − D)−1. (5.2)

where ω is the phonon frequency, and I is the identity matrix with same dimen-

sions as D. This expression is of little practical use, as inversion operation on

a large matrix such as D is infeasible to compute. On the other hand, since D

is symmetric by construction, we can use Haydock’s recursion method [47] to

transform D to a tridiagonal matrix D̃. From there, we can easily construct the

diagonal elements of the Green’s function by a continued fraction expansion

using entries of the tridiagonal D̃, [48] and obtain the local phonon density of

states (LPDOS) of the defect using the spectral expression: [49]

g(ω, rα) = 2ω

−1
π

lim
ε→0+

Im
3∑

j=1

Gα j,α j(ω2 + iε)

 (5.3)

where Gα j,α j(ω2 + iε) is the real space Green’s function for atom α in direction j.
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Figure 5.2: Schematic illustration of the total dynamic matrix for phonon
calculations in this work. The 1000-atom effective supercell of
random In0.5Ga0.5As is divided into three regions, whose intra-
region and inter-region dynamic submatrices are defined as Hi

and Vi j respectively. (described in Sec. 5.2.3)

5.3 Results

5.3.1 Local atomic environments

The vibrational signature of a substitutional dopant or defect (henceforth called

an “impurity”) in a random crystal is strongly affected by its local atomic envi-

ronment, as its interatomic interaction with different species of atoms generally

have different strengths. An impurity can sit on either group III lattice sites or

group V lattice sites in InGaAs. We searched and recorded the local environ-

ments throughout the 216-atom quasirandom supercell of random In0.5Ga0.5As,

described by the number of In and Ga atoms in the nearest group III sites of the

unrelaxed lattice. The results of the local environments for group III sites and

group V sites are shown in Fig. 5.3.

Based on these results, we made the assumption that we can ignore any local

environment with a ¡2% probability of being substituted by a defect. Based on
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Figure 5.3: Local environments for group III and V sites in a 216-atom
quasirandom supercell of In0.5Ga0.5As. For the histogram on
the left, (x, y) on the bottom represents the local environment in
which x In atoms and y Ga atoms reside in this kind of group
III/V site’s second nearest neighbors, and the number on each
bar represents the number of occurrences (108 in total).

this assumption, we were able to mark six local environments for a group III site

defect (Si and vacancy) and seven local environments for a group V site defect

(Se and Te), which are considered subsequently for vibrational calculations.

5.3.2 Strain field induced by dopants and defects

Introducing an impurity into a pristine crystal reshapes the electrostatic inter-

actions and atomic force constants in the neighborhood of the impurity. As a

consequence, a strain field is created, defined as the force response of each atom

on the relaxed pristine lattice due to the presence of the defect. In DFT simula-

tions of periodic crystals, if the strain field of the impurity is not fully contained

within the supercell, elastic interactions between image impurities could occur,

which introduces a finite-size error to the calculated phonon spectrum. Further-

more, the interatomic force constant between any two atoms within the strain

field of the defect may be different from the bulk value due to the change in
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local lattice geometry. As a result, in order to accurately study the vibrational

properties of an impurity, we must ensure that the supercell size is sufficiently

large to fully contain the strain field of the impurity. The impact of the strain

field surrounding the impurity on the interatomic force constants must also be

fully taken into account in the DFT calculations.

In this work, we study three kinds of substitutional defects: SiIII, VIII (cation

vacancy) and SeAs (subscript III denotes group III atom (In/Ga)). We use a force

criterion of 0.03 eV/A to determine if a particular atom lies within the strain

field of the impurity. We verified that for all three impurities and all local atomic

environment considered in this work, all atoms within the strain field are fully

contained within the 216-atom supercell boundary.

Figure 5.4: XY-plane projected strain fields for three types of defects
(SiIII, VIII, SeAs) for selected local atomic environments in
In0.5Ga0.5As, with blue dots representing In/Ga atoms and red
dots representing As atoms. Each arrow represents the direc-
tion and relative magnitude of force on each atom. A few atoms
are shown with more than one arrow due to overlapping, and a
few atoms have no arrow since the defect does not stress them
in the XY-plane.

Fig. 4 shows the strain fields of selected local atomic environments for all
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three impurities considered, projected onto the XY-plane. Specifically, SiIII ex-

hibits an ellipsoidally symmetric compressive field. This field induces strain on

30 surrounding atoms (reaching out to its fifth nearest neighbors), as shown in

the leftmost picture of Fig. 5.4. Three of the four first nearest neighbors of the

defect moved towards the Si dopant atom, while the remaining atom stays in

its original position due to geometrical reasons. The presence of Si creates an

off-center ion in which its equilibrium position is shifted away from the original

lattice site. This is because Si is much smaller than the regular group III ions

that it replaces (the atomic radius of Si is rSi = 1.11Å, compared to rIn = 1.42Å

and rGa = 1.22Å [50]). Consequently, this significantly weakens the repulsive

forces between the impurity ion and its nearest neighbors that stabilize the ion

at a regular site.

The strain field around a VIII defect also exhibits ellipsoidal symmetry. On

the other hand, VIII exerts a stronger and more isotropic compressive field with

less symmetry reduction than that created by SiIII. The vacancy compressed

around 55 atoms, extending its influence out to its sixth nearest neighbors. Sim-

ilar to the Si-induced case, three of the vacancy’s four first nearest neighbors

moved significantly towards the unoccupied site, while the remaining atoms

remain in their original positions.

Unlike the case for the two defects mentioned above, the strain field around

a SeAs defect is asymmetric and more dispersive. Se creates a long-range tensile

strain field which distorts the zincblende structure and reduces the symmetry

of tetrahedral bonds to a greater extent than either Si or vacancy. Atoms in a Se-

doped crystal are more likely to shift towards one particular direction (+y). This

can be understood by the fact that, in binary compounds such as InSe, selenium
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atoms tends to form a wurtzite structure, which is non-centrosymmetric, unlike

the tetrahedral bonds in a zincblende lattice. [51]

5.3.3 Local Phonon Density of States

Method Validation

As mentioned in section 2.2, we determine the intra-region force constants by

displacing every atom within the defect’s strain field. Empirically, all the atoms

within the defect’s first three nearest neighbor shells may have non-negligible

effects on the local density of states of the defect. But we noticed that insertion

of the impurity does not stress all the atoms inside these three shells. This is

caused by the fact that the strains imposed on the host atoms may balance some

forces bring by the presence of the defect. Thus, some atoms that are not stressed

by the defect may still have non-negligible interatomic interactions with the

defect. To ensure we have considered all non-negligible interatomic interactions

in our calculations, we compute a few more displacement jobs for those “non-

overlapping” atoms (that is, atoms within the defect’s third-nearest-neighbor

distance but not inside the defect’s strain fields). Since Si has the most non-

overlapping atoms, compared to the other cases we studied, we conduct a test

calculation to examine the contribution of those non-overlapping atoms to the

LPDOS of the defect.

As shown in Fig. 5.5, the results confirm our assumption that it is unnec-

essary to calculate additional displacement jobs for the non-overlapping atoms

since it will not change the local vibrational modes of the defect. The two curves

shown have very similar shape with local modes (peaks) occuring at nearly the
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Figure 5.5: The local phonon density of states (LPDOS) of Si in quasiran-
dom InGaAs under a specific local environment in which 4 In +
8 Ga atoms are located on group III sites of the first three near-
est neighbor shells of Si. The blue line shows the LPDOS ob-
tained by displacing the atoms in the defect’s strain field plus
all other atoms within the defect’s third-nearest-neighbor dis-
tance. The orange curve represents the LPDOS obtained by
displacing atoms in the defect’s strain field only.

same frequencies. This validates our method that displacing atoms within the

defect’s strain field only brings accurate results can save significant computa-

tional cost without sacrificing accuracy.

Sensitivity Analysis

To study how uncertainty in the force constants affects the vibrational density

of states, we conduct several sensitivity tests based on a Gaussian process in

which random variables have a multivariate distribution. Specifically, this dis-

tribution is a joint distribution of all those random variables and, as such, it

depicts a distribution over functions with space. Thus, in our case, this process

is a homogeneous (stationary and isotropic) process with zero mean, and the co-

variance function depends only on the Euclidean distance between each atom

and the defect. We implement the Gaussian process module from scikit-learn

(v0.20.1) [52] to add noise to the force constants of each pair of atoms.
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Figure 5.6: Local phonon density of states of Si in quasirandom InGaAs
under a specific local environment in which 6 In + 6 Ga atoms
are located on group III sites of the first three nearest neighbor
shells of the Si atom. The orange lines show the result obtained
from force constants with the application of 0.001/0.005/0.01
(in Rydberg atomic units) of noise, while the blue lines show
the results without noise.

The results, shown in Fig. 5.6, provide evidence that our model has robust

confidence and that local vibrations remain unchanged even when the intro-

duced noise on the force constants is as high as 0.005 in Rydberg atomic units.

In particular, if the uncertainty of force constants is 0.001, the vibrational den-

sity of states perfectly matches the results without noise. Local vibrations start

to exhibit minor inconsistencies with the original output when the introduced

noise is 0.005, shown in the middle plot of Fig. 5.6, while the peaks still occur at

the same frequencies. These results confirm the robustness of our approach.

Binary cases: Local phonon density of states of defects in GaAs and InAs

To validate our method, we first apply our method to calculate the local phonon

density of states for defects in binary alloys: GaAs and InAs. Our results, as

shown in Fig. 5.7 and Fig. 5.8, are in good agreement with the existing experi-

mental data. Specifically, the calculated vibrational modes of Si occur at 12.124

and 10.762 THz in GaAs and InAs, while the experimentally observed absorp-
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tion peaks occur at 11.512 [6] and 10.763 THz, [7, 8] respectively. For SeV, the

peaks of local phonon density of states in GaAs and InAs occur at 9.181 and

8.010 THz. The vibrational modes of the vacancy’s first-NNs are all resonant

states where the peaks occur at frequencies ranging from 3.503 to 5.627 THz

and 3.073 to 3.912 THz, respectively, in GaAs and InAs alloys.

We showed that our methodology gives a quantitatively good description of

phonon modes and these results will be our reference in the following subsec-

tions to interpret the vibrational properties of defects in a random host crystal.

Figure 5.7: Local phonon density of states of SiIII, SeV and VIII in ordered
GaAs and InAs. The coordinates of the highest peak (x, y) un-
der each scenario are shown in red, where x represents the fre-
quency in THz and y represents the intensity (dimensionless).

Local phonon density of states of SiIII

The local phonon density of states of SiIII in the quasirandom In0.5Ga0.5As alloy

are shown in Fig. 5.9 for all the local environments considered. Since the first

nearest neighbors of Si, which have the most significant interations with the
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Figure 5.8: Local phonon density of states of a cation vacancy’s first four
nearest neighbors in ordered GaAs and InAs. The coordinates
of the highest peak (x, y) under each scenario are shown in red,
where x represents the frequency in THz and y represents the
intensity (dimensionless).

defect, are all occupied by As atoms, the peaks in different local environments

occur at similar frequencies. Specifically, the most intense vibrations occur at

11.492, 12.075, 10.964, 10.860, 11.389 and 11.544 THz, respectively, in each lo-

cal environment. As expected, all the obtained vibrational modes of SiIII in a

quasirandom In0.5Ga0.5As alloy occur at frequencies between 10.762 THz and

12.123 THz, corresponding respectively to the frequency of SiIn in InAs and that

of SiGa in GaAs based on the results of our control group. We observe that when

the number of Ga atoms equals, or is close to, the number of In atoms in the

Si atom’s neighborhood (within 3rd-NN distance), the peak occurs at a lower

frequency. Besides, we do not see a specific pattern of vibrational modes with

an increasing number of In/Ga atoms in Si’s neighborhood. These indicate that

the phonon modes of Si in random III-V alloy does not depend very sensitively

on the nearest-neighbor atom species.

The local vibrational modes of Si’s first nearest neighbors and a “bulk” atom

(an atom which sits in the virtual crystal and is far from the defect) are shown

in Fig. 5.10. The phonon modes of the bulk atom exhibit the global vibrations of

the quasirandom In0.5Ga0.5As crystal since this atom has negligible interactions
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Figure 5.9: Local phonon density of states of SiIII in quasirandom InGaAs
in all possible local environments (LE). Specifically, LE1, LE2,
LE3, LE4, LE5, and LE6 represents there are 8In + 4Ga, 7In +
5Ga, 6In + 6Ga, 5In + 7Ga, 4In + 8Ga, and 3In + 9Ga, respec-
tively, occupying group III sites in the first three nearest neigh-
bor shells of Si. The coordinates of the highest peak (x, y) under
each local environment are shown in red, where x represents
the frequency in THz and y represents the intensity (dimen-
sionless).

with the defect. We can clearly see that the insertion of Si breaks the symmetry

and disrupts the global vibrations. All four nearest neighbors react strongly to

this interruption and show similar phonon modes with those of SiIII. The local

modes in all scenarios occur at frequencies ranging from 10.3 to 11.8 Thz. One

of the four first nearest neighbors in each scenario, such as the one shown in the

upper right plot in Fig. 5.10, displays weak vibrations (reflected as low inten-

sity). It does not respond as strongly as the other three first nearest neighbors

to the introduction of Si, which is consistent with our results for the strain fields

(one atom is not strained by the defect), as discussed in Sec. 5.3.3.
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Figure 5.10: Local phonon density of states of SiIII’s first four nearest
neighbors and a bulk atom in quasirandom InGaAs under a
specific local environment in which 6 In and 6 Ga atoms are
located on the III sites of the first three nearest neighbors of Si.

Local phonon density of states of SeAs

The local phonon density of states of SeAs in the quasirandom In0.5Ga0.5As alloy

are shown in Fig. 5.11 for all the local environments considered. Compared to

the vibrational modes of SiIII, those of SeAs depend more sensitively on the local

environment in both frequency and intensity due to variations of its first nearest

neighbors in different scenarios. We notice that when the first-NN shell sites are

all occupied by In atoms and most of the third-NN shell sites are occupied by Ga

atoms (such as LE1 and LE2), the most intense peaks occur inside the range of

the vibrational frequencies of the host lattice, making them resonant states. This

may be because the difference in covalent radius of Se and As is much smaller

when compared to In than when compared to Ga (rGa = 1.26Å, rIn = 1.44Å [50]).

Hence the lattice structure around the Se dopant is similar to a central As atom

with In atoms as all first-NNs, As atoms as all second-NNs and Ga atoms as all

third-NNs, which makes the local structure ordered and SeAs showing stronger
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Figure 5.11: Local phonon density of states of SeAs in quasirandom InGaAs
under all possible local environments, LE1, LE2, LE3, LE4,
LE5, LE6, and LE7 correspond to 5In + 11Ga, 6In + 10Ga, 7In
+ 9Ga, 8In + 8Ga, 9In + 7Ga, 10In + 6Ga, and 11In + 5Ga, re-
spectively, occupying group III sites in the first three nearest
neighbor shells of Se.

global vibration. Under this circumstance, with the increasing number of In

in the third-NNs, the local structure becomes more disordered and Se shows

relatively stronger local vibrations, which is reflected from the much weaker

global vibration ad more evident peaks in local frequency zone in LE2 compared

to LE1. Particularly, the peaks occur at 4.487 and 4.176 THz (stronger global

vibrations) under LE1 and LE2; and 7.606, 6.680, 7.814, 6.041, and 7.358 THz

(stronger local vibrations) under LE3-LE7, respectively. Comparing with our

binary group results, these peaks occur at slightly lower frequencies than that

in an ordered host lattice. Since more energy (a higher frequency) is required to
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vibrate a stronger bond, our results suggest that the bond strengths between Se

atom and host atoms in the random lattice are weaker than those in an ordered

lattice.

Since local atomic environments involve random atomic arrangements, mul-

tiple vibrational modes are observed even for the same type of neighboring

atoms of the defect. The intensity of SeAs’s vibrations is much lower than that of

SiIII due to its larger atomic mass (mSi = 28.08 amu, mSe = 79.92 amu [53]) and its

similar covalent radius to As (rSe = 1.16Å, rAs = 1.19Å [50]). These peaks occur

at lower frequencies than those in the Si case, which is consistent with empirical

research in which the vibrations of heavier defects result in lower frequencies.

The local vibrational modes of the first nearest neighbors of Se and a bulk

atom are shown in Fig. 5.12. The most intense peaks in different local environ-

ments occur at frequencies ranging from 9.2 to 10.7 THz. The peaks of these first

nearest neighbors shift to higher frequencies compared to that of the defect. In

contrast to the results of Si case, three of four nearest neighbors of Se still have

some global oscillations reflected as smaller peaks in the low-frequency zone.

As expected, the bulk-like atom shows similar phonon density of states curves

to those for the Si case.

Local phonon density of states of VIII

The local phonon density of states of a cation vacancy’s first nearest neighbors

in the quasirandom In0.5Ga0.5As alloy are shown in Fig. 5.13 for all the local

environments considered.

All the first nearest neighbors show a complex distribution of local vibra-
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Figure 5.12: Local phonon density of states of SeAs’s first four nearest
neighbors and a bulk atom in quasirandom InGaAs under a
specific local environment where there are 8 In and 8 Ga atoms
within Se’s first three nearest neighbor shells.

Figure 5.13: Local phonon density of states of a cation vacancy’s first four
nearest neighbors and a ’bulk’ atom in quasirandom InGaAs
under two specific local environments. LE1, LE2, LE3, LE4,
LE5 and LE6 refer to cases considering 8In + 4Ga, 7In + 5Ga
and 6In + 6Ga, 5In + 7Ga, 4In + 8Ga and 3In + 9Ga, respec-
tively, occupying group III sites in the vacancy’s first three
nearest neighbor shells.
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tions, to different extents, in addition to global vibrations, as shown by the

varying intensities of the bulk-like peaks in the LPDOS. Comparing with all

first-NNs of vacancy show resonant modes in both GaAs and InAs cases, we

find that local vibrations arise due to the disordered atomic arrangements in

quasi-random InGaAs. Unlike the cases for dopants where localized modes

often show higher intensities compared to bulk-like modes, global vibrations

are more pronounced relative to local vibrational modes in the first nearest-

neighbor projected modes. This is mainly because in the case of vacancy, there

is no impurity atoms to which the nearest-neighbor atoms are bonded; hence the

local vibrational modes related to the impurity atom are not present. A vacancy

removes less local lattice symmetry compared to Si and Se and this is also re-

flected in a more symmetrical strain field, shown in Section 3.1. The vibrational

signatures of the cation vacancies suggest that the presence of such defects in a

random InGaAs would introduce a noisy “background” of signals on top of the

more distinguishable peaks of the dopants such as Si and Se.

5.4 Conclusions

The novel computational approach presented in this paper allowed us to de-

termine the vibrational signatures of single-atom dopants/defects in a random

alloy with fully ab initio accuracy. The impact of this approach is that it provides

a way to predict the distinctive vibrational signatures of dopant/defect species

in the random alloys commonly observed in experiments. These vibrational

signatures may then serve as a guide for experimentalists to assess the dopant

activation efficiency of novel doping schemes for alloys such as InGaAs. Our

calculations take into account all possible local environments for a defect site in
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a random alloy, which is of great importance for highly disordered system but

which have not been performed in previous studies due to the computational

difficulty. We demonstrate that our methodology provides a quantitative good

description of phonon modes by the excellent agreement between our binary

alloy results and the experimental data.

For our case study, we consider two prototypical n-type dopants, silicon

and selenium, and one prevalent compensating defect, the cation vacancy, in

a random In0.5Ga0.5As alloy. We demonstrated (and visualized) the strain fields

and vibrational modes of these defects. We find that a random alloy introduces

strong variations in the vibrational mode of the dopant/defect and the degree

of dependence of dopant/defect vibrational modes on the local atomic arrange-

ment varies across impurity type. Besides, comparing with the results from

binary alloys, we find that the phonon mode of dopant/defect in a ternary al-

loy like InGaAs tends to occur at an intermediate frequency of the binary cases

(GaAs and InAs), and the local phonon density of states typically have more

satellite peaks. In addition, we find that the local vibrational modes of Si un-

der all possible local environments occur at frequencies higher than that of host

atoms, ranging from 10.9 to 12.1 THz. On contrary, Se can exhibit resonant vi-

brational modes for some local configurations and the most intense peak occur

at very low frequencies ranging from 4.2 to 4.5 THz, while for other local config-

urations, the vibrational modes occur at higher frequencies (6.0 to 7.8 THz) than

that of host atoms, assuming localized characters. Compared to that of Si and

Se, the nearest neighbors of a vacancy respond much more weakly to the defect

center. More than half of the vacancy’s first nearest neighbors show stronger

global oscillations than local vibrations, while all the nearest neighbors of Si and

Se react strongly to the insertion of the defect and show dominant local vibra-
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tions. Our study reveals the significant influence of random local environments

on the vibrational signature of impurities in solids, and our method opens the

door to investigating such phenomenon in crystalline materials.
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CHAPTER 6

AB INITIO STUDIES OF CONTACT RESISTIVITY OF ALLOYED AND

NON-ALLOYED NI/IN1−XGAXAS CONTACT

The work presented in this chapter originates from the author’s work during

his internships at IBM T. J. Watson Research Center.

NOTE: The results presented in this chapter is affected by a known bug in the

simulation software ATK QuantumWise (version 2017.0), and hence the exact

numbers are not reliable. Only the trends are meaningful.

6.1 Introduction

As the dimensions of transistors shrinks below 10nm according to Moore’s law,

[1] the device performance becomes limited by multiple materials-dependent

factors. One of the major performance-limiting factors is the (specific) contact

resistivity, defined as the partial derivative of the voltage with respect to the

current density evaluated at zero current limit. The contact resistivity is a quan-

titative, area-independent measure of the ability to conduct electron flow across

an interface. Contact resistivity is a major source of parasitic resistance in an

electronic device, which limits the extent of ON current for a given voltage, and

in turn the ratio of Joule heating over total power consumption. Such a problem

must be overcome for nanometer-scale devices in order to make them practical

in very-large-scale integrated circuits.

III-V materials such as InGaAs have been heralded as a promising candi-

date for use in future transistors, mainly due to its high electron mobility com-

pared to silicon. Nevertheless, the metal-InGaAs contact has not yet achieved

210



the 10−9Ω-cm2 requirement for contact resistivity as of today, which severely

limits the potential of wide-scale industrial deployment of InGaAs in transis-

tor applications. [2] Although there exists several experimental realizations of

low-resistivity metal-InGaAs contacts with different metals [3, 4, 5, 6], as well as

computational studies on the ideal lower (Landauer) limit of metal-III-V contact

resistivity based on generic quantum mechanical arguments [7], a systematic

approach to improve the contact resistivity taking into account multiple param-

eters has, to our best knowledge, yet to be conducted.

In this work, we aim to gain a comprehensive understanding of the impact

of materials-dependent factors on the contact resistivity of metal/III-V inter-

face. Specifically, we consider five different knobs: composition of In1−xGaxAs,

surface termination of In(Ga)As, doping in In(Ga)As, presence of compositional

grading in In1−xGaxAs, and presence of metal-semiconductor alloying. Using

ab initio atomistic modeling based on non-equilibrium Green’s function (Sec.

3.5.3) method, we separate the effect of each factor in a controlled manner. Such

an approach is critical in gaining a detailed roadmap towards optimization of

contact resistivity of metal/III-V systems.

6.2 Methods

To model the metal-semiconductor contact, a standard two-terminal device con-

figuration is used. This type of device configuration consists of a “central” re-

gion sandwiched in between two “electrode” regions. (Fig. 3.20) Specifically, the

left electrode regions contain the metal, the right electrode region contains the

semiconductor, and the central region contains the metal-semiconductor inter-
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Figure 6.1: Surface unit cells and two-probe device configurations of Ni-
GaAs and Ni-InAs used in the simulation, with As and In/Ga
termination for both configurations.

face. This setup assumes periodic boundary conditions for the electrodes, hence

the electron density of each electrode is replicated ad infinitum in the open end

direction. The electrodes are chosen to have lengths of ∼ 10 − 20Å (minimum-

length unit cell allowing periodicity), and the central region is chosen to have

length of ∼ 150Å. (Fig. 6.1) The relatively long length of the central region is

crucial to ensure that the interfacial band bending on the semiconductor side is

completely screened out within the right electrode.

All calculations in this work are performed with density functional theory

(DFT) using the software ATOMISTIX TOOLKIT version 2017.0 [8]. The Kohn-

Sham wavefunctions are linearly expanded in the SG15 double-ζ basis set with

medium accuracy. The electron density mesh cutoff is set to be 100 Hartree, or

2.7× 103 eV for convergence of numerical results. The semiconductor right elec-
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trode is constructed by extracting a bulk portion of a surface slab in a particular

orientation (in this case, (001)). The metal left electrode is constructed by the

same procedure, plus an additional constrained geometry optimization proce-

dure where the transverse lattice vectors are strained and fixed to be equal to

those of the semiconductor electrode. For each specific orientation of the semi-

conductor, we choose the cross-sections of the metal and the semiconductor so

that the absolute value of lattice mismatch of the bulk metal relative to the bulk

semiconductor is less than 3% in both transverse directions, corresponding to

the experimental criteria of stable interface with minimal occurence of misfit

dislocations. Once the metal and the semiconductor electrodes have been fully

relaxed, we relax the central region by imposing a rigid condition (i.e. fixing the

internal degrees of freedom) on the outermost three (six) atomic layers of metal

(semiconductor) electrode, while allowing the other atoms to optimize their po-

sitions through the BFGS algorithm, until the residual force on each atom be-

comes less than 0.05 eV/Å. For geometry optimization, the PBEsol functional

[9] is used to obtain an accurate geometry for the metal-semiconductor inter-

face; a Monkhorst-Pack k-point mesh with density ∼ 4Å is used for the left

electrode, and a k-mesh of 3 × 3 × 1 is used for the central region (one k-point in

the transport direction).

The device simulation is performed with the density functional theory

(DFT)-based non-equilibrium Green’s function (NEGF) method, which is a

widely used method for simulating ballistic transport based on Landauer-

Büttiker formalism. (Sec. 3.5.3) In order to simulate the realistic device, a dop-

ing concentration corresponding to experimentally relevant values (1 × 1019-

1 × 1020cm−3) in InGaAs is introduced inside the semiconductor region. The

doping is implemented by an effective scheme where atomically localized elec-
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tron densities corresponding to the doping concentration are uniformly added

in the semiconductor region.

For transport calculations, the meta-GGA functional TB09-MBJ [10, 11] is

used to obtain the correct band gap; a Monkhorst-Pack grid of 6×6×150 is used

for all configurations, as a very dense k-point grid in the transport direction for

the electrodes is required for the transmission coefficient T (E) to converge. The

definition of contact resistance at the metal-semiconductor interface is

Rc = Rdev − Rmetal − Rsemi, (6.1)

where Rdev, Rmetal, and Rsemi denote the resistance of the full two-terminal device,

the intrinsic resistance of bulk metal, and the intrinsic resistance of bulk semi-

conductor, respectively. As the resistivity of a typical metal is several orders of

magnitude lower compared to that of the semiconductor, we may approximate

Rc by

Rc = Rdev − Rsemi, (6.2)

Rdev is readily calculated from the device transmission coefficient T (E) obtained

from the central region’s Green’s function GC (Eq. 3.72) at zero-bias limit, as:

Rdev =

[
2e2

h

∫
dE Tdev(E)

(
−
∂ f
∂E

)]−1

, (6.3)

where f (E) is the Fermi-Dirac distribution. Rsemi, on the other hand, can be ob-

tained by a direct bulk transmission simulation of the semiconductor electrode.

6.3 Results

As a case study of the Nickel/InGaAs interface, five independent factors are

taken into account: (1) semiconductor alloy composition; (2) semiconductor sur-
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face termination; (3) doping concentration in semiconductor; (4) semiconductor

compositional grading; (5) metal-semiconductor alloying.

6.3.1 Semiconductor alloy composition

As a ternary compound, In1−xGaxAs crystals may assume any composition rang-

ing from GaAs to InAs. Even though In0.53Ga0.47As is the most common variant

of InGaAs for its perfect lattice match with indium phosphide (InP) substrate,

other compositions such as In0.3Ga0.7As are also used in electronic devices. In

our case study, we choose four different compositions along the GaAs-InAs

tie line: GaAs, InAs, In0.5Ga0.5As, and In0.3Ga0.7As. An orientation of (100) is

used for all four InGaAs compositions. Furthermore, a doping concentration of

1 × 1019cm−3 is used for all four configurations.

Fig. 6.1 shows the cross-sections of the semiconductors and their respec-

tive metal electrodes, as well as the device configurations used in the transport

simulation for GaAs and InAs semiconductors. As the lattice constant of InAs

(6.06Å) is 7% larger than the lattice constant of GaAs (5.65Å), it is crucial to

choose different surface unit cells for the metal in order to maintain minimal

strain with the semiconductor surface. As shown in Fig. 6.1, for the (2 × 2)

unit cell of GaAs (InAs), the minimal-strain surface unit cell for Nickel is the

(
√

10 ×
√

10)R18.4◦ ((
√

13 ×
√

13)R33.7◦) in Wood’s notation, respectively. This

leads to a compressive strain of 3.23% and 2.38%, respectively, both below the

4% threshold.

The local densities of states (LDOS) of the Ni/In(Ga)As(100) contact at equi-

librium (zero bias) condition are plotted in Fig. 6.2. The most noticeable features
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Figure 6.2: The local density of states (LDOS) for: (a) Ni/GaAs(100)
(As-terminated); (b) Ni/GaAs(100) (Ga-terminated); (c)
Ni/InAs(100) (As-terminated); and (d) Ni/InAs(100) (In-
terminated).

of these plot are the strong band bending at the Ni/GaAs(100) interface, and

the lack thereof at the Ni/InAs(100) interface. According to the Schottky-Mott

rule, [12, 13] without taking into account the interfacial Fermi level pinning, the

amount of semiconductor band bending, or the Schottky barrier height (SBH), is

given by the difference between the work function of the metal φM and the elec-

tron affinity of the semiconductor χSC. As χGaAs = 4.07eV and χInAs = 4.90eV, [14]

it is evident that the SBH of GaAs should be higher than that of InAs with any

metal, to which our simulation results agree. This difference in the magnitude

of SBH results in the considerable difference in the specific contact resistivity

(Table 6.1): while the contact resistivity of Ni/InAs system lies on the order

10−9Ω-cm2, the contact resistivity of Ni/GaAs system lies at least two orders of

magnitude higher.
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Figure 6.3: The transmission spectrum and local density of states
(LDOS) for: (a) Ni/In0.5Ga0.5As(100) (As-terminated); (b)
Ni/In0.3Ga0.7As(100) (As-terminated).

Last but not least, we focus on two more technologically relevant intermedi-

ate compositions: In0.5Ga0.5As and In0.3Ga0.7As. In order to investigate the effect

of the composition only, we fix the surface termination to arsenic (As) layer for

both configurations. The calculated LDOS are shown in Fig. 6.3. The SBH due

to band bending of In0.3Ga0.7As is significantly smaller than that of GaAs, but

still greater than that of In0.5Ga0.5As. The contact resistivity, as a consequence,

follows the same trend (Table 6.2): as the indium concentration increases, the

contact resistivity decreases.

6.3.2 Semiconductor surface termination

The atomic termination of a surface directly determines the chemical properties

of the surface. In particular, different surface terminations for the semiconduc-

tor result in different bonding charge distribution when interfaced with metal,

which leads to distinct transmission characteristics and specific contact resistiv-

ities.
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This general rule is best illustrated by the difference in specific contact re-

sistivity of Ni/(As-terminated GaAs(100)) and Ni/(Ga-terminated GaAs(100))

interfaces. (Table 6.1) From Fig. 6.2, it is clear that this difference in ρc is a direct

consequence of the degree of band bending at the interface; for Ga-terminated

GaAs(100) surface, the SBH is higher than for As-terminated GaAs(100) surface

when interfaced with Ni (by about 0.2 eV). This difference in SBH cannot be ex-

plained by the Schottky-Mott rule alone, as the electron affinity of both the metal

and the semiconductor are fixed. Rather, it is attributed to the presence of metal-

induced gap states (MIGS) [15, 16] resulted from the exponentially-decaying

metallic wavefunctions into the band gap of the semiconductor near the in-

terface boundary. For the Ga-terminated GaAs(010) surface, the MIGS comes

mainly from the metallic Ni-Ga bonds; compared with the Ni-As bonds for the

As-terminated GaAs(100) surface, the Ni-Ga bonds contribute more wavefunc-

tions to the MIGS states, resulting in a greater extent of Fermi level pinning

and hence a lower Fermi level EF relative to the conduction band edge at the

interface.

On the other hand, for InAs, the contact resistivities are almost equal for

the As-terminated and the In-terminated InAs(100) surface. This could be at-

tributed to the fact that the Fermi level lies just 10 meV above the conduction

band for GaAs, but 300 meV above the conduction band for InAs, due to the

significantly lower energy level of the conduction band edge of InAs compared

to that of GaAs. [17] This implies that the Fermi level would not be pinned by

the mid-gap MIGS states for metal-InAs interface, in contrast to the metal-GaAs

interface, as indicated by experimental measurements. [18]
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ρc (Ω-cm2) Ni/GaAs (100) Ni/InAs (100)
As-terminated 4.24 × 10−7 3.28 × 10−9

Ga/In-terminated 4.24 × 10−5 3.42 × 10−9

Table 6.1: Specific contact resistivity of commensurate Ni/GaAs(100) and
Ni/InAs(100) interface, with different surface termination on
the semiconductor side at 1 × 1019cm−3 active doping concen-
tration.

ρc (Ω-cm2) Ni/InAs (100) Ni/In0.5Ga0.5As (100) Ni/In0.3Ga0.7As (100)
As-terminated 3.28 × 10−9 5.20 × 10−9 1.45 × 10−8

Table 6.2: Specific contact resistivity of commensurate Ni/In1−xGaxAs(100)
at three different compositions: InAs, In0.5Ga0.5As, and
In0.3Ga0.7As, with As termination at 1 × 1019cm−3 active doping
concentration.

6.3.3 Doping concentration in semiconductor

Doping is one of the most effective factors that determines the contact resistance.

For Ohmic contacts, the contact resistivity ρc is negatively correlated with the

doping concentration Nd via the relation ρc ∝ exp(N−1/2
d ) (Eq. 2.11). For this study,

we choose InAs as the semiconductor, as we have shown that ρc of Ni/InAs

interface is almost independent of the surface termination. We investigate

selected experimentally relevant doping concentrations, namely 1 × 1019cm−3,

2 × 1019cm−3, 4 × 1019cm−3, 6 × 1019cm−3, 8 × 1019cm−3, and 1 × 1020cm−3.

The results are shown in Fig. 6.4. It is clear that ρc of Ni-InAs interface fol-

lows the correct decreasing trend as the doping concentration in InAs increases.

As the doping concentration approaches the 1 × 1020cm−3 limit, the decrease of

ρc slows down exponentially, and ρc reaches the ITRS threshold of 1×10−9Ω-cm2

at Nd ≥ 6 × 1019cm−3. The calculated trend and values agree well with those
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Figure 6.4: Contact resistivity (ρc) of Ni/InAs interface as a function of ac-
tive doping concentration Nd in InAs. (b) is reproduced from
Fig. 3(c), [19].

of previous simulations of the Landauer limit of ρc for InAs. [19, 7] Accord-

ing to these simulations, the Landauer-limit contact resistivity of In0.5Ga0.5As is

approximately equal to that of InAs. Hence, it is reasonable to imply that the

contact resistivity of metal-In0.5Ga0.5As interface can, at least in principle, reach

the ITRS requirement of 1 × 10−9Ω-cm2 for the doping level above 6 × 1019cm−3.

Since experiments have shown that achieving active post-annealing doping con-

centration of more than 1.5× 1019cm−3 is a challenging task, we have to resort to

other strategies such as optimizing the interfacial structure to further lower the

contact resistivity. [20]

6.3.4 Semiconductor compositional grading

In Sec. 6.3.1, we found that the contact resistivity of an Ni/InGaAs interface is

negatively correlated with the concentration of indium in InGaAs. Nonethe-

less, it may not be completely advantageous to adopt the pure InAs as the

source/drain material as intuition suggests, as intermediate compositions such

as In0.5Ga0.5As possess additional benefits such as lattice matching with InP
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substrate. Ideally, we would like to combine the low SBH of the InAs with

the lattice matching of In0.5Ga0.5As in a single device. This could in principle

be achieved through compositional grading, where the indium concentration

gradually decreases from 100% to 50% along the transport direction moving

away from the metal-semiconductor interface. Introducing compositional grad-

ing has been shown to effectively reduce the contact resistivity of metal/III-V

contacts. [21, 22]

Fig. 6.5 shows the LDOS for the Ni/InGaAs interface with both uni-

form In0.5Ga0.5As and graded In1−xGaxAs, with doping concentration Nd =

1 × 1019cm−3 in the semiconductor region.. To simulate the linearly graded

In1−xGaxAs, we increase the number of indium atoms in each transverse atomic

layer in a gradual manner as the location moves further away from the inter-

face. As is expected, the Fermi level near the interface of the Ni/(graded In-

GaAs) corresponds to that of the Ni/InAs interface, whereas the Fermi level

near the bulk InGaAs electrode corresponds to that of the pure doped InGaAs.

The Ni/InAs interface ensures that the Fermi level is not affected by the mid-

gap MIGS states that could be present near the Ni/InGaAs interface, while the

smooth transition from InAs to In0.5Ga0.5As results in a gradual decrease of

strain in the transverse direction, which induces less inelastic scattering com-

pared with the abrupt InAs/In0.5Ga0.5As junction. Compared with uniform

In0.5Ga0.5As, graded In1−xGaxAs lowers the contact resistivity with Ni by 19%

at Nd = 1 × 1019cm−3. (Table 6.3)
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Figure 6.5: The transmission spectrum and local density of states (LDOS)
for: (a) Ni/InAs(100) (As-terminated); (b) Ni/InxGa1−xAs(100)
(x changes linearly from 1 at the interface to 0.5 at the electrode)
(As-terminated).

ρc (Ω-cm2) Ni/In0.5Ga0.5As (100) Ni/(In1−xGaxAs) (100)
As-terminated 5.20 × 10−9 4.18 × 10−9

Table 6.3: Specific contact resistivity of commensurate Ni/In0.5Ga0.5As
(100) and Ni/(linearly graded In1−xGaxAs) (100), with As termi-
nation at 1 × 1019cm−3 active doping concentration.

6.3.5 Metal-semiconductor alloying

The final factor of consideration in this work is the metal-semiconductor alloy-

ing. Common contact metals such as tungsten, titanium, nickel and cobalt are

well known to react with silicon at moderate temperatures to form intermetallic

silicides. [23, 24] Such metallization reaction is a standard procedure in sili-

con processing to reduce the source/drain contact resistance, due to its ability

to produce a more uniform interfacial crystal structure compared to the nonal-

loyed interface. [23, 24] For III-V substrates, metallization is much less studied

compared with silicon; notably, such procedure has been demonstrated with

Nickel. [25, 26] Like with the self-aligned silicide, the self-aligned Ni-InGaAs
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Figure 6.6: The unit cell of NixInGaAs (x = 2, 3, 4). Ni atoms occupy 2a sites
and possibly 2d sites; In/Ga and As atoms occupy 2c sites.

has been shown to reduce the source/drain contact resistivity. [27] The Ni-

InGaAs alloy has been experimentally observed to adopt a NiAs (B8) crystal

structure, with the Bravais lattice assuming hexagonal symmetry. In the unit

cell of Ni-InGaAs, Ni atoms can occupy up to four unique lattice positions: (0,

0, 0), (0, 0, 1/2) (2a sites), (2/3, 1/3, 3/4), (1/3, 2/3, 1/4) (2d sites), whereas the

In/Ga and As atom respectively occupy the lattice sites (1/3, 2/3, 1/4) and (2/3,

1/3, 3/4) (2c sites). (Fig. 6.6) [28, 29] The composition x of NixInGaAs can range

from 2 to 4, depending on the thermal processing condition on the as-deposited

metal/InGaAs contact. The 2a sites must be fully occupies, whereas the 2d sites

may or may not be fully occupied depending on the Ni composition x.

In our study, we choose Ni2InAs as the contact metal in the device model.

The dimensions of the optimized unit cell are a = b = 3.85Å, c = 5.29Å, which

agree with the experimentally measured values a = b = 3.81Å, c = 5.13Å

for Ni3InGaAs. [30] For the interface, we adopt the experimentally observed

orientation Ni2InAs(101̄0)-InAs(100), Ni2InAs[0001]-InAs[1̄10]. [29] The atomic
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Figure 6.7: (a) The commensurate surface unit cells of Ni2InAs and InAs
satisfying the orientation relation Ni2InAs(101̄0)-InAs(100),
Ni2InAs[0001]-InAs[1̄10]; (b) the two-probe configuration of an
Ni2InAs/InAs interface with the orientation above.

structure of the Ni2InAs/InAs device is shown in Fig. 6.7. Note that the align-

ment Ni2InAs[0001]-InAs[1̄10] is not exact, as there exists a 1.8◦ difference in the

transverse cell angles, leading to a shear strain ε12 of 1.16% in Ni2InAs on a fixed

InAs surface. The normal strain ε11 and ε22 induced in Ni2InAs are −3.61% and

1.33%, respectively, both beneath the 4% threshold.

Fig. 6.8 shows the LDOS for the Ni2InAs/InAs and Ni/InAs interface, with

doping concentration Nd = 1×1019cm−3 in the semiconductor region. Compared

with the Ni/InAs interface, we find more MIGS states penetrating the interface

from the metal to the semiconductor. These MIGS states, however, does not af-

fect the transmission characteristics near the Fermi level, as the position of the

Fermi level lies well above the conduction band of InAs. Moreover, the inten-

sity of the LDOS changes gradually from high to low across the Ni2InAs/InAs

interface, whereas at the Ni/InAs interface the change is abrupt. Despite the

advantage, the contact resistivity of Ni2InAs/InAs is slightly higher than that

of Ni/InAs (Table 6.4). This may be due to the fact that, as an intermetallic com-
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Figure 6.8: The local density of states (LDOS) for: (a) Ni/InAs(100) (As-
terminated); (b) Ni2InAs/InAs(100) (As-terminated).

pound, Ni2InAs has lower electrical conductivity compared with pure Ni (as

indicated by the lower intensity in the LDOS). In practice, it is often observed

that unlike many MxSi/Si interfaces (M = metal), the Ni-InGaAs reaction does

not usually produce a smooth interface; this rough interface causes the contact

resistivity to be much higher (in the 10−6Ω-cm2 range) [31, 32] than the predicted

value in our work. In recent years, researchers have found that ammonium sul-

fide surface treatment [33] or insertion of a conducting interlayer between NiIn-

GaAs and InGaAs [5, 34] could significantly reduce ρc down to ∼ 10−8Ω-cm2.

ρc (Ω-cm2) Ni/InAs (100) Ni2InAs/InAs (100)
As-terminated 3.28 × 10−9 4.26 × 10−9

Table 6.4: Specific contact resistivity of commensurate Ni/InAs (100)
and Ni2InAs/InAs (100) interface, with As termination at 1 ×
1019cm−3 active doping concentration.
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6.4 Conclusions

We have conducted a comprehensive computational study of the impact of five

factors (semiconductor alloy composition, semiconductor surface termination,

doping concentration in semiconductor, semiconductor compositional grading,

metal-semiconductor alloying.) on the contact resistivity of the Ni/In(Ga)As

interface. Our key findings are: (1) increasing indium concentration helps re-

duce contact resistivity; (2) As-terminated In(Ga)As has lower contact resistivity

than cation-terminated In(Ga)As; (3) higher active doping concentration leads

to lower contact resistivity; (4) compositional grading with increasing indium

concentration towards the Ni/In(Ga)As interface lowers the contact resistivity;

and (5) alloying of In(Ga)As with Ni alone does not have noticeable impact on

supressing contact resistivity. To better assist experimental efforts on improv-

ing metal/InGaAs contact resistivity, it is vital to investigate other material- and

structure-dependent factors as the next step, such as interfacial roughness and

inclusion of conducting interlayers.
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CHAPTER 7

AB INITIO STUDIES OF SEGREGATION OF N-TYPE DOPANTS AND

VACANCIES NEAR A β-GA2O3 (010) SURFACE

The work presented in this chapter is published in: J. Wang, and P. Clancy,

submitted to Applied Surface Science (2019).

7.1 Introduction

The β-phase of gallium oxide (β-Ga2O3) is a wide band-gap semiconductor with

a variety of potential applications, especially in power electronic devices and

optoelectronic devices. [1, 2, 3] Such applications benefit from its wide band

gap (4.8 eV) and relatively high breakdown field (8 MV/cm).[1] Successful per-

formance of β-Ga2O3 in these applications is critically determined by the effi-

ciency of n-type doping. For example, the electrical performance of a Schottky

barrier diode or high-voltage field effect transistors incorporating Ga2O3 would

increase by decreasing the Schottky barrier height at the metal-Ga2O3 interface;

this is achievable by increasing the active doping concentration. Experiments

[4, 5, 6] and first principles calculations [7, 8] have demonstrated that Si, Ge,

and Sn are shallow n-type donors in bulk β-Ga2O3. A number of intrinsic de-

fects also play important roles: positively charged oxygen vacancies (VO) act as

deep donors, [7, 9] while negatively charged gallium vacancies (VGa) [7, 10, 11]

compensate the donors at degenerate n-type doping levels, hence limiting the

maximum attainable free electron concentration.

In electronic devices, it is important to be able to have effective control of

electrical conductivity by the ability to dope across a wide range of concentra-
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tions, not only inside the bulk region but also near the surface. The specific

contact resistivity at the interface with the metal layer must be sufficiently low

to achieve satisfactory performance. For a doped semiconductor, two major fac-

tors can negatively affect the electronic properties of its surface. First, when the

surface is rich in electrically compensating intrinsic defects such as vacancies,

these defects can behave as charge traps that contribute to the excess surface

charge density, causing band-bending and carrier depletion near the surface.

Second, it may be thermodynamically favorable for the dopant atoms to seg-

regate towards the surface, and eventually become deactivated by clustering

together and forming a separate, secondary phase; this leads to reduction in

the active doping concentration in the bulk semiconductor. Both phenomena

have been observed in experiments on β-Ga2O3 surfaces during growth or af-

ter thermal annealing. [12, 13, 14, 15, 16] Clearly, such segregation behavior of

defects and dopants needs to be suppressed in order to achieve the maximum

performance potential for β-Ga2O3.

Previous computational work regarding n-type dopants and intrinsic defects

in β-Ga2O3 has focused on the bulk region. [7, 8, 9, 11, 17] In particular, work by

Lany [8] offered an explanation of the formation of secondary phases of dopant

oxide inside Ga2O3 from the perspective of defect-dopant thermodynamics in

bulk Ga2O3. However, this cannot be the full picture as formation energies of

defects and dopants on the surface could be drastically different from those in

the bulk. In this work, we aim to redress this deficiency using a comprehensive

computational analysis of the following: (1) the energetics of charged shallow

donors (Si, Ge, Sn) and intrinsic defects (interstitials, vacancies) in the (010) sur-

face of β-Ga2O3 in comparison to the bulk; (2) the driving force for segregation

for these dopants towards a β-Ga2O3 (010) surface; and (3) the strategy of re-
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ducing segregation tendency of dopants in Ga2O3. Such knowledge will be im-

portant in understanding the limiting factors of device performance in β-Ga2O3

materials.

7.2 Computational methods

We use the plane-wave Density Functional Theory (DFT) code QUANTUM

ESPRESSO with the PBEsol functional and ultrasoft pseudopotentials [18] for

our calculations. An energy cutoff of 816 eV was chosen to achieve good con-

vergence of both energy and forces. A 2 × 8 × 4 k-point grid is used to obtain

optimized structural parameters for the Ga2O3 primitive cell. This produces val-

ues for the primitive cell lengths and angles: a = 12.30Å, b = 3.05Å, c = 5.82Å,

α = 90◦, β = 103.7◦, and γ = 90◦. These lattice parameter values are in ex-

cellent agreement with experimental values: a = 12.214(3)Å, b = 3.0371(9)Å,

c = 5.7981(9)Å, β = 103.83(2)◦. [19] For defect calculations in bulk Ga2O3, we

extend the cell into a 160-atom supercell (Fig. 7.2(a)) containing 1 × 2 × 4 of the

primitive cell (Fig. 7.1), and a 2 × 2 × 2 Monkhorst-Pack k-point grid is used

for the bulk supercell calculations. This results in approximately equal lengths

in each crystallographic direction, which ensures that the defect image charge

interaction will not become too large in any direction.

The thermodynamic preference for any “impurity” atom (whether dopant

or defect) to occupy a given position in bulk β-Ga2O3 is quantified by its bulk

formation energy, E f
bulk, given by Eq. (4.1). The charged defect correction is per-

formed via the Freysoldt-Neugebauer-van de Walle (FNV) scheme, [20, 21] as

implemented in CoFFEE (Corrections For Formation Energy and Eigenvalues
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Figure 7.1: 20-atom primitive unit cell of β-Ga2O3 with a C2/m space
group. Each atom belongs to one of the five types of non-
equivalent atoms (Ga1. Ga2, O1, O2, O3).

for charged defect simulations) [22]. In order to correct the error in the band

gap commonly experienced in DFT, which will affect the formation energies of

charged dopant/defect species, we use the HSE06 functional. [23] This func-

tional is known to yield accurate band gaps for semiconductors and insulators.

However, instead of performing large-scale HSE06 calculations for the super-

cells, we adopt a much simpler and more efficient scheme by applying a “scis-

sor operator,” which simply shifts the position of the conduction and valence

band edges to the band edge positions of the bulk Ga2O3 unit cell. In our case,

the HSE06 band gap happens to reproduce the experimental value of the band

gap of Ga2O3, 4.8 eV. We will show in Sec. 2 that our results calculated using

this scheme show excellent agreement with previous results by Varley et al. [7]

Varley et al. [7] used ab initio calculations to demonstrate that many group

IV species (Si, Ge, Sn) act as shallow donors in bulk Ga2O3, while VGa and VO

stabilize in charge state −3 and 0, respectively, under n-type doping conditions.

In order to test the validity of our approach, we reproduced the bulk dopant

and vacancy formation energies observed by Varley et al. [7] (see Sec. 7.3.1)

235



However, experimental results have shown that Sn tends to segregate toward

the (010) surface of β-Ga2O3 upon thermal annealing at high temperatures. [16]

The extent of segregation under prolonged high-temperature annealing condi-

tions can be so pronounced that it forms a separate SnO2 phase with oxygen.

[16] One key indicator of the impurity’s tendency for surface segregation is the

impurity segregation energy.

Our calculations used a 280-atom “slab” model of the Ga2O3, consisting of

a periodic supercell configuration in which 14 atomic layers of Ga2O3 are sand-

wiched between two vacuum regions. (Fig. 7.2(b)) The thickness is chosen such

that the electron density of the slab center converges to that of bulk Ga2O3. (see

Sec. 7.3.2, Supplementary Information) The segregation energy of an impurity

is then defined as the difference between the total energy of the supercell with

an impurity near the slab surface and that with the same impurity in the slab

center (a bulk-like region):

Esegr(Dq) = Etot(Dq, surf) − Etot(Dq, bulk). (7.1)

The segregation energy, defined in Eq. (7.1), represents the degree of thermo-

dynamic preference for a dopant species, Dq, with a charge state q to be located

near the β-Ga2O3(010) surface, rather than in the bulk. Dopant segregation is de-

termined by both thermodynamic and kinetic considerations. Due to the highly

complex lattice structures of β-Ga2O3(010) surface, a complete description of

migration kinetics from the bulk to the (010)-surface of Ga2O3 lies beyond the

scope of this paper. Hence, in this work, we focus only on the thermodynamic

aspects of dopant segregation.
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Figure 7.2: Images depicting (a) a 160-atom bulk β-Ga2O3 supercell; (b)
280-atom slab model of the β-Ga2O3(010) surface, with surface
and bulk-like regions outlined using yellow rectangles.

To obtain the segregation energy, we use a 320-atom β-Ga2O3 (010) surface

slab model, as shown in Fig. 7.2(b). The model consists of seven layers of the

Ga2O3 unit cell stacked together in the [010]-direction, with each layer contain-

ing 4×2 of the β-Ga2O3 unit cell in the (010) plane. The dimensions of the slab are

11.65Å and 12.30Å in the transverse directions, and 36.39Å in the longitudinal

([010]) direction with a vacuum space of 15Å. Note that each atomic layer of the

slab is equivalent under periodic boundary conditions, implying that the slab is

nonpolar. The same density functional and cutoff energy as those used for bulk

Ga2O3 are used. A single k-point at the Γ-point is used to speed up the calcula-

tions; we have verified that using a larger 2× 2× 1 Monkhorst-Pack k-point grid

makes no noticeable difference (< 10 meV) compared to the result for a single

k-point. We found it very difficult to converge the electron density of the setup,

especially for the first few SCF cycles, due to the well-known “charge slosh-

ing” problem resulted from the surface-atom charge spilling into the vacuum.

[24] To facilitate convergence, we used a modified version of the Thomas-Fermi

charge mixing scheme [25], which adaptively applies a random perturbation to

the residual output electron density whenever the rate of convergence drops

below a certain threshold. We have verified that, for bulk systems, our method

leads to the same final total energy as that calculated using the original charge
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mixing method.

We consider three different scenarios for dopant segregation towards the β-

Ga2O3(010) surface. In the first, simplest scenario, the slab contains only one

dopant atom, free to segregate from the bulk-like region to the surface. In the

second scenario, an intrinsic defect in its preferred bulk charge state (under

heavy n-type doping) is fixed inside the bulk-like region, while the dopant is

free to segregate. In the final scenario, two positively charged dopant atoms are

present in the slab, with one dopant atom fixed inside the bulk-like region and

the other one free to segregate. These scenarios cover some of the most rep-

resentative elementary mechanisms through which the local environment affects

dopant segregation, and help distinguish the roles played by each factor (lattice

strain, defect, dopant) in dopant segregation.

As first proposed by Lee et al. [26], the driving mechanism of dopant seg-

regation can be decomposed into an elastic contribution and an electrostatic

contribution. The elastic contribution comes from the lattice strain induced

by the dopant atom, whereas the electrostatic contribution originates from the

Coulombic interaction between the dopant charge and other impurity or back-

ground charges. While this decoupling scheme correctly captures the different

physical origins of the segregation mechanisms, the quantitative expressions as

in Lee et al. (Eq. (1) and (2) in [26]) have several inherent limitations. These in-

clude: (1) they only apply to certain ideal situations, such as dilute dopant con-

centration for the Friedel elastic energy expression, [27] and purely ionic host

material for the Coulombic electrostatic energy expression; and (2) the elastic

energy term describes the interaction of a single dopant atom with its host lattice,

but fails to account for the change in lattice strain when other defects are present.
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These limitations could be the reasons that the sum of the elastic and the electro-

static energies does not, in general, equal the segregation energy in Lee et al.’s

work. In this work, we propose an alternative decomposition scheme, which

can be obtained straightforwardly from DFT calculations. Our expressions for

elastic and electrostatic energies of a segregating (charged) dopant atom are:

Eelastic = Esegr(D0
∗), (7.2)

Eelectrostatic = Esegr(Dq) − Esegr(D0
∗), (7.3)

where Esegr(D0
∗) is the DFT-calculated dopant segregation energy for charge-

neutral slabs, with the relaxed atomic positions of the corresponding charged

slabs. This definition recognizes the fact that defect-induced local lattice strain

is, in general, dependent on the charge state of the defect. Our definition en-

sures that the effect of the lattice strain as induced by the charged dopant is correctly

captured by the elastic term, from which the purely electrostatic interactions is

completely separated. It is clear from equations (2) and (3) that our definition

does not assume any requirement on the physical and chemical nature of the

system, and that the sum of these two contributions is exactly the DFT segrega-

tion energy of the charged dopant.

Finally, in order to further quantify the underlying mechanism of elastic in-

teractions, we adopt the “crystal orbital Hamilton population” method (COHP)

for the chemical bonding analysis. [28] The projected COHP (pCOHP) [29] is

an analytical scheme that partitions the electron wavefunction into regions of

bonding and anti-bonding characteristics by weighting the density of states

(DOS) with the Hamiltonian matrix elements projected onto atomic orbitals

from the plane waves. The integrated COHP (ICOHP), defined as the integral

of COHP up to the Fermi level, provides a measure of bond interaction strength
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between neighboring atoms. In particular, large negative values of ICOHP in-

dicate strong bonding (stabilizing interactions), whereas large positive ICOHP

values indicate strong anti-bonding (destablizing) interactions. In this work, we

use the LOBSTER package [30] to calculate the ICOHP values for all neighbor-

ing Ga-O and D-O (D = Si, Ge, Sn) bonds in the Ga2O3(010) slab.

7.3 Results and Discussion

7.3.1 Formation energy of shallow donors and intrinsic defects

in bulk β-Ga2O3

We begin by validating our formation energy results for the well-studied bulk

β-Ga2O3 against previous work. [7] The formation energies of substitutional

dopants (Si, Sn, Ge) in bulk β-Ga2O3 are shown as a function of Fermi level in

Fig. 7.3. Each colored line segment represents the most stable charge state for

the particular dopant/defect species at the corresponding Fermi level. Fig. 7.3

shows that all the dopants considered here (Si, Sn, Ge) stabilize in the +1 charge

state throughout the band gap, confirming that they are shallow donors in bulk

β-Ga2O3. However, the preference of lattice sites for each donor species differ.

Specifically, Si prefers a Ga1 (tetrahedral) site over a Ga2 (octahedral) site, while

Sn prefers the Ga2 (octahedral) site over Ga1 (tetrahedral) site. Ge exhibits an

almost equal preference for occupying either the Ga1 (tetrahedral) or Ga2 (oc-

tahedral) sites. These observations are consistent with the results reported by

Varley et al. [7] These results are consistent with the fact that Si forms native ox-

ide SiO2 with silica structure in tetrahedral coordination, Sn forms SnO2 in rutile
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crystal structure with octahedral coordination, whereas Ge forms GeO2 in either

silica structure with tetrahedral coordination or rutile structure with octahedral

coordination, depending on the pressure. [31] Echoing Varley et al., [7] we con-

firm that the relative order of formation energies depends on growth condition:

Under Ga-rich conditions, Si is the most efficient electron donor, whereas under

O-rich conditions, Ge and Sn are slightly more efficient as electron donors com-

pared to Si. Furthermore, the absolute values of the formation energies increase

for all dopants from Ga-rich to O-rich growth conditions.

In Fig. 7.4, the bulk formation energies of the vacancies are plotted as a func-

tion of Fermi level. We find out that as n-type doping level increases, the most

stable charge state for all oxygen vacancies (VO1, VO2, VO3) transitions from a +2

state to a neutral state, with the charge transition level relative to the conduction

band edge ε(+2/0) = 3.67 eV, 3.09 eV, and 3.81 eV for VO1, VO2, and VO3, respec-

tively. These results are in excellent agreement with those in Varley et al [7] and

Zacherle et al [32]. This indicates that under heavy n-type doping, like that con-

sidered in this work, none of the oxygen vacancies are electrically active. On the

other hand, the gallium vacancies (VGa1, VGa2) become stabilized in a −3 charge

state under the same doping condition, making them potentially detrimental to

dopant activation at very high concentrations.

Fortunately, under Ga-rich growth conditions, which we showed to be the

more favorable condition for n-type dopant activation, the bulk formation ener-

gies of gallium vacancies are much higher than those under O-rich conditions,

implying that the inhibition effect of dopant activation is much less severe un-

der Ga-rich growth conditions, at least in bulk Ga2O3. Finally, we note that

under Ga-rich growth conditions, among all six donor types (Si, Ge, Sn on two
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non-equivalent gallium sites) only SiGa1 is more stable than the triply negatively

charged gallium vacancies at the conduction band edge. From a thermody-

namic point of view, this implies that, at extremely high dopant concentrations,

Si is the most favorable among all three dopant species for n-type doping.
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Figure 7.3: Formation energy of SiGa, GeGa, and SnGa in bulk β-Ga2O3, un-
der gallium-rich (left) and oxygen-rich (right) growth condi-
tions. The slope of each line segment represents the charge
state of the dopant ion. The dashed lines indicate the posi-
tions of the conduction band edges calculated using DFT with
the PBEsol functional, which underestimates the experimental
band gap.
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ditions. The slope of each line segment represents the charge
state of the dopant ion. The dashed lines indicate positions
of conduction band edges calculated using DFT with PBEsol
functional, which underestimates the experimental band gap.

7.3.2 Dopant segregation towards β-Ga2O3(010) surface

Pristine β-Ga2O3(010) surface

The pristine β-Ga2O3 (010) surface has only one unique termination; as shown in

Fig. 7.1, each unit cell of β-Ga2O3 contains two atomic layers in the [010] direc-

tion, each layer containing two of Ga1, Ga2, O1, O2, and O3 atoms respectively.

The two atomic layers are entirely equivalent, as they differ only by a distance

of a/2 in the [100] direction and c/2 in the [001] direction. Therefore, a pristine

β-Ga2O3 (010) slab containing any number of atomic layers in the longitudinal

direction is non-polar. Bermudez [33] used DFT to study the structures of sev-
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eral low-index β-Ga2O3 surfaces, including the (010) surface. He found that the

β-Ga2O3 (010) surface shows limited degree of reconstruction upon structural

relaxation. Furthermore, he found that the atomic coordinates at the center of

the β-Ga2O3 (010) slab converge to those of bulk β-Ga2O3 when the number of

atomic layers N ≥ 7. Specifically, for N = 15, the displacement from bulk equi-

librium positions for all atomic species is less than 0.01Å at the center of the

slab.

To verify that our model faithfully represents both the surface and bulk local

environment, the displacement relative to bulk equilibrium (unrelaxed) atomic

positions is plotted as a function of the layer index in Fig. 7.5. Our result agrees

excellently with the result of Bermudez [33]. Specifically, the transverse dis-

placement δ(x, y) of all atomic species converges to less than 0.01Å at four atomic

layers beneath the surface, while the longitudinal displacement of all atomic

species converges to the same level at six atomic layers beneath the surface. The

macroscopic average electrostatic potential profile along the longitudinal direc-

tion (using a convolution window of 3Å) also shows a convergence towards a

stable bulk-like value within five layers of distance. We have verified that in-

creasing transverse k-point grid density to 2 × 2 shifts the positions of all atoms

by no more than 0.01Å. These results confirm the validity of our relaxed slab

structure as an accurate representation of both the bulk and the surface local en-

vironments. The stability of the surface can be quantified by the surface energy

γ, defined as

γ =
Etot(surf) − Ẽtot(bulk)

2A
(7.4)

where Etot(surf) is the total energy of the slab, Ẽtot(bulk) is the scaled total energy

of the corresponding bulk material with the same number of formula units as

in the slab, and A is the cross-sectional surface area of the slab. Using DFT, the
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formation energy of the relaxed Ga2O3(010) surface is calculated to be 0.10 eV

Å−2, suggesting its relative stability under appropriate growth conditions.

In a crystal slab, due to presence of surface termination, atomic bonding

characteristics and coordination numbers are typically changed at the surface

compared to in bulk. Hence it is important to investigate the effect of local coor-

dination on dopant/defect segregation. The locations and characters of bond-

ing in a periodic crystal can be determined through QTAIM (quantum theory of

atoms in molecules) analysis, by locating the bond critical points of electron den-

sity and calculate the Laplacian of the electron density at those points. We use

the code Critic2 [34, 35] to perform such analysis. We find that the Ga2O3(010)

surface introduces a host of lattice sites with varying coordination, as listed in

Table 7.1. Note that while the notations for bulk lattice sites are used for surface

sites, they do not mean that these surface sites are symmetrically equivalent to

those in bulk, due to reduction of coordination and geometry upon surface ter-

mination. Indeed, the coordination numbers of the surface sites are lower than

those of the corresponding bulk sites.

Single-site dopants and vacancies

We considered segregation of three n-type shallow dopants (Si, Ge, Sn) and two

vacancy species (VGa, VO) from the bulk to the (010) surface of Ga2O3. We focus

first on the segregation energy of each dopant or defect from a bulk lattice site

to the corresponding surface site. Specifically, we consider only the most stable

bulk impurity charge states under n-type doping: +1 for dopants, −3 for VGa and

0 for VO.
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Figure 7.5: The displacement of atoms in each layer of the Ga2O3(010)
slab, with respect to bulk equilibrium positions, as a function
of layer number, in (a) transverse and (b) longitudinal direc-
tions; (c) macroscopically-averaged electrostatic potential of
the Ga2O3(010) slab, as a function of longitudinal coordinate
z.

In a crystal slab, surface termination introduces changes in coordination

number of lattice sites compared to the bulk. Using a QTAIM analysis (quan-

tum theory of atoms in molecules) with the code Critic2 [34, 35], we determine

the coordination number of surface lattice sites of Ga2O3(010) (listed in Table
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7.1). While the notations for bulk lattice sites are used for surface sites, these

surface sites are symmetrically inequivalent to their counterparts in bulk, due

to reduction of coordination and geometry upon surface termination.

Lattice site Ga1 Ga2 O1 O2 O3

Coordination (bulk) 4 6 3 4 3
Coordination (surface) 3 4 2 2 2

Table 7.1: Lattice sites and their respective coordination numbers in the
bulk and on the top layer of the (010) surface of β-Ga2O3.

For dopants located in the top layer of the Ga2O3(010) surface, the local

atomic geometry of dopants are shown in Fig. 7.6. It is evident that all dopant

species induce large distortions of the bonding structure of neighboring oxygen

atoms during geometry optimization, due to redistribution of the electron den-

sity. In particular, for dopants located in the top surface layer, the coordination

number of the dopant lattice site changes from 3-fold in the unrelaxed surface

to 4-fold in the relaxed surface. The extra bond occurs between the dopant atom

and its second nearest neighbor O1 atom. This happens as a result of the signifi-

cant movement of the dopant atom and its nearest-neighbor O2 atom away from

their equilibrium positions and towards the O1 atom. This movement has the ef-

fect of stabilizing the dopant on top of the surface, since Si, Ge, and Sn all have

coordination numbers greater than three in their native oxides. On the other

hand, according to Table 7.2, the average length of the dopant-oxygen (D-O)

bonds on the surface are shorter for all dopants compared to those in the bulk,

indicating a tendency of neighboring O atoms to contract towards the dopant

on the surface.

A clearer trend across the dopant species can be found when considering the

average Ga-O bond length on the surface. The ratio of the average D-O bond
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length to the average Ga-O bond length in the topmost surface layer increases as

the row number in the periodic table increases (Si→ Ge→ Sn). These ratios in-

dicate that Si experiences strong compressive strain, Ge experiences light com-

pressive strain, and Sn experiences strong tensile strain in the Ga2O3(010) top

surface layer. This trend is in reasonable agreement with the Shannon-Prewitt

effective ionic radii of the corresponding elements (see Table 7.3) For compari-

son, the local atomic geometry of vacancies are shown in Fig. 7.7. Compared

to dopants, the spatial extents of the distortion of neighboring atoms are much

greater: certain neighboring atoms can even relax into near-interstitial positions.

It can be inferred that the coordination number of different surface lattice sites,

as well as the charge distribution associated with the vacancy, determines the

degree of local atomic distortion.

a) b)

Figure 7.6: Local atomic configuration of dopants in the top surface layer
of Ga2O3(010): (a) SiGa1, (b) GeGa1, (c) SnGa1, (d) SiGa2, (e)
GeGa2, and (f) SnGa2. The dopant and its first nearest neigh-
bors are highlighted with yellow circles. Numbers indicate the
bond length between the dopant atom and the corresponding
nearest-neighbor oxygen atom (in Å).

The segregation energies for each of the three dopant species from bulk to the

(010) surface of Ga2O3 are plotted in Fig. 7.8. As the strain transitions from com-
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Dopant species Dq r̄D-O(top)/r̄D-O(bulk) r̄D-O(top)/r̄Ga-O(top)
Si+Ga1 97.7% 90.1%
Si+Ga2 90.3% 88.2%
Ge+

Ga1 98.4% 97.3%
Ge+

Ga2 92.7% 95.2%
Sn+

Ga1 97.1% 109.0%
Sn+

Ga2 96.3% 106.1%

Table 7.2: Ratio of the average D-O bond length (D = Si, Ge, Sn) in the top
surface layer to that in the bulk (second column), and the ratio
of average D-O bond length vs. average Ga-O bond length in
the top surface layer (third column), as calculated by DFT.

Ion species Dq Si+4 Ge+4 Sn+4 Ga+3

r4-fold (pm) 26 39 55 47
r6-fold (pm) 40 53 69 62

Table 7.3: Ion species and their respective Shannon-Prewitt radii at lattice
sites with 4-fold and 6-fold coordination. [36]

pressive to tensile as we change the dopant, the segregation energy decreases.

This trend is consistent with previous computational studies of dopant segrega-

tion in crystals. [26, 37] In the bulk lattice, as the effective size of dopant atom

increases, so does the elastic strain induced on the neighboring atoms, mak-

ing it thermodynamically less favorable for the dopant to form. However, near

the surface, such dopant-induced strain can largely be alleviated by local recon-

struction, hence the elastic energy associated with the dopant is reduced. The

overall effect is a decrease in the segregation energy, corresponding to a stronger

tendency for the dopant to segregate towards the surface.

It is apparent in Fig. 7.8 that the segregation energy varies across distinct

surface lattice sites. The relative magnitude of the segregation energy of single

dopants is determined mainly by the strength of the elastic interaction between
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Figure 7.7: Local atomic configuration of two vacancy types in the topmost
surface layer of Ga2O3(010): (a) VGa1, (b) VGa2, (c) VO1, (d) VO2,
(e) VO3. The vacancy (represented by a white sphere) and the
atoms experiencing the most distortion are highlighted with
yellow circles. Numbers indicate the bond length between the
vacancy and the corresponding nearest-neighbor Ga/O atom
(in Å).

the dopant and lattice. In the literature, the strength of the elastic interaction is

reflected by the dopant size relative to that of the matrix atoms, as measured by

the ionic/covalent radius of the atomic species. [26, 37] This approach cannot

distinguish between different lattice sites. But this limitation can be resolved

by a COHP analysis, which quantifies the bond strength at any lattice site. The

total D-O ICOHP, defined as the sum of ICOHP values for all D-O bonds, are

listed in Table 7.4. The most notable implication of Fig. 7.8 and Table 7.4 is that,

for a particular dopant species in charge state q, Dq, the absolute value of Esegr to

a particular surface site is, in general, correlated with ∆(ICOHP), the difference

between the total D-O ICOHP at the surface site and that at the corresponding

bulk site. This trend is followed closely by Si and Sn, but less so by Ge. The seg-

regation energy of Ge to all non-equivalent surface Ga sites are similar in value,

250



Figure 7.8: Segregation energies of Si, Ge, and Sn from their most stable
bulk lattice site to surface lattice sites, located on the top layer
(top) and one layer beneath the surface (sub). The labels (m →
n) denote segregation from an m-coordinated site in bulk to an
n-coordinated site at surface.

regardless of the relative magnitude of the COHP. This seemingly paradoxical

scenario may be explained by taking into account the Coulombic interaction be-

tween the dopant charge and the compensating uniform background. Using

eqns. (3-4), we found that for Si and Sn, the Coulombic contribution is much

smaller than the elastic contribution across all Ga surface sites. In contrast, for

Ge, the Coulombic contribution is comparable to the elastic contribution, and

varies across different surface Ga sites (Table 7.6). This is a clear sign that both

elastic effects associated with dopant size, and electrostatic effects associated

with local dopant charge distribution, determine the segregation energy of Ge.

Fig. 7.8 shows the site-specific segregation energy for dopants, which de-

pends strongly on the local bonding strength. Hence it is difficult to compare

the overall trend of segregation across the dopant species based on these ener-

gies alone. In order to compare the segregational tendency of dopants on an
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Figure 7.9: Segregation energies of VGa and VO from the most stable bulk
lattice site to surface lattice sites, located on top layer (top) and
one layer beneath the surface (sub). The labels (m→ n) assume
the same meaning as in Fig. 7.8.

Dopant species Dq surface (top) surface (sub) bulk
Si+Ga1 -30.14 -31.05 -30.97
Si+Ga2 -30.31 -32.84 -32.75
Ge+

Ga1 -26.59 -27.81 -27.93
Ge+

Ga2 -27.06 -29.11 -29.71
Sn+

Ga1 -20.34 -19.70 -21.93
Sn+

Ga2 -20.67 -24.19 -24.95

Table 7.4: Total ICOHP values (in eV) for different dopant configurations
on the top surface layer, the sub-surface layer, and in the bulk.

absolute scale, we consider an “effective” segregation energy, defined as

Eeff
segr(D

q) = Elowest
tot (Dq, surf) − Elowest

tot (Dq, bulk). (7.5)

where Elowest
tot is the lowest total energy of all impurity-containing slab configu-

rations for an impurity located in either the surface or the bulk.

We calculated these effective segregational energies for the three dopants we
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studied located on a Ga lattice site:

Eeff
segr(SiGa) = Etot(SiGa1, sub) − Etot(SiGa1, bulk) = −0.14eV;

Eeff
segr(GeGa) = Etot(GeGa1, sub) − Etot(GeGa1, bulk) = −0.11eV;

Eeff
segr(SnGa) = Etot(SnGa2, sub) − Etot(SnGa2, bulk) = −0.25eV.

(7.6)

This shows that Sn is the most likely dopant species to segregate from the bulk

to the (010) surface of Ga2O3. This result agrees well with experimental obser-

vations. [16]

We now consider native vacancies (VGa and VO) in Ga2O3. The segregation

energies of vacancies (VGa and VO) in all non-equivalent surface sites are plotted

in Fig. 7.9. Again, it is clear that the segregation energy is tied to a specific

lattice site, which can be understood by a COHP analysis of the local chemical

bonding. From Table 7.5 and Fig. 7.9, we see that, for VO, the greater the total

D-O ICOHP value for a particular oxygen surface site (i.e., having a smaller

magnitude), the more likely it is that a vacancy will segregate to this site from

the bulk. In contrast, VGa does not follow a similar trend very well. Like the

explanation we offered for Ge, these results can be explained by the Coulombic

interaction. Specifically, VO does not introduce localized defect charge in the

band gap, regardless of the location of VO in the lattice. Thus, the Coulombic

interaction does not change significantly when the defect (and its associated

charge) is placed at the surface compared to the bulk. In contrast, a relatively

localized charge density is introduced when V−3
Ga is formed, with the specific

charge distribution strongly dependent on the lattice location of V−3
Ga. (Fig. 7.10)

As a result, the Coulombic interaction between the localized charge and the

compensating charge background changes greatly depending on the location of

the defect.
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Defect species Dq surface (top) surface (sub) bulk
V−3

Ga1 -19.03 -22.02 -22.29
V−3

Ga2 -20.26 -23.33 -23.99
V−3

O1 -13.21 -14.12 -14.95
V−3

O2 -14.37 -15.57 -15.59
V−3

O3 -13.20 -14.99 -14.69

Table 7.5: Total ICOHP values (in eV) for different vacancy configurations
on the top surface layer, sub-surface layer, and in the bulk.

Impurity species Dq surface (top) surface (sub)
elastic Coulombic elastic Coulombic

Si+Ga1 -0.09 0.06 -0.15 -0.01
Si+Ga2 -0.68 0.04 0.09 0.02
Ge+

Ga1 -0.04 0.04 -0.13 0.01
Ge+

Ga2 -0.08 0.04 0.02 0.03
Sn+

Ga1 -0.25 0.06 -0.47 0.03
Sn+

Ga2 0.50 0.12 -0.29 0.04
V−3

Ga1 -1.64 1.20 -1.34 0.64
V−3

Ga2 -1.82 0.90 -1.07 0.63

Table 7.6: Elastic vs. Coulombic contributions to the segregation energy
(in eV) for SiGa, GeGa, SnGa, and VGa on Ga lattice sites, calculated
from eqns. (3-4).

Effect of surface vacancies on dopant segregation

The results presented in the previous section showed the strong preference of

vacancies to occupy surface lattice sites compared to bulk sites. These surface

vacancies may then affect dopant segregation in Ga2O3. To look at this, we fixed

a single vacancy (VGa or VO) in the top or sub-surface layers of the Ga2O3(010)

surface, and placed a dopant either in the surface (within a second nearest-

neighbor distance of the vacancy) or in the bulk region of the slab. (Fig. 7.11) In

particular, due to the combinatorial complexity of possible dopant-defect pair
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a) b) c)

d) e) f)

Ga O

Figure 7.10: Charge density of the localized defect states associated with
V−3

Ga, located at: (a) Ga1 (top) site; (b) Ga1 (sub) site; (c) Ga1

(bulk) site; (d) Ga2 (top) site; (e) Ga2 (sub) site; (f) Ga2 (bulk)
site; isosurfaces at constant value 3× 10−3 Bohr−3 are shown in
yellow.

configurations on the Ga2O3(010) surface, we only consider the most stable sur-

face site for each dopant species, i.e., the one with the lowest total energy for a

given dopant species. This is Ga1 (sub) for both Si and Ge, and Ga2 (sub) for Sn.

The net charge state of the system is fixed to be the sum of the dopant’s charge

state (+1) and the vacancy’s charge state (−3 for VGa, and 0 for VO).

Fig. 7.12 shows the corresponding dopant segregation energies. Two im-

portant trends can be drawn from this figure: Firstly, as the dopant size in-

creases (Si→ Ge→ Sn), the segregation energy towards an VO-filled Ga2O3(010)

surface decreases (consistent with the trend for single-dopant segregation). In

contrast, the dopant’s corresponding segregation energy towards an VGa-filled

Ga2O3(010) surface does not exhibit a similarly strong overall decrease. Sec-

ondly, the segregation energy for a given dopant species is, in general, much
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Figure 7.11: Surface dopant-vacancy pairs considered in this work for
three dopant species: (a) SiGa1 (sub), (b) GeGa1 (sub), and (c)
SnGa2 (sub). The lattice positions of the dopant and their first-
and second-nearest-neighbor vacancies are annotated with la-
bels (“t” and “s” denote “top” and “sub”, as in Fig. 7.8, respec-
tively) and highlighted with yellow circles.

lower (by about 1-2 eV) for a VGa-filled Ga2O3(010) surface compared to that for

a VO-filled Ga2O3(010) surface.

To understand these trends, we performed the same analysis of decoupling

elastic vs. electrostatic contributions, with the results shown in Table 7.6. We

find that, while the elastic contribution dominates the segregation energy for the

V0
O cases, the Coulombic contribution becomes significant (equalling the elastic

contribution) for V−3
Ga cases. This result confirms the intuition that Coulombic

interactions between oppositely charged dopant-defect pair is a major driving

force for dopant segregation, together with the elastic energy arising from lattice

mismatch. Among the V0
O cases, the elastic contribution to the dopant segrega-

tion energy decreases as the dopant size increases (from Si to Ge to Sn), while

the much smaller Coulombic contributions show little change. This explains the

negative correlation of dopant segregation energy to dopant size for a VO-filled

Ga2O3(010) surface.
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Figure 7.12: Segregation energies of Si+Ga, Ge+
Ga, and Sn+

Ga from the most sta-
ble bulk lattice site to surface lattice sites with a vacancy (V−3

Ga
or V0

O) within the second nearest-neighbor distance, located
on the top layer (top) and one layer beneath the surface (sub).

Strategies to suppress Sn segregation

We have seen that Sn dopants are particularly prone to segregate toward the β-

Ga2O3(010) surface and that the presence of V−3
Ga greatly increases this proclivity.

In order to suppress this undesirable phenomenon, we investigated the effect of

co-doping with Si or Ge on the segregation energy of Sn to the surface. To do

so, we calculate the segregation energy of Sn toward the surface in a slab with

one Si (or Ge) atom in the bulk region, Esegr(SnGa|DGa), by:
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Dopant-vacancy pair (D-V)q Elastic Coulombic
(SiGa1-VO3(t))+ 1.26 0.00

(SiGa1-VGa2(t)(O2(s)))−2 -0.82 -0.78
(GeGa1-VO3(t))+ -0.08 -0.02

(GeGa1-VGa2(t)(O2(s)))−2 -0.68 -0.74
(SnGa2-VO1(t))+ -0.33 -0.05

(SnGa2-VGa2(t)(O2(s)))−2 -1.28 -1.34

Table 7.7: Elastic vs. Coulombic contributions to the segregation en-
ergy (in eV) for SiGa (from Ga1(bulk) to Ga1(sub)), GeGa (from
Ga1(bulk) to Ga1(sub)), SnGa (from Ga2(bulk) to Ga2(sub)) for se-
lected surface vacancy configurations.

Esegr(SnGa|DGa) = Esegr(SnGa) − Ebind(SnGa-DGa), (7.7)

where Esegr(SnGa) is the segregation energy of SnGa calculated in the defect-

free slab. The final term in equation 6, the binding energy of SnGa and DGa

(where D = Si or Ge) in bulk Ga2O3, as calculated in a 160-atom bulk supercell,

is given by:

Ebind(SnGa-DGa) = E f
bulk(SnGa-DGa) − E f

bulk(SnGa) − E f
bulk(DGa) (7.8)

where E f
bulk(SnGa-DGa), E f

bulk(SnGa) and E f
bulk(DGa) refer to the formation energy

of the SnGa-DGa pair, SnGa, and DGa (D = Si, Ge) in bulk Ga2O3 respectively.

To evaluate the likelihood of Sn segregation on an absolute scale, we con-

sider the segregation of Sn from a bulk Ga2 site to a sub-surface Ga2 site

for all the dopant-pair configurations we considered. We find Esegr(SnGa) =

Eeff
segr(SnGa) = −0.25 eV. Furthermore, we only consider configurations where

a Si (or Ge) atom is located at a second-nearest-neighbor position of the SnGa2

atom; see Fig. 7.11. The corresponding binding and segregation energies are

presented in Table 7.8. For all such configurations, the binding energy, Ebind,
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is less than zero, meaning that both SiGa and GeGa are likely to bind to SnGa in

a second-nearest-neighbor configuration. Encouragingly, these negative bind-

ing energies increase the Sn segregation energies (see Eq. (7.5)). The Sn seg-

regation energies, Esegr(SnGa|DGa), are comparable to Eeff
segr(SiGa) = −0.14 eV and

Eeff
segr(GeGa) = −0.11 eV. Experimentally, Si and Ge exhibit a very limited degree

of segregation toward Ga2O3 surfaces, in contrast to Sn. [38] This observation

suggests that co-doping with Si and Ge may be able to reduce Sn segregation

significantly and increase net dopant activation in bulk Ga2O3.

(SnGa-DGa)q D = Si D = Ge
Ebind(eV) Esegr(eV) Ebind(eV) Esegr(eV)

(SnGa2-O1-DGa1)+2 -0.08 -0.17 -0.06 -0.19
(SnGa2-O2-DGa1)+2

I -0.16 -0.09 -0.12 -0.13
(SnGa2-O2-DGa1)+2

II -0.09 -0.16 -0.09 -0.16
(SnGa2-O3-DGa1)+2 -0.05 -0.20 -0.10 -0.15
(SnGa2-O2-DGa2)+2 -0.06 -0.19 -0.09 -0.16

(SnGa2-(O1, O2)-DGa2)+2 -0.09 -0.16 -0.09 -0.16

Table 7.8: Binding energies of SnGa and DGa in various inequivalent
second-nearest-neighbor pair configurations, and the corre-
sponding segregation energy of SnGa from a bound position in
bulk Ga2O3 compared to that at a Ga2O3(010) surface.

7.4 Conclusions

We have completed a detailed ab initio study of the thermodynamics of segre-

gation of shallow dopants (Si, Ge, Sn) towards a β-Ga2O3(010) surface. Si and

Ge exhibit a weaker tendency to segregate to surface sites than Sn, which over-

whelmingly prefers octahedral sites in the sub-surface layer of a Ga2O3(010) sur-

face. Gallium and oxygen vacancies stabilize dopants on all surface sites relative
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to their counterparts in the bulk. A COHP analysis showed that the preference

of particular surface sites over others can be explained mainly by a difference in

local coordination number and bonding strength. The presence of surface va-

cancies enhances the overall trends of dopants to segregate towards the surface,

which is disadvantageous to increasing the doping efficiency of bulk Ga2O3.

Finally, we note that co-doping with Si and Ge could effectively increase the

segregation energy (make it less negative), thereby reducing the tendency of Sn

to segregate from the bulk to the (010) surface of Ga2O3.
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CHAPTER 8

SUMMARY AND FUTURE WORK

8.1 Summary

This thesis is a computational survey of various aspects of important electronic

materials (InGaAs and Ga2O3) with direct applications and implications in de-

vice performance. The unifying focus of the projects presented in this thesis is

the consideration of chemical doping of materials. This is one of the key de-

termining factors of charge carrier concentration in semiconductors and, hence,

the performance of electronic devices. Each of the projects in this thesis utilizes

different techniques and methodologies, and shines light on a different aspect

of doped materials: the impact of intrinsic point defects on doping efficiency

(Chap. 4), the vibrational signatures of dopants and defects in random alloys

(Chap. 5), the effect of doping and other materials factors on contact resistiv-

ity (Chap. 6), and the thermodynamics of surface segregation of dopants and

defects (Chap. 7). A more detailed summary of each part of the thesis are as

follows.

In Chapter 4, we are concerned with the concentration saturation of sili-

con in InGaAs. The commercialization of InGaAs as a source/drain material

in InGaAs has been hindered in part by the insufficiently high active silicon

concentration achievable as an n-type dopant. However, the underlying atom-

istic mechanism of this phenomenon remains unclear. Using formation energy

calculations, our ab initio calculations for a model CuAu-I ordered In0.5Ga0.5As

suggests that charge compensation from the triply negatively charged cation va-

cancy (V−3
In/Ga) is responsible for this undesirable phenomenon. Specifically, the
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conclusions reached in this chapter include: (1) In-poor and Ga-poor growth

conditions are best suited for n-type doping as, in these cases, Si+In/Ga has the

lowest formation energy among all Si configurations on the InGaAs lattice; (2)

under heavy n-type doping, V−3
In/Ga has the lowest formation energy among all

defect species; (3) V−3
In/Ga can be further stabilized on the InGaAs lattice by bind-

ing with second-nearest-neighbor Si+In/Ga atoms to form dopant-defect pairs; (4)

due to charge compensation effects of V−3
In/Ga, the net free electron concentration

in Si-doped InGaAs saturates at the predicted value of 5 × 1018cm−3, which is

roughly on the same order of magnitude as the experimentally measured value

1.5 × 1019cm−3.

In Chapter 5, we propose a novel method of modeling the vibrational modes

of impurities in randomly alloyed materials. Local vibrational mode (LVM) de-

tection using spectroscopic techniques is a routine procedure to discern differ-

ent impurity types and lattice locations. But such procedures meet difficulties in

dealing with random alloys, as the strong variations in mode coupling between

an impurity and the local atomic environment produce complex vibrational sig-

natures that are difficult to interpret. Utilizing a combination of techniques such

as special quasi-random structure (SQS), virtual crystal approximation (VCA),

and lattice-static Green’s function method, we have modeled, for the first time,

the vibrational patterns of two common n-type dopant species (Si, Se) and the

cation vacancy (the most important compensating defect according to Chap. 4)

in a random In0.5Ga0.5As. We found that: (1) instead of showing a single one-

frequency peak characteristic of LVMs in pure non-alloyed material (such as

GaAs and InAs), the vibrational modes of impurities in a random environment

exhibit a continuous band of peaks; (2) the frequency range of the band of peaks

for dopants is similar to the single frequency (Si: 10.9 to 12.1 THz, Se: 4.2 to 7.8

265



THz); (3) for each specific impurity, the frequency of the most intense peak is

dependent on the local atomic environment.

In Chapter 6, we turn our focus onto contact resistivity – an important lim-

iting factor of device performance at sub-10nm scale. InGaAs-based devices are

known for insufficiently low (> 10−9 cm−3) specific contact resistivity due to a

lack of a coherent defect-free interface. But there is a quantitative influence on

contact resistivity by a multitude of materials parameters such as composition,

doping, termination, grading, and metal-semiconductor alloying. Using a non-

equilibrium Green’s function (NEGF) approach, we take a holistic look at how

these important parameters change the contact resistivity in a better or worse

direction. We find that some parameters affect the contact resistivity in a direct

and intuitive way; for example, increasing the doping level in the III-V semi-

conductor decreases the contact resistivity. Other methods are also effective

in reducing the contact resistivity, such as increasing the indium concentration

in III-V semiconductors, as well as using the As-terminated III-V semiconduc-

tor rather than In-/Ga- terminated. In particular, compositional grading from

InAs to In0.5Ga0.5As introduces a gradual change in the relative Fermi level to

the CBM of the semiconductor, thereby increasing the current flow and reduc-

ing the resistivity at the contact interface. Alloying with Ni, on the other hand,

seems to have limited effect in reducing contact resistivity, despite its alleged

importance in forming a self-aligned contact.

Finally, in Chapter 7, we elucidate surface segregation phenomena of n-

type dopants upon thermal annealing in the wide-gap semiconductor Ga2O3.

Dopant activation in bulk Ga2O3 cannot reach its optimal theoretical limit if the

tendency of surface dopant segregation is strong. By first principles calcula-
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tions, we pinpoint the thermodynamic preference of common group-IV n-type

dopants (Si, Ge, Sn) as well as vacancies (VGa, VO) near the Ga2O3(010) surface

compared to their behavior in bulk Ga2O3. We note that, although the effective

segregation energy for the group-IV dopants are similar (Si: -0.14 eV, Ge: -0.11

eV, Sn: -0.25 eV), their preference for different lattice sites can vary drastically.

This is due to differences in the effective radius of the dopant species as well

as the local bonding strength. One aspect of particular note is the strong pref-

erence of vacancies for surface sites: this is similar to the case in bulk InGaAs,

in which the triply negatively charged VGa is the most stable compensating de-

fect on the Ga2O3(010) surface. The presence of this surface defect has the un-

wanted consequence of greatly lowering the segregation energy (and increasing

the likelihood of segregation) of group-IV dopants. Fortunately, the strategy of

co-doping Sn with Si/Ge can effectively increase the segregation energy of both

Sn and Si/Ge by a small amount (∼ 0.1eV). Co-doping could, we believe, poten-

tially be a remedy for the segregation problem.

8.2 Future work

Although this thesis has touched on some of the important aspects of semicon-

ductor modeling, it is far from a complete treatise even of the topics covered.

The scope of this thesis is inevitably limited by many factors, including but

not limited to: (1) computational resources available at the time of research; (2)

knowledge of the author in the relevant subjects and techniques; and (3) access

to direct experimental validation of the computational results. Based on these

considerations, future work that can be extended from the body of work that

composes this thesis include:
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(1) A detailed investigation of the kinetics of impurities in semiconductors.

Thermodynamics and kinetics both play crucial roles in determining the spa-

tial distribution of impurities. (Sec. 3.4) A detailed kinetics study would pro-

vide an important complement to the thermodynamic perspective in our work,

as the kinetic barrier is often the rate-limiting factor in many important chemi-

cal reactions. However, we have found early on that simulating the kinetics of

impurities in complex materials systems such as β−Ga2O3 requires an extensive

amount of computational resources beyond our current capacity. Algorithms

that can efficiently perform constrained optimization on the potential energy

surface (PES) could offer a way forward. For example, an automated varia-

tion [1] and a Gaussian process regression (GPR) variation [2] of the nudged

elastic band (NEB) calculations [3, 4, 5] would be very valuable in providing

insights on the preferred low-energy pathways of dopant migration. Combined

with mesoscale simulation methods such as kinetic Monte Carlo, this approach

could provide a clear picture of the evolution of dopants in semiconductors in

realistic time scales.

(2) A more accurate treatment of charged impurities in semiconductors.

Charged impurities (dopants, point defects) are one of the central topics in

our work, due to their key role in controlling the doping efficiency in semicon-

ductors. Currently, there are several notable difficulties in achieving an accurate

ab initio description of charged impurities in semiconductors. First, the widely

used FNV correction scheme for charged impurities works only for single-atom

impurities, while it fails for the important case of dopant/defect pairs and com-

plexes. A more general treatment of charged impurities must be able to correct

defects of any morphology. Second, the current density functionals often yield
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inconsistent thermodynamic transition level for charged impurities, which pro-

duce contradictory and inconclusive information regarding the electronic prop-

erties of the impurities. [6] Many of these problems hinge on the so-called de-

localization error or self-interaction error, [7, 8] namely conventional density

functionals tend to over-delocalize the electron density due to an inadequate

treatment of electron correlation. Modern methods such as hybrid functional

theory could ameliorate this issue, however a more efficient algorithm to com-

pute hybrid functionals is in urgent need in order to treat defective large super-

cells.

(3) A direct validation by experimental results.

This thesis consists of works that are purely computational in nature. The

experimental results with which we compare in our studies come from existing

literature. Although such comparisons are necessary for the purpose of validat-

ing our results, they are not quite sufficient, as the earlier experiments are not

tailored towards the scope of the computations. As a result, they often do not

constitute a direct validation to our numerical results. For example, since the

experimentally measured vibrational modes of Si, Se, and a vacancy in random

InGaAs alloys are not yet available, our computational result serves as a useful

prediction, but they cannot be directly validated at the present time. In the fu-

ture, a collaboration with experimentalists would be very beneficial in obtaining

a more direct interpretation of the computational results to realistic situations.
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