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By selecting nanoparticle size, shape, and composition during synthesis, 

researchers have extraordinary control over the physical and chemical properties of 

nanostructures, giving rise to exciting properties such as high catalytic activities, 

enhanced charge extraction, and improved durability. Post-synthetic modification, or 

chemical transformation, of these nanomaterials has been shown to greatly expand the 

space of tunable parameters for designer nanoparticles.  We examined chemical 

transformations of nanoparticles, specifically ligand exchange or displacement and ion 

exchange, as a route not only to produce materials for renewable energy applications 

but also to investigate the relation of nanocrystal subsurface structure to surface 

energy and to measure the rates of diffusion of ions at short length scales. An 

important technique in recent years is the process of ion exchange, by which cations or 

anions in nanocrystals of a parent binary compound are replaced with ions of a 

different type to produce an otherwise inaccessible structure. We find that anion 

exchange in oxides via introduction of sulfide can be used to optimize electrocatalytic 

activity of cobalt oxide for the hydrogen evolution reaction and show with first-

principles calculations that this arises from tuning of adsorbate binding energies to 

favorable values. Using x-ray diffraction and spectroscopic techniques we explain the 

chemically selective dissolution of constituents of cation-exchanged nanocrystals in 

terms of an autocatalytic surface reaction by ostensibly protective surfactants, thereby 



 

providing another route for controlling heterostructure morphology by material 

removal. This reaction entails the insertion and removal of ions to and from the lattice 

as dictated by the redox environment and local strain,   Through in-situ x-ray 

diffraction of the cation exchange of lead sulfide to cadmium sulfide, we quantify the 

transport coefficients of ions through a nanoparticle shell and find that interdiffusion is 

accelerated by a factor of 104 or more during exchange relative to expectations from 

high-temperature data, even though the activation barrier to diffusion is similar. These 

results show the need for a more careful microscopic treatment of transport in the 

necessarily large chemical potentials found nanoparticle transformation processes far 

from equilibrium. Finally, we compare some important techniques for preparing clean 

and reproducible nanoparticle surfaces for electrochemical investigation and 

demonstrate in particular the effectiveness of ligand removal by alkylation, showing 

that it may be a useful and general technique for future investigations of well-defined 

nanocrystal electrocatalysts.
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CHAPTER 1 

1 INTRODUCTION 

 

1.1. COLLOIDAL NANOCRYSTALS AND THEIR TRANSFORMATIONS 

 

The study of objects with dimensions on the order of one billionth of a meter, 

called nanoscience, now occupies a prominent place in the scientific consciousness. 

This work concerns nanoparticles that can be described as nanometer-size sections of 

bulk solids and details their surface and transport properties and how they change 

under chemical transformation. It extends prior work on the replacement of cations 

and anions in ionic nanocrystals and demonstrates the usefulness of such exchange 

reactions to provide insight into surface chemical reactions, improve the performance 

of energy conversion materials, and measure transport coefficients at short length 

scales. In each project described here, the integration of several complementary 

techniques, including x-ray and electron diffraction, optical spectroscopy, 

electrochemical analysis, and first-principles calculations provides a more complete 

picture of the underlying physicochemical principles governing the reactivity of 

colloidal nanoparticles. 

Nanoparticles lie at an intermediate scale between bulk materials and 

molecules or atoms in terms of both length and physicochemical characteristics. The 

truncation of materials at the nm scale produces substantial changes in their properties: 

nearly all atoms in a nanoparticle are close to the surface. Some phenomena resulting 

from a reduction in the size of a solid domain are shown in Figure 1.1. Confinement 

of electronic wave functions and excited states in a semiconductor nanocrystal gives 

rise to the famous size-dependent absorption and emission spectra of quantum dots 

(QDs), which have drawn so much attention since the end of the last century.1-4 Basic 
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thermodynamic properties change. For example, the phase transition temperatures 

such as the melting points of nanoparticles decrease with their size as a result of the 

competition of the energy of surface formation with the latent heat of the phase 

transition.5-7 Owing to the proximity of the solid surface, which can react with the 

external environment, the properties of nanoparticles can change depending on their 

surface environment as well. Trap states at surfaces strongly influence the 

photoluminescence quantum yield in colloidal semiconductors, which means that 

chemical intervention with passivating molecules or surface layers is required to 

preserve the unique advantages of QDs.4, 8, 9  

 

  

Figure 1.1. Size and surface chemical control of thermodynamic, electronic, and 

structural properties of materials. Left: size-dependent absorption spectra of CdSe 

nanocrystals. Reproduced from figure 3 of reference 1 by permission of the American 

Chemical Society. Upper right: size-dependent melting point of Sn nanocrystals. 

Reproduced from figure 2 of reference 5 by permission of the American Physical 
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Society. Lower right: Photoluminescence quantum yield versus ligand coverage for 

CdSe nanocrystals. Reproduced from figure 4 of reference 8 by permission of the 

American Chemical Society. 

 

 Colloidal systems are of great interest to scientists in many disparate areas due 

to the relative accessibility of solution-phase chemistry in both academic and 

industrial respects. In order to realize proposed low-cost solution processing schemes 

for future electronic, optical, and energy conversion applications, researchers have 

confronted the difficulties of surface science in two major stages. First, design 

principles for synthesizing nanoparticle building blocks had to be formulated. To 

ensure uniformity of the properties of an ensemble of colloidal particles, a desirable 

feature is a narrow (monodisperse) distribution of sizes about the mean particle 

diameter. Although the synthesis of monodisperse colloids with sizes below the 

resolving power of the human eye has a long history,10-12 synthetic coverage of 

particle sizes in the nanometer range with near-monodispersity has been achieved only 

relatively recently.1, 2 Still, with an enormous investment of resources from a 

generation of chemists and physicists over the last few decades, techniques for the 

synthesis of monodisperse nanoparticles of many different compositions have reached 

a high degree of refinement.13-17 

 Work continues apace on extending newly developed synthetic methods to 

more complex systems,18, 19 but a fruitful second avenue of research has continued to 

build upon these foundational syntheses. With their high surface-area-to-volume ratio, 

colloidal nanoparticles react readily with their surroundings.20 Like molecules, they 

undergo rearrangement, functionalization, and disproportionation based on those 

reactions. This has led to much work on the postsynthetic transformation of 

nanomaterials, developments in which have helped to begin solving important 
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problems.21 The properties of many useful engineered materials are not inherent to 

perfect crystalline solids in thermodynamic equilibrium but have been added by 

control over their processing history. Likewise, the “perfect” monodisperse building 

blocks of simple materials can be modified to achieve properties inaccessible by 

synthesis in one step. For example, an important problem following the synthesis of 

QDs for optical and electronic applications was how to achieve and maintain 

luminescence by suppressing trap formation at QD surfaces and “blinking.”4 This 

objective appeared not to be possible “out of the box” in one synthetic step, but 

appropriately applied chemical transformations, specifically the growth of a shell on 

the particle surface to form core-shell QDs,22-24 made possible the preparation of 

bright and stable light sources retaining all the advantages of QDs such as narrow 

emission linewidth. The approaches of surface modification and multistep growth 

have formed a large part of the literature on chemical transformations of nanoparticles. 

 This work uses chemical transformations to examine the properties of 

nanoparticles not just in terms of their surface modifications but also with regard to 

the internal mobility of the atomic constituents below the particle surface. A simplistic 

picture of nanoparticle surface as reflecting the simple attachment and detachment of 

functional groups and ions to a smooth face of a crystal lattice does not adequately 

reflect the actual atomic arrangements at a solid-liquid interface. The creation of a 

surface or interface entails a sharp change in the energy levels of nearby electrons as 

dangling bonds are created, and the relaxation of the surrounding atoms to bring the 

system into local equilibrium can give rise to significant reconstructions extending 

some distance into the underlying atomic layers.25-28 These changes in surface energy 

strongly affect nanoparticle stoichiometry, electronic properties, and phase stability, as 

shown above. Earlier work has left important aspects of nanoscale solid-state 

chemistry decidedly less well-explored than the (admittedly still important) area of 
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nanomaterials synthesis. These aspects discussed in the following chapters are all tied 

to the connection of the surface species to the underlying material. 

• First, on an empirical basis the replacement of ions in binary nanocrystalline 

solids has been shown to greatly expand the accessible scope of useful materials when 

mixed-cation systems are constructed, but the possible benefits of anionic replacement 

are not as well-established. 

• Second, highly nonstoichiometric, chemically “soft” materials react strongly to 

changes in surface properties, which should include changes in nanoparticle ligand 

shells, but the extent and uses of these changes are not well-characterized. 

• Third, the actual rates at which atoms move when they are close to a free 

surface are difficult to measure, and chemical transformations of nanomaterials offer 

new ways in which to perform these measurements. Knowledge of the transport 

properties at short length scales will be critical for future nanoparticle devices, as the 

migration of atoms away from their designed positions becomes more detrimental to 

performance as the relevant dimensions of the material become smaller. 

• Finally, the divergence of empirical approaches in the literature for surface 

treatments of nanoparticles has made “standardization” of the properties and structures 

of nanoparticle surfaces and subsurfaces difficult to establish. Actual comparative 

studies of the effects (and effectiveness) of different treatments are needed to address 

these uncertainties. 

 

1.2. OUTLINE 

 

This chapter introduces important concepts in the synthesis, transformation, 

and characterization of colloidal nanoparticles; elaborations on these themes are 

presented in the forthcoming material. Ion exchange in nanoparticulate solids is the 
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main experimental technique underlying the syntheses and modifications conducted in 

this work. The intended outcomes were threefold: 1) prepare more active metastable 

materials for future energy applications, especially electrocatalysis; 2) characterize the 

possible impact of surface treatments and reactions on underlying nanoparticle 

structure; and 3) perform accurate measurements of the rate of ionic transport at 

nanometer length scales. The main technique used in confirmation and description of 

the structural transformations was the diffraction of x-rays and electrons, with a 

secondary emphasis on spectroscopic and electrochemical methods. 

• Chapter 2 utilizes a previously developed technique of anion exchange in 

ionic nanocrystals to synthesize a metastable oxysulfide nanoparticle catalyst having 

optimized activity relative to either end-point composition in the cobalt oxide-cobalt 

sulfide system spanned by the achievable extent of anion exchange. The metastability 

of this oxysulfide can be shown by observing a lattice expansion upon doping hollow 

CoO particles with a small amount of sulfide anion, which disappears when the 

particles are annealed. Density functional theory calculations corroborate the trend 

observed electrochemically by showing that the hydrogen binding affinity to CoO 

surfaces, with O2− replaced with increasing amounts of S2−, reaches a value closest to 

that of an ideal catalyst, Pt, at a specific, small level of anion exchange. 

• Chapter 3 characterizes in more detail the lability of an emerging class of 

nanomaterials, the copper chalcogenides, by identifying a side reaction between a 

commonly used nanoparticle surfactant, trialkylphosphine, and the underlying 

nanocrystal core with its highly mobile cations. Under oxidizing conditions the 

phosphine acts to dissolve the redox-active chalcogenide material and change its 

structure and optical properties. The mechanism of this reaction involves coupling 

between the cation and anion oxidation states through reductive abstraction of the 
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anion enabled by oxidative dissolution of the cation. This reaction enables a new 

dimension of post-synthetic tuning of nanostructures by chemically selective etching. 

• Chapter 4 explores in detail the solid-state processes underlying the growth of 

core-shell semiconductor heterostructures by diffusive cation exchange. The case of 

PbS-core—CdS-shell (PbS@CdS) quantum dots is used as a model system for using 

synchrotron x-ray diffraction to identify the presence of metastable phases and 

quantify solid-state diffusion kinetics in nanoparticles. A more careful consideration of 

the kinematical theory of x-ray diffraction in epitaxially structured nanoparticles 

explains some observations of lattice distortion and symmetry breaking in nanoparticle 

structure. With these effects controlled for, detailed kinetic data allow separation of 

surface- and sub-surface-controlled processes and show that, likely due to the 

production of crystalline defects in a sharp chemical potential gradient, increase the 

rates of interdiffusion by factor of as much as 104 in nanocrystals. 

• Chapter 5 deals with a problem of lingering concern to the previous work, the 

need for a reproducible strategy to minimize or eliminate the role of colloidal 

nanoparticle ligands on their subsequent characterization or transformation. Because 

clean surfaces are desired in many applications, numerous groups working with 

colloidal nanoparticles have taken widely divergent approaches to remove the ligands 

which are crucial to the syntheses of well-defined nanoparticles. However, not as 

much attention has been given to identifying their relative effectiveness. Chapter 5 

thus compares some widely used methods for the postsynthetic cleaning of 

nanoparticles using an important redox-active electrocatalytic oxide material, Mn3O4, 

as a test system, and shows that alkylation of surface ligands is a promising alternative 

to widely used high-temperature annealing processes that may destroy metastable 

nanoparticle structures.  
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• Chapter 6 summarizes the results of Chapters 2-5 and presents preliminary 

results from experiments following from the publications therein. Key among these 

are the generalization of the anion exchange reaction in Chapter 2 and the expansion 

of the scope of the x-ray diffraction analysis through use of total scattering and pair 

distribution function analysis. Finally, Chapter 6 discusses a more extensive 

preliminary investigation of the pair distribution function analysis of (what are called 

here) internally correlated nanomaterials, specifically aggregates of molecules or 

clusters with well-defined interparticle correlations. Some principles for interpreting 

unusual features of x-ray data are presented along with future experiments to confirm 

the theoretical analysis, which could be useful for determining intermolecular 

configurations in molecular aggregates or mesophases. 

 

1.3. AREAS OF EXPLORATION 

 

1.3.1. Examples of chemical transformations of nanoparticles 

Presented here are studies of how these reactions, called chemical 

transformations of nanoparticles, change the properties of the material at and beneath 

the surface. Transformations may take place through adding, substituting, removing, 

or rearranging atoms in a nanostructure, all of which are considered in one way or the 

other in Chapters 2-5. The results of some representative chemical transformations of 

nanomaterials are shown in Figure 1.2. 

A major class of transformations considered in this work is the process of 

cation or anion exchange, an example of which is at top in Figure 1.2. Here, Robinson 

et al.29 produced nanorods where Cd atoms in CdS have been partially replaced with 

Ag, and the resulting Ag2S domains spontaneously arranged themselves at regular 

intervals. In other words, a superlattice (a feature normally associated with complex  
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Figure 1.2. Examples of chemical transformations of nanomaterials. Top: partial 

cation replacement in CdS nanorods with Ag produces a spontaneously ordered linear 

superlattice of CdS and Ag2S domains. Reproduced from figure 1 of reference 29 with 

permission of the American Association for the Advancement of Science. Middle: 

Ligand-induced reshaping of semiconductor nanocrystals. Reproduced from figure 4 

of reference 31 under the CC-BY-NC-ND license. Bottom: phosphidization of cobalt 

metal nanocrystals produces core-shell cobalt-cobalt phosphide and eventually hollow 

cobalt phosphide nanoparticles. Reproduced from figure 2 of reference 30 with 

permission of the Royal Society of Chemistry. 
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and expensive vacuum deposition technologies) was formed within a nanorod through 

solution techniques alone. Below that, Peters et al. demonstrated a total redistribution 

of atoms around PbSe nanoparticles in the presence of excess capping ligands and ions 

in solution changed the chemical potential of each nanocrystal facet, thereby causing 

dissolution and reprecipitation of PbSe until facets had grown or shrunk in accordance 

with the altered surface energies. At bottom in Figure 1.2, another transformation is 

shown where the controlled phosphidization of Co metal nanoparticles by Ha et al.30 

produced metal-metal phosphide or metal phosphide nanoparticles of complex  

morphology and controlled phase. The process of phosphidization entailed the 

diffusion of P and Co in different directions as well as redistribution of atoms at the 

surface, and the greater mobility of Co relative to P resulted in the formation of an 

unusual hollow structure due to vacancy generation in the core. 

 

1.3.2. Chemical transformations of nanoparticles: ion exchange 

Chapters 2 and 4 of this work focus on the replacement of ions in binary ionic 

nanocrystals with a different type of ion to form new phases in the resulting 

nanoparticles. In wider industrial and scientific usage, ion exchange is understood as 

the charge-balanced displacement of cations or anions from an appropriate substrate 

(host), such as an ionic polymer, glass, or mineral, bearing outward-facing counterion 

moieties. Such materials are very useful in separation, extraction, and sequestration of 

ions in solution.32 However, ion exchange substrates are not limited to materials with 

comparatively “exposed” ion adsorption sites. In materials with relatively high ionic 

mobility, the sublattice with the slower-diffusing component (usually the anion) can 

serve as a rigid framework through which incoming and outgoing ions (usually 

cations) are redistributed between the solid and solution state in accordance with mass 

action and thermodynamics.33-35 This was brought to the attention of the wider 
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nanoparticle research community in a 2004 report36 which demonstrated the highly 

reversible metathesis reaction of solvated Ag ions with colloidal nanocrystals of CdSe: 

2Ag+(sol) + CdSe ↔ Cd2+ + Ag2Se 

In this case, the observation of cation exchange was made possible by the high 

reactivity of nanoparticle surfaces and short diffusion lengths involved in replacing 

host cations. At room temperature, the movement of ions through NCs 4 nm in 

diameter is fast enough that Cd can be displaced quantitatively by incoming Ag in less 

than 1 s. An illustration of this process and its effects on CdSe nanocrystals is shown 

in Figure 1.3.  

 

Figure 1.3. Cation exchange as a shape- and structure-preserving transformation of 

nanomaterials. Reproduced from figure 1 of reference 36 by permission of the 

American Association for the Advancement of Science. 

 

With some caveats, the exchange reaction is shape-, size-, and structure-

preserving. Spherical wurtzite CdSe NCs are converted to monoclinic Ag2Se and 
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revert to wurtzite upon back-exchange without losing their sphericity (top). Quantum-

confined electronic properties are also conserved, as indicated by the energies of CdSe 

fluorescence and absorption lines very nearly returning to their original positions 

(bottom). However, broad emission bands from trap luminescence, stacking faults, and 

agglomerates remain following reverse exchange (Figure 1.3 lower center and right, 

respectively), indicating some involvement of anionic components in cation exchange 

as well. Additionally, the original report noted some size dependence of the reactivity, 

showing that very small nanorods had fully mobile anions and reverted to spherical 

shapes after cation exchange.36 Despite those irregularities, further developments 

indicated that many complex morphologies in nanoparticles were stable over cycles of 

cation exchange, including high-aspect-ratio shapes like rods and tetrapods, core-shell 

structures, and dot-in-rod geometries.37 For cation exchange in semiconductor 

nanocrystals, the assumption of a more or less rigid anion sublattice has generally 

been found to be acceptable for ionic nanostructures having a smallest dimension of 

more than a few nm, as validated by morphology conservation and specialized optical 

measurements.38 

Cation exchange is regarded as a promising tool for the transformation of 

nanoparticles to device-ready forms because features can be added post-synthetically 

that are impossible to accomplish by a direct synthesis.33, 34 That is, cation exchange is 

usually possible at much lower temperatures than used in nanoparticle synthesis, and 

so metastable structures produced by controlled ionic substitution can be kinetically 

prevented from reverting to a more thermodynamically favorable form. Research has 

on numerous occasions demonstrated the kinetic trapping of nanocrystals with 

spontaneously formed superstructures29, 39, 40 and with phases not observed in the 

bulk.37, 41, 42 These techniques have been put to use in improving the performance of 

nanomaterials for energy applications, especially photovoltaics and emitters.43-45 
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Chapter 4 studies in detail the effects of cation exchange with Cd on PbS 

nanocrystals. 

 Ion exchange may also be carried out with anions. In semiconductors such as 

Cd chalcogenides and transition metal oxides, the size of the anion is usually much 

larger than that of the cation (hence the rigidity of the anion sublattice that allows 

cation exchange). However, under the appropriate conditions and with suitable sources 

of anion,46-48 transformations e.g. from oxides to chalcogenides can also be executed. 

Chapter 2 discusses the transformation of cobalt oxide to cobalt sulfide and, by 

partial exchange, to cobalt oxysulfide. A particularly important utilization of anion 

exchange in the current literature is in the tuning of the lead halide perovskite 

nanocrystal properties,49-51 which has seen a storm of work in recent years due to the 

defect tolerance and hence agreeable optoelectronic properties of these materials. In 

that system, the halide anions are instead smaller than the large Pb cations. The 

conclusions drawn in Chapter 4 on cation exchange will be equally applicable to the 

charge-reversed case of anion exchange. 

 

1.3.3. Nanocrystal surface and interface science 

Because single-domain shape-controlled nanocrystals can be prepared using 

modern colloidal synthetic techniques with a high degree of crystallinity and 

uniformity, ensembles of nanocrystals produce a sample that is nearly entirely 

“interface,” greatly increasing the accessible sub-surface volume for probes that would 

otherwise be restricted by, for example, the very limited surface area of a large single 

crystal. The chemistry of solid-liquid interfaces is central to nanoparticle synthesis and 

transformation. Through post-synthetic modification, solid-solid interfaces or 

heterojunctions can also be formed in nanoparticles. Cation exchange has notably been 

put to that purpose. 
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Rather than being abrupt terminations of a solid domain, nanoparticle surfaces 

and phase or grain boundaries can lead to significant reconstruction of the atomic 

configuration in their vicinity. Reconstruction can be due to surface energy effects, as 

demonstrated in the center of Figure 1.2,31 or to strain imposed by a nearby solid 

phase boundary.39 Solid-solution nanoparticle interfaces have been observed to cause 

ordering of nearby solvent molecules25 as well as amorphization or “melting” of 

subsurface atoms in the particle,26 phenomena which have previously been 

demonstrated in surfaces of bulk materials.27, 52  

Chapters 3 and 5 discuss the impact of surface chemistry on nanoparticle 

structure. An important theme is that the primary mode of tuning in nanoparticle 

synthesis, the use of surfactant ligands to control precursor conversion and monomer 

attachment, is ostensibly for size and shape control but remains a critical determining 

factor of all aspects of the final product, including crystal structure and 

stoichiometry.20, 53, 54  The effects are especially pronounced in chemically “soft” 

materials with many accessible phases. Many such materials are found in the family of 

metal chalcogenides,18, 19 which have been the primary targets of advanced 

nanoparticle syntheses. Far from being simple protecting groups to prevent 

nanocrystals from agglomerating, in many cases ligands react vigorously with 

nanoparticles.55-57 

The same ligands are frequently also used for solvation of nanoparticle 

precursors, and an excess of ligands can accordingly lead to dissolution of the 

nanoparticles under the right circumstances. Chapter 3 provides a striking example of 

such a reaction where an alkylphosphine ligand required for cation exchange in copper 

sulfide, Cu2−xS, can also dissolve the material. The affinity of ligands for different 

components of a nanocrystal can lead to selective leaching or deposition of ions, as 

demonstrated for example in the extraction of anions or cations from various types of 
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transition metal chalcogenides. As mentioned previously, the redistribution of both 

cations and anions in PbSe in an excess of ligand31 suggests that many atoms below 

the surface of a nanoparticle exist in dynamic equilibrium with the solution in which 

the host nanocrystals are suspended. 

In some cases, surface treatment can lead to intracrystal redistribution of 

atoms, without need for dissolution or reprecipitation. Phase changes in Cu 

chalcogenides upon treatment with reducing or oxidizing agents are proposed to 

reflect the migration of Cu to core or surface regions.58-60 The author has helped to 

demonstrate in a separate project61 that a change in the chemical potential boundary 

conditions at the surface of a semiconductor cluster can be used to reversibly switch 

its phase from zincblende- to wurtzite-like in a diffusionless phase transformation.  

 

1.3.4. Aspects of x-ray and electron diffraction and imaging 

A powerful structural characterization technique is required in providing one 

half of the structure-property relationship in chemically transformed nanomaterials. 

The diffraction of highly penetrating radiation, such as x-rays and high-energy 

electrons, from arrangements of atoms (both regular and irregular) has been utilized 

for material structure determination since Bragg’s historic work.62 von Laue 

demonstrated that diffraction of waves from a regular array of points produced sharp 

maxima, or peaks, in the scattered wave intensity at specific angles relative to the 

array.63-65 X-rays have a wavelength, λ, on the order of 1 Å, comparable to the 

distances between atoms, and as a result elastically scattered (diffracted) x-rays are 

deflected at angles very accessible to experiment. This early work led to an 

understanding of diffraction from crystals as reflection of x-rays at Bragg angles, θ 

(measured as 2θ experimentally), from stacks of planes of atoms separated by an 

interplanar spacing d. This is summarized in what is now known as Bragg’s law: 
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𝑛𝜆 = 2𝑑 sin 𝜃 (1.1) 

The integer n is a multiple of the wavelength (or fraction of the interplanar 

spacing). The interplanar spacings can be related to the true three-dimensional 

structure of the object by exploiting the symmetry of the crystal to determine 

“allowed” reflections, followed by location of the atoms through the calculation of a 

structure factor, Fhkl, determined by the scattering power of the atoms. This Bragg 

formalism is the basis of modern crystallography in the kinematical limit, where x-ray 

scattering is purely elastic and multiple reflections do not occur. To accommodate the 

imperfections of real experiments, numerous corrections have been added over time 

which rely on the shape, width, and intensity of Bragg reflections. Analysis of these 

parameters give information not only on the instrumental aberrations introduced but 

more importantly on defects in the crystal. One correction which is frequently applied 

to nanoparticles is for their finite domain size, d, which broadens the Bragg reflection 

into a Gaussian peak with a full width at half maximum (FWHM, β) approximately 

according to the Scherrer equation:  

𝛽 =
𝐾𝜆

𝑑 cos 𝜃
(1.2) 

K is a geometrical parameter which is usually close to 1. In general, crystalline 

distortions contribute to the peak width as well.  These include such factors as 

inhomogeneous strain, stacking faults, and other correlated atomic displacements. 

Bragg diffraction arises as a limit in infinitely large crystals from coherent 

scattering of x-rays, neutrons, or electrons from the particles making up a crystal 

(largely electrons for incident x-rays and electrons, and nuclei for neutrons). Figure 

1.4 shows a representation of this effect. Rays with wavelength λ encounter a pair of 

particles with incident wavevector k and are scattered along a different wavevector k’. 

In Bragg diffraction k’ is a reflection of k across a line perpendicular to the atomic 
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plane, with k’ forming an angle of 2θ relative to k. The difference between 

wavevectors is equal to a momentum transfer Q = k’ – k, which is more general than 

2θ because it is normalized for wavelength. The phase difference of the waves for k 

and k’ is determined by the geometry of the interparticle distance vector, r, and from 

this difference the intensity (amplitude squared) of the diffracted beam at that 

momentum transfer Q can be calculated.64, 65 

 

 

Figure 1.4. The scattering of electromagnetic waves by a pair of electrons. 

Reproduced from figure 4.1 of reference 64 by permission of John Wiley and Sons. 

 

An alternative approach to x-ray diffraction pattern analysis would thus be to 

calculate the scattered intensity directly from the collection of atoms from knowledge 

of the interaction between the incoming beam and each electron. Obviously, this is 

impractical for macroscopic objects which have an extremely large number (1021-1023) 

of atoms per cm3, but this microscopic approach has become quite useful for 

diffraction calculations from nanoparticles. For particles less than 10 nm in diameter, 

calculating the scattering from all atoms (up to 104) is much more tractable with 

modern computing power.66-68 To perform calculations using atoms instead of 

electrons, for most purposes it suffices to use a pre-calculated atomic form factor f 
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(scattering power relative to a free electron) as a function of the momentum transfer 

Q.69 As indicated in Figure 1.4, constructive and destructive interference arise from 

phase differences between beams scattered by pairs of particles. Therefore, the 

calculated intensity requires assessing this phase difference for every pair of atoms i 

and j (which have interatomic distance vector rij and scatter the beam along some 

vector Qij) in the nanoparticle. Summing each pair’s contribution gives the overall 

intensity I(Q) in three-dimensional reciprocal space.70 A critical point here is that the 

sum of these intensities demonstrates that the intensity of the x-ray reflections, as a 

sum of periodic functions, is a Fourier transform of the interatomic vectors weighted 

by the atomic form factors:  

𝐼(𝑸) = 𝑓∗𝑓 exp(𝑖 ∙ 𝑸 ∙ 𝒓 )

,

(1.3) 

An asterisk indicates a complex conjugate for the form factor, which is usually 

not very important far from an x-ray absorption edge.64 A convenient form of this sum 

for nanoparticle diffraction calculations was laid out by Debye in 1915.71 Averaging 

I(Q) over all orientations allows the one-dimensional diffraction pattern I(Q) to be 

calculated as a function of directionless interatomic distances rij. 

𝐼(𝑄) = 𝑓∗𝑓
sin 𝑄𝑟

𝑄𝑟
,

(1.4) 

Accordingly, this is referred to as the Debye scattering equation. The process 

of averaging is illustrated in Figure 1.5. Numerous programs have been written to 

very quickly evaluate this function for arbitrary collections of atoms. In Chapter 4, 

Equation 1.4, in combination with experimental data, provides great insight into how 

different parts of a nanoparticle structure contribute to the overall scattering pattern. 

This orientational averaging is also generally assumed by default in XRD 

experiments on nanoparticles (and other finely divided materials) which are generally 
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not condensed into a single orientation when prepared for analysis. The resulting 

intensities measured therefore make up what is called a powder diffraction pattern.72 

The use of powder diffraction data with Bragg’s law to find a correspondence of the 

measured interplanar spacings to a database of crystal structures measured in bulk 

samples is the most common mode of nanoparticle structure determination.  

 

 

Figure 1.5. Averaging of intensities of a section of reciprocal space (left) over all 

orientations (right). This produces a powder diffraction pattern with rings instead of 

spots. Reproduced from figure 1.9 of reference 72 by permission of the Royal Society 

of Chemistry. 
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Electrons in a transmission electron microscope (TEM) are also used to form 

diffraction patterns.73, 74 Nearly all nanoparticle scientists, however, primarily use the 

TEM to image particles directly, since electrons can be focused like longer-

wavelength light using electron optics. Because high-energy (100-200 keV) electrons 

have a much smaller effective wavelength (a few pm) than x-rays (0.1-1Å), the 

achievable resolution in the TEM can theoretically be far greater. Although modern 

resolution limits are still much greater than the electron wavelength due to the 

limitations of the optics, nanoparticle imaging is now routinely performed with 

resolving power on the order of 1 Å or less, where electron microscopy is generally 

referred to as high resolution TEM (HRTEM). At this scale lattice planes or fringes 

are resolvable. Although this approach is mostly not used in this work, a very 

important mode of operation in the TEM uses a scanned, tightly focused electron 

beam (hence scanning TEM, or STEM) to obtain images of atomic structure from the 

scattering of electrons at higher angles from columns of atoms along the incident beam 

axis. Because all scattered electrons collected by the optics originate from a specific 

point on the sample in STEM mode and contrast is largely only determined by the 

number of electrons in the path of the beam, STEM has become widely used also for 

chemically and electronically sensitive analysis of inelastically scattered electrons and 

x-rays produced by the beam-sample interaction.  

 

1.3.5. Electrochemistry with nanoparticles 

Chapters 2 and 5 of this work discuss the electrochemistry of chemically 

transformed nanoparticles. Nanoparticles have long been used in catalytic and surface 

chemical applications without special reference being made to their “nano” qualities.75 

Since major industrial processes depend on surface-bound catalytic reactions to 

proceed efficiently, the catalyst should naturally be as finely divided as possible to 
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maximize the surface-area-to-volume ratio. Better characterization methods have led 

to a better appreciation of the details of nanoparticle structure and a new interest in 

how size restriction effects might influence surface chemistry and other aspects of 

catalysis.76-78 Knowledge of these factors has become important since the need for 

optimization of catalytic technologies has steadily increased in urgency into the new 

millennium. In particular, electrocatalysis, where reactions involving charge transfer 

across interfaces are enabled by catalytic surfaces, will be a critical component in new 

renewable energy generation and storage technologies.79, 80 A major area of focus in 

electrocatalytic research is in the water oxidation and reduction, or water-splitting, 

reactions, where oxygen and hydrogen are produced from water or vice versa. 

Reactions involving the generation (evolution) or reduction of oxygen, termed the 

OER and ORR, respectively, are noted for being much too slow for widespread 

application in that much more energy is needed to achieve them electrochemically 

than indicated by the thermodynamic free energies of the reaction. Lowering this 

energy input or overpotential has been a major goal. Platinum has served as the 

electrocatalyst of choice in most hydrogen fuel cell technologies used today. 

Obviously, Pt is an expensive metal and non-precious metal alternatives are urgently 

desired. Research on non-precious-metal electrocatalysts has identified many 

promising candidates,80-85 but a major part of the work toward a platinum-free water-

splitting electrode will lie in optimizing these candidates at the micro- and nanoscale 

levels so that they become viable both in performance and cost.  

Of late, new uses have been found for the control that modern colloidal 

nanoparticle synthetic approaches afford. The size- and shape-selective synthesis of 

monodisperse nanocrystals allows electrochemists to thoroughly explore structure-

property relationships in catalytic materials by determining the number and type of 

atoms exposed to the solution.86, 87 An example of such a test of shape-controlled 
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objects is shown in Figure 1.6.88 Here, lithium cobalt oxide particles were prepared as 

nanorods with different sizes and aspect ratios, with the result that their apparent 

activity for oxygen reduction and evolution per surface area depended strongly on the 

proportion of crystal facets along the rod axis to those at the tip of the rod. The impact 

of surface termination and orientation has long been known in metals,89, 90 and 

syntheses achieving these optimal orientations in nanoparticles91, 92 should ultimately 

improve substantially the activity of electrocatalysts. 

 
 

 

Figure 1.6. Facet dependence of nanoparticle electrocatalytic activity in nanorods. 

Right: side facets of LiCoO2 are less active for oxygen evolution and reduction than 

tip facets. Left: TEM images of a LiCoO2 nanorod showing different surface 

orientations and terminations. Reproduced from introductory figure and figure 1 from 

reference 88 by permission of the American Chemical Society. 

 

The chemical transformations of colloidal nanomaterials add another option for 

activity maximization in electrocatalyst preparation.21 Metastable structures are 

accessible through relatively low-temperature modification that may not be accessible 

in the bulk or in larger particles. A number of groups have already reported 
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transformations in nanoparticles where removal or addition of atoms formed precisely 

tuned surface layers that, in combination with the underlying core, formed unusually 

active electrocatalysts.93, 94 Promising results in mixed-cation oxides are widespread.80, 

81, 95, 96 Some are discussed in Chapter 2, but similar substitutions have been made for 

the anion sublattice in other nanosized materials,97 which is the focus of that section. 

Chapter 5 discusses one important concern in the utilization of colloidal 

nanoparticles in (electro)catalysis, specifically that components of nanomaterials, such 

as ligands, used for nanoparticle preparation must be considered as part of the system 

and may be utilized or need to be removed.98, 99 Work in nano-electrocatalysis 

generally proceeds with the assumption that surfactants must be removed with an 

appropriate procedure, but the relative impacts of these procedures on the residual 

surface after removal is not well-characterized. 

 

1.3.6. Solid-state diffusion and mass transport in nanomaterials 

Chemical transformations of nanocrystals in many cases take place via the 

diffusion of atoms through the particle lattice. This is logically necessary in order to 

explain the observations of morphology conservation mentioned in section 1.2 above. 

Atomic transport through solids is an area of great importance in physics and 

chemistry and has been widely studied for its applications in metallurgy, oxidation, 

and electronics, among many other areas. Beyond ion exchange,33, 36 another discovery 

in nanoparticle science generated great interest: the nanoscale Kirkendall effect, also 

popularized in 2004.100 In this phenomenon, a binary compound (e.g. an oxide) at a 

nanoparticle surface requires the mixing or migration of two different atomic species. 

Where one species can move more rapidly than the other, voids can be generated 

where there are no additional sources of atoms to fill the space behind the diffusing 

atoms, i.e. in the center of a nanoparticle.101, 102 Fine points of nanocrystal structure, 



24 

such as size and crystal phase, can compound with solid-state diffusion to provide 

routes to very interesting structures,103, 104 as summarized in Figure 1.7 for the 

example of cobalt colloids. Methods have been developed to prepare cobalt 

nanoparticles in an amorphous phase or three different crystalline structures: face-

centered cubic (fcc), hexagonal close packed (hcp), or the more complex epsilon 

phase,105 which appears only in nanoparticles. Oxidation of Co can lead to hollow 

polycrystalline nanoparticles, metal particles with an oxide shell of apparently self-

limited thickness, solid polycrystalline or amorphous oxide particles, or even hollow 

oxide particles with a residual metal core. These different outcomes must arise from 

the particular rates of diffusion for oxygen and cobalt in the different metal and oxide 

phases. The nanoscale Kirkendall effect makes a significant contribution to the 

structure of the nanoparticle electrocatalysts studied in Chapter 2, and Chapter 4 

considers the impact of differences in component diffusion rates as well.   
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Figure 1.7. Morphology and phase changes during transformation of nanoparticles 

depend on domain size, starting crystal structure, and mobility of different species. 

Reproduced from figure 7 of reference 103 by permission of the American Chemical 

Society. 

 

Because Chapter 4 discusses the rates of diffusion in nanocrystals, this section 

describes some of the fundamental principles underlying a phenomenological or 

microscopic description of the transport of matter, especially in solids. Put most 

tersely, solid-state diffusion is the motion of atoms in response to a chemical potential 

gradient. In simple cases, this gradient is also equivalent to a gradient in concentration, 

(C) over some space coordinate (x). The flow of substance per unit area, J, in one 

dimension is given by what is known as Fick’s first law: 

𝐽 = −𝐷
𝑑𝐶

𝑑𝑥
(1.5) 

D is known as the diffusion coefficient, and it is the property measured for Pb 

and Cd in PbS@CdS core-shell nanocrystals in Chapter 4. Because the flux is related 
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to the rate of change in concentration over time, t,  Equation 1.5 can be generalized to 

the similarly named Fick’s second law: 

𝑑𝐶

𝑑𝑡
= 𝐷

𝑑 𝐶

𝑑𝑥
(1.6) 

An important caveat exists, namely that D depends on many different factors, 

including the concentration of the substance itself. The phenomenological analysis of 

rates of diffusion106 is thus largely based around applying Equation 1.6 with the 

knowledge that D is really a function D( C, t, …) and with the appropriate boundary 

conditions. Previous studies of diffusion in nanoparticles107-111 have most often 

measured D as a function of temperature T in order to obtain an activation energy Ea 

through the ostensible Arrhenius dependence of D(T) based on rate theory. Although it 

is difficult to unambiguously determine microscopic mechanisms of diffusion from 

bulk kinetic experiments, Ea (or the lack of an Arrhenius dependence) could be taken 

as a valuable diagnostic. The central goal of diffusion experiments on nanoparticles in 

this work is to at least constrain the space of processes through which diffusion occurs. 

The target of interest is the identity of the point defect most responsible for mass 

transport, as discussed below. 

In the solid state, it has been well-established that diffusion occurs through the 

motion of defects. In crystals, these can be effectively two-dimensional (grain 

boundaries and surfaces), one-dimensional (dislocations) or, most importantly for the 

purposes of this discussion, zero-dimensional (point defects).112, 113 The establishment 

of the existence of point defects, particularly vacancies, as the mediator for mass 

diffusion in crystalline solids by the work of Frenkel, Schottky, and Wagner among 

others112, 114 in ionic crystals and the experiments of Smigleskas and Kirkendall in 

metals115 was a major advance in solid-state physics. Point defects include gaps or 

missing points in the lattice (vacancies), atoms located off-lattice within the crystal 
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(interstitials), and replacements of one type of on-lattice atom with another 

(substitutional defects). The motion of these defects indicates a net displacement or 

flux of mass along the jump vector along which atoms move. Although a defective 

crystal is higher in energy than a perfect one, entropic considerations show that at any 

finite temperature a bulk crystal will always contain these point defects. This raises the 

interesting question of what happens when the crystal is finite or, in the case of 

nanocrystals, very small. It can be argued that since an arbitrary section of a solid is 

unlikely to enclose a point defect, nanocrystals must also be unlikely to contain 

them.116, 117 Somewhat sensationally, this has led to the description of nanocrystals as 

being pieces of perfect material with “nanoscale perfection”.118 Nonetheless, mass 

transport through solids occurs in nanocrystals as it does in the bulk. As the nanoscale 

Kirkendall effect100 in Figure 1.7 shows, this transport involves creation of defects. 

This has led to much work on introducing impurities or defects to nanocrystals and 

studying the effects of the presence of free surfaces on them.117, 119-121 Factors 

Chapter 4 attempts to address through kinetic studies include whether the dominant 

type of defect might change in smaller domains, whether their populations or energies 

of formation are significantly different, how they couple to different types of surfaces 

or crystal facets, and whether this accelerates or slows down mass transport. 
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CHAPTER 2 

2 INCREASED ACTIVITY IN HYDROGEN EVOLUTION 

ELECTROCATALYSIS FOR PARTIAL ANIONIC SUBSTITUTION IN COBALT 

OXYSULFIDE NANOPARTICLES * 

 

2.1. ABSTRACT 

 

The functionality of an electrocatalyst depends sensitively on the surface 

chemistry. In the case of transition-metal compounds, both the transition metal cation 

and the anion must be controlled to maximize the electrocatalytic activity. This 

realization has driven many efforts devoted to engineering the cation chemistry, 

producing many state-of-the-art electrocatalysts. Motivated by the critical role the 

cation plays in electrocatalysis, we seek to understand whether a similar effect can be 

achieved with the anion. Herein, we present a study on the effect of the anion 

substitution on the hydrogen evolution reaction (HER) electrocatalysis on cobalt 

oxysulfide nanoparticles. To control the sulfur substitution, we use ammonium sulfide 

to introduce sulfur to the cobalt oxide nanoparticles at low temperature without 

inducing secondary phase formation. We find that a lightly doped oxysulfide catalyst, 

which has the composition CoOxS0.18, exhibits a metastable, distorted S-substituted 

CoO phase and is 2–3 times more active for the HER than either end-member of the 

substitution series. Our first-principles calculations attribute the HER enhancement to 

the stronger surface H adsorption which is maximally favorable at a relatively low 

                                                 
* Originally published as: Nelson, A.; Fritz, K. E.; Honrao, S.; Hennig, R. G.; Robinson, R. D.; 
Suntivich, J. Increased Activity in Hydrogen Evolution Electrocatalysis for Partial Anionic 
Substitution in Cobalt Oxysulfide Nanoparticles. J. Mater. Chem. A. 2016, 4(8), 2842-2848. 
Reproduced by permission of the Royal Society of Chemistry. 
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doping level. Our work provides a protocol for synthesizing metastable mixed-anion 

materials and reveals the critical role of the anion on the surface physiochemical 

properties and the HER electrocatalysis. 

 

2.2. INTRODUCTION 

 

One of the largest factors limiting the commercialization of air-breathing 

electrochemical energy storage technologies lies in the requirement of rare, precious-

metal catalysts.1-10 Transition-metal-containing compounds such as oxides,10-15 

chalcogenides,16-21 and pnictides22-24 exhibit high activities and are attractive 

alternatives to rare, precious metals. The pursuit of these transition-metal-containing 

electrocatalysts has driven many efforts11, 25, 26 in controlling physicochemical 

properties such as the surface–adsorbate interaction27, 28 to find the most 

electrocatalytically active surface.1, 2, 11 Thus far, approaches based on cationic 

substitutions have been highly successful in controlling the surface–adsorbate 

interaction for engineering the electrocatalytic activities.25, 29, 30 These investigations 

have produced many mixed-cation electrocatalysts that are considered the state-of-the-

art.11, 13, 25, 29, 31, 32 Considering these positive results from cationic substitution, a 

natural question is whether a similar substitution of the anion can also benefit the 

activity of the transition-metal-containing electrocatalysts. Transition metal 

compounds with mixed anions have been explored for batteries,33 transparent 

conducting oxides,34 photocatalysts,35, 36 and electrocatalysts. In electrocatalysis, many 

works using mixed anionic compounds such as MoS2–MoSe2,37 MoOx–MoS2,38, 39 

sulfidized MoP,40 phosphidized CoS2,41 selenized Ni2P,42 or amorphous Co–O–S43 

have established that mixed-anion materials can have superior performance. Still, it is 

not clear how the anion substitution affects the physicochemical and electrocatalytic 
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properties. This is partly because many of these studies have focused on compounds at 

the extremes of each compositional range or have used materials with poorly-defined 

morphologies, such as porous films or polydisperse nanoparticles.18, 44, 45 In view of 

the extensive literature on transition metal chalcogenides17, 21, 27, 46 and phosphides,22, 

23, 47 knowledge of the role of the anion in controlling these physicochemical 

properties can help to rationalize future design strategies for optimizing 

electrocatalytic activity. 

 

2.3. RESULTS AND DISCUSSION 

 

In this work, we synthesize partially anion-exchanged nanoparticles (NPs) to 

determine how the anion substitution can affect electrocatalytic activity, using cobalt 

oxysulfide, CoOxSy, as a model system (Figure 2.1a). We focus on the hydrogen 

evolution reaction electrocatalysis (HER, 2H2O + 2e− ↔ H2 + 2OH− in alkaline), for 

which highly active electrocatalysts have been prepared utilizing cobalt sulfides43, 48-50 

and other cobalt chalcogenides.51 We show that the HER activity depends sensitively 

on the anion chemistry, which can subsequently be optimized during catalyst 

synthesis. Specifically, we demonstrate that there is an optimum composition for the 

HER electrocatalysis at relatively small levels of sulfide doping (Figure 2.1b). We 

attribute the increased HER activity after anion exchange to the stronger hydrogen 

adsorption energy following the substitution of S2− in place of O2− in Co oxysulfide, 

effectively reducing the intermediate energy during the HER. 
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Figure 2.1. Schematic of the anionic substitution in CoOx nanoparticles as a testbed 

for HER electrocatalysis (a). Results from this work indicate that the maximum HER 

activity occurs at low doping levels (e.g., CoOxS0.18), while at higher doping levels, 

activity decreases (b). The HER activity is normalized to the surface areas of the 

catalysts. 

 

2.3.1. Structural characterization 

To carry out the partial substitution of the anions, we use a protocol based on 

organic-phase colloidal synthesis. Colloidal NP synthesis offers many advantages, 

such as controlled nucleation and growth in solution, thereby producing particles with 

well-defined, highly-uniform size and shape.52-55 The monodispersity that is afforded 

by colloidal synthesis offers an unprecedented opportunity to establish and optimize 

structure-activity relationships.56, 57 Furthermore, the nanoscale nature of the produced 

materials can allow for non-conventional transformation kinetics, resulting in a 

metastable structure that is considered unobtainable according to the phase diagram.58 
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A disadvantage of colloidal synthesis is the requirement of a surfactant to act as a 

stabilizer and particle growth regulator.59-61 This requires a surface ligand removal 

step such as high-temperature annealing,57 replacement of long-chain ligands with 

more volatile or soluble ones,62, 63 or, as used in this work, ligand displacement using 

highly reactive inorganic species.61, 64, 65 Our method to create the anion-substituted 

series is based on our previous finding that ammonium sulfide, (NH4)2S, can insert S 

into oxides under relatively mild conditions.66 In this work, we achieve partial 

substitution by limiting the amount of added (NH4)2S to control the diffusion of an 

isovalent anionic dopant, S2−, into organosoluble cobalt oxide NPs, thereby producing 

S-substituted Co oxysulfide NPs (see schematic of this evolution Figure 2.2a). 

Briefly, we first oxidize cobalt NPs into CoOx
67 and then sulfidize them into CoOxSy 

NPs. The oxygen in the CoOx is anion-exchanged for sulfur through the addition of 

(NH4)2S dissolved in oleylamine to the CoOx NP solution at 100 °C under N2 

atmosphere. We explore the nominal molar ratios of (NH4)2S to Co at 3 : 10 (dilute 

doping), 1 : 1, and 3 : 1 (excess sulfur). We also investigate the effect of annealing by 

re-suspending the NPs following re-isolation in an organic solvent followed by a 200 

°C heat-treatment under N2 for 1 hour. These annealed NPs serve as a control to 

explore the phase stability of Co oxysulfides following the anion substitution. 
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Figure 2.2. Schematic of the synthesis of cobalt oxysulfides via partial and “full” 

anion exchange (a). Transmission electron microscopy characterization of structural 

transformations of CoOxSy nanoparticles during anion exchange (a) of O2− with S2− 

((b–e), scale bar 25 nm) and the rotationally averaged SAED patterns (f). The particle 

morphology and crystal structure of the CoOx particles (b) are retained at low S2− 

doping levels (c), but at higher doping levels the particles swell and become less 

crystalline (d and e). Reference lines are given in (f) for CoO (JCPDS 00-048-1719); 

the dashed vertical line identifies the (220) reflection, at which the shifts are most 

apparent. 
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To assess the stoichiometry of the Co oxysulfide particles, we apply 

inductively coupled plasma-optical emission spectrometry (ICP-OES). We find the 

approximate stoichiometries for the (non-annealed) doped samples to be CoOxS0.18, 

CoOxS1.03, and CoOxS1.27 for the (NH4)2S : Co molar ratios of 3 : 10, 1 : 1, and 3 : 1, 

respectively. Annealing the sample did not significantly alter its stoichiometry (see 

Section 2.A.3). This elemental analysis confirms that significant amounts of S, in 

direct proportion to the amount of (NH4)2S used, are incorporated into the NPs. As 

observed previously,66 under our conditions the resulting S : Co ratio in the NPs will 

not exceed the stoichiometry of Co3S4, even with a large excess of (NH4)2S. 

The CoOx NPs obtained after oxidation are hollow and polycrystalline, with a 

diameter of 13.0 ± 1.5 nm (Figure 2.2b). The most dilutely doped oxysulfide NPs 

(CoOxS0.18), created from the (NH4)2S : Co ratio of 3 : 10, retain a morphology 

virtually identical to the initial pure oxide NPs (diameter 12.9 ± 1.4 nm) (Figure 2.2c). 

Annealing the most dilutely doped NPs does not change the morphology (Figure 

2.A.1). For higher degrees of anion-exchange doping, the diameter increases 

(CoOxS1.03, 15.0 ± 1.7 nm, Figure 2.2d; CoOxS1.27, 14.5 ± 1.6 nm, Figure 2.2e). This 

increase is consistent with the previous report for cobalt oxide NPs fully anion-

exchanged into cobalt sulfide NPs.66 The increase in the particle size follows the 

growth of the cavity within the NPs as a result of the nanoscale Kirkendall effect.67-69  

 The structural changes in the sulfidized CoOxSy NPs are assessed using 

selected area electron diffraction (SAED) (Figures 2.2f and 2.A.1), showing that the 

CoOx and CoOxS0.18 NPs exhibit a rock-salt structure with broad reflections from the 

(111), (200), and (220) planes. Close examination of the rotationally averaged SAED 

patterns shows that the crystal structures for these NPs agrees well with the reference 

CoO structure; however, the CoOxS0.18 SAED pattern exhibits a small shift to lower 

scattering angles, indicating an expansion of the unit cell (vertical dashed line in 
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Figure 2.2f). Lattice expansion could be caused by the larger S anion occupying the 

O2− lattice. Based on the magnitude of the shift, however, the calculated increase in 

unit cell size is, at most, 0.02 Å relative to the reference structure for CoO. 

Interestingly, this shift is an order of magnitude less than what one might expect based 

on the extrapolation of the Co–O/Co–S bond lengths from the Shannon radii70 (see 

Section 2.A.3). We therefore anticipate that the S concentration at the surface may be 

higher than in the bulk. 

 To develop an intuition for this shift, we include the SAED pattern for an 

annealed Co oxysulfide sample that was prepared in the same way as CoOxS0.18 (using 

a 3 : 10 (NH4)2S : Co molar ratio, Figure 2.2f, blue dashed line). ICP-OES for this 

sample revealed a composition of CoOxS0.17, similar to that of the unannealed NPs. As 

shown in Figure 2.2f, the lattice spacing for the heat-treated CoOxS0.17 sample is more 

similar to the CoO reference than are the unannealed CoOxS0.18 NPs. We interpret this 

finding as an indication of phase separation in the annealed samples (CoOxS0.17) into 

CoO and either the Co9S8 or the Co3S4 phase. In contrast, we believe the data indicates 

the unannealed CoOxS0.18 sample has sulfur occupying the anion sites in the rock salt 

structure. We did not, however, observe reflections in the annealed CoOxS0.17 sample 

for the Co9S8 or Co3S4 phases. We hypothesize that these sulfides must have domain 

sizes too small to give observable reflections or that they form amorphous phases 

during the phase separation process (see Section 2.A.3). As we will show later in our 

first-principles calculations, phase separation is energetically favourable for the Co 

oxysulfide material. 

 We further increase sulfur substitution by using higher (NH4)2S : Co ratios 

(1 : 1 and 1 : 3) to increase the driving force for S incorporation. At these high S 

concentrations, the particles (CoOxS1.03 and CoOxS1.27) become partially crystalline or 

amorphous (Figure 2.2d,e). We observe weak peaks that could correspond to smaller 
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grains of CoO in the CoOxS1.03 samples (approximately 15 Å in size, compared to 

about 30 Å for CoOx and dilutely doped samples as estimated by the Scherrer 

equation, Equation 1.2; see Table 2.A.1). With more sulfur addition, the primary 

rocksalt CoO reflections become very weak in CoOxS1.27. Annealing these Co 

oxysulfide NPs leads to a significant solid-state reconstruction within the NPs, which 

results in a phase separation into a structurally distorted oxide and sulfide (see Section 

2.A.3). We note that this phase separation occurs without significantly changing the 

compositions. The annealed Co oxysulfides have stoichiometries of CoOxS0.88 and 

CoOxS1.26 for the (NH4)2S : Co molar ratios 1 : 1 and 1 : 3, respectively, similar to those 

of the unannealed Co oxysulfides (CoOxS1.03 and CoOxS1.27). These annealed, higher 

sulfur-content NPs show a much less pronounced expansion in size relative to the 

starting NPs compared to their non-annealed analogues (see Figures 2.A.1a–h). 

 To better understand the substitution mechanism of S2− for O2−, we perform 

density-functional theory (DFT) calculations to study the energetics of the Co 

oxysulfide system (see Section 2.A.3). We find that although it is thermodynamically 

favorable for S2− to reside in place of O2−, the migration energy barrier for S2− diffusion 

through CoO is significant (2.63 eV, as compared to 0.18 eV for Co), preventing rapid 

movement into the CoOx NPs.66 These observations support the possibility that S2− 

substitutes in place of O2− through under-coordinated surface and defect sites, as has 

been observed for sulfidized MoP.40 Our calculations of the formation energies of 

different phases in the Co–O–S system suggest that mixtures of CoO and Co-sulfide 

phases (Co9S8 and Co3S4) are significantly lower in energy than the rocksalt CoOxSy 

structures. This DFT finding is consistent with the observed phase separation seen by 

SAED. We therefore propose that the unannealed Co oxysulfides are a metastable 

phase characterized by the substitution of sulfur onto the under-coordinated anion 

sites. With more introduced sulfide, the driving force for sulfidization becomes large 
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enough that Co rapidly diffuses outward,66 forming an amorphous phase. Upon 

annealing, phase separation occurs, allowing the NPs to form Co-sulfide domains 

(Co9S8 and Co3S4). At the lowest (NH4)2S : Co ratio, the resulting grains of Co-sulfide 

are likely too small to be observed. 

 

2.3.2. Electrochemical properties 

To understand how the anionic substitution affects the electrochemical 

properties, we conducted cyclic voltammetry (CV) experiments in Ar-saturated 0.1 M 

KOH. Figure 2.3 shows the CV results of the NPs examined using a thin-film 

electrode prepared from a composite of the NPs, acetylene black, and K+-Nafion®.71 

To ensure that the electrochemical response of these NPs is intrinsic to the surface 

chemistry, we treated the NPs with 0.1 M KOH in isopropanol under sonication for 30 

minutes to strip off the ligands.64, 65 To ensure ligand removal, we compared the CV 

result of our CoOx NPs to thin-film electrodes prepared in the same manner using 

nanopowders of known stoichiometry (CoO and Co3O4). The CoO reference showed a 

similar electrochemical response to our CoOx NPs (see Figure 2.A.2), confirming the 

surface chemistry of our CoOx NPs. We point out that the CV of our CoOx NPs is 

distinct from that of the Co3O4 reference, supporting our conclusion that the CoOx 

catalyst has a surface CoO crystal structure. 
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Figure 2.3. Cyclic voltammograms of carbon-supported thin-film electrocatalysts 

containing (samples not subjected to annealing) CoOx (a), CoOxS0.18 (b), CoOxS1.03 (c), 

and CoOxS1.27 (d) nanoparticle electrocatalysts in Ar-saturated 0.1 M KOH at 50 

mV s−1 scan rate. The grey dashed background CV in (b)–(d) shows a comparison to 

the CoOx starting material. 

 

Our CV results capture the evolution of the surface chemistry of the Co 

oxysulfide particles throughout the anion substitution process. Notably, although CoOx 

and CoOxS0.18 share the same crystal structure (Figure 2.2f), their surface chemistries 

as revealed by the CV measurement are distinct. The starting CoOx material shows a 

broad, shallow redox peak between ∼1.0 and ∼1.3 V vs. RHE, which is consistent 

with the Co2+/Co3+ redox couple in literature (Figure 2.3a).31, 72, 73 With the inclusion 

of more S2−, a reversible peak in the region of 1.1 V vs. RHE grows (Figure 2.3b–d). 

This observation is consistent with previous reports on Co sulfides, which have 
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suggested that this redox couple can be attributed to the reaction(s) CoS + OH− ↔ CoS 

− OH + H2O + e− and/or CoS − OH + OH− ↔ CoSO + H2O + e−.74, 75 This assignment 

is consistent with the growth of the ∼1.1 V vs. RHE peak CoOxS1.03 sample with the 

addition of S2−, but we caution that future work remains to be done to verify the nature 

of this redox couple. Interestingly, the peak height decreases for the CoOxS1.27 sample. 

At the moment, it is unclear what causes the peak height to decrease. 

We characterize the HER activity on these partially-anion-substituted materials 

in an H2-saturated 0.1 M KOH electrolyte at 10 mV s−1 (Figure 2.4a). The polarization 

curves show that the addition of sulfur improves the HER activity beyond that of 

CoOx. The improvement in the HER activity is most pronounced for the most dilute 

doping (CoOxS0.18). In comparison to the starting CoOx material: the specific HER 

activity of CoOxS0.18 is ∼3× more than the CoOx starting material at −375 mV (vs. 

RHE). Further addition of S2− does not sustain this increase in activity; the observed 

HER activity returns to a level close to that of CoOx for samples with additional S2− 

beyond CoOxS0.18. These results are summarized in the corresponding Tafel plots 

(Figures 2.4b and 2.A.3). Interestingly, the CoOx, CoOxS1.03, and CoOxS1.27 samples 

exhibit a large Tafel slope of 160–170 mV per decade, which corresponds to the 

phenomenological transfer coefficient (α) of ∼1/3, while the CoOxS0.18 sample shows a 

Tafel slope of 200 mV per decade. These transfer coefficients are significantly larger 

than the reported Tafel slopes for metals76, 77 and other sulfide catalysts.16, 17, 51 Future 

work in understanding this rather high Tafel slope is essential to pinpoint the 

microscopic mechanism for the observed enhancement in the HER. 

 



55 

 

Figure 2.4. Polarization curves of carbon-supported thin-film electrocatalysts 

containing cobalt oxide/oxysulfides (samples not subjected to annealing). Geometric 

hydrogen evolution current densities (a) were measured in H2-saturated 0.1 M KOH at 

10 mV s−1. A Tafel plot (b) is shown based on the known geometries of the particles. 

Error bars in (b) give the standard deviation from three independent measurements. 

 

2.3.3. Enhancement mechanism from first principles 

To understand the origin of the HER activity enhancement, which was 

experimentally observed to be most effective at low S concentration, we apply the 

activity descriptor approach pioneered by Parsons, Gerischer, and Nørskov.26, 78, 79 In 

this approach, the H adsorption energy estimates the surface's ability to form the HER 

intermediate.80 We calculate the H adsorption energy on the CoO(100) surface, which 

is charge neutral and lowest in energy, as a function of the surface S composition 

using DFT (see Figure 2.A.4). In this framework, the most active HER electrocatalyst 

should have the H adsorption energy at a value that minimizes the energy difference 
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between the reactant, the intermediate (H*), and the product. Generally, this value is 

found to be around the H adsorption energy on Pt.26, 80, 81 

We observe that H* prefers to bind to a Co ion rather than an O or S ion. 

Further analysis shows that H* develops a partial negative charge, explaining its 

tendency to sit above a positively charged Co ion. As we substitute more S onto the 

surface, the H* absorption energy first decreases, indicating stronger bonding between 

H* and Co. Crucially, at an average of only 1 in 8 O2− ions substituted with S2− on a 

CoO(100) surface 2 × 2 unit cell, the adsorption energy of H approaches that of 

Pt(111), which we use as a benchmark for an “ideal” HER catalyst (Figure 2.5, blue 

plot). Also plotted are the experimentally determined values for HER current at 375 

mV, as a function of S : Co ratio (Figure 2.5, red plot). As more O is displaced, the H 

binding energy returns to the initially high value. Assuming that the thermodynamic 

formation of the adsorbed H intermediate limits the HER kinetics,27, 80-82 our DFT 

calculations broadly agree with our experimental HER results. Specifically, the 

reduction in the H adsorption energy following the partial S2− exchange increases HER 

activity initially; however, as more sulfur is incorporated, the formation of the H* 

intermediate becomes more energetically intensive and consequently impedes the 

HER kinetics. We emphasize not just that isovalent anionic dopants may be used to 

tune the hydrogen adsorption free energy to optimize electrocatalytic activity but also 

that the composition of the doped electrocatalyst must be precisely tuned in order to 

exploit the surface's ability to facilitate an electrochemical reaction. To emphasize the 

importance of the anion control, we show through an additional HER measurement on 

sulfur-rich CoS2 NPs that the HER is not catalyzed as efficiently on CoS2 as it is on the 

Co oxysulfide NPs presented in this work (see Figures 2.A.7 and 2.A.8). Recent 

results from others reach a conclusion similar to ours, highlighting the need for precise 

control over anion chemistry.41, 42 
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Figure 2.5. Calculated DFT adsorption energies of hydrogen and their correlation with 

experimental results for the activity of CoOxSy nanoparticle electrocatalysts (error bars 

give the standard deviation based on three independent measurements). At low doping 

levels (e.g., CoOxS0.18) the experimentally-determined HER specific activity of the 

particles substantially increases (red curve) while at higher doping levels, activity 

decreases. This activity change is a result of S2− strengthening the H adsorption energy 

on the CoO surface (blue curve), bringing it closer to the H adsorption energy on 

Pt(111) (blue dashed curve) at low S2− doping levels. 

 

2.4. CONCLUSION 

 

In summary, we report the critical role of an isovalent anionic substitution in 

controlling the electrocatalytic activity of a transition-metal-containing electrocatalyst. 

As shown in the cobalt oxysulfide system, anionic substitution can positively affect 

the HER activity; however, the substitution process must be tightly controlled to 
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obtain the desired enhancement. In our cobalt oxysulfide nanoparticles, we accomplish 

this control by engineering the anion-exchange driving force by adjusting the amount 

of the highly reactive S2− precursor. Using this protocol, we produce a series of cobalt 

oxysulfide nanoparticles with different amounts of S2−, which allow us to establish the 

trend between the HER activity and the sulfide content. We find a small amount of S 

is best for enhancing the HER; further sulfur addition disrupts the H* intermediate 

energy and also alters the phase of the oxysulfides. We attribute the activity 

enhancement at low S2− concentration to a ‘dopant’ effect, whereby the presence of the 

S2− in the surface layer modifies the hydrogen adsorption on the oxysulfide 

electrocatalyst. Our results highlight an opportunity to control the anionic composition 

as a strategy for not just clarifying the role of the anions but also for further increasing 

the activity of electrocatalysts. 
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2.A. APPENDIX 

 

2.A.1. Funding 

 This work was supported in part by the National Science Foundation (NSF) 

under award numbers CHE-1152922, CMMI-1344562, CHE-1507753, DMR-

1149036, and ACI-1440547. This work made use of the Cornell Center for Materials 

Research Shared Facilities, which are supported through the NSF MRSEC program 

(DMR-1120296). This research used computational resources provided by the Texas 

Advanced Computing Center under Contract No. TG-DMR050028N and the Extreme 

Science and Engineering Discovery Environment (XSEDE), which is supported by 

National Science Foundation grant number ACI-1053575. We also thank Gregg 

McElwee of the Cornell Geochemistry Laboratory for analytical measurements. 

 

2.A.2. Materials and methods 

Trioctylphosphine oxide (99%), ammonium sulfide (40-48 wt% solution in 

water), oleic acid (99%), 1,2-dichlorobenzene (DCB, 99.8%, anhydrous), oleylamine 

(70%), 1-octadecene (90%), dicobalt octacarbonyl (>90%), Nafion 117 solution (~5% 

mixture of lower aliphatic alcohols and water), N,N-dimethylformamide (99.8%, 

anhydrous), pentane (>99%, anhydrous), nitric acid (70%), potassium hydroxide 

(99.99%), lead (II) nitrate (>99.99%), cobalt (II,III) oxide (nanopowder, 99.5%), 1-

butanol (99.8%, anhydrous), and thiourea (>99%) were obtained from Sigma Aldrich 

and used as received except as noted. The sulfide content of commercially available 

(NH4)2S was checked by gravimetric analysis of precipitated lead sulfide formed by 

adding the sulfide solution to an aqueous solution containing excess Pb(NO3)2.66 Oleic 

acid and DCB were stored under inert atmosphere in a glove box. Co2(CO)8 was 

recrystallized from cold pentane immediately before use. Acetylene black (AB, Alfa 
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Aesar, 99.9+%) was treated in nitric acid at 80°C for several hours, then filtered and 

dried at 100°C overnight. Other chemicals were used as received: isopropyl alcohol 

(99%) and hexanes (>98.5%) from BDH; cobalt (II) oxide (nanopowder, 99.7%) from 

US Research Nanomaterials, Inc; ethyl ether (>99%, anhydrous, stabilized with BHT) 

from Fisher Scientific; cobalt (II) nitrate hexahydrate (99%) from Acros Organics; and 

ethanol (200 proof) from KOPTEC. Molecular sieves (Fluka, UOP type 3 Å) were 

activated at 300°C under vacuum for at least 3 hours before use. All aqueous solutions 

were prepared using 18.2 MΩ water from a Direct-Q system (Millipore). 

 

Nanoparticle synthesis 

CoO nanoparticles were synthesized by oxidation of monodisperse cobalt 

nanoparticles.67 Standard Schlenk line techniques were used. In a typical experiment, a 

three-necked, round-bottom flask was loaded with TOPO (0.1 g), sealed, and purged 

with nitrogen by three evacuation and backfilling cycles. 12 mL of 1,2-

dichlorobenzene containing 0.1 mL dissolved oleic acid was added, followed by 

degassing the solution with three additional evacuation and backfilling cycles. 

Subsequently, the solution was heated to reflux (180-183°C), and 0.54 g of Co2(CO)8 

dissolved in 3 mL of DCB was quickly injected via syringe. After 10 minutes, growth 

was stopped by quenching the vessel in a water bath. Ethanol was added (1:1 by 

volume) to precipitate out the nanoparticles, which were separated by centrifugation, 

re-suspended in hexane, and precipitated once more with ethanol (2:1 hexane:ethanol) 

to remove very small particles which remained in the supernatant. The purified 

nanoparticles were redissolved in DCB; after this solution was heated to 180°C, a 

gentle stream of air was blown through the solution for 4 hours to quantitatively 

oxidize the particles to CoO. The particles were then precipitated with ethanol (1:1 

DCB:ethanol) followed by centrifugation. 
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Sulfur-doped cobalt oxides were synthesized by anion exchange according to 

our previous report.66 The degree of anion exchange was controlled by varying the 

amount of added (NH4)2S. Three different exchange ratios were examined based on 

the nominal molar ratio of cobalt (assuming particles were 100% CoO) to introduce 

sulfide: 10:3, 1:1, and 1:3. In a typical experiment, approximately 30 mg of CoO 

nanoparticles were dissolved in 3.5 mL of mixed octadecene and oleylamine (1:1 by 

volume). This solution, in a sealed three-neck flask, was degassed by three 

evacuation/backfill cycles with nitrogen on a Schlenk line, then heated to 100°C. A 

solution of (NH4)2S in oleylamine was prepared by dissolving an appropriate amount 

of aqueous (NH4)2S (~56, ~189, or ~589 μL of solution for each ratio above, with an 

aqueous (NH4)2S concentration of 41.7 wt%) in 10 mL of oleylamine followed by 

drying for about 20 minutes with molecular sieves. 3.5 mL of this solution was 

injected into the hot solution of CoOx NPs, after which the temperature was set to 

70°C. The color of the solution immediately changed from dark brown to black. The 

reaction was allowed to proceed for five minutes following injection, then the flask 

was cooled in a water bath. The anion-exchanged nanoparticles were recovered by 

precipitation with ethanol/centrifugation and were washed once more by resuspension 

in hexane followed by precipitation with ethanol/centrifugation. 

Annealed NPs were synthesized according to an adaptation of our previous 

procedure.66 Approximately 40 mg of NPs of any composition were dissolved in a 

mixed solvent of 4.4 mL of octadecene and 1.1 mL of OLA in a three-neck flask. 

After degassing by three evacuation/backfill cycles on a Schlenk line, the solution was 

heated to 200°C and kept at that temperature for 1 hour, after which it was cooled by 

removing the heating mantle. The annealed NPs were recovered by precipitation with 

ethanol/centrifugation and washed once more by resuspension in hexane followed by 

precipitation with ethanol/centrifugation. 
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Post-synthetic characterization 

Transmission electron microscopy (TEM) and selected area electron 

diffraction (SAED) images were obtained using an FEI Tecnai T12 at an accelerating 

voltage of 120 kV. SAED pattern analysis and calibration were done using D.R.G. 

Mitchell’s script for circular Hough transform analysis83 in Gatan DigitalMicrograph 

2.32. Power law background from the forward-scattered beam was subtracted by 

fitting a portion of the background before the reflections to an equation of the form y = 

a∙xb,84 and all peaks were fit to Lorentzian distributions. The camera length for each 

SAED image was calibrated against an evaporated Al foil standard (Electron 

Microscopy Sciences). The stoichiometry of the products was also checked using an 

energy-dispersive x-ray spectrometer (EDX) on the same instrument, but without a 

calibration standard; in general the oxygen content of the samples was found to vary 

widely from point to point (15-30%) and the S content somewhat less (5-10%). 

The ratio of Co:S in a set of nanoparticle samples was quantified using 

inductively coupled plasma-optical emission spectroscopy (ICP-OES) at the Cornell 

Geochemistry Laboratory, Cornell University, Ithaca, New York. Samples were 

digested with hot aqua regia and diluted with a 2% nitric acid matrix for analysis using 

a Spectroblue ICP-OES spectrometer equipped with an argon torch. Co and S were 

standardized against concentrations from 2mg/L to 20 mg/L in 2% nitric acid. Sc was 

used as an internal standard. Relevant emission lines were: Co, 228.616 nm; S, 

180.731 nm; and Sc, 361.384 nm. Relevant operating parameters were: RF power 

1450 W, coolant flow 12 L/min, auxiliary flow 0.9 L/min, and nebulizer flow 0.77 

L/min. 

The particular set of samples shown in Figure 2.1a-d was found to have the 

compositions CoO1.6, CoO1.6S0.11, CoO0.5S0.97 and CoO0.5S1.08 by EDX. The respective 

Co:S stoichiometries as found by ICP-OES were CoOx, CoOxS0.18, CoOxS1.03, and 
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CoOxS1.27. In general this EDX analysis underestimated the amount of S present in the 

NP samples, especially when the samples were only slightly sulfidized. Given the 

limitations of EDX as an analytical technique in this case with less than optimal 

samples and insufficient calibration,85 these numbers are of only qualitative 

importance compared to those found by ICP-OES. The phase purity of the CoO, 

Co3O4, and CoS2 nanopowders used as reference materials was checked by x-ray 

powder diffraction using a Scintag θ-2θ diffractometer with Cu K-alpha radiation. The 

materials were found to be free of secondary phases (Figure 2.A.6). 

 

Catalyst ink preparation 

 Purified particles were dried overnight under vacuum. A 1 mg/mL solution of 

the nanoparticles in hexane was prepared by re-dispersing the powder using a horn 

sonicator (Branson Digital Sonifier 450D). A 1 mg/mL solution of AB in N,N-

dimethylformamide was prepared similarly. Subsequently, the two immiscible 

solutions were mixed with the sonicator, causing the carbon to transfer to the hexane 

phase and uniformly mix with the nanoparticles. 

The mixture was precipitated by adding ethanol (1:1 by volume) followed by 

centrifugation. To remove the long-chain hydrocarbon ligands, the material was re-

dispersed with 0.1 M KOH in isopropanol and sonicated for 30 minutes. The catalyst 

was then precipitated with ethanol, centrifuged, and dried under vacuum overnight, 

yielding a powder of nanoparticles dispersed on acetylene black. 

 

Electrochemical testing 

 Catalyst inks were prepared using isopropanol/water (1:4 by volume) as a 

solvent; the concentration of catalyst used was 1 mg/mL. Nafion solution was 

neutralized by addition of 0.1M aqueous KOH (approx. 2:1 KOH:Nafion solutions by 
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volume), then added to the ink (3.4μL per mL) as a binder before mixing by 

sonication. 10 uL of this catalyst ink, containing 5 μg each of neutralized Nafion, AB, 

and cobalt oxide/sulfide/oxysulfide nanoparticles was dropcast onto a glassy carbon 

electrode and allowed to dry under ambient atmosphere. A three-electrode 

electrochemical cell (Pine) was utilized for all electrochemical measurements and the 

potential applied to the cell was controlled using a Bio-Logic SP-300 potentiostat. 

0.1M KOH was used as the supporting electrolyte. A platinum wire was used as a 

counter electrode and an Ag/AgCl electrode (Pine) was used as a reference electrode. 

The potential of this reference electrode was calibrated against the reversible hydrogen 

electrode (RHE) by measuring the hydrogen evolution/oxidation currents on a 

polycrystalline Pt disk (Pine) in 0.1M KOH saturated with hydrogen (Airgas, ultra-

high purity) and taking the voltage at which the current was zero as 0 V vs. RHE. We 

measured 0 V vs. RHE to be 0.943 ± 0.005 V vs. Ag/AgCl. All the potentials in this 

study were referenced to the RHE potential scale and correspond to the applied 

potentials, Eapplied, unless they are stated to be iR-corrected potentials, EiR-corrected, 

calculated with EiR-corrected = Eapplied–iR where i is the current and R is the 

uncompensated ohmic electrolyte resistance. R was taken as the AC impedance at high 

frequency of the three-electrode system as measured by the same potentiostat. 

 Cyclic voltammetry measurements were taken by saturating the electrolyte 

with argon (Airgas, ultra-high purity) prior to measurements and HER measurements 

were taken after saturating the electrolyte with hydrogen (Airgas, ultra-high purity). 

 

2.A.3. Additional discussion 

Further remarks on TEM micrographs and SAED structural data 

 A second population of cobalt oxide NPs was synthesized to produce the 

annealed CoOxS0.17 sample (Figure 2.2f, dashed line); which had an as-synthesized 
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diameter of 11.5 ± 1.2 nm immediately after oxidation (micrograph not shown). 

Samples of annealed CoOx and annealed CoOxS0.17, CoOxS0.88, and CoOxS1.26 were all 

prepared from this population, and they had diameters of 10.8 ± 1.4, 10.1 ± 1.5, 

10.5 ± 1.5, and 11.6 ± 1.6nm respectively (Figure 2.A.1e-h).  

In the CoOxS0.88 (annealed) sample, one of the phases is consistent with a 

rocksalt CoO; however, a shift to smaller diffraction angles indicates that the CoO 

structure is distorted. The second observed phase does not match to either spinel Co3S4 

or rocksalt Co9S8, but matches to Co9S8, suggesting the presence of a Co-sulfide phase 

which is deficient in Co, thus explaining the larger diffraction angles observed. Thus, 

it appears that there now is sufficient S to form both Co-sulfide domains and 

substituted oxides. It is unclear whether phase separation occurs within NPs or if they 

separate into two populations, as we observe that some particles more closely 

resemble the original oxide particles and some are more similar to the larger, less well-

crystallized CoOxS1.26 NPs (see Figure 2.A.1f). This observation of phase separation 

in our annealed oxysulfide NPs may also explain the discrepancy between the 

observed stoichiometries of the samples reacted at (NH4)2S : Co ratios 1:1 for the non-

annealed (CoOxS1.03) and annealed (CoOxS0.88) samples. The free energies of 

formation of the individual phases, in particular the stable sulfides (see below), could 

provide sufficient driving force not only to cause recrystallization of the particles but 

also to eject excess S under the reducing conditions of the annealing experiment. 

The lattice parameter, a, of the cubic unit cell was determined by averaging the 

lattice parameter found by applying the following equation to the (111), (200), and 

(220) principal reflections: 
1

dhkl
2 =

h2+k2+l2

a2
(2.1) 
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Where dhkl is the interplanar spacing and h, k, and l are the Miller indices. The 

Debye-Scherrer formula was also used to find the domain size t with a shape factor of 

0.9:  

t =
0.9∙λ

B∙cosθB
(2.2) 

λ, the de Broglie wavelength of 120 keV electrons, is 0.0354 Å; B is the full 

width at half maximum of the Lorentzian fitted peak in radians; and θB is the Bragg 

diffraction angle in radians. No instrumental correction was used. The extracted lattice 

parameters and crystallite sizes are given in Table 2.A.1. 

 

Vegard’s law calculation 

The crystal radii (ionic radii will give an identical result) rX of 6-fold 

coordinated Co2+ (high spin86), S2-, and O2- are taken as 0.885Å, 1.70 Å, and 1.26Å 

respectively, as given by Shannon.70 Using these radii, the calculated lattice parameter 

aCoO of rocksalt CoO is 4.29Å, which compares favorably with the measured value of 

4.2612Å (JCPDS 00-048-1719). We assume that the hypothetical ionic compound 

CoS has a lattice parameter of 5.17 Å using the Shannon radii. For comparison, ½ of 

the parameter for Co9S8 is 4.9644Å (JCPDS 00-056-0002). Using Vegard’s law to 

adjust the lattice parameter for the increased radius of S2- to aCoOS: 

aCoOS = 2∙rCo2+  + 2∙XCoO∙rO2-  + 2∙XCoS∙rS2- (2.3) 

With the fraction of CoO given by XCoO and of CoS given by XCoS. We find that the 

lattice parameter should increase by 0.158Å (relative to the calculated radius of 

4.29Å) assuming perfect substitution of S2- for O2- in rocksalt CoO for a composition 

CoO0.82S0.18. The deviation found for CoOxS0.18 is +0.021 Å relative to the reference 

structure, +0.016 Å relative to the un-annealed CoOx, and +0.027 Å relative to the 

annealed CoOx and annealed CoOxS0.17 samples (see above). These deviations are thus 

nearly an order of magnitude lower than that anticipated by Vegard’s law. 
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Table 2.A.1. Structural data extracted from the rotationally averaged SAED patterns 

of CoOxSy nanoparticles given in Figure 2.A.1. Measurements are given based on the 

average of the values fitted from the (111), (200), and (220) CoO rocksalt structure 

reflections unless noted. 

Sample composition 

CoO lattice 

parameter,Å 

[std. deviation] 

CoSx lattice 

parameter, Å 

[std. deviation] 

Crystallite size, 

Å [std. 

deviation] 

CoOx 4.267 [0.005]  31.2 [2.2] 

CoOx (annealed) 4.256 [0.003]  28.8 [4.4] 

CoOxS0.18 4.284 [0.001]  29.2 [4.0] 

CoOxS0.17 (annealed) 4.256 [0.003]  30.4 [5.6] 

CoOxS1.03 4.309 [0.055]  14.7 [7.3]a 

CoOxS0.88 (annealed) 4.262 [0.031]  24.0 [4.3] 

  9.653 [0.180]b 13.0 [9.0]b 

CoOxS1.27 4.247 [0.063]c  9.8 [0.2]c 

CoOxS1.26 (annealed)  9.673 [0.160]d 9.3 [7.7]d 
 

a Crystallite size based on the (111) and (200) reflections. If the much weaker 

reflection (220) is included, measurement increases to 26.1 (20.5) Å. 

b Based on the reflections (311) near 2.2 Å-1, (511) near 3.3 Å-1, and (440) near 

3.7 Å-1. 

c Based on the (111) and (200) reflections. Very weak signal. 

d Based on the reflections (511) near 3.3 Å-1 and (440) near 3.7 Å-1. 

 

 

 



68 

Calculation of the cobalt sulfide content of an oxysulfide NP 

 In this section, we consider the set of NPs used to generate the annealed 

sample CoOxS0.17. The average particle size of the cobalt NPs (epsilon phase) used for 

this sample set as measured by TEM was 9.5 ± 1.2 nm, and the calculated 

crystallographic density of ε-Co is 8.635 as given by Dinega and Bawendi.87 Using the 

average particle size we estimate based on this density that there are on average 

39,610 atoms/particle. Assuming this number of Co atoms does not change as the 

particle is oxidized to CoO and this material is then anion-exchanged with S2-, there 

are therefore ca. 6,734 S atoms/particle available to form Co-sulfide domains in 

CoOxS0.17. As there are 32 S atoms in each unit cell (for Co9S8 a = 9.9287 Å, Z = 4 per 

JCPDS 00-056-0002; for Co3S4 a = 9.4232 Å, Z = 8 per JCPDS 00-047-1738), enough 

Co9S8 or Co3S4 should be formed to produce a single domain of diameter 7.3 nm to 

7.0 nm, respectively. Such crystalline domains are not observed in the SAED for 

CoOxS0.17, indicating that phase segregation is incomplete, likely due to the overall 

low mobility of S. Where measurable domains of CoSx are observed, their size as 

measured by the Scherrer equation is much less than 7 nm (see above, Table 2.A.1). 

 

Calculation of the catalyst active area 

Particle and void diameters dparticle and dvoid were measured from TEM images 

using at least 250 measurements. From these measurements the geometric surface area 

of each particle As was calculated assuming that only the outer surface contributed to 

the area: 

As≈
∑ 4⋅π⋅rparticle

2

∑
4
3 ⋅ρ⋅π⋅ rparticle

3 -rvoid
3

=
6

ρ
⋅

∑ dparticle
2

∑ dparticle
3 -dvoid

3 (2.4) 

Because the material density ρ is not known with certainty, it was estimated by taking 

a weighted average of bulk densities. For the catalysts based on CoOx, CoOxS0.18, and 



69 

CoOxS0.17, which are all isostructural, the weighted average of the densities of cobalt 

(ii) oxide88 (6.44 g/cm3) and cobalt (ii) sulfide88 (5.45 g/cm3) were used based on the 

hypothetical compound CoO1-ySy, where y is the measured S:Co ratio. For the 

amorphized catalysts CoOxS1.03 and CoOxS1.27, the density was estimated by taking a 

weighted average of the bulk densities of CoO and Co3S4 (4.843 g/cm3, JCPDS 00-

047-1738) based on the hypothetical compound (CoO)1-3y/4(Co3S4)3y/4, again where y 

is equal to the measured S:Co ratio. 

 

Density functional theory calculations 

Density-functional theory (DFT) calculations were performed with the Vienna 

Ab-initio Software Package (VASP)89-92 using the PBE exchange-correlation 

functional93 and the projector augmented wave method.94, 95 The Brillouin zone 

integration was performed using a Monkhorst and Pack k-point mesh.96 3×3×1 k-point 

meshes were employed for structural relaxations and energy calculations for the slabs. 

The energy cutoff for the plane wave basis was set to 400 eV and the corresponding 

cutoff energies for the augmentation functions were set to 650 eV for all our 

calculations. We did not employ the DFT+U method here for the reason that the 

results depend sensitively on the Hubbard U value. Furthermore, it is expected that U 

should depend on the local environment of the Co atoms, resulting in a different value 

required in the bulk, on the surface, and as a function of the S composition. To avoid 

this complication and resulting arbitrariness, we performed our calculations of the H 

adsorption energies on the S substituted CoO surfaces using the PBE approximation. 

 We used a 64-atom CoO(100) slab to calculate the adsorption and formation 

energies, since CoO is the most stable Co oxide phase under our experimental 

conditions; furthermore, the (100) surface is used because it has the lowest energy and 

is charge neutral. A vacuum spacing of 12 Å was used to ensure that the surface does 
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not interact with its periodic image. Only the top two layers of the slab are allowed to 

relax. We first determine whether a substitutional S atom prefers to sit on a surface 

site or in the bulk. For just a single S, it was 0.65 eV more expensive for S to replace a 

surface O atom compared to one sitting in the second layer. However, as we added 

more S atoms, the energy required to sit on the bulk site started going up; the surface 

was now a better site for these S atoms. We attribute this increase in energy to the fact 

that the S anion is considerably larger than the O anion, starting to cause strain inside 

the slab. Furthermore, the migration barrier for S to diffuse into the CoO slab is quite 

high at 2.63eV, preventing inward diffusion.66 This supports our conclusion that most 

of the sulfur in our experiment must be present on the surface. Our formation energy 

calculations combined with the Co-O-S phase diagram from the Materials Project 

website97, 98 suggest that a mixture of cobalt oxides and sulfides will be lower in 

energy than the rocksalt CoOxSy phase. Based on calculated energies for bulk CoO 

and Co3S4 phase, we estimate that the rocksalt CoOxSy structure with all surface O 

atoms replaced by S would be at least 0.17 eV/atom more unstable than a phase 

separated mixture of CoO and Co3S4. We calculated the adsorption energies of H* for 

the same size slab. Starting with the pure CoO slab, we successively replaced O atoms 

on the surface with S until all the surface anion sites (8) were occupied by S. Placing a 

single H atom on top of Co, O and S sites, we calculated adsorption energies for each 

case. All possible configurations of the surface were considered, and we picked the 

one with the lowest energy as it indicates strongest binding. Reference values for H-

adsorption energy on platinum were obtained using a 64-atom Pt(111) slab. A 

schematic of the CoO slab is shown in Figure 2.A.4. The results are shown in Figure 

2.A.5; the results of every calculation are shown in Table 2.A.2.  
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Table 2.A.2. Results of the DFT calculations for the binding energy of H. Bold 

numbers indicate that the energy is the minimum calculated for the species that H sits 

on for each S substitution. 

 

# of S on surface Location of H Species H sits on 
Defect Formation Energy 

(eV) 

0 edge Co 0.49 
0 center O 1.23 
1 edge Co 1.03 
1 inside Co -0.29 
1 corner O 6.38 
1 octahedral O 5.63 
1 tetrahedral O 1.97 
1 center S 6.23 
2 inside Co -0.14 
2 edge Co -0.15 
2 tetrahedral O 2.22 
2 octahedral O 2.21 
2 center S 1.97 
2 corner S 1.90 
3 edge Co 0.48 
3 inside Co 0.20 
3 tetrahedral O 2.71 
3 corner O 2.13 
3 octahedral S 1.78 
3 center S 1.43 
4 edge Co 0.43 
4 inside Co 0.43 
4 tetrahedral O 1.64 
4 corner S 2.36 
4 center S 1.55 
4 octahedral S 1.27 
8 edge  Co 0.65 
8 center S 0.78 
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CoS2 nanoparticle electrochemical testing 

 We use cobalt disulfide as a reference HER activity for an active sulfide-rich 

cobalt disulfide phase.48 We synthesized phase-pure CoS2 nanopowder via the thermal 

decomposition of Co[SC(NH2)2]4(NO3)2 at 400 °C under N2 for 2 h, as described 

previously.99 The CoS2 phase was confirmed with XRD (Figure 2.A.7, left) and the 

particle size was characterized with TEM (Figure 2.A.7, right), shown below. Based 

on TEM analysis, the particle size is 13.0 nm ± 4.3 nm, in agreement with the 

crystallite size extracted from XRD using the Scherrer equation (13.7 ±1.5 nm, from 8 

strongest reflections). 

We characterize the HER activity of the CoS2 nanoparticles using the same 

electrode protocol that was used to characterize the Co oxysulfide. We find that CoS2 

has a lower specific activity and mass activity than CoOx as well as CoOxS0.18, as seen 

in the Tafel plots below (Figure 2.A.8). Further, the CoS2 showed significant activity 

degradation after only five cycles. Therefore, we can conclude on the basis of this 

preliminary characterization that the improved activity seen in the mixed anion 

compounds does not result from a possible sulfide-rich CoS2-like phase on the Co-

oxysulfide surface. 
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2.A.4. Supporting figures 

 

 

Figure 2.A.1. TEM characterization of structural transformations of CoOxSy 

nanoparticles. Both as-exchanged (a-d, same as Figure 2.1.a-d) and annealed (e-h) 

samples are shown. Scale bar is 25 nm. Also shown (i) is an overall summary for the 

rotationally averaged SAED patterns of the NPs, with reflections from rocksalt CoO 

(brown, JCPDS 00-048-1719), rocksalt Co9S8 (red, JCPDS 00-056-0002), and spinel 

Co3S4 (green, JCPDS 00-047-1738) indicated with Miller indices for prominent lines. 

Dashed lines are drawn for key reflections as a guide to the eye. 
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Figure 2.A.2. Cyclic voltammograms of carbon-supported thin-film electrocatalysts 

containing CoO (red line) and Co3O4 (blue line) nanopowders in Ar-saturated 0.1 M 

KOH at 50 mV/s scan rate. 

 

 

Figure 2.A.3. Tafel plot comparing un-annealed CoOxS0.18 (blue curve) with annealed 

CoOxS0.17 (red curve) is shown based on the known geometries of the particles. It is 

seen that the activity of the annealed catalyst at 375 mV vs. RHE is lower than that of 

the un-annealed one by nearly an order of magnitude. Error bars give the standard 

deviation from three independent measurements. 
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Figure 2.A.4. DFT structural model showing the 2x2 unit cell CoO(100) slab (c-

direction). Red: Co atoms; blue: O atoms; yellow: S atoms. Small red atom is an H 

atom. 

 

Figure 2.A.5. Results from the DFT calculation of binding energies of H* to various 

sites on the (modified) CoO(100) surface. Adsorption of H is always favored on Co; 

only at very high levels of S substitution at the surface does binding to S become 

comparatively favorable. At only 1 anion site in 8 replaced with S, the adsorption 

energy approaches that of the highly active Pt(111). 
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Figure 2.A.6. XRD patterns for Co3O4 (JCPDS 00-042-1467, blue line) and CoO 

(JCPDS 00-048-1719, red line) nanopowder reference samples. 

 

 

Figure 2.A.7. Structure and morphology of CoS2 nanoparticles, as characterized by 

XRD (a) and TEM (b). All peaks can be indexed to the CoS2 structure (JCPDS 01-

070-2865). Scale bar is 50 nm. 
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Figure 2.A.8. Tafel plots of the (a) specific activities and (b) mass activities of cobalt 

oxide (CoOx), oxysulfide (CoOxS0.18) and sulfide (CoS2). The activity of CoS2 is ~4x 

lower than that of the Co oxysulfide. 
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CHAPTER 3 

3 SELECTIVE ETCHING OF COPPER SULFIDE NANOPARTICLES AND 

HETEROSTRUCTURES THROUGH SULFUR ABSTRACTION: PHASE 

TRANSFORMATIONS AND OPTICAL PROPERTIES * 

 

3.1. ABSTRACT 

 

Integrating top-down methods, such as chemical etching, for the precise 

removal of excess material in nanostructures with the bottom-up size and shape 

control of colloidal nanoparticle synthesis could greatly expand the range of accessible 

nanoparticle morphologies. We present mechanistic insights into an unusual reaction 

in which trialkylphosphines (“phosphines”), which are commonly used to protect 

nanoparticle surfaces as a surfactant ligand, chemically etch copper sulfide, Cu2−xS, 

nanostructures in the presence of oxygen. Furthermore, Cu2−xS is removed highly 

selectively from zinc sulfide−Cu2−xS heterostructures. Structural and optical 

characterizations show that the addition of phosphine destabilizes the highly Cu-

deficient roxbyite phase and injects Cu into the interiors of the nanoparticles, even at 

room temperature. Analysis of the etching products confirms that chalcogens are 

removed in the form of phosphine chalcogenides and shows that the removed copper 

is solubilized as Cu2+. The morphology of etched Cu2−xS particles changes 

dramatically as the concentration of phosphine is reduced, producing anisotropically 

etched particles indicative of facet-selective surface chemical reactions. Additionally, 

ceric ammonium nitrate, another oxidizing agent, can be used to control the etching 

                                                 
* Reprinted with permission from: Nelson, A.; Ha, D.-H.; Robinson, R. D., Selective Etching 
of Copper Sulfide Nanoparticles and Heterostructures through Sulfur Abstraction: Phase 
Transformations and Optical Properties. Chemistry of Materials 2016, 28 (23), 8530–8541. 
Copyright 2016 American Chemical Society. 
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reaction; the use of this redox agent affords strictly isotropically etched particles. 

These results demonstrate the highly pliable structural and chemical properties of 

nanocrystalline Cu2−xS and raise the possibility of using surface-active ligands 

formerly thought to be passivating to dramatically reshape as-synthesized colloidal 

nanostructures into more functional forms. 

 

3.2. INTRODUCTION 

 

Proper understanding of chemical processes occurring at the solid–solution 

interface is critical in describing the properties of colloidal nanostructures due to their 

intrinsically high ratio of surface area to volume. For colloidal nanoparticles (NPs) in 

organic liquids, the need for this understanding has driven extensive research into the 

interactions between capping ligands (surfactants) and the underlying NP surface.1-8 

Ligands are critical for stabilizing the particle in solution and play a decisive role in 

determining the modes of growth of NPs during synthesis by controlling the size and 

shape of NPs.1 Other roles for ligands in determining the properties of colloidal NPs 

include passivation of surface defects,3, 9 control of NP stoichiometry and phase,2, 10, 11 

or sources for precursor atoms.12, 13 Postsynthetic modification of NPs by alteration or 

replacement of the ligand shell is of enormous importance for the future application of 

NPs in devices, as it is necessary for cation exchange and heterostructure formation,14, 

15 transfer of NPs between phases,5, 16 control of transport properties,17, 18 and even 

total reshaping of the as-synthesized particles.19, 20 

Trialkylphosphines (hereafter simply “phosphines”) and their derivatives, such 

as phosphine oxides and phosphine chalcogenides, have proven to be a vital family of 

chemicals in colloidal NP synthesis and modification due to their versatility. 

Phosphines and phosphine oxides work as common surfactant ligands to passivate the 
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surface of NPs for stabilization and for size and shape control.8, 21 In combination with 

chalcogens, they are utilized as chalcogenide precursors.22, 23 In addition, phosphines 

may be utilized as a phosphorus source at high temperature to dope NPs with 

phosphorus or to synthesize metal phosphide NPs.12, 13 Phosphines have been 

identified as the crucial agents in directing many cation-exchange processes in 

semiconductor NPs,14, 24 owing to their ability to make such reactions 

thermodynamically favorable via their affinities for different cations.25 Previous work 

has also shown that phosphines may react aggressively with NPs, abstracting 

components of the NP lattice to the point that the NP stoichiometry may be drastically 

changed; for instance, metal chalcogenide NPs having a chalcogen-rich phase can be 

converted to comparatively chalcogen-poor NPs via treatment with phosphine, 

utilizing the affinity of phosphines for chalcogens.10 A similar reaction occurs in the 

case of microcrystalline Cu2–xS.26 In both cases, chemical transformation modified the 

chalcogenide stoichiometry while largely preserving morphology. 

Chemical etching is a critical step in conventional top-down device 

fabrications to design complicated device architectures. An archetypal example is the 

wet etching of silicon with an aqueous base, which shows pronounced anisotropy in 

etch rate depending on the orientation of silicon.27 Chemically selective etching 

methods are also instrumental in semiconductor microfabrication techniques.28 

Selectivity of wet etching of different materials and specific crystal directions enables 

the tailoring of nanostructure shapes during microfabrication.27-31 Etching methods 

may also be used to tune the surface chemistry of the etched materials, which is 

crucial in the case of NPs; for example, nearly perfect silicon surfaces may be 

produced by wet etching,27, 32 and the optical properties of semiconductor NPs may be 

greatly improved by etching.9, 33, 34 Syntheses of single-phase materials with promising 

properties in which etching plays a role are widely reported;19, 35-37 however, phase- or 
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component-selective etching in NPs is not yet a common technique. Understanding the 

chemical behaviors underlying this unusual etching behavior is particularly important 

considering the material in question. Cu2–xS is an emerging p-type semiconducting 

material since it exhibits stoichiometry-dependent properties, is less toxic than 

traditional semiconducting NPs such as cadmium and lead chalcogenides, and can be 

used to create visible-wavelength optically active materials, such as copper indium 

sulfide38 or various quaternary copper–metal sulfides.39-41 It is also a promising 

plasmonic material.42-45 Cu2–xS exhibits a rich solid-state chemistry at the nanoscale 

owing to its high cationic mobility, making it an attractive platform both as a model 

system for nanoscale chemistry and as a building block for highly complex 

nanostructures.14, 46-50 The ability to reshape Cu2–xS is therefore a benefit to a wide 

range of future projects. The uncontrolled etching of Cu2–xS NPs has been observed in 

passing by Regulacio et al.51 Given the ill-formed morphologies of the resulting 

particles, prior workers might have disregarded similar results as undeserving of 

further exploration; however, we found that when colloidal Cu2–xS heterostructures 

with ZnS14 were exposed to phosphine in air, Cu2–xS appeared to have been selectively 

dissolved from the nanoparticles (Figure 3.A.1). We were intrigued in particular by 

the selectivity of the etching reaction, which is a highly advantageous feature of many 

chemical etching processes used today. 

 

3.3. RESULTS AND DISCUSSION 

 

In this work, we report a novel method to selectively etch copper sulfide NPs 

with phosphine creating unique morphologies. As shown in Figure 3.1, Cu2–xS can be 

etched isotropically to form smaller spherical particles or it may be removed from 

complex heterostructures with nearly perfect selectivity. Following exposure to air for 
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a few hours in a reaction solvent mixture that includes tributylphosphine (TBP) or 

trioctylphosphine (TOP), the single crystal and heterostructured Cu2–xS NPs are 

selectively etched (shown schematically in Figure 3.1). This drastic behavior is 

surprising since, although the ability of phosphines to change the chemistry of NPs is 

now well-known, it is generally accepted that phosphines still serve as surface-

protecting ligands that prevent NP aggregation rather than as aggressive etchants. We 

confirm that a component of this etching process is the removal of sulfur from the 

particle, which may itself be used to tune the charge carrier density of the NPs, as 

verified by changes in the localized surface plasmon resonance monitored via UV–

vis–NIR spectroscopy. This abstraction process can induce phase changes at room 

temperature and cooperates with the oxidation of the particle surface in air both to 

regenerate oxidized S species and to remove Cu ions. Reducing the concentration of 

phosphine etchant, rather than just slowing down the reaction, instead produces 

anisotropically etched NPs having an unusual concave morphology. Finally, we show 

that the etching reaction can also be initiated with a redox agent, (NH4)2Ce(NO3)6, 

which demonstrates that dissolution of the particle may only require oxidation of the 

anion sublattice. 
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Figure 3.1. Schematic of the etching process. Cu2–xS nanoparticles (top) and Cu2-xS–

ZnS heterostructures (bottom) are etched in the presence of trialkylphosphines 

following exposure to air. 

 

3.3.1. Morphological and structural characterization 

Upon the introduction of excess (P/S ratio > 250:1) tributylphosphine (TBP) to 

solutions of spherical Cu2–xS NPs in toluene in the presence of air, the NPs are 

isotropically etched (gradually dissolved) over the course of several hours (if the 

reaction vessel is left open continuously to air) to days (if the vessel is closed between 

aliquots) (Figure 3.2a–c). The spherical Cu2–xS NPs begin as single-crystal NPs 

(hereafter SC-NPs), as verified by HRTEM (Figure 3.A.2), with average diameter d = 

22 nm, and have the roxbyite phase Cu1.81S (to be discussed). After 17 h, d decreases 

to 17.4 nm (a reduction in volume of ∼50%); after 48 h, d is 12.3 nm (overall volume 

loss of ∼83%). Formation of anisotropic structures such as disks or rods is not 

observed. After an initial rapid decrease in d immediately after adding TBP (see 

below), the etching rate is found to vary substantially, from 5 to 140 nm3/h, and we 

find no obvious correlation between the etching rate and d. This variability likely 

results from uncontrolled changes in parameters such as atmospheric humidity, the 
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rate of uptake of oxygen by the solution, and the workup time needed to isolate NPs. 

When treating SC-NPs with TBP in the absence of air, the diameter is only slightly 

reduced, decreasing from 22 to ∼20 nm (by TEM), which is apparent after only 5 min. 

The reaction then stops, and no significant change in SC-NP size occurs over the 

course of a 3-day reaction. 
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Figure 3.2. Schematic and TEM images of the etching of Cu2–xS pure nanocrystals 

(SC-NPs; a–c) and Cu2–xS–ZnS heterostructures (H-NPs; d–i) by trialkylphosphines. 

SC-NPs are slowly reduced in diameter, d, from d ∼ 22 nm (a) to d ∼ 17 nm over 17 h 

(b) and to d ∼ 12 nm over 48 h (c). For H-NPs, Cu2–xS is removed with nearly perfect 

selectivity: with an initial Cu2–xS thickness t = 15 nm (d), the heterostructure takes on 

the appearance of a thick nanorod with ZnS tips after 15 min (e); eventually, the Cu2–

xS layer is reduced to a thin rod (f); a fraction of the particles have slightly enlarged 

centers (inset). For an initial t = 4 nm (g), etching of the Cu2–xS layer is apparent after 

2 min (h). A fraction of the particles (circled in yellow) have a c-axis parallel to the 

electron beam, showing that the etching is radially isotropic (h, inset). After 1 h, Cu2–

xS is completely removed (i), leaving apparently connected ZnS caps (i, inset); a few 

pairs of particles (circled) show different levels of contrast, indicating that they display 

different angles to the electron beam due to postsynthetic rotation of the initially 

epitaxial grains. 

 

Etching of ZnS–Cu2–xS heterostructure NPs (H-NPs) results in selective 

removal of the copper sulfide material (Figure 3.2d–i). As detailed in our previous 
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work,14 these ZnS–Cu2–xS H-NPs synthesized through cation exchange consist of a 

central Cu2–xS layer that is capped on both sides by ZnS. The ZnS grows epitaxially 

parallel to the a-axis52 of Cu2–xS (c-axis of ZnS) to form caps on both sides of the 

particle (see Figure 3.1), reducing the thickness, t, of the Cu2–xS layer.14 Etching 

reactions of H-NPs are shown in Figure 3.2d–i. The difference in the morphology of 

these initial H-NPs is the t of the Cu2–xS: in one H-NP, the majority material is of Cu2–

xS (t = 15 nm) with small ZnS caps (Figure 3.2d), and the other H-NP consists mostly 

of ZnS caps with a thin Cu2–xS layer (t = 4 nm) (Figure 3.2g). Etching the majority 

Cu2–xS H-NPs (initial t = 15 nm, Figure 3.2e,f) leads to gradual etching of the surface 

of the Cu2–xS layer; after 15 min, the H-NP takes on the appearance of a thick nanorod 

having ZnS tips (Figure 3.2e). The diameter of the Cu2–xS region at this point is about 

14 nm; this represents an estimated volume loss of Cu2–xS of 60%. After 1 h, the Cu2–

xS grain is etched into a thin pillar linking the two ZnS grain caps (Figure 3.2f). 

Several of the copper sulfide pillars have a thicker midsection which, from TEM 

measurements, is approximately twice the thickness of the Cu2–xS regions near the 

ZnS caps (inset). The apparent preferential etching of Cu2–xS close to the epitaxial 

boundary suggests that strain, as we showed in our previous work, or Cu2–xS 

stoichiometric changes induced by strain14 could play a role in the rate at which Cu2–

xS is dissolved. However, a different particle geometry may be needed to definitively 

establish this, as the initial H-NPs have a truncated-sphere midsection, which is, by 

definition, thinner near the ZnS caps. 

Etching the majority ZnS H-NPs (initial t = 4 nm, with ∼9 nm thick ZnS caps, 

Figure 3.2g) also results in selective etching of the Cu2–xS layers (Figure 3.2h,i). Two 

minutes after adding TBP to the NP solution, the Cu2–xS layer is etched at the NP 

surface, creating a Cu2–xS layer with a smaller diameter than that of the starting Cu2–xS 

disk (Figure 3.2h). After 2 min, the diameter of the etched Cu2–xS layer is ∼15 nm, 
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which is only ∼70% of the diameter of the initial Cu2–xS disk, meaning that the 

volume of Cu2–xS has been reduced by ∼55%. The faster reaction (by a factor of about 

6–7, comparing the relative volume fractions removed over time) of the Cu2–xS with 

TBP for these t = 4 H-NPs as compared to the t = 15 H-NPs is further evidence that 

the ZnS caps affect the reaction via their interactions with the Cu2–xS layer, either by 

strain or by stoichiometric modification.14 A few H-NPs in Figure 3.2h (circled and 

inset) appear to have dark cores; here, the orientation of the etched Cu2–xS disk is 

perpendicular to the electron-beam of TEM (the axis of t is parallel to the beam). This 

indicates that the etching is isotropic, removing material equally from all Cu2–xS 

surfaces exposed to the solution. The final H-NP sample, which is reacted with TBP 

for 1 h, shows a complete etching of the Cu2–xS layer (Figure 3.2i), as no discernible 

material connection between the ZnS grains of the H-NP is observed from TEM. 

Moreover, the gap between the two ZnS grains, which were initially separated by a 4 

nm thick Cu2–xS layer, is significantly reduced to <2 nm. The two ZnS grains from 

each initial H-NP are still paired, suggesting that there is a strong interaction or an 

atomically thin connection between them, and their size is unchanged. Interestingly, 

many paired ZnS grains now show a distinct contrast from each other (circled in 

Figure 3.2i) in TEM images, with one darker and the other lighter, indicating that the 

relative lattice orientations of the ZnS grains have changed; due to alignment of the 

ZnS caps via the epitaxial connections to the Cu2–xS layer,14 this is never observed in 

the earlier stages of the reaction. 

Upon close examination of TEM images, we also find that, in addition to 

etched SC-NPs or H-NPs, small clusters less than 2 nm in diameter are clearly visible; 

a closer view is shown in Figure 3.A.3. Previous work by Liu et al. described the 

digestion of Cu2–xS NPs in the presence of excess oleylamine (OLA), which they 

attributed to a phase transformation of Cu1.8S to CuS controlled by the high affinity of 
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OLA for Cu2+, resulting in small CuS clusters.53 The formation of these clusters was 

believed to be controlled by a process similar to digestive ripening, where fragments 

of larger colloids are dissolved in an excess of surface-active ligand and coalesce into 

smaller NPs.20, 54 However, from their work, it is unclear how a process similar to 

digestive ripening might take place, as their results are consistent primarily with the 

oxidation of S2– into SO3
2– and their assignment of the oxidation states of Cu in Cu2–xS 

is at odds with several reports that confirm that the sole oxidation state present from 

CuS through Cu2S is Cu+.55, 56 Additionally, it is interesting to note that the etching 

process can be initiated in our case by a ligand (phosphine) with a much higher 

affinity for Cu+ rather than for Cu2+.57, 58 The use of phosphine allows access to more 

reduced, copper-rich phases (e.g., Cu2S) in the system, despite the oxidizing 

conditions of the etching reaction. 

X-ray powder diffraction (XRD) is used as the primary tool to assess structural 

changes in these highly nonstoichiometric Cu2–xS phases. The as-synthesized Cu2–xS 

SC-NPs have the roxbyite crystal structure (JCPDS 023-0958), with x ≈ 0.19. We 

identify the phase of Cu2–xS following etching by examining several characteristic 

reflections in the range of 2θ = 30–35°. These are indicative of the particular 

superstructure of Cu vacancies distinct to the roxbyite structure.52 The vacancy 

ordering superlattice is apparent in the XRD pattern of the unetched, SC-NPs (Figure 

3.3, curve 1; arrows point to peaks influenced by vacancy ordering). XRD of the SC-

NPs and H-NPs show that the atomic lattice of Cu2–xS is affected by the etching in air 

(Figures 3.3, 3.4, and 3.A.4). To investigate the possible impact of atmospheric 

oxygen on the phase of Cu2–xS, as has been observed by previous researchers,42, 59 we 

also examine the NPs under rigorously air-free conditions after they had been treated 

with TBP. Each of the three cases (SC-NPs, H-NPs with t = 13 nm, and H-NPs with t 
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= 6 nm) is found to behave slightly differently during the etching reaction, as 

discussed individually below. 

 

 

Figure 3.3. X-ray diffraction analysis of structural changes in pure Cu2–xS 

nanocrystals (SC-NPs) during etching. Loss of Cu vacancy ordering characteristic of 

the roxbyite phase (curve 1; JCPDS 023-0958) is observed immediately as indicated 

by the disappearance of the three strong peaks indicated by the arrows (curve 2). This 

transformation is followed by a more gradual shift (curves 3, 4, 5) of the strong 

reflections near 38°, 46°, and 49° to smaller 2θ values, consistent with the larger 

lattice constant of djurleite (JCPDS 023-0959). 



103 

 

Figure 3.4. TEM images of heterostructured ZnS–Cu2–xS nanoparticles (H-NPs) 

before (a, d) and after etching (b, e). The Cu2–xS layer thickness t is ∼13 nm in (a) and 

6 nm in (d). t does not change substantially after etching the particles in (a) for 30 min 

(b) or in (d) for 15 min (e). The diameter of the approximately disk-shaped layer was 

reduced from 20.4 to 18.3 nm in (a, b) (volume loss of about 20%; aspect ratio d/t 

change from 1.6 to 1.4) and from 19.7 to 16.7 nm in (d, e) (volume loss of 28%; aspect 

ratio change from 3.2 to 2.6). Also shown is X-ray diffraction analysis ((c) t = 13 nm; 

(f) t = 6 nm) of structural changes in H-NPs before (curve 1) and after (curve 2) 

etching. In (f), the Cu2–xS layer is highly strained by the ZnS caps (JCPDS 036-1450), 

so the etching process has little effect on the structure (no peak shifts or attenuation of 

the peak near 35°); however, in (c), the layer reverts to the djurleite phase. In H-NPs, 

the vacancy ordering seen in roxbyite (verified by the reflection below 35° indicated 

by the arrow) is stabilized by the presence of ZnS caps that are more closely lattice-

matched to roxbyite. 
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The results of the etching reaction on a set of spherical, d = 22 nm SC-NPs are 

shown in Figure 3.3. After 5 min of etching, TEM images indicate that the SC-NPs 

are reduced in size from 22 to ∼20 nm, a volume loss of ∼25%, and XRD patterns 

show the NPs do not exhibit the characteristic vacancy ordering of roxbyite, as shown 

by the disappearance of these strong reflections (Figure 3.3, curve 2). Additionally, a 

careful comparison of the positions of the diffraction peaks reveals that all reflections 

in the sample etched for 5 min (d = ∼20 nm) have also shifted to smaller 2θ angles, 

indicating that the size of the unit cell has increased; the shift is the largest at 0.35° for 

the (0 16 0) (roxbyite) or (0 4 6) (djurleite) reflection near 46–47°, corresponding to an 

increase in interplanar spacing of ∼1%. As such, the diffraction pattern of this sample 

more closely resembles that of the Cu1.94S phase, djurleite (JCPDS 023-0959). 

Continued etching of the particles results in a reduction in particle diameter with 

corresponding powder diffraction patterns that confirm the structural change: as the 

size of the particles is reduced from 20 to 19 nm, the XRD peaks further shift (0.2° in 

2θ) to smaller angles, bringing the diffraction pattern in excellent correspondence to 

that of djurleite phase (Figure 3.3; curves 3, 4, and 5 are 19, 17, and 14 nm diameter 

particles, respectively). XRD of samples protected from air indicates that treatment 

with phosphines can, in fact, transform the NPs to the compositional end-member, 

Cu2S, in the low chalcocite phase (JCPDS 001-3280, Figure 3.A.4a). This phase 

disappears rapidly (less than 24 h) after exposure to air, with the SC-NPs reverting to 

the djurleite phase. We do not observe another transformation to more oxidized phases 

such as roxbyite. Other reports also find that the transformation of Cu2–xS with 

oxidation stops at djurleite42, 60 and suggest that the change in stoichiometry found by 

XRD is accommodated by formation of an amorphous oxidized surface layer. 

However, it is not known whether the slow kinetics of further surface oxide growth or 
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the thermodynamic instability of roxbyite (lack of driving force) is responsible for the 

stability of the djurleite phase in this case. 

 The H-NPs with t = 13 nm, after 30 min of etching in air, also show structural 

changes upon TBP exposure, exhibiting an estimated 20% volume loss with the 

average diameter of the Cu2–xS region decreasing from 20.4 to 18.3 nm (Figure 

3.4a,b). As seen from XRD, the cation ordering in roxbyite before etching (Figure 

3.4c, curve 1) largely disappears following etching of these H-NPs (Figure 3.4c, curve 

2), and a shift of the entire pattern to smaller angles is seen, similar to the etched SC-

NPs. If the t = 13 nm H-NPs are treated with TBP in an inert atmosphere, a phase 

transformation to low chalcocite (Cu2S) is observed (Figure 3.A.4b). Immediately 

following exposure to air, the Cu2–xS phase transforms back to djurleite. Interestingly, 

Cu2–xS in t = 13 nm H-NPs reverts to roxbyite (unlike SC-NPs) after exposure to air 

for long periods (days). This shows, as discussed below, that the strain imposed by 

lattice mismatch between the ZnS caps and Cu2–xS layer can stabilize otherwise 

unfavorable phases. 

 Finally, with larger ZnS caps (t = 6 nm), the Cu2–xS layer is etched about 3 

times more rapidly, as its diameter decreases from 19.7 to 16.7 nm, representing a 

volume loss of ∼28%, after 15 min of exposure to air (Figure 3.4d,e). The results of 

XRD characterization indicate that there are no significant changes in the 

characteristic roxbyite reflections following an etch of the Cu2–xS layer (Figure 3.4f), 

as the intensity of the vacancy-ordering peak at 34° does not decrease and the 

diffraction angles of all observable roxbyite peaks do not shift. When treated with 

TBP under strictly air-free conditions, H-NPs with large ZnS caps were not 

transformed to low chalcocite. Instead, transformation only proceeded as far as the 

djurleite phase (Figure 3.A.4c), suggesting that the strain can limit the extent of 

stoichiometric modification as well. This observation is in accordance with our 
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previous studies showing that, due to the strong epitaxial match between ZnS and 

roxbyite and to the mismatch between ZnS and the sulfide sublattices of nonroxbyite 

phases, the presence of ZnS stabilizes bordering Cu2–xS regions in the roxbyite 

phase.14 

 The disappearance of the roxbyite vacancy ordering and swelling of the Cu2–xS 

unit cell indicate that sulfur has been preferentially removed from the crystalline Cu2–

xS regions of the NPs, decreasing the value of x in Cu2–xS. Djurleite, in this case, is 

more thermodynamically favorable than roxbyite, and the high mobility of Cu atoms 

within the Cu2–xS lattice allows for facile phase transformations.14 Whether the shift of 

the XRD peaks in the case of the H-NPs (both t = 13 and 6 nm) indicates a smooth 

transition to a less well-ordered roxbyite phase or a conversion of a fraction of the 

Cu2–xS layer to djurleite is not certain. We note that in our previous work we observed 

the accommodation of multiple Cu2–xS phases simultaneously via the formation of 

stacking faults,14 suggesting that the phase transformation was not continuous in a 

single Cu2–xS layer. We also observed through both XRD and X-ray absorption 

spectroscopic measurements that, upon treatment with phosphine and Zn2+ ions in the 

formation of ZnS–Cu2–xS H-NPs, the roxbyite phase was almost completely 

eliminated in the early stages of the reaction, when the strain influence at the interface 

with the epitaxial ZnS caps was minimal.14 However, as t decreases further and the 

strain energy imposed by the ZnS caps becomes larger, a more copper-deficient phase, 

roxbyite, is favored. From our XRD and TEM observations, we conclude that a 

phosphine treatment by itself is sufficient to induce a phase transformation by 

“injecting” Cu atoms into the lattice of the copper sulfide particle as well as by 

removing S. The preferential removal of S and overall size reduction of the particle is 

informative when considering potential etching mechanisms; we conclude that both 
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processes operate simultaneously, as confirmed by further spectroscopic evidence (see 

section 3.3.2 below). 

  

3.3.2. Optical characterization 

The Cu2–xS NPs are characterized by UV–vis–NIR spectroscopy to understand 

how etching affects carrier concentration. Cu2–xS in nanocrystalline form exhibits 

strong optical absorption in the near-infrared arising from a localized surface plasmon 

resonance (LSPR).14, 42-45, 47, 61, 62 For x > 0, holes are generated in Cu2–xS to charge-

compensate copper vacancies in the material, providing Cu2–xS a high density of free 

carriers.45 Thus, the character of the LSPR band reflects the stoichiometry of Cu2–xS. 

The optical absorption of the starting Cu2–xS SC-NPs is shown in Figure 3.5a along 

with the evolution of the LSPR band position over the course of the etching reaction. 

Immediately following the treatment of Cu2–xS SC-NPs with TBP, a large (∼200 nm) 

red shift in the LSPR position is observed. This is consistent with a reduction in the 

concentration of Cu vacancies following the transformation of the particle to the 

djurleite phase (Cu1.94S), which can be induced by the extraction of S from the NP and 

injection of the excess Cu ions into vacancies, as we previously posited. After 

reduction of the particle size to 19 and 17 nm, the wavelength of the LSPR maximum 

increases by ∼100 nm but, thereafter, remains nearly constant. This wavelength shift 

qualitatively corresponds to the phase transformation observed in the XRD results (see 

Figure 3.3), which shows a continuous but rapid and irreversible transformation to the 

more copper-rich djurleite phase. 
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Figure 3.5. Optical properties of Cu2–xS nanostructures after etching using 

tributylphosphine. LSPR changes for pure Cu2–xS nanocrystals (SC-NPs) are shown in 

(a). A shift to longer wavelengths (near 1500–1550 nm) from the initial LSPR at 

∼1200 nm is seen over most of the series, but the final sample exhibits a slight blue 

shift. Optical properties of the ZnS–Cu2–xS heterostructures (H-NP) are shown in (b–

d). H-NPs with t = 13 nm (b) and 6 nm (d) initially show LSPR resonances at 1445 

and 1570 nm, respectively (blue curves). After etching the H-NPs with TBP for the 

time shown by the arrows, spectra were acquired after 3 h of standing in air; a red shift 

to 2015 nm is seen for t = 13 nm and to 2090 nm for t = 6 nm (b and d, respectively, 

red curves). Following long-term air exposure (66 h), the spectra were reacquired (c, 

e). The plasmon positions are now almost identical: 1400 (blue) to 1425 nm (red) for t 

= 13 nm (c) and 1570 (blue) to 1590 nm (red) for t = 6 (e). Spectra are normalized to 

the absorbance at 400 nm. 
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Optical absorption was also measured on H-NPs with characteristic Cu2–xS 

dimensions of t = 13 and 6 nm (Figure 3.4a,b,d,e, the same particles discussed in 

section 3.3.1) before and after etching. Our optical measurements indicate that, before 

etching, the LSPRs of the H-NPs occur at 1400–1500 nm (Figure 3.5b,d), with the 

two populations of H-NPs having remarkably similar optical characteristics despite 

their substantial differences in aspect ratio (1.6 for t = 13 nm and 3.2 for t = 6 nm). 

When measured a few hours following etching, the LSPR red-shifts to 2000–2100 nm 

(Figure 3.5b,d); however, this effect proves to be temporary, and the LSPR blue-

shifts back to its original energy after prolonged exposure to air over 3 days (Figure 

3.5c,e). Such optical shifts following exposure to oxygen are well-known in Cu 

chalcogenides; previous work has proposed that the change in Cu vacancy 

concentration is effected by the ejection of Cu to the surface, rather than by its 

complete extraction from the particle, as discussed above.42 These results highlight the 

sensitivity of these chemically “soft” materials to the oxidizing or reducing nature of 

their environment,42 which may prove to be useful in future applications, such as 

oxygen sensing, but indicates that particular care must be taken to examine the effect 

of processing history and measurement conditions on optical properties. The contrast 

of these optical measurements with our previous work, where we found that the LSPR 

strongly and monotonically red-shifted as t decreased,14 may explain in part why the 

experimental data lacked agreement with theoretical models61 due to previously 

uncontrolled variations in the carrier concentration in Cu2–xS. Overall, we find here 

that the location of the LSPR does not appear to depend strongly on the geometry of 

the absorber as characterized by its estimated Cu2–xS volume (see Figure 3.A.5), both 

for SC-NPs and for H-NPs. However, now that the extent of the sensitivity of these 

materials to oxidation has been characterized, it can be more tightly controlled in 

future studies. 
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2.3. Mechanism of etching 

The etching of copper sulfide is surprising since TBP is a common surfactant 

ligand that passivates the NP surface for stabilization in a solvent and prevents NP 

aggregation.2, 3, 10 To examine whether this etching reaction only occurs with TBP, the 

SC-NPs and H-NPs were exposed to an excess of different surfactant ligands (oleic 

acid, OLA, and dodecanethiol). None of the surfactants etched the copper sulfide layer 

of the H-NPs after an hour of reaction time (Figure 3.A.6). For comparison, on this 

time scale, TBP completely dissolved the copper sulfide layer of the H-NPs (see 

Figure 3.2i). When trioctylphosphine (TOP) was used in place of TBP, the TOP did 

act as an etchant, revealing that the phosphine group is the key moiety involved in the 

rapid etching of copper sulfide. The etching reaction with TOP, however, is much 

slower than that with TBP. A 1 h etching reaction with TOP only partially etches the 

copper sulfide layer, removing about as much Cu2–xS as TBP removed in 2 min 

(Figure 3.A.7). The different reaction kinetics between TOP and TBP indicates that 

longer hydrocarbon chains yield slower rates in the etching reactions. We note that, 

without added ligands, the particle morphology and phase was stable during storage in 

toluene for at least six months. However, in accord with the results of Liu et al.,53 the 

presence of a small amount (a few mg/mL, as might be introduced when adding a few 

drops to stabilize the NPs in solution for storage) of added OLA was found to result in 

etching of the particles over a period of several days (Figure 3.A.8). 

This process could be explained by the dissolution of Cu from the surface as 

Cu2+–amine complexes, followed by the reaction of the free amines with surface-

bound sulfur or polysulfides63 to form soluble reaction products such as thioamides, in 

analogy with the reaction mechanism discussed in more detail below. Additionally, in 

the presence of an excess of both TBP and OLA, etching of the particles proceeded 

much more rapidly than with only TBP, with the dissolution of SC-NPs being 



111 

complete in as little as 2 h. We suspect that in this each ligand may perform a 

complementary role, as OLA strongly stabilizes amine complexes and TBP, as 

discussed below, efficiently removes sulfide. 

Phosphines are well-known to nanoparticle chemists as L-type neutral two-

electron donor ligands.2 Phosphines also easily form very stable oxidized species in 

which phosphorus assumes a higher oxidation state, as in the well-known phosphine 

oxides. Given our observation of the reduced phases of Cu2–xS following etching, we 

hypothesize that phosphines remove S from the NPs by the following mechanism, in 

line with previous reports on the alteration of NP crystal structures using phosphines:10 

Cu2–xS + yTBP → Cu2–xS1–y + yTBPS 

In this case, Sn–, where n < 2, is reduced by TBP. As reported by previous 

studies on nanoparticulate copper sulfides, the nonstoichiometry of Cu2–xS is 

established by changing the oxidation state of S rather than Cu, even when the 

composition is near CuS.47 The presence of S– in Cu2–xS also explains why phosphines 

will not etch ZnS, since the only oxidation states occurring in this more ionic material 

are Zn2+ and S2–, and nonstoichiometry is not expected to arise in the form of oxidized 

sulfur species.64 Compositional analysis by energy dispersive X-ray spectroscopy 

(EDX) and inductively coupled plasma mass spectrometry (ICP-OES) were not useful 

for assessing stoichiometry changes; both methods found a ratio of Cu/S exceeding 2 

with very high uncertainty, regardless of whether the sample had been etched or not. 

Difficulty in measuring stoichiometry due to difficult-to-remove residues has been 

noted by previous groups.24, 42 Due to the long-term stability of the isolated particles 

after synthesis (see section 3.3.1), we believe that these residues do not contribute to 

etching. 

We also examine the residual liquid following complete dissolution of a highly 

concentrated solution of Cu2–xS NPs in air using FTIR spectroscopy; a set of 
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absorption bands at 590–610 cm–1, which can be unambiguously assigned to the P=S 

stretching vibration65 (Figure 3.6a, blue curve), confirms, along with the previous 

XRD and optical measurements, that the abstraction of S by phosphines in the form of 

phosphine sulfides is at least partially responsible for dissolving Cu2–xS. Following 

reduction, the NPs can easily be reoxidized at the surface by O2, forming more 

oxidized sulfide species.66 These bands are not found in a sample of TBP exposed to 

air without NPs (Figure 3.6a, red curve), indicating that they do not arise from a 

phosphine oxidation product, nor are they found in a sample of Cu2–xS NPs “etched” 

with TBP under an N2 atmosphere, showing that the small amount of S removed from 

the particles during the initial transformation of the SC-NPs to the low chalcocite 

phase is not sufficient to give rise to detectable signatures of etching products (Figure 

3.6a, gray curve). 
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Figure 3.6. Cu2–xS oxidative etching into Cu- and S-containing species. (a) The 

abstraction of sulfide from the particle in the form of phosphine sulfides is shown by 

FTIR spectra of the residual oxidized TBP liquids following evaporation of toluene. 

Bands at approximately 580−600 cm−1 confirm the presence of the P=S bond 

attributed to TBPS and its isomers. Nominal path length: 200 μm. (b) In air, oxidation 

of Cu into a solvated form of paramagnetic Cu2+ after etching is shown by EPR 

spectroscopy. Standards of CuCl2 in methanol with concentrations of 10 or 1 mM 

(curve 1, blue and gray, respectively) are shown for comparison and have simple 

Lorentzian lineshapes. A signal from a solution of 5 mg/mL of Cu2–xS NPs in 

toluene/TBP exposed to air for 2 weeks is observed (curve 2); however, an identical 

solution was kept in the glovebox for the same amount of time and showed no EPR 

signal (curve 3). The feature indicated by the arrow is believed to be a paramagnetic 

impurity in the glass capillary used. 

 

Although the removal of S by phosphines and subsequent reoxidation of 

surface S by O2 is accounted for by this mechanism, the form in which Cu is extracted 

from the NPs is unclear. A possibility, given the presence of oxygen, is that Cu+ is 
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oxidized to Cu2+ and thereafter dissolved by phosphine oxides, sulfides, and other 

polar phosphine oxidation products. A summary of the possible etching mechanism by 

phosphines is depicted in Figure 3.7 (top path). Previous studies of the oxidation of 

bulk Cu2–xS in water have shown that the process involves the oxidation of surface 

Cu+ to Cu2+.66 Cu2+, which is paramagnetic, can be distinguished from Cu+ in solution 

using electron paramagnetic resonance (EPR) spectroscopy. A typical example of the 

EPR signal from a Cu2+ solution (CuCl2 in methanol), a simple Lorentzian peak, is 

shown in Figure 3.6b, curve 1. An EPR analysis of the residual solution following 

complete dissolution in air of Cu2–xS (Figure 3.6b, curve 2) shows a similar EPR 

signal to the CuCl2 standard. The presence of this EPR signal definitively establishes 

the presence of Cu2+ indicating that dissolved Cu was oxidized to Cu2+ in solution. A 

similar sample, which was instead kept in an N2 atmosphere (Figure 3.6b, curve 3), 

shows no EPR signal (is EPR silent). This is consistent with earlier reports that pure 

Cu2–xS is EPR silent regardless of its stoichiometry, since the only oxidation state 

present is Cu+.47, 55, 56 The line shape of the Cu2+ in solution following etching is 

distorted from the Lorentzian line shape obtained from a CuCl2–methanol reference, 

suggesting slow motion of the spins in solution, which could be caused by the 

complexation of Cu2+ in larger molecules which tumble more slowly.67 Polymeric 

complexes of the form [(TBPO)4Cu]2+ have been reported previously.68 These results 

therefore suggest that Cu2–xS NPs may be dissolved and oxidized to Cu2+, followed by 

stabilization in solution as an ill-defined polymeric complex with phosphine oxides 

formed by autoxidation of the phosphine in air. We note that the oxidized phosphines, 

TBPO and TOPO, were totally ineffective in effecting any etching of the particle by 

themselves. However, upon auto-oxidation in air, phosphines also form a complex 

mixture of products, including phosphonic acids and dialkylphosphines, via a radical 

mechanism.69 Owing to the reactive nature of these products and intermediates, we 
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also observed the etching reaction in the presence of a large excess of antioxidant 

(diphenylamine) to suppress free-radical concentrations or non-nucleophilic base 

(triethylamine) to scavenge acidic protons. Neither was effective in preventing the 

etching process, strongly suggesting intermediates formed in solution were not 

responsible. 

 

 

 

Figure 3.7. Summary of proposed mechanism for etching of Cu2–xS. In air, initially 

oxidized surface S species are abstracted by phosphines in the form of phosphine 

sulfides (left). Cu and S2− may then be oxidized by O2 (top center), regenerating the 

oxidized S species. Finally, Cu is dissolved as a Cu2+ complex with oxidized 

phosphine species (top right). Etching can also be performed under inert atmosphere 

using Ce4+ (and/or NO3
−). Oxidized S species are generated by electron transfer to the 

oxidant (bottom center); thereafter, surface-bound Cu+ is directly removed by 

phosphines (bottom right). The reactions then repeat, eventually dissolving the 

particles. 

 

To confirm that an oxidizing environment is necessary for the etching process, 

we study the etching reaction with an electron acceptor, Ce4+, in the form of ceric 

ammonium nitrate, (NH4)2Ce(NO3)6 (CAN), as the oxidizing agent in the place of 

molecular oxygen. CAN has been observed to be highly effective for generating free 
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charge carriers in copper chalcogenide NPs.70 CAN is not found to etch such particles 

by itself despite being a very powerful oxidant, but in the presence of TBP, the 

addition of small amounts of 0.1 M CAN in methanol to solutions of SC-NPs in 

toluene under an N2 atmosphere results in rapid etching of the particles. This reaction 

is observed to go to completion in at most 1 h. Interestingly, the morphology of the 

etched particles remains consistently spherical at all phosphorus to sulfur (P/S) ratios. 

This differs from the TBP/air etching results where the lower P/S ratios resulted in 

anisotropic etching (to be discussed) (Figure 3.A.9). This indicates that etching of the 

particle by CAN and TBP does not entail strong facet-selective adsorption of the 

oxidant or TBP to the SC-NP surface; thus, it must be the facet-selective adsorption of 

oxygen that is the deciding factor in anisotropic structure formation. With sufficient 

CAN, the particles are fully dissolved in less than 1 h, but very little CAN is needed 

relative to the amount of Cu2–xS present; if it is assumed that S is oxidized to S0 to 

completely dissolve the particle, as in the reaction Cu+2S2− → 2Cu+ + S0 + 2e−, then 

the titration requires that CAN removes 3−9 e− per formula unit, far in excess of its 

nominal capacity as a one-electron oxidizer (Figure 3.A.10), indicating that NO3
− may 

also serve as an oxidizing agent. We confirm that in a control experiment the nitrate 

anion by itself also appears to work as a (relatively slow) oxidizer for etching Cu2–xS: 

NaNO3 added to the NPs dissolves them over the course of several hours when added 

in sufficient amounts (approximately 1−3:1 NO3
–/S). However, EPR spectroscopic 

analysis of the reaction solutions for these experiments with CAN or with NaNO3 

showed that they exhibited no signal from Cu2+. This finding is consistent with the 

hypothesis that oxidation of the anion sublattice is sufficient for etching, although it 

does not rule out the possibility that the Cu+/Cu2+ redox couple may be transiently 

involved in electron transfer. This reaction is summarized in Figure 3.7 (bottom path); 

we conclude that etching of Cu2–xS by this simultaneous oxidation–reduction 
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mechanism requires the disproportionation of S– to S0 and S2–, thereby allowing 

surface-bound S0 to be reduced by phosphine. S– is thereafter regenerated by the 

oxidizing agent (Ce4+, NO3
−, or O2). 

 We gain further insight into the mechanism of the etching reaction by 

deliberately restricting the amount of phosphine available during etching by adding 

smaller amounts of TBP or TOP to SC-NP solutions in toluene or hexane to prevent 

the eventual complete digestion of the NPs. The amount of added phosphine was 

chosen based on the estimated P/S ratio and varied from ∼1:2 P/S to ∼100:1 P/S, and 

the reaction is run for 6–8 h. We were able to recover solid products for TEM analysis 

with added TBP/S ratios lower than 5:1. At higher concentrations than this, no NP 

precipitate was obtained, indicating the complete dissolution of Cu2–xS. To our 

surprise, we find that the morphologies of the particles in these etching experiments 

with smaller concentrations of TBP/TOP differed considerably from those etched with 

a large excess of TBP (P/S > 250:1, as was shown in Figure 3.2a–c). Instead of 

isotropically etched spherical particles, we observe pronounced anisotropy in the 

dissolution of Cu2–xS, showing that at lower nominal ligand coverages the nature of 

the etching reaction changes considerably (see below). At a TBP/S ratio of 1:2 

(Figure 3.A.11a), the recovered particles exhibit a distinct, rounded notch at one end 

of the particle. At higher concentrations of TBP (TBP/S ratio 1:1), the notch develops 

into a dramatic concave hollow; furthermore, a second hollow area is observed at the 

opposite end of many particles, giving the NP the appearance of a biconcave disk (red 

blood cell shape; see Figures 3.8a and 3.A.11b). During the etching process, the NPs 

remain single-crystalline, as confirmed by HRTEM (Figure 3.8a,b). Interestingly, the 

preferential etching occurs along the (400) direction in the crystal (either roxbyite52) or 

djurleite,71 Figure 3.8b,c), the same direction along which ZnS or CdS caps grow 

during heterostructure formation14 and corresponds to the basal planes of the 
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pseudohexagonal structure. The highly concave morphology of the particles is similar 

to that observed by Liu et al. in the case of the oxidative digestion of Cu2–xS NPs by 

OLA.53 At still higher concentrations of TBP, the particles precipitate as large, ill-

formed aggregates (Figure 3.A.11c). 

 

 

 

Figure 3.8. Anisotropic etching in the presence of low concentrations of phosphine. 

HRTEM image of an anisotropically etched, single-crystal Cu2–xS nanoparticle (a), its 

Fourier transform (b), and a high-contrast schematic of the particle morphology (c). 

Scale bar is 5 nm; the dashed white outline is a guide for the eye. The lattice fringe 

with periodicity 3.4 Å may be assigned to the (400) reflection either of djurleite 

(JCPDS 023-0959) or roxbyite (JCPDS 023-0958). 

 

 The crossover from anisotropic to isotropic etching may be explored more 

easily using TOP, which was shown to etch the NPs more slowly. During the 

controlled etching of SC-NPs with TOP, particles adopt notched and concave shapes 

at a TOP/S ratio 5:1 (Figure 3.9a) similar to that observed for etching using TBP. 
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Small rod-like particles are recovered at a TOP/S ratio 10:1; they have an irregular 

appearance, although some degree of anisotropy in etching behavior is still apparent 

through the appearance of distinct notches in these particles (Figure 3.9b). Increasing 

the TOP concentration again (TOP/S 50:1) generates a bimodal distribution of particle 

shapes, with one population being more rod-like and the second being nearly spherical 

(Figure 3.9c). At still higher concentrations of TOP (TOP/S 100:1, close to the 

concentrations used in the isotropic etching experiments), however, the etching 

reaction returns to its original isotropic etching behavior (Figure 3.9d). Thus, at low 

concentrations of, and presumably lower average surface coverage with, TOP, the 

dissolution proceeds anisotropically. TOP therefore plays decisive roles in the 

chemical reactivity of the NPs in solution both as an etchant and as a protective 

capping agent. 
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Figure 3.9. Crossover from anisotropic to isotropic etching behavior in the presence 

of TOP. TEM images, clockwise from top left: At low concentrations of TOP (low P/S 

ratio, (a)), particle etching occurs in the form of concave pits (inset) which may be at 

one or both ends of the particle. Larger P/S ratios (b) lead to pronounced faceting and 

additional erosion of the particle along the axis perpendicular to the facets (inset). At 

even higher phosphine concentrations, a bimodal population of (an)isotropically 

etched particles forms (c); at the largest P/S ratios, the etching reaction proceeds only 

isotropically (d). 

 

Many previous studies on anisotropic etching of NPs attributed the observed 

anisotropy to selective stabilization of specific facets;33, 72-74 under appropriate 

conditions, crystalline materials are attacked more rapidly along certain crystal 

directions by the etchant so that etched surfaces assume a faceted, sharp 
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morphology.27 However, the pitted particles observed in Figures 3.8a, 3.9a, and 

3.A.11 are highly concave and exhibit little faceting. Concave, even hollow, NPs have 

been reported previously during the oxidative etching of solid Pd nanocubes using 

water, O2, and Cl–;37 this was attributed to a pitting mechanism by which the exposure 

of unpassivated surface at localized corrosion sites leads to preferential, autocatalytic 

attack of O2/Cl– at this fresh surface. A similar mechanism may operate during the 

etching of Cu2–xS by phosphines and oxygen. Incomplete passivation of the SC-NP 

surface at lower phosphine coverage would allow oxygen to preferentially attack the 

basal planes of the crystal structure. In the presence of excess phosphine, the surface 

of the particle becomes saturated with bulky hydrocarbon chains; in this case, 

phosphine does play a role as a passivating layer, which slows the etching and 

prevents the autocatalytic corrosion reaction responsible for anisotropic etching from 

occurring. However, the true nature of the oxygen–copper sulfide interactions remains 

highly uncertain since the complicated solid-solution interface is difficult to 

characterize in the presence of coexisting oxide and sulfide phases in addition to the 

organic capping agents. 

 

3.4. CONCLUSION 

 

This investigation clarifies the mechanistic details behind a complex, redox-

driven, highly selective chemical etching reaction by which Cu2–xS is removed from 

colloidal single-crystal (SC-NP) and heterostructured (H-NP) nanostructures in a 

multistep process entailing the removal of S from the NPs by phosphines and the 

subsequent diffusion of excess Cu ions into the remaining particle and reoxidation of 

the particle to regenerate oxidized S species and dissolve Cu. As confirmed by X-ray 

diffraction and optical measurements, this process requires the generation of more Cu-
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rich phases, with consequent reduction in carrier concentration due to the quenching of 

Cu vacancies, in accordance with previous work on copper chalcogenides.46, 47, 70 At 

very high concentrations of phosphine, the etching reaction dissolves SC-NPs 

isotropically, but when they are insufficiently passivated with this surfactant, 

molecular oxygen selectively attacks the basal planes of the pseudohexagonal Cu2–xS 

structures. Ultimately, when the reaction is allowed to run to completion in air, Cu2–xS 

is dissolved to a mixture of oxidized phosphines, phosphine sulfides, and coordinated 

Cu2+ species, as confirmed by FTIR and EPR spectroscopy. We show that a redox 

reagent previously used for tuning the density of charge carriers in Cu chalcogenides, 

ceric ammonium nitrate, can be efficiently substituted for molecular oxygen in this 

reaction. We corroborate our previous observations14 that the presence of epitaxial 

ZnS, which is lattice-mismatched to the Cu-rich phases, in H-NPs strongly stabilizes 

the ordered-vacancy roxbyite phase even in the presence of aggressive etching by 

phosphines. In SC-NPs, the roxbyite structure is instead irreversibly transformed into 

djurleite during the etching. The ability to combine top-down and bottom-up processes 

in the fabrication of complex colloidal nanoparticles will be crucial in later synthetic 

strategies for the design of functional materials using these solution-processed 

nanostructures. Finally, we emphasize that these results are important not only for 

postsynthetic reshaping of nanoparticles but also for understanding stoichiometry, 

structure, and electronic properties in the initial particle “skeleton,” as the decidedly 

aggressive nature of the phosphine surfactant established by this and other works is 

crucial in understanding the growth of such chemically soft materials as transition 

metal chalcogenides. 
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3.A. APPENDIX 

 

3.A.1. Funding 

This work was supported in part by the National Science Foundation (NSF) 

under award numbers CMMI-1344562 and CHE-1507753. This work made use of the 

Cornell Center for Materials Research Shared Facilities, which are supported through 

the NSF MRSEC program (DMR-1120296). We thank Dr. Boris Dzikovski, who is 

supported by the National Institute of General Medical Sciences of the National 

Institutes of Health under award number P41GM103521, for obtaining the EPR data 

and Yizhi Zhu for assistance with a number of syntheses. We also thank Prof. Rüdiger 

Dieckmann and Dr. Ivan Keresztes for helpful discussions. 

 

3.A.2. Materials and methods 

Oleylamine (OLA, 70% [technical grade] or 98%), 1-octadecene (ODE, 90%), 

di(tert-butyl) disulfide (97%), tributylphosphine (TBP, 97%), tributylphosphine oxide 

(TBPO, 95%), trioctylphosphine (TOP, 97%), trioctylphosphine oxide (TOPO, 99%), 

copper (II) chloride (CuCl2, 99.999%) and copper (II) chloride dihydrate 

(CuCl2∙2H2O, 99.99%), zinc chloride (ZnCl2, 99.999%), dodecanethiol (99%), oleic 

acid (90%), tetrachloroethylene (TCE, 99%), ammonium cerium(IV) nitrate (CAN, 

>98.5%), sodium nitrate (>99.999%), molecular sieves UOP type 3A, triethylamine 

(>99%), diphenylamine (>99%), and methanol (99.8%) were all from Sigma-Aldrich 

and used as received except where noted. Acetone, hexane, and toluene (ACS grade) 

were from EMD Millipore or BDH. Ethanol (200 proof, KOPTEC) was from Decon 

Labs Inc. CuCl2∙2H2O, ZnCl2, TBP, and TOP were all stored under nitrogen in a glove 

box; where necessary, other chemicals were deaerated by bubbling with nitrogen 

before bringing them into to the glove box. 
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 Nanomaterials synthesis  

Copper sulfide (Cu2-xS) NPs were synthesized as described in our previous 

work.14 We originally used technical grade, 70% OLA in this synthesis; however, we 

noted reproducibility problems using this solvent and substituted a mixed solvent, 

hereafter called OLA solution, consisting of 80% OLA (98% purity) and 20% ODE. 

Using only 98% OLA does not afford spherical particles. Standard Schlenk line 

techniques were used under an atmosphere of dry nitrogen or under a vacuum of 100-

200 mTorr. In a 100 or 250 mL three-necked round-bottom flask with a condenser, a 

septum, a thermocouple well adapter, and a magnetic stirring bar, 341 mg CuCl2∙2H2O 

was suspended in 59 mL OLA solution and degassed at room temperature and at 

100°C for 30 minutes each under vacuum. Following heating to 200°C for 1 hour, the 

Cu precursor dissolved to form a bright yellow-green solution, which was cooled to 

180°C. Di(tert-butyl) disulfide (8 mL) was quickly injected by syringe and the NPs 

were allowed to grow for 40 minutes. After quenching the reaction vessel in a water 

bath, the NPs were cleaned by precipitation with ethanol (1:1 v/v) followed by 

centrifugation at 4400 rpm for 10 minutes. After re-dissolving the precipitate in 

hexane, this washing procedure was repeated twice using acetone instead of ethanol. 

Cu2-xS NPs were stored as hexane suspensions in air; when using the NPs for further 

procedures, a few drops of OLA were added to the suspension to re-solubilize the NPs 

followed by precipitation with acetone and centrifugation. The precipitate was dried 

under vacuum in a glove box airlock immediately before transfer to other solutions for 

further experiments. 

Cu2-xS-ZnS heterostructures were synthesized according to our previous 

procedure.14 In a 50 mL three-necked round-bottom flask with a condenser, a 

thermocouple well, a septum, and a magnetic stirring bar, a stock solution of 500 mg 
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ZnCl2 and 20 mL OLA solution (originally made entirely from technical grade OLA; 

we later substituted the mixed solvent above) was prepared by degassing at room 

temperature and at 100°C for 30 minutes each under vacuum, followed by heating to 

180°C for 30 minutes. The stock solution was kept at 100°C under flowing nitrogen 

for further use. For cation exchange, a 100 mL three-necked round-bottom flask with 

the same attachments as above was evacuated and refilled with nitrogen. 30 mL of 

toluene was added which is degassed for a few seconds under vacuum. 9.3 mL of the 

ZnCl2-OLA solution was added by syringe, and the mixture was heated to 50°C. 35 

mg of dry Cu2-xS NPs were dissolved in 7 mL TOP with sonication, followed by 

stirring for 3 hours in a glove box. This solution was withdrawn from the glove box in 

a syringe and injected into the warm toluene/OLA/ZnCl2 solution. The ZnS caps were 

allowed to grow over the course of 30 minutes to 3 hours; when the appropriate 

thickness of ZnS was achieved, the solution was quenched with cold acetone. If the 

particles are to be purified in air, the separation must be done as quickly as possible to 

avoid undue etching of the Cu2-xS layer. After centrifugation of this mixture, the 

precipitate was washed by dissolution in hexane followed by the addition of an equal 

amount of methanol. After centrifugation, the particles were dissolved again in 

hexane, stabilized with a drop of OLA, and precipitated with acetone and centrifuged a 

third time. The finished heterostructures were stored in toluene or hexane and should 

not be allowed to dry completely. 

 

NP etching 

In calculating the amounts of phosphine or CAN to add to solutions of Cu2-xS 

NPs, the composition of the nanoparticles was initially approximated as Cu7S4 (the 

composition assigned to roxbyite in JCPDS 023-0958). The molar concentration of S 

in the dry particles is then calculated to be approximately 6.98 μmol/mg. 
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In a general etching procedure using air, dry particles were suspended at a 

concentration of 1 mg/mL in toluene, which was mixed with an equal volume of TBP 

in a glove box (or, in phosphine-limited controlled etching experiments, with a lesser 

amount in accordance with a certain estimated molar ratio of P to S). With other 

etching reactions, identical volumes of TOP, dodecanethiol, oleylamine (70%), or 

oleic acid are used. The vial was withdrawn from the glove box and exposed to air for 

several minutes, after which it was resealed and the mixture was stirred (in phosphine-

limited experiments, the vial is left loosely capped to allow the reaction to run to 

completion over 6-12 hours). The vial was thereafter opened each time aliquots were 

withdrawn over the following days or hours. As noted in the main text, the rate at 

which the particles are etched can vary substantially. The NPs were recovered by 

centrifuging the mixture directly; when the volume of TBP or TOP was reduced, it 

was necessary to add excess methanol as an antisolvent. Precipitation was followed by 

sonicating the precipitate in hexane, centrifuging again, and then re-dissolving the 

precipitate in hexane with a few drops of OLA and precipitating the NPs with acetone. 

The recovered product was stored in hexane under air. 

In etching with CAN in the glove box, a 0.1 M solution of CAN in methanol 

previously dehydrated with molecular sieves was prepared immediately before use (it 

is unstable). Appropriate amounts of this reagent were added to NP-TBP-toluene or 

NP-TOP-toluene solutions prepared as above. In Figure 3.A.10, the Ce:S ratio was 

calculated on the basis of the composition Cu1.81S reported by the most reliable 

experimental data,52 giving an S concentration in the particles of 6.80 μmol/mg. An 

addition of 17.45 μL CAN solution (1:1 molar ratio of CAN/Cu7S4) to 2 mL NP-TBP-

toluene solution (1 mg NPs) was therefore estimated to have a Ce/S ratio of 0.257, 

using the composition Cu1.81S. The mixture was allowed to stir for 1 hour to complete 

the etching reaction. The particles were recovered by directly centrifuging the 
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solution, followed by washing with hexane, centrifuging, re-suspending the particles 

in hexane with a drop of OLA, and precipitating them with acetone. Following 

centrifugation, the precipitate is stored in hexane under air. 

During etching with the addition of other reagents one of the following were 

also added to the NP-TBP-toluene solution prepared as above: diphenylamine (N:P 

1:75 to 1:350), triethylamine (N:P 1:10 to 1:100), or oleylamine (N:S roughly 125:1). 

Sodium nitrate was added under inert atmosphere as a methanol solution (0.2 M); 

roughly 3:1 NO3
- : S dissolved the particles over several hours. 

 

Materials characterization 

Transmission electron microscopy (TEM) images were acquired on an FEI 

Tecnai T12 operating at 120 kV with samples supported on carbon-coated copper 

grids. High-resolution TEM (HRTEM) images were acquired on an FEI Tecnai F20 

operating at 200 kV. X-ray diffraction patterns were acquired on a Bruker GADDS 

microbeam diffraction instrument using graphite-monochromated Cu K-alpha 

radiation (40 kV, 40 mA) and a HI-STAR area detector with samples supported on 

Kapton tape (in transmission mode) or on single-crystal silicon (in reflection mode). 

The detector position was calibrated using standard polycrystalline alumina or silicon 

reference materials. Datasqueeze 3.0 software75 was used to carry out the calibrations 

and obtain integrated θ-2θ plots. Additional XRD data (Figure 3.A.4) was acquired on 

a Bruker D8 DISCOVER instrument with Ni-filtered Cu K-alpha radiation (40 kV, 40 

mA) using a polycapillary collimator and a VANTEC 500 area detector. Data analysis 

of these scans was performed in the attached DIFFRAC.EVA software; spots arising 

from Laue reflections from the silicon wafer were masked manually. Samples were 

analyzed under air-free conditions by covering them with Kapton tape before 

removing them from the glove box. 
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UV-visible-NIR spectra were acquired on a Shimadzu UV3600 from 300 nm 

to 3300 nm, using TCE as a solvent with samples in quartz cuvettes. FTIR spectra 

were obtained in transmission from 4000 to 400 cm-1 on a Bruker Tensor II 

spectrometer which was part of a Hyperion FTIR microscope. A 5 mg/mL solution of 

Cu2-xS NPs in toluene was mixed with TBP (volume ratio 4:1 solution:TBP), and the 

etching process was allowed to run to completion over 1 week in air and under the N2 

atmosphere of the glove box; for comparison, a mixture of toluene and TBP in equal 

volumes was allowed to oxidize in air for 1 week. Residual solids in the case of the 

NPs “etched” under N2 were removed by centrifugation. The residual toluene was 

removed by evaporation under vacuum on the Schlenk line. Samples were then 

enclosed in a demountable infrared liquid cell using KBr windows (International 

Crystal Laboratories) and Teflon gaskets and spacers (from 15 to 200 microns) in a 

glove box. 

Electron paramagnetic resonance (EPR) spectra were acquired at room 

temperature on samples contained in flame-sealed 100 μL soda-lime glass micropipets 

(Kimble) using a Bruker EMX continuous-wave spectrometer at the X-band. Standard 

solutions were prepared by dissolving the appropriate amounts of CuCl2 in methanol 

(as in Figure 3.6c), and samples were prepared by adding to a 10 mg/mL solution of 

Cu2-xS NPs in toluene an equal amount of TBP and allowing the etching process to run 

to completion over a week in air and under the N2 atmosphere of the glove box. If 

using CAN or NaNO3 instead, the appropriate amount was added as a 0.1 M (CAN) or 

0.2 M (NaNO3) methanol solution; EPR for these samples was acquired the next day. 
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3.A.3. Supporting figures 

 

 

Figure 3.A.1. Exemplary TEM image of etched Cu2−xS-ZnS heterostructures isolated 

from the cation-exchange reaction. Rather than being immediately precipitated by 

centrifugation, the mixture of the crude reaction solution with acetone was exposed to 

air for ~1 h. The heterostructures show distinctly eroded Cu2-xS layers. Scale bar is 

100 nm. 
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Figure 3.A.2. High-resolution TEM image of initial Cu2-xS nanocrystal. The unbroken 

lattice fringes clearly indicate the single-crystalline nature of the particles. The lattice 

spacing corresponds to the (130) reflection of roxbyite. Scale bar is 5 nm. 

 

 

Figure 3.A.3. Closer view of isotropically etched Cu2-xS nanocrystals showing small 

clusters that are believed to form by aggregation of Cu and S removed from the larger 

nanocrystals during etching. Scale bar is 50 nm. 
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Figure 3.A.4. Effect of atmospheric exposure on the observed phase of Cu2-xS in SC-

NPs (a) and H-NPs (b,c). Samples of NPs were reduced using TBP for 30 min under 

inert atmosphere, and their patterns were acquired after covering sample spots on Si 

wafers with Kapton tape (curves 1). Afterwards the tape was removed and the samples 

exposed to air for 1 day before re-acquiring the pattern (curves 2). A pattern from the 

as-synthesized SC-NPs is also shown (a, curve 0). SC-NPs (a) and H-NPs with small 

ZnS caps (b) immediately convert to the low chalcocite structure, indicating complete 

reduction; in H-NPs with large caps (c), this transformation is not complete. The 

asterisks in (a, curve 1) indicate an impurity introduced during sample preparation that 

gave rise to sharp diffraction rings but was not observable when the tape was removed. 

Roxbyite: JCPDS 023-0958; djurleite: 023-0959; low (α-)chalcocite: 001-3280; 

wurtzite ZnS: 036-1450. 
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Figure 3.A.5. Summary of the observed LSPR peak positions for nanoparticles in 

which the volume of the Cu2−xS region was changed by etching (for single crystal 

Cu2−xS NPs, blue), or by formation of heterostructures with Cu2-xS thickness t (large 

stars) followed by etching and exposure to air (smaller orange stars). In the case of the 

latter, the spectra after etching were measured ~3 h after etching and ~66 h after the 

first measurement, respectively. Solid line is a guide for the eye. 

 

 

Figure 3.A.6. Preservation of heterostructure morphology in the presence of excess 

ligands of different types under conditions similar to those used in etching with a 

reaction time of 60 min: (a) oleic acid, (b) oleylamine, and (c) dodecanethiol. Scale 

bars are 100 nm. 
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Figure 3.A.7. TEM image of the heterostructured NPs after 1 hour of the etching 

reaction with TOP. TOP etches copper sulfide much more slowly than TBP. Scale bar 

is 100 nm. 

 

 

Figure 3.A.8. TEM image of Cu2-xS SC-NPs with faceting/hollowing and slightly 

reduced diameter due to etching by oleylamine (few mg/mL) in toluene. The NPs had 

been stored under air for several days after the addition of oleylamine. Scale bar is 100 

nm. 
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Figure 3.A.9. Purely isotropic etching behavior observed in “cross-over” experiment 

using ceric ammonium nitrate (CAN); adding smaller amounts of TBP (estimated P:S 

ratio shown in upper right corners) to solutions of Cu2-xS SC-NPs in toluene followed 

by addition of CAN (0.1 M in methanol) with an approximate Ce:S ratio of 0.514 

produces only spherical, smaller particles. 

 

 

Figure 3.A.10. Titration of particle volume with (NH4)2Ce(NO3)6 (CAN), which may 

also be used as the oxidizing agent in the etching reaction. The equivalents are 

calculated on the basis of estimated S concentration in the Cu2-xS powder with an 

assumed composition of Cu1.81S. Results are given for three separate trials. The solid 

line gives the titration curve that would be obtained if one formula unit of CAN 

removed one electron, as in the reaction (Cu+)1.81S-1.81 + 1.81Ce4+ → 1.81Cu+ + 

1.81S0 + 1.81Ce3+. Dashed lines indicate the hypothetical titration curves for 3 

electrons removed per Ce atom (red) and 9 electrons removed per Ce atom (blue). The 

experimentally measured points lie between the two dashed curves, indicating that 

CAN does not operate as a “one-electron” oxidant in this case. 
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Figure 3.A.11. Anisotropic etching behavior observed by adding smaller amounts of 

TBP followed by allowing oxidation of the phosphine to run to completion over 8 

hours in hexane. At P/S ratio > 5, no solid product can be recovered when the sample 

is continuously exposed to air. Pronounced anisotropy of etching is visible for small 

concentrations of phosphines (a, b); eventually, particle disintegration occurs (c). 

Scale bars are 50 nm.



136 

3.B. REFERENCES 

 

1. Yin, Y.; Alivisatos, A. P., Colloidal Nanocrystal Synthesis and the Organic–

Inorganic Interface. Nature 2004, 437, 664-670. 

2. Anderson, N. C.; Hendricks, M. P.; Choi, J. J.; Owen, J. S., Ligand Exchange 

and the Stoichiometry of Metal Chalcogenide Nanocrystals: Spectroscopic 

Observation of Facile Metal-Carboxylate Displacement and Binding. Journal of the 

American Chemical Society 2013, 135, 18536-18548. 

3. Anderson, N. C.; Owen, J. S., Soluble, Chloride-Terminated CdSe 

Nanocrystals: Ligand Exchange Monitored by 1H and 31P NMR Spectroscopy. 

Chemistry of Materials 2013, 25, 69-75. 

4. Zhang, H.; Hu, B.; Sun, L.; Hovden, R.; Wise, F. W.; Muller, D. A.; Robinson, 

R. D., Surfactant Ligand Removal and Rational Fabrication of Inorganically 

Connected Quantum Dots. Nano Letters 2011, 11, 5356-5361. 

5. Nag, A.; Kovalenko, M. V.; Lee, J.-S.; Liu, W.; Spokoyny, B.; Talapin, D. V., 

Metal-free Inorganic Ligands for Colloidal Nanocrystals: S2–, HS–, Se2–, HSe–, Te2–, 

HTe–, TeS3
2–, OH–, and NH2

– as Surface Ligands. Journal of the American Chemical 

Society 2011, 133, 10612–10620. 

6. Dong, A.; Ye, X.; Chen, J.; Kang, Y.; Gordon, T.; Kikkawa, J. M.; Murray, C. 

B., A Generalized Ligand-Exchange Strategy Enabling Sequential Surface 

Functionalization of Colloidal Nanocrystals. Journal of the American Chemical 

Society 2010, 133, 998–1006. 

7. Smith, J. G.; Jain, P. K., The Ligand Shell as an Energy Barrier in Surface 

Reactions on Transition Metal Nanoparticles. Journal of the American Chemical 

Society 2016, 138, 6765–6773. 



137 

 

8. Wang, F.; Tang, R.; Buhro, W. E., The Trouble with TOPO; Identification of 

Adventitious Impurities Beneficial to the Growth of Cadmium Selenide Quantum 

Dots, Rods, and Wires. Nano Letters 2008, 8, 3521-3524. 

9. Talapin, D. V.; Gaponik, N.; Borchert, H.; Rogach, A. L.; Haase, M.; Weller, 

H., Etching of Colloidal InP Nanocrystals with Fluorides:  Photochemical Nature of 

the Process Resulting in High Photoluminescence Efficiency. Journal of Physical 

Chemistry B 2002, 106, 12659-12663. 

10. Sines, I. T.; Schaak, R. E., Phase-Selective Chemical Extraction of Selenium 

and Sulfur from Nanoscale Metal Chalcogenides: A General Strategy for Synthesis, 

Purification, and Phase Targeting. Journal of the American Chemical Society 2011, 

133, 1294-1297. 

11. Murray, C. B.; Sun, S.; Doyle, H.; Betley, T., Monodisperse 3d Transition-

Metal (Co, Ni, Fe) Nanoparticles and Their Assembly into Nanoparticle Superlattices. 

MRS Bulletin 2001, 26, 985-991. 

12. Moreau, L. M.; Ha, D.-H.; Bealing, C. R.; Zhang, H.; Hennig, R. G.; 

Robinson, R. D., Unintended Phosphorus Doping of Nickel Nanoparticles during 

Synthesis with TOP: A Discovery through Structural Analysis. Nano Letters 2012, 12, 

4530-4539. 

13. Zhang, H.; Ha, D.-H.; Hovden, R.; Kourkoutis, L. F.; Robinson, R. D., 

Controlled Synthesis of Uniform Cobalt Phosphide Hyperbranched Nanocrystals 

Using Tri-n-octylphosphine Oxide as a Phosphorus Source. Nano Letters 2011, 11, 

188-197. 

14. Ha, D.-H.; Caldwell, A. H.; Ward, M. J.; Honrao, S.; Mathew, K.; Hovden, R.; 

Koker, M. K. A.; Muller, D. A.; Hennig, R. G.; Robinson, R. D., Solid–Solid Phase 

Transformations Induced through Cation Exchange and Strain in 2D Heterostructured 

Copper Sulfide Nanocrystals. Nano Letters 2014, 14, 7090-7099. 



138 

 

15. Fan, Z.; Lin, L.-C.; Buijs, W.; Vlugt, T. J. H.; Huis, M. A. v., Atomistic 

Understanding of Cation Exchange in PbS Nanocrystals using Simulations with 

Pseudoligands. Nature Communications 2016, 7, 11503. 

16. Gaponik, N.; Talapin, D. V.; Rogach, A. L.; Eychmüller, A.; Weller, H., 

Efficient Phase Transfer of Luminescent Thiol-Capped Nanocrystals:  From Water to 

Nonpolar Organic Solvents. Nano Letters 2002, 2, 803-806. 

17. Otelaja, O. O.; Ha, D.-H.; Ly, T.; Zhang, H.; Robinson, R. D., Highly 

Conductive Cu2–xS Nanoparticle Films through Room-Temperature Processing and an 

Order of Magnitude Enhancement of Conductivity via Electrophoretic Deposition. 

ACS Applied Materials and Interfaces 2014, 6, 18911–18920. 

18. Ocier, C. R.; Whitham, K.; Hanrath, T.; Robinson, R. D., 

Chalcogenidometallate Clusters as Surface Ligands for PbSe Nanocrystal Field-Effect 

Transistors. Journal of Physical Chemistry C 2014, 118, 3377-3385. 

19. Long, R.; Zhou, S.; Wiley, B. J.; Xiong, Y., Oxidative Etching for Controlled 

Synthesis of Metal Nanocrystals: Atomic Addition and Subtraction. Chemical Society 

Reviews 2014, 43, 6288-6310. 

20. Stoeva, S.; Klabunde, K. J.; Sorensen, C. M.; Dragieva, I., Gram-Scale 

Synthesis of Monodisperse Gold Colloids by the Solvated Metal Atom Dispersion 

Method and Digestive Ripening and Their Organization into Two- and Three-

Dimensional Structures. Journal of the American Chemical Society 2002, 124, 2305–

2311. 

21. Kim, S.; Bawendi, M. G., Oligomeric Ligands for Luminescent and Stable 

Nanocrystal Quantum Dots. Journal of the American Chemical Society 2003, 125, 

14652–14653. 



139 

 

22. Murray, C. B.; Norris, D. J.; Bawendi, M. G., Synthesis and Characterization 

of Nearly Monodisperse CdE (E = S, Se, Te) Semiconductor Nanocrystallites Journal 

of the American Chemical Society 1993, 115, 8706-8715. 

23. Peng, Z. A.; Peng, X., Formation of High-Quality CdTe, CdSe, and CdS 

Nanocrystals Using CdO as Precursor. Journal of the American Chemical Society 

2001, 123, 183–184. 

24. Li, H.; Zanella, M.; Genovese, A.; Povia, M.; Falqui, A.; Giannini, C.; Manna, 

L., Sequential Cation Exchange in Nanocrystals: Preservation of Crystal Phase and 

Formation of Metastable Phases. Nano Letters 2011, 11, 4964–4970. 

25. Gui, J.; Ji, M.; Liu, J.; Xu, M.; Zhang, J.; Zhu, H., Phosphine-Initiated Cation 

Exchange for Precisely Tailoring Composition and Properties of Semiconductor 

Nanostructures: Old Concept, New Applications. Angewandte Chemie International 

Edition 2015, 127, 3754–3758. 

26. Liu, Y.; Zhu, G.; Yang, J.; Bao, C.; Wanga, J.; Yuan, A., Phase Purification of 

Cu–S System Towards Cu1.8S and Its Catalytic Properties for a Clock Reaction. RSC 

Advances 2015, 5, 103458-103464. 

27. Hines, M. A., IN SEARCH OF PERFECTION: Understanding the Highly 

Defect-Selective Chemistry of Anisotropic Etching. Annual Review of Physical 

Chemistry 2003, 54, 29-56. 

28. Otelaja, O. O.; Hertzberg, J. B.; Aksit, M.; Robinson, R. D., Design and 

Operation of a Microfabricated Phonon Spectrometer Utilizing Superconducting 

Tunnel Junctions as Phonon Transducers. New Journal of Physics 2013, 15, 1-30. 

29. Hertzberg, J. B.; Otelaja, O. O.; Yoshida, N. J.; Robinson, R. D., Non-

Equilibrium Phonon Generation and Detection in Microstructure Devices Review of 

Scientific Instruments 2011, 82, 104905. 



140 

 

30. Hertzberg, J. B.; Aksit, M.; Otelaja, O. O.; Stewart, D. A.; Robinson, R. D., 

Direct Measurements of Surface Scattering in Si Nanosheets Using a Microscale 

Phonon Spectrometer: Implications for Casimir-Limit Predicted by Ziman Theory. 

Nano Letters 2014, 14, 403-415. 

31. Otelaja, O. O.; Robinson, R. D., Enhancement of Phonon Backscattering due 

to Confinement of Ballistic Phonon Pathways in Silicon as Studied with a 

Microfabricated Phonon Spectrometer. Applied Physics Letters 2015, 107, 173102. 

32. Higashi, G. S.; Chabal, Y. J.; Trucks, G. W.; Raghavachari, K., Ideal 

Hydrogen Termination of the Si (111) Surface. Applied Physics Letters 1990, 56, 656. 

33. Lim, S. J.; Kim, W.; Jung, S.; Seo, J.; Shin, S. K., Anisotropic Etching of 

Semiconductor Nanocrystals. Chemistry of Materials 2011, 23, 5029-5036. 

34. Zeng, H.; Cai, W.; Liu, P.; Xu, X.; Zhou, H.; Klingshirn, C.; Kalt, H., ZnO-

Based Hollow Nanoparticles by Selective Etching: Elimination and Reconstruction of 

Metal Semiconductor Interface, Improvement of Blue Emission and Photocatalysis. 

ACS Nano 2008, 2, 1661-1670. 

35. Chen, C.; Kang, Y.; Huo, Z.; Zhu, Z.; Huang, W.; Xin, H. L.; Snyder, J. D.; Li, 

D.; Herron, J. A.; Mavrikakis, M.; Chi, M.; More, K. L.; Li, Y.; Markovic, N. M.; 

Somorjai, G. A.; Yang, P.; Stamenkovic, V. R., Highly Crystalline Multimetallic 

Nanoframes with Three-Dimensional Electrocatalytic Surfaces. Science 2014, 343, 

1339-1343. 

36. Sui, Y.; Fu, W.; Zeng, Y.; Yang, H.; Zhang, Y.; Chen, H.; Li, Y.; Li, M.; Zou, 

G., Synthesis of Cu2O Nanoframes and Nanocages by Selective Oxidative Etching at 

Room Temperature. Angewandte Chemie International Edition 2010, 49, 4282-4285. 

37. Xiong, Y.; Wiley, B.; Chen, J.; Li, Z.-Y.; Yin, Y.; Xia, Y., Corrosion-Based 

Synthesis of Single-Crystal Pd Nanoboxes and Nanocages and Their Surface Plasmon 

Properties. Angewandte Chemie International Edition 2005, 44, 7913-7917. 



141 

 

38. Han, W.; Yi, L.; Zhao, N.; Tang, A.; Gao, M.; Tang, Z., Synthesis and Shape-

Tailoring of Copper Sulfide/Indium Sulfide-Based Nanocrystals. Journal of the 

American Chemical Society 2008, 130, 13152–13161. 

39. Song, W.-S.; Yang, H., Efficient White-Light-Emitting Diodes Fabricated 

from Highly Fluorescent Copper Indium Sulfide Core/Shell Quantum Dots. Chemistry 

of Materials 2012, 24, 1961–1967. 

40. Trizio, L. D.; Prato, M.; Genovese, A.; Casu, A.; Povia, M.; Simonutti, R.; 

Alcocer, M. J. P.; D’Andrea, C.; Tassone, F.; Manna, L., Strongly Fluorescent 

Quaternary Cu–In–Zn–S Nanocrystals Prepared from Cu1-xInS2 Nanocrystals by 

Partial Cation Exchange. Chemistry of Materials 2012, 24, 2400–2406. 

41. Perera, S. D.; Zhang, H.; Ding, X.; Nelson, A.; Robinson, R. D., Nanocluster 

Seed-Mediated Synthesis of CuInS2 Quantum Dots, Nanodisks, Nanorods, and Doped 

Zn-CuInGaS2 Quantum Dots. Journal of Materials Chemistry C 2015, 3, 1044-1055. 

42. Kriegel, I.; Jiang, C.; Rodríguez-Fernández, J.; Schaller, R. D.; Talapin, D. V.; 

Como, E. d.; Feldmann, J., Tuning the Excitonic and Plasmonic Properties of Copper 

Chalcogenide Nanocrystals. Journal of the American Chemical Society 2012, 134, 

1583-1590. 

43. Kriegel, I.; Rodrıguez-Fernandez, J.; Wisnet, A.; Zhang, H.; Waurisch, C.; 

Eychmuller, A.; Dubavik, A.; Govorov, A. O.; Feldmann, J., Shedding Light on 

Vacancy-Doped Copper Chalcogenides: Shape-Controlled Synthesis, Optical 

Properties, and Modeling of Copper Telluride Nanocrystals with Near-Infrared 

Plasmon Resonances. ACS Nano 2013, 7, 4367-4377. 

44. Hsu, S.-W.; On, K.; Tao, A. R., Localized Surface Plasmon Resonances of 

Anisotropic Semiconductor Nanocrystals. Journal of the American Chemical Society 

2011, 133, 19072–19075. 



142 

 

45. Luther, J. M.; Jain, P. K.; Ewers, T.; Alivisatos, A. P., Localized Surface 

Plasmon Resonances Arising from Free Carriers in Doped Quantum Dots. Nature 

Materials 2011, 10, 361-366. 

46. Lesnyak, V.; Brescia, R.; Messina, G. C.; Manna, L., Cu Vacancies Boost 

Cation Exchange Reactions in Copper Selenide Nanocrystals. Journal of the American 

Chemical Society 2015, 137, 9315–9323. 

47. Xie, Y.; Riedinger, A.; Prato, M.; Casu, A.; Genovese, A.; Guardia, P.; Sottini, 

S.; Sangregorio, C.; Miszta, K.; Ghosh, S.; Pellegrino, T.; Manna, L., Copper Sulfide 

Nanocrystals with Tunable Composition by Reduction of Covellite Nanocrystals with 

Cu+ Ions. Journal of the American Chemical Society 2013, 135, 17630-17637. 

48. Rivest, J. B.; Fong, L.-K.; Jain, P. K.; Toney, M. F.; Alivisatos, A. P., Size 

Dependence of a Temperature-Induced Solid–Solid Phase Transition in Copper(I) 

Sulfide. Journal of Physical Chemistry Letters 2011, 2, 2402–2406. 

49. Zheng, H.; Rivest, J. B.; Miller, T. A.; Sadtler, B.; Lindenberg, A.; Toney, M. 

F.; Wang, L.-W.; Kisielowski, C.; Alivisatos, A. P., Observation of Transient 

Structural-Transformation Dynamics in a Cu2S Nanorod Science 2011, 333, 206-209. 

50. Lesnyak, V.; George, C.; Genovese, A.; Prato, M.; Casu, A.; Ayyappan, S.; 

Scarpellini, A.; Manna, L., Alloyed Copper Chalcogenide Nanoplatelets via Partial 

Cation Exchange Reactions. ACS Nano 2014, 8, 8407–8418. 

51. Regulacio, M. D.; Ye, C.; Lim, S. H.; Bosman, M.; Polavarapu, L.; Koh, W. 

L.; Zhang, J.; Xu, Q.-H.; Han, M.-Y., One-Pot Synthesis of Cu1.94S−CdS and 

Cu1.94S−ZnxCd1−xS Nanodisk Heterostructures. Journal of the American Chemical 

Society 2011, 133, 2052–2055. 

52. Mumme, W. G.; Gable, R. W.; Petříček, V., The Crystal Structure of Roxbyite, 

Cu58S32. The Canadian Mineralogist 2012, 50, 423-430. 



143 

 

53. Liu, L.; Zhong, H.; Bai, Z.; Zhang, T.; Fu, W.; Shi, L.; Xie, H.; Deng, L.; Zou, 

B., Controllable Transformation from Rhombohedral Cu1.8S Nanocrystals to 

Hexagonal CuS Clusters: Phase- and Composition-Dependent Plasmonic Properties. 

Chemistry of Materials 2013, 25, 4828-4834. 

54. Prasad, B. L. V.; Stoeva, S. I.; Sorensen, C. M.; Klabunde, K. J., Digestive 

Ripening of Thiolated Gold Nanoparticles:  The Effect of Alkyl Chain Length. 

Langmuir 2002, 18, 7515–7520. 

55. Pattrick, R. A. D.; Mosselmans, J. F. W.; Charnock, J. M.; England, K. E. R.; 

Helz, G. R.; Garner, C. D.; Vaughan, D. J., The Structure of Amorphous Copper 

Sulfide Precipitates: An X-Ray Absorption Study. Geochimica et Cosmochimica Acta 

1997, 61, 2023-2036. 

56. Luther, G. W.; Theberge, S. M.; Rozan, T. F.; Rickard, D.; Rowlands, C. C.; 

Oldroyd, A., Aqueous Copper Sulfide Clusters as Intermediates during Copper Sulfide 

Formation. Environmental Science and Technology 2002, 36, 394-402. 

57. Pearson, R. G., Hard and Soft Acids and Bases. Journal of the American 

Chemical Society 1963, 85, 3533-3539. 

58. Pearson, R. G.; Songstad, J., Application of the Principle of Hard and Soft 

Acids and Bases to Organic Chemistry. Journal of the American Chemical Society 

1967, 89, 1827–1836. 

59. Riha, S. C.; Johnson, D. C.; Prieto, A. L., Cu2Se Nanoparticles with Tunable 

Electronic Properties Due to a Controlled Solid-State Phase Transition Driven by 

Copper Oxidation and Cationic Conduction. Journal of the American Chemical 

Society 2011, 133, 1383–1390. 

60. Machani, T.; Rossi, D. P.; Golden, B. J.; Jones, E. C.; Lotfipour, M.; Plass, K. 

E., Synthesis of Monoclinic and Tetragonal Chalcocite Nanoparticles by Iron-Induced 

Stabilization. Chemistry of Materials 2011, 23, 5491–5495. 



144 

 

61. Caldwell, A. H.; Ha, D.-H.; Ding, X.; Robinson, R. D., Analytical Modeling of 

Localized Surface Plasmon Resonance in Heterostructure Copper Sulfide 

Nanocrystals. Journal of Chemical Physics 2014, 141, 164125. 

62. Zhao, Y.; Pan, H.; Lou, Y.; Qiu, X.; Zhu, J.; Burda, C., Plasmonic Cu2−xS 

Nanocrystals: Optical and Structural Properties of Copper-Deficient Copper(I) 

Sulfides. Journal of the American Chemical Society 2009, 131, 4253-4261. 

63. Thomson, J. W.; Nagashima, K.; Macdonald, P. M.; Ozin, G. A., From 

Sulfur−Amine Solutions to Metal Sulfide Nanocrystals: Peering into the 

Oleylamine−Sulfur Black Box. Journal of the American Chemical Society 2011, 133, 

5036-5041. 

64. Kurbatov, D.; Kosyak, V.; Opanasyuk, A.; Melnik, V., Native Point Defects in 

ZnS Films. Physica B 2009, 404, 5002-5005. 

65. Socrates, G., Infrared and Raman Characteristic Group Frequencies. John 

Wiley & Sons: New York, 2001. 

66. Fullston, D.; Fornasiero, D.; Ralston, J., Zeta Potential Study of the Oxidation 

of Copper Sulfide Minerals. Colloids and Surfaces A: Physicochemical and 

Engineering Aspects 1999, 146, 113-121. 

67. Freed, J. H.; Bruno, G. V.; Polnaszek, C. F., Electron Spin Resonance Line 

Shapes and Saturation in the Slow Motional Region. Journal of Physical Chemistry 

1971, 75, 3385-3399. 

68. Karayannis, N. M.; Mikulski, C. M.; Pytlewski, L. L.; Labes, M., Complexes 

of Tri-n-Butylphosphine Oxide with Metal Perchlorates. Inorganic Chemistry 1970, 9, 

582-587. 

69. Buckler, S. A., Autoxidation of Trialkylphosphines. Journal of the American 

Chemical Society 1962, 84, 3093-3097. 



145 

 

70. Dorfs, D.; Härtling, T.; Miszta, K.; Bigall, N. C.; Kim, M. R.; Genovese, A.; 

Falqui, A.; Povia, M.; Manna, L., Reversible Tunability of the Near-Infrared Valence 

Band Plasmon Resonance in Cu2-xSe Nanocrystals. Journal of the American Chemical 

Society 2011, 133, 11175-11180. 

71. Evans, H. T., Djurleite (Cu1.94S) and Low Chalcocite (Cu2S): New Crystal 

Structure Studies. Science 1979, 203, 356-358. 

72. Mulvihill, M. J.; Ling, X. Y.; Henzie, J.; Yang, P., Anisotropic Etching of 

Silver Nanoparticles for Plasmonic Structures Capable of Single-Particle SERS. 

Journal of the American Chemical Society 2010, 132, 268-274. 

73. Zhang, H.; Jin, M.; Xia, Y., Noble-Metal Nanocrystals with Concave Surfaces: 

Synthesis and Applications. Angewandte Chemie International Edition 2012, 51, 

7656-7673. 

74. Hua, Q.; Shang, D.; Zhang, W.; Chen, K.; Chang, S.; Ma, Y.; Jiang, Z.; Yang, 

J.; Huang, W., Morphological Evolution of Cu2O Nanocrystals in an Acid Solution: 

Stability of Different Crystal Planes. Langmuir 2011, 27, 665-671. 

75. Heiney, P. A., IUCr Commission on Powder Diffraction Newsletter 2005, 32, 

9-11. 

 



146 

CHAPTER 4 

4 NANOCRYSTAL SYMMETRY BREAKING AND ACCELERATED 

SOLID-STATE DIFFUSION IN THE LEAD–CADMIUM SULFIDE CATION 

EXCHANGE SYSTEM * 

 

4.1. ABSTRACT 

 

The phenomenology of solid-state transformations in nanoparticles is 

important for applications utilizing their reactivity and for investigations into how 

nearby interfaces interact with the defects responsible for mass transport. We directly 

interrogate the structure and reaction kinetics of lead sulfide (PbS) nanocrystals 

undergoing cation exchange in organic solution to cadmium sulfide (CdS) via X-ray 

diffraction. The epitaxial relationship of zincblende CdS to rocksalt PbS breaks the 

overall symmetry of the core–shell nanocrystal without requiring the loss of unit cell 

symmetry, leading to anomalous peak shifts in the diffraction pattern. Conversion 

occurs in three stages: (1) surface exchange to form a metastable rocksalt CdS shell, 

(2) crystallization of this shell to zincblende, and (3) diffusive transport of ions 

through the completed shell. The interdiffusion coefficient, D̃, for ions diffusing 

through the shell follows the Arrhenius relationship with an activation energy of 160–

180 kJ mol–1, which exceeds that observed in many other experiments in diffusion in 

nanoparticles and is similar to values measured in bulk solids, suggesting the barrier to 

exchange is dominated by the energies of point defect formation rather than by 

surface-bound reactions. However, the magnitude of D̃ is greater by a factor of 104 or 

                                                 
* Reprinted with permission from: Nelson, A.; Honrao, S.; Hennig, R. G., Robinson, R. D., 
Nanocrystal Symmetry Breaking and Accelerated Solid-State Diffusion in the Lead–Cadmium 
Sulfide Cation Exchange System. Chemistry of Materials 2019, 31 (3), 991-1005. Copyright 
2018 American Chemical Society. 
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more relative to the self-diffusion coefficients of the slowest component in our system 

(Cd in CdS). This surprising result suggests that interdiffusion is much faster in 

nanocrystals. Cation exchange illustrates that the distinction between chemical 

diffusion in a potential gradient and diffusion at thermodynamic equilibrium has not 

been fully appreciated. Acceleration of interdiffusion in core–shell nanoparticles due 

to large chemical potential gradients will be important for understanding nanoscale 

heterostructure formation and stability. 

 

4.2. INTRODUCTION 

 

The kinetics of solid-state reactions and ionic transport via diffusion at the 

nanoscale are difficult to quantify, owing to the paucity of suitable high-resolution 

techniques for precisely measuring factors such as phase fraction, interface depth, and 

composition gradients in nanostructures, especially in situ. Such measurements are of 

great relevance for controlling and predicting the form, function, and stability of 

nanomaterials. Of concern is whether experiments to determine the dominant defects 

and their mobilities made in bulk solids may be extrapolated down to length scales 

(<1–10 nm) relevant for nanostructure growth and modification.1 A direct 

demonstration of the solid-state reactivity of nanocrystals (NCs) is seen in the well-

researched process of cation exchange, whereby the introduction of a new cation from 

the solution or vapor phase displaces the existing cations in a compound 

semiconductor NC.2, 3 Much research has been conducted on an empirical basis using 

phase transformations by way of ion diffusion to produce novel nanostructures2-6 with 

desirable features such as enhanced luminescence,7 metastable phases,5 controlled 

dopant concentrations,8 and well-ordered epitaxial interfaces.4, 9 
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The diffusion processes that contribute to the formation of these new structures 

in cation exchange have so far not been systematized. Unresolved factors include the 

following: which phase in a heterostructure serves as the primary transport layer for 

incoming ions, what form of defect the ions take, and from which surfaces the defects 

originate. Some predictions have been made as to how atomic transport behavior in 

NCs might change.10 For example, free surfaces have been predicted to substantially 

affect the energetics of defect formation and motion in NCs.11, 12 High-quality kinetic 

data are necessary to verify these conjectures. 

Probes of phase transformation kinetics in cation exchange begin with a NC 

precursor having a simple structure and a well-established synthetic chemistry in 

addition to a cation exchange reaction with kinetics slow enough to allow direct 

interrogation of the structure by powerful, established methods such as X-ray 

diffraction (XRD). Both of these requirements are met by the exchange of colloidal 

lead sulfide (PbS) NCs to cadmium sulfide (CdS) via treatment of the NCs with Cd2+ 

salts in organic solution at moderate to high temperatures (100–200 °C). This reaction 

and its variants have been investigated by numerous groups as a route to improving 

the luminescence and stability of promising lead chalcogenide materials.13-16 

Outstanding questions include the possible existence of metastable phases during 

cation exchange,17 the contributions of different crystal surfaces,18, 19 and the reason 

for rapid increase in sample polydispersity that accompanies the reaction.20 

 

4.3. RESULTS AND DISCUSSION 

 

In this work, we use in situ XRD to measure the kinetics of phase 

transformation in the cation exchange reaction PbS (NC) + Cd(oleate)2 → PbS@CdS 

(core–shell NC) + Pb(oleate)2. We find that the exchange reaction is resolvable into 
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three distinct thermally activated transformation stages, which are described in Figure 

4.1. We attribute these stages to the following processes: (A) an initial adsorption of 

ions onto the NC surface to form a conformal CdS phase in the rocksalt structure 

(hereafter rs-CdS), (B) the recrystallization of this phase into the zincblende structure 

(hereafter zb-CdS), and (C) diffusion-controlled growth of the zb-CdS shell. From the 

kinetics of the diffusion-controlled stage, we can calculate a value for the activation 

energy of chemical (inter)diffusion for the rate-limiting species in the zb-CdS shell of 

around 160–180 kJ mol–1 (1.7–1.8 eV atom–1). This value substantially exceeds 

previously reported activation energies for cation exchange in nanoparticles1, 21, 22 and 

approaches reported activation energies for point-defect migration in the bulk from 

high-temperature experiments.23 However, the interdiffusion coefficients measured 

here still exceed those of self-diffusion coefficients of Cd in CdS from high-

temperature data by 4 or more orders of magnitude. 

 

 

Figure 4.1. Schematic of isothermal transformation regimes observed with in situ 

XRD during the cation exchange of PbS NCs with Cd2+ at 100–200 °C. First, Cd2+ 

rapidly adsorbs to the NCs at all temperatures. A thin shell of rocksalt phase CdS (rs-

CdS) then develops, which gradually crystallizes to the zincblende phase (zb-CdS). At 
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high temperatures, the growth of thicker zb-CdS shells is kinetically accessible. The 

stages of the reaction (A, B, C) are detailed in the text. 

 

We also find line shifts in the diffraction patterns of epitaxial PbS@CdS core–

shell NCs that indicate the breaking of the cubic symmetry of the NC structure. This 

appearance is deceptive, however, and we explain using kinematical diffraction theory 

that the commensurate, offset relationship between the Pb (rs) and Cd (zb) sublattices 

gives rise to a phase factor in the diffracted intensity that results in an apparent peak 

shift depending on the particular reciprocal lattice vector.24 The interpretation in 

reciprocal space of complex NC structures that appear to have undergone, for 

example, tetragonal25 or rhombohedral26 distortions must therefore be done with the 

knowledge going forward that peak shifts do not necessarily indicate a change in the 

unit cell symmetry for the constituent phases. 

 

4.3.1. Phase relations by XRD intensity quantification 

We characterize the structure of PbS@CdS core–shell NCs via in situ XRD 

during cation exchange over a range of temperatures (100–200 °C, in increments of 20 

or 50°). Monodisperse PbS NCs 7.1 ± 0.4 nm in diameter (Figure 4.A.1) were 

prepared by a previously described procedure27 and treated with a slight excess of 

Cd2+ ions in the form of Cd oleate (molar ratio, Pb/Cd, of about 1:1.2) in hydrocarbon 

solution. Experimental details are given in section 4.A.2 (Table 4.A.1). XRD shows 

that pure PbS NCs transform into PbS@CdS core–shell NCs with zb-CdS as their 

majority component as the reaction proceeds. We did not observe any wurtzite CdS 

peaks. The data are characterized by complex and nonmonotonic changes in the 

positions, relative intensities, and widths of the three strongest reflections from the 

initial PbS rock salt phase, namely, the (111), (200), and (220) peaks. An example of 
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the XRD patterns from a typical measurement (at 200 °C) is shown in Figure 4.2 at 

left. Patterns are plotted as a function of the momentum transfer, Q, which 

incorporates the Bragg scattering angle, θB, and the X-ray wavelength, λ 

𝑄 =  
4𝜋 𝑠𝑖𝑛 𝜃

𝜆
(4.1) 

 

 

Figure 4.2. X-ray data (left) from the cation exchange of Cd2+ with PbS NCs at 200 

°C. The intensity of the (200) peak decreases relative to that of (111) during shell 

growth, consistent with a transformation from PbS (gray vertical lines, JCPDS 01-

072-4873) to zb-CdS. The reflection corresponding to the (200) plane shifts to smaller 

angles and splits, while the (111) and (220) reflections shift to larger angles in 

accordance with the smaller lattice constant of zb-CdS (yellow vertical lines, JCPDS 

01-075-0581). Debye scattering simulations (right) of PbS@CdS core–shell NCs with 

varying zb-CdS shell thicknesses show that the anomalous peak shifts and splittings 

arise from diffraction effects dictated by the commensurate relationship between the 
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two phases. Asterisks mark a possible CdO degradation product. Diagram colors (far 

right) are as in Figure 4.1. 

 

The relative intensities of the strongest diffraction peaks can be used as a proxy 

for the total extent of the phase conversion.28, 29 Here, the amplitudes of (111) and 

(200), I111 and I200, respectively, can be used to track the contributions from the PbS 

and CdS. In as-synthesized PbS NCs, I111 and I200 are nearly equal, with I111/I200 being 

about 0.96–0.98, within the margin of error of the bulk value of 0.96 (JCPDS 01-072-

4873) (Figures 4.3 and 4.A.2). Changes in I111/I200 following addition of Cd2+ are 

strongly temperature-dependent. At low temperatures, I111/I200 initially decreases to 

approximately 0.92–0.93, and afterward, the ratio slowly and monotonically increases, 

remaining below 1.1 at 120° and 1.5 at 150 °C, even after 12 or more hours of 

exchange. At high temperatures (180–200 °C), however, cation exchange is much 

faster, and the initial decrease in I111/I200 is not seen. The minimum observed in 

I111/I200 for reactions at low temperature occurs at the first data point, less than 60 s 

after the start of the reaction, so that if a minimum in I111/I200 occurs at higher 

temperatures, the temporal resolution of the experiment is too low to observe it. 

Figure 4.A.2 shows that at the lowest temperatures (100 °C), I111/I200 remains at a low 

value (0.9) without beginning to increase again, indicating that the thermal energy is 

insufficient to effect further growth of the shell. At high temperatures, I111/I200 

increases rapidly and monotonically, reaching a limiting value of 3.5–4 after ∼4 h at 

180 °C and less than 1 h at 200 °C. The nominal end product of the cation exchange 

reaction, zb-CdS, has an I111/I200 of about 4.6 (JCPDS 01-075-0581, horizontal line at 

top of Figure 4.3). Our experimentally found smaller value (3.5–4) may be due to a 

decrease in the reaction driving force as the free Cd concentration becomes small. A 

continuous transformation from PbS to zb-CdS would cause I111/I200 to increase 
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slightly nonlinearly but monotonically (i.e., without an initial decrease).28, 29 Thus, at 

low temperatures, our observed trends for I111/I200 are not in accordance with a simple 

linear combination of PbS and zb-CdS. However, these trends become explicable after 

considering previously hypothesized metastable phases during cation exchange. The 

high-pressure rs phase of CdS (rs-CdS), with a lower I111/I200 of about 0.6 (JCPDS 01-

071-4151, horizontal line at bottom of Figure 4.3), has been proposed as an 

intermediate phase.17, 30 Our experimental results suggest that at low temperatures 

and/or small degrees of cation exchange, Cd is indeed introduced to the NCs as rs-CdS 

and causes an initial decrease in I111/I200. Because I111/I200 increases at longer times, 

however, the final CdS phase formed must be zb. 

 

 

Figure 4.3. Intensity ratio I111/I200 of the first two diffraction peaks (111) and (200) 

during cation exchange of PbS to CdS. The bulk values for PbS (0.96, rs phase) and 

CdS (4.6, zb phase, top, and 0.6, rs phase, bottom) are indicated by the dashed lines. 

At low temperatures and short exchange times, a drop in the intensity ratio occurs 

(inset), consistent with a PbS-to-rs-CdS transformation, but the direction of I111/I200 
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soon reverses, indicating the remainder of the CdS forms in the zb phase. The stages 

of the reaction (as in Figure 4.1) are indicated. 

 

4.3.2. XRD peak shifts and symmetry breaking 

The changes in relative intensities are initially accompanied by shifts of all 

three reflections to significantly larger momentum transfers Q (Figures 4.4 and 

4.A.3), showing a decrease in the average lattice parameter, a0, of the NCs in 

accordance with the smaller (by a factor, Δd/d, of −2.2%) lattice constant of zb-CdS 

(5.81 Å) compared to that of PbS (5.94 Å). This immediate shift of ΔQ = 0.015 to 0.02 

Å–1, or Δd/d = −0.3 to −0.5%, occurs in the first several minutes of the reaction at all 

temperatures. Thereafter, the (111) and (220) peaks move more gradually to larger 

angles, remaining intermediate in the position between the bulk values for the two 

endmembers (PbS and zb-CdS). Surprisingly, after an initial increase in the diffraction 

angle, the (200) instead begins to move to smaller angles. This shift to smaller angles 

is very gradual (<−0.005 Å–1, Δd/d = 0.1 to 0.2%, over 12 h) at low temperature, but at 

higher temperatures (180–200 °C) the (200) can shift by up to 0.02 Å–1 (Δd/d = −0.9 

to −1.0%) relative to the starting PbS. For phases of cubic symmetry, such as the NC 

component PbS/zb-CdS phases, the d-spacings assume a relationship to the lattice 

constant a0 for the plane with Miller indices (hkl): dhkl= a0 h2+k2+l2⁄ . Because it is 

presumed that the deposition of CdS on PbS (and thus the development of any 

resulting strains) is nearly isotropic during cation exchange, it follows that Δd/d 

should be the same for all peaks and that changes in the lattice parameter in a cubic 

structure should shift all peaks in the same direction in reciprocal space. This conflicts 

with our experimental results, so we necessarily conclude that cubic symmetry is lost 

in the core–shell NCs later in cation exchange. Reports of symmetry breaking in NCs 

in recent years have straightforwardly attributed this mismatch between peak positions 
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to a distortion of the unit cell25, 26, 31 (e.g., to tetragonal or rhombohedral phases). We 

will investigate this possibility shortly. 

 

 

Figure 4.4. Fitted (111), (200), and (220) peak positions from in situ XRD data for the 

cation exchange of 7 nm PbS NCs to CdS. A continuous shift to larger angles for 

(111) and (220) indicates a change to interplanar spacings more like those of zb-CdS. 

The (200) peak briefly follows the same behavior as (111) and (220), but then reverses 

direction. The broken horizontal lines indicate the estimated line positions for bulk 

PbS and zb-CdS. Stages in the reaction (as in Figure 4.1) are indicated. 
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Along with the anomalous shift of (200), at long exchange times (hours) for 

temperatures of 150–200 °C, we observe the appearance of an additional reflection (Q 

≈ 2.26 to 2.38 Å–1) at angles larger than the (200) peak (Q ≈ 2.08 to 2.12 Å–1). This 

reflection’s position is not consistent with a peak from either a wurtzite CdS (JCPDS 

01-070-2553) phase or from an isolated, unstrained zb-CdS (200) peak. It is consistent 

with the (111) reflection at 2.32 Å–1 from a small amount of rs CdO (lattice parameter 

4.70 Å, JCPDS 00-005-0640), but the corresponding CdO (200) reflection, which 

should occur at 2.67 Å–1, appears to be very weak or absent in spite of its comparable 

theoretical intensity to CdO(111) (I111/I200 = 1.14 for CdO). The appearance of CdO 

might be caused by thermal degradation of the Cd oleate at higher temperatures32 or 

by oxidation due to the imperfect sealing of the reactor. To fit these patterns with the 

additional peak (for temperatures 150–200 °C), we added an additional peak for the 

contaminant, which greatly improved the quality of the fits for the peak shapes while 

preserving the trends of the peak shifts and intensities (Figure 4.A.4). We confirm 

below that formation of rs-CdS from cation exchange should result in a monotonic 

increase of reflection angle for (111), (200), and (220) and that, in the case of zb-CdS, 

(200) is expected to move to smaller angles. Our experimental data for the peak 

positions follow the same trends as observed for the relative intensities, indicating the 

formation of a rs-like CdS phase followed by the gradual growth of the more 

thermodynamically stable zb phase. 

 

4.3.3. Theoretical predictions: Debye scattering simulations 

To quantitate the overall evolution of peak intensities and shifts for the core–

shell NCs, we simulate the system by building an atomic model consisting of spherical 

particles of PbS and hollow spherical shells of zb-CdS having a completely 

commensurate anionic sublattice. Each phase is assigned its bulk lattice parameter and 
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is not relaxed for lattice matching at the interface. For 7 nm core–shell particles, the 

models comprise about 7000 atoms. We then calculate the diffraction patterns at 

varying degrees of cation exchange by means of the Debye scattering equation from a 

series of core–shell particles with progressively thicker zb-CdS shells (Figures 4.2, 

4.5a,b, and 4.A.5). Results from these simulations show that I111/I200 should increase 

monotonically with shell thickness (Figure 4.A.5), in agreement with the 

experimental data at longer times. The experimental limiting value of I111/I200 at high 

temperature is about 3.5, corresponding to a conversion fraction of about 90%. We 

cross-checked this value of the conversion fraction against the value determined from 

the calculated dependence of (220) peak position on conversion (Figure 4.5e) and 

found them to be reasonably consistent. Importantly, the patterns also replicate the 

anomalous movement of the (200) peak to smaller angles (Figure 4.5d, filled circles). 

However, for simulated zb-CdS shells at low conversion fractions, peak parameter 

trends disagree somewhat with the experiment. Simulated peaks do not move 

uniformly to larger scattering angles: (111) does not change position and (200) only 

moves to smaller angles, while (220) moves to larger angles, its position being nearly 

linearly proportional to the phase fraction. Finally, the theoretical I111/I200 does not 

decrease (Figure 4.A.5a). Thus, the simulated diffraction patterns indicate that the zb-

CdS phase may not account for the trends in the peak parameters early in the 

experiments but is consistent with the results at larger conversion fractions. 
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Figure 4.5. (a,b) Debye scattering equation simulations of the diffraction patterns for 

PbS@CdS core–shell NCs with increasing thickness of the CdS shell. With a zb-CdS 

shell (a), the peak centers of the (111) and (200) reflections have a complex and 

nonmonotonic relationship to the total conversion fraction (c,d, filled circles) and are 

split/broadened. However, when the CdS shell has the rs phase (b), all peaks move 

smoothly and monotonically to larger angles (c,d, open circles). Black arrows and 

dashed lines indicate the reference positions for PbS. Regardless of the phase chosen 

for CdS, (220) follows the same nearly linear relationship between position and phase 

fraction (e) and remains unsplit (a,b). 

 

To confirm alternative hypotheses17, 30 about the phase of the CdS and 

investigate the deviation in experimentally determined parameters at short exchange 
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times from those from the Debye simulations, we also calculated the patterns with an 

rs-CdS shell. We adopted for this structure the same lattice parameter used for zb-CdS. 

Results from our model find that all peaks should shift smoothly to larger angles 

(Figure 4.5c–e, open circles) and that I111/I200 should decrease (Figure 4.A.5b). That 

is, for an rs-CdS shell, the trends in intensities and peak positions are the opposite of 

those for the zb-CdS case. We found that our experimental data are consistent with a 

metastable rs-CdS shell during the initial growth of the CdS layer. The experimental 

magnitude of the initial isotropic shift of the NC lattice parameters to larger angles, 

compared to that from the simulations, suggests a total conversion fraction of ∼10–

20% total conversion of the NCs at maximum. This conversion fraction is in 

reasonable agreement with that derived by comparing our measured change in I111/I200 

from 0.97 to 0.92 to that from the simulations for an rs-CdS shell. A conversion 

fraction of 20% of the NC represents a shell thickness of about 0.25 nm, less than one 

unit cell, for NCs 3.5 nm in radius. It is possible that this thin rs layer persists as an 

interlayer between PbS and zb CdS as the cation exchange progresses, but the 

uncertainty in the data makes an interlayer’s presence difficult to confirm. 

 

4.3.4. NC disorder and peak width 

Details of the NC structure are also reflected in changes in the width of 

diffraction peaks (Figures 4.6 and 4.A.6). In as-synthesized PbS, peak broadening is 

somewhat greater than expected for a 7 nm NC (effective domain size is ∼5 nm). This 

intrinsic broadening does not change with time or temperature and may arise from an 

instrumental contribution (Figure 4.A.7). Additional broadening occurs immediately 

following the introduction of CdS (Figures 4.6 and 4.A.6), which is not predicted by 

the Debye simulations for PbS@rs-CdS rs NCs for small degrees of exchange (Figure 

4.A.8). We therefore suggest that the formation of the initial shell adds high levels of 
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inhomogeneous strain, especially at the surface. Such strains might be introduced by 

nonuniform decoration of the surface with CdS domains large enough (>1 monolayer) 

to require defects to accommodate them. To explain the presence of large enough 

domains, we note that previous work found that the presence of excess ligand (Pb 

oleate) remodeled the surface of PbSe NCs, even at room temperature, by altering the 

relative proportions of each facet.33 This effect requires the redistribution of a 

significant fraction of the cations around the NC if the anion number is to be 

conserved. As a result, it is possible that incoming Cd could take the place of Pb 

during faceting, which could redistribute the particle mass rapidly enough to form the 

required CdS domains. Alloying of PbS and CdS30 may also be possible through this 

mechanism, thereby introducing strain via a Pb1–xCdxS shell with a lattice constant 

smaller than that of PbS. For the high degree of exchange (10–20%) in the first step of 

the reaction to occur, Cd must have considerable solubility in PbS NC surfaces, in 

contrast to the nearly negligible measured low-temperature solubility in bulk 

(Pb,Cd)S.34 Increased miscibility of bulk-insoluble components has been previously 

observed in nanomaterials.35-37 However, for PbS@CdS observed here, the small 

experimentally determined decrease in I111/I200 at very short exchange times at low 

temperature is more consistent with a very thin (<0.25 nm) surface alloy layer, so an 

increase in “bulk” miscibility is not clearly demonstrated. 
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Figure 4.6. Extracted peak widths for the cation exchange runs from Figure 4.3 for 

(111) (light-), (200) (medium-), and (220) (dark-colored) reflections. Broken 

horizontal lines give the peak widths estimated from the Scherrer equation (K = 1, cos 

θB ≈ 1) for crystalline domains of various diameters deff (at right). Because of 

broadening from the thickness of the sample and mismatch between PbS and CdS, the 

peak widths are larger than expected for particles of 7 nm diameter. Stages in the 

reaction (as in Figure 4.1) are indicated. 

 

Not only do the Debye scattering simulations for PbS@zb-CdS (Figure 4.5) 

replicate the shift of the (200) reflection to smaller angles in opposition to the 

movement of (111) and (220), they also show new weak peaks appearing at the tails of 

(111) and (200), causing them to appear substantially broader (Figure 4.A.8). These 

features do not appear in simulated patterns for rs-CdS shells. We find in the 

experiment that the widths of (111) and (200) are indeed greater than the width for 

(220) throughout cation exchange (Figure 4.6). A possible exception is seen for the 

case of 180 °C at longer exchange times, but as overlap between (111) and (200) is 

substantial, errors are expected in estimating individual peak widths and their average 

width is still substantially greater than that of (220). 
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4.3.5. Density functional theory calculations of phase stability 

To investigate the stability of the rs-CdS layer, we performed density 

functional theory (DFT) calculations to determine the relative formation energies of 

PbS–zb-CdS, PbS–rs-CdS, and PbS–rs-CdS–zb-CdS interfaces. Details on these 

calculations are provided in section 4.A.3 (Tables 4.A.2–4). PbS(100) slabs were 

layered with 0 to 4 monolayers of rs-CdS followed by 0 to 2 monolayers of zb-CdS 

(Figure 4.A.9a). The relaxed surface energies for these interfaces showed that for the 

first monolayer of CdS on PbS, the rs phase was indeed favored, having an interface 

energy of 69 meV Å–2 versus 86 meV Å–2 for the zb phase. This trend continued for 

bilayers of CdS (89 vs 134 meV Å–2 for rs vs zb, respectively). Although the energy 

difference was less pronounced, a configuration with one rs and two zb CdS 

monolayers had a higher energy than one with two of rs and one of zb (161 vs 154 

meV Å–2). In terms of energy per monolayer, a surface with only rs layers had the 

lowest energy at least up to thickness of 1 nm (Figure 4.A.9b). Our experimental 

results constrain the rs-CdS layer to be much thinner, but other work has conjectured 

that rs-CdS could be destabilized by the surface curvature.17 This would explain the 

greater stability of thicker rs-CdS epilayers in simulation, where, for reasons of 

computational expense, we used flat surfaces in one orientation. In general, however, 

the DFT calculations support the hypothesis that an rs-CdS layer could persist on the 

PbS surface in the absence of the high pressure normally required to stabilize bulk rs-

CdS. Interestingly, in a similar system (PbTe–CdTe), an rs-CdTe interface has not 

been observed despite a much lower mismatch between PbTe and zb CdTe.38 The 

stabilization of rs-CdS in the PbS–CdS system, despite (or owing to) pronounced 

lattice mismatch, could provide insight into band engineering39, 40 for devices using 

core–shell NCs because Cd chalcogenides are indirect narrow-gap semiconductors in 

the rs phase but have a much larger, direct gap in the zb phase.41, 42 
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4.3.6. Origins of apparent symmetry breaking: kinematical diffraction theory 

The anomalous shifts and peak broadening indicate that a linear combination 

of the patterns of the two isolated components cannot model the diffraction pattern 

because of a nonrandom relationship between the PbS and CdS lattices. Contributions 

to the diffracted intensity from core and shell cation pairs (i.e., Pb–Cd pairs) do not 

reflect either the rs or zb symmetries and result in changes in the position and 

intensities of certain peaks. If there were a random relationship of PbS and CdS 

domains (no epitaxy), the scattered intensities from PbS and CdS would again be 

linearly independent, and Bragg reflections would shift monotonically regardless of 

whether CdS adopted the rs or zb phase. These modeling results illustrate dramatically 

that cross-interactions between separate components of commensurate heterostructures 

can have a significant impact on the structure inferred from a less sophisticated 

structural analysis. 

Fundamentally, the “unusual” diffraction behaviors can be understood to arise 

from a net translation of one sublattice (Cd) relative to another (Pb). Specifically, in 

the zb phase, the cations, adopting tetrahedral coordination, are translated relative to 

the octahedrally coordinated rs positions in the unit cell along the ⟨111⟩ direction. 

Previous work in electron microscopy has shown that such displacements between 

otherwise isostructural diffracting domains, as observed in stacking faults and 

antiphase boundaries, can lead to splitting of diffraction peaks when the overall size of 

the diffracting region is small (i.e., most atoms are near the interface).24 The 

requirement for splitting of peaks is determined by the criterion rhkl·R, where rhkl is 

the reciprocal lattice vector and R is the translation vector for a sublattice (Figure 

4.A.10). If rhkl·R is not an integer (i.e., the lattice is translated by a noninteger 

multiple of the plane spacing in that direction), peak splitting results. For adjacent zb 

and rs cation sublattices sharing a commensurate anion sublattice, rhkl·R is 3/4 for 
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(111), 1/2 for (200), and 1 for (220), so that splitting is expected for the first two. We 

clearly observe splitting of both (111) and (200) in the Debye simulations (Figure 

4.2). However, in the experimental diffraction patterns, the peak splitting is not 

distinguishable in (111), possibly because of inhomogeneities in the thickness of the 

CdS layer within (if the core were off-center) or between (if different NCs are 

converted at different rates) particles, to the presence of significant inhomogeneous 

strains, or to nonisotropic thermal displacements. The peak at 2.26–2.28 which we 

previously suggested to be due to CdO may, in fact, result from the splitting of (200), 

but a definitive assignment remains uncertain. 

The contributions to the scattered intensity from commensurate phases in small 

crystal domains, in which nearly all atoms are close to an interface, are difficult to 

describe by conventional profile-fitting methods such as Rietveld refinement. These 

methods assume that the crystal may be described by a single unit cell having 

translational symmetry in all directions, which is not the case here. As a result, 

diffraction effects such as peak splitting and anomalous shifts may have been 

overlooked in previous calculations of nanoparticle scattering patterns. Some studies 

have attributed anomalous peak shifts in diffraction patterns of cubic materials to a 

distortion (tetragonal, rhombohedral, etc.) of the unit cell,25, 31 while other workers 

have noted the influence of core–shell formation and the translation of sublattices.26, 43 

Moreover, the shifts need not be restricted to the cationic sublattice: Bals et al.44 show 

that the cation exchange of PbSe to CdSe leads to the formation of a displaced Se 

lattice in CdSe relative to the parent PbSe sublattice, as well as stacking faults. Our 

results show that it may not be necessary to change the space group of a single crystal 

domain to account for these shifts. Instead, an epitaxial domain where one component 

has a net displacement relative to a perfect extension of the substrate (as in a stacking 

fault) creates a particle with overall symmetry lower than either of its constituents’ 
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space groups without a change in the unit cell symmetry of its constituents. Such 

displacement disorder effects45 outside of the bulk crystal diffraction formalism and its 

corrections (such as the Scherrer equation) have significant implications for studies of 

epitaxially structured nanoparticles. 

 

4.3.7. Transmission electron microscopy and Raman spectroscopy 

The structure of the nanoparticles may be most directly interrogated using 

electron microscopy. As-synthesized PbS NCs are single-crystalline and lack extended 

defects in the core such as stacking faults or twin boundaries (Figure 4.7a); the high 

crystallinity leads to sharp and undivided peaks in the Fourier spectrum from images 

of individual nanoparticles. Following exchange at 150 °C for 11 h, the size and shape 

of the NCs are unaltered, but their degree of crystallinity changes markedly (Figure 

4.7b). This manifests as inhomogeneity of the signal intensity across the particle, 

indicating variations in the alignment of the zone axis to the beam, and the distortion 

and bending of lattice fringes. In contrast to previous studies on the PbTe–CdTe 

exchange system,20 where lattice mismatch is less than 0.3%, well-resolved core–shell 

structures with distinct rs and zb lattices are not observed so far for thin shells in the 

PbS–CdS system, which has a much larger mismatch of 2.2%. Anisotropic streaking 

of the peaks in the Fourier spectrum for the exchanged particles shows that the 

disorder introduced by the shell is nonuniform, lending credence to our conclusions 

from the Debye simulations that the CdS layer is epitaxially related to the PbS by a 

translation vector in the Cd sublattice (Figure 4.A.10). The vector necessarily points 

along one axis of the particle, thereby breaking cubic symmetry,26 even if a new 

crystalline phase is not apparent due to the thinness of the shell. 
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Figure 4.7. High-resolution TEM imaging of PbS and PbS@CdS NCs. Before 

transformation, PbS NCs (a) are single-crystalline with no strain gradients, grain 

boundaries, or stacking faults (left), resulting in sharp peaks in their Fourier transform 

(center). Following exchange, NCs show structural distortion as evidenced by Moire 

fringes (b), which are reflected in the FT as streaking and splitting of the peaks due to 

core–shell lattice mismatch. At right in (a,b), the contrast of the FTs has been 

exaggerated for clarity; the zone axes are indicated at the left of (a,b). 

 

Raman spectroscopy of PbS and PbS@CdS NCs allows us to definitively 

identify the CdS phase in thin shells because Raman spectra of materials are highly 

specific to crystal phase and symmetry. No first-order vibrational modes are expected 

to be Raman active in bulk PbS (or rs-CdS) owing to symmetry,46 but signals from 

PbS nanoparticles arising from surface modes47 or from photodegradation products48, 

49 have been reported. However, zb-CdS exhibits a clear Raman spectrum with a sharp 

longitudinal optical (LO) phonon line at about 300 cm–1 and its overtones.50 Shell 

thickness in Raman characterization experiments was controlled by the reaction 

temperature during 1 h of cation exchange. 

We observed no Raman spectrum from the initial PbS NCs except for weak 

signals which could be attributed to Pb–O and SO4
2– vibrations at 140 and 960 cm–1, 
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respectively (Figure 4.A.11).48 Raman spectra of PbS@CdS NCs, however, are more 

complex (Figures 4.8 and 4.A.12) and depend on growth temperature, time of 

exchange, and laser power. We first consider samples in which the CdS shell was 

grown at 120 °C. For samples extracted immediately (60 s after start of exchange), for 

which no chemical change has occurred other than the initial adsorption of Cd oleate, 

we observe no Raman lines from CdS regardless of laser power (Figure 4.A.12a). 

After 300–3600 s exchange times, following which the NCs become completely 

coated with Cd and the slow growth of a CdS shell has begun, no lines are detected at 

low laser powers (Figure 4.A.12b,c). However, after increasing the incident power on 

the same spot tenfold, the zinc blende LO phonon signature abruptly appears (Figure 

4.8) and persists in the spectrum even if the laser power is reduced again. Evidently, 

laser heating triggers the irreversible formation of the zb-CdS phase. Laser heating of 

the core–shell NCs can also be observed from a small shift of 3–5 cm–1 in the CdS LO 

phonon positions to smaller wavenumbers at the highest laser power. Raman spectra 

thus also point to the existence of a metastable rs-CdS layer crystallizing as zb-CdS at 

higher temperatures. 

 

 

Figure 4.8. Raman spectra of PbS@CdS NCs, where the CdS shell was grown at the 

indicated temperature for 1 h. zb-CdS is distinguished by the 1LO line at 300 cm–1 and 

its overtones. NCs prepared at 120 °C initially have no Raman signal, but higher laser 
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powers induce crystallization of the rs shell to zb. After growth at 200 °C, the LO lines 

are visible even beginning at low laser powers, indicating the crystallization of the 

shell is thermally activated. The line marked with the asterisk is from the silicon 

substrate. Argon-ion laser λexc = 488 nm; diagram colors are as in Figure 4.1. 

 

The Raman spectra for NCs exchanged at 200 °C reflect the much faster cation 

exchange. After 60 s of growth, the spectra are similar to those for samples exchanged 

at 120 °C for long time periods: the LO phonon is absent at first but appears after laser 

power is increased (Figure 4.A.12d). Samples exchanged for longer times (300–3600 

s), however, always show a clear LO phonon peak, even when observation begins at 

laser powers as low as 0.1 mW (Figure 4.A.12e,f). On the basis of these observations 

and the preceding X-ray data, we conclude the initial CdS shell exists in the rs phase, 

possibly as an alloy phase Pb1–xCdxS, and that its crystallization to zb-CdS is 

thermally activated. Shells grown for only 60 s at 200 °C precede any of the XRD data 

points in Figure 4.3, but laser-induced formation of zb-CdS still occurs. Therefore, 

this rs phase appears to be an intermediate at all growth temperatures, but the time 

resolution of in situ XRD was insufficient to detect it. 

Previous work showed that photoluminescence quantum yield for PbS@CdS 

core–shell NCs was maximized at a particular shell thickness14 and proposed that this 

maximum arose from an rs-CdS to zb-CdS phase transformation, which we observe 

here.17 A maximum quantum yield at a specific shell thickness has been seen in other 

core–shell systems51, 52 and been attributed to the formation of defects due to 

accumulation of strain energy.53, 54 Owing to the difficulties of incorporating optical 

observation during the XRD experiment, parallel optical data cannot be given at 

present, but our XRD results confirm that metastable surface (and possibly interfacial) 

phases can be observed directly. 
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4.3.8. Kinetics: stages of cation exchange 

By tracking the XRD peak intensities, positions, and widths for the rs- and zb-

like (111), (200), and (220) reflections for reactions at several temperatures, we find 

three stages for the exchange (Figures 4.1, 4.3, 4.4, and 4.6, with 7.1 nm PbS NCs 

used as the model system), to which we assign the names A, B, and C. At all 

temperatures, there is an initial decrease in unit cell size and increase of peak width 

which is close to the time resolution of the experiment (much of the change occurs 

between the zero timepoint and the first data point). This large and isotropic change in 

lattice parameters, stage A, is completed in <300 s and is consistent with an effectively 

instantaneous introduction of an rs-CdS layer or group of domains making up about 

20% of the NC, which decreases I111/I200. The increase in peak broadening in stage A 

(Figure 4.6) also suggests the introduction of significant inhomogeneous strain. 

In the subsequent stage B (t > 300 s), at low temperatures (120 and 150 °C), 

peak positions and widths change much more slowly than in stage A, giving the 

kinetic curves an overall L-shape. I111/I200 begins to increase again, while the positions 

of the peaks are nearly constant ((200) moves very slightly to smaller angles), 

indicating that stage B is primarily a recrystallization of the rs-CdS surface to zb-CdS 

because of the accumulation of strain energy.53 As all peaks are still seen to shift 

(Figure 4.5e would lead us to believe that the (220) position is essentially independent 

of CdS phase), during stage B shell growth still continues, although more slowly. 

At higher temperatures, stage C becomes thermally activated and comes to 

dominate the exchange, making the contribution of stage B difficult to discern. The 

onset of stage C is marked by an inflection in the shape of the curve (e.g., 180 °C 

curve in Figure 4.4). Such inflections were observed during kinetic experiments on 

ion exchange in NCs by other workers and were also attributed to changes in transport 

processes.55 During stage C (t > 300 s at high temperatures), the zb-CdS phase grows 



170 

more rapidly and the conversion is able to run nearly to completion, so that at 200 °C, 

the (111) and (220) positions approach those of the pure zb-CdS phase after less than 1 

h. The value of I111/I200 and the position of (220) at the endpoint of the 200 °C reaction 

are, from the Debye simulations (Figure 4.5), consistent with a conversion fraction of 

90%. The onset of stage C also changes the behavior of the peak width, which begins 

to decrease again (Figures 4.6 and 4.A.6). The widths of all peaks reach a maximum 

at about 1400 s at 200 °C and at 5000 s at 180 °C, which is consistent with 

overlapping, displaced peaks’ having a maximum apparent width when their 

intensities are comparable. After undercoordinated surface cations are replaced during 

A and B, new cations must travel through the shell by way of energetically 

unfavorable defects, so slow ionic transport becomes the rate-limiting step in cation 

exchange during stage C.56 

 

4.3.9. Quantitation of cation exchange kinetics: stages A and B 

We now examine in more detail the changes of peak positions in the 

experimental diffraction patterns. Debye simulations showed that the (220) peak does 

not split and that its peak center, Q220, has a nearly linear relationship to the 

conversion fraction (Figure 4.5e). Accordingly, we tracked Q220 to extract kinetic 

parameters. Previous studies of cation exchange kinetics with high time resolution by 

Moser et al.22 used a sum of exponential functions to obtain activation energies based 

on changes in the band gap Eg of NCs 

𝐸 = 𝐶 + 𝐴 exp(−𝑘 𝑡)

, , ,…

(4.2) 

Here, C is some constant and Ai and ki are the amplitude and rate constant of 

the ith process, respectively. Equation 4.2 is intuitively useful because it describes a 
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sequence of pseudo-first-order reactions, such as the simple metathesis reaction where 

the concentrations of Cd and Pb in solution are very large and nearly zero, respectively 

Cd2+(sol) + PbS → CdS + Pb2+(sol) (4.3) 

However, in fitting Q220, we did not find our data to be well-described by a 

sum of two exponentials. Specifically, the large scatter of the derived rate constants k 

(especially at high temperatures) makes any derived activation energies meaningless 

(Table 4.A.5, Figure 4.A.13a). Furthermore, for the pseudo-first-order approximation 

(single exponential fit) to apply to our experiments across a given time scale, a large 

excess of Cd in solution would be required. This condition could not be met here 

because a high concentration of PbS NCs was needed for a strong XRD signal (see 

section 4.A.2). To account for the changing concentration of Cd, we tried fitting Q220 

to a second-order rate law (Table 4.A.6) but also found this to be inadequate, even at 

low temperatures where stage C would not be operating (Figure 4.A.13b). 

However, Figures 4.4 and 4.A.3 suggest a rapid approach to a “limiting” value 

of Q220 at very short exchange times, namely, during stage A. We therefore avoided 

contributions from successive processes by fitting Q220 at very short times (up to about 

1000 s, Figure 4.9a) to a single exponential function. Because stage A represents a 

maximum exchange fraction of about 20%, the concentration of Cd in solution does 

not change much over this interval. We obtained a reasonably straight Arrhenius plot 

(Figure 4.9b, Tables 4.A.7-8) corresponding to an activation energy, Ea, of 41 kJ 

mol–1. This Ea is similar to those reported for surface exchange or adsorption of ions 

on NCs (4222 to 7457 kJ mol–1). Previous calculations of some ionic58, 59 and 

molecular60 binding energies on ionic surfaces have also returned a similar Ea. Some 

experimental measurements of ion adsorption Ea on solids from solution have found 

lower values,61-63 although they are inconsistent in the underlying process to which 

they attribute Ea (diffusion in solution, physisorption, or chemisorption). Bothe et al. 
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examined cation diffusion during exchange in the PbSe–CdSe system and found an Ea 

of 30–50 kJ mol–1.1 On the basis of this Ea, they concluded that the transformation 

proceeded through the diffusion of interstitial cations coupled with a kick-out 

mechanism, as other processes would require enthalpically unfavorable (Ea > 100 kJ 

mol–1) vacancy generation within the nanoparticle. However, our results show that 

exchange up to degrees of 20% conversion for particles of this size can initially occur 

very rapidly because of replacement of the first few monolayers (0.25 nm) of 

undercoordinated atoms at the surface, which constitute a significant fraction of the 

atoms in the NC. Attributing this first step of exchange to a true diffusion process 

could lead to a misleadingly low activation energy. Additionally, Bothe et al. relied on 

elemental analysis rather than direct structural measures to gauge the progress of 

exchange, and weakly adsorbed ions or retained Cd precursor could thus contribute to 

the apparent degree of exchange. On the basis of our Ea, then, we conclude the kinetics 

of stage A describes surface-limited exchange at undercoordinated sites. 
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Figure 4.9. (a) Typical single-exponential fits of the evolution of the (220) peak 

position for cation exchange at 120 and 150 °C (from Figure 4.4) at very short times 

(∼1000 s, cut-off range indicated by the arrow). An initial rapid shift of Q220 occurs 

(stage A) during the initial formation of the rs-CdS shell. Q220 continues to shift much 

more slowly (stages B and C) as zb-CdS is formed. (b) Arrhenius plot of rate constants 

extracted from (220) data at temperatures 100–160 °C. The activation energy is 

indicated. Data are from two separate experiments: Figure 4.4 (closed points) and 

Figure 4.A.3 (open points). 

 

4.3.10. Quantitation of cation exchange kinetics: stage C 

To quantify diffusive transport in our system (stage C), we make the key 

assumption in stage C that the shell is conformal to the core and relatively uniform,15, 

16 implying that the relevant transport (diffusion) coefficients, D, for the growth of the 

shell reflect the diffusivities of the incoming and outgoing components (Cd or Pb, 

respectively) in the CdS shell. Because the value of D in this experiment should 

account for the diffusion of both Cd and Pb, we note that our experiment properly 
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measures the interdiffusion coefficient, D̃. Fick’s second law describes the 

concentration change throughout the NC 

𝜕𝑐

𝜕𝑡
 =  𝐷

𝜕 𝑐

𝜕𝜉
(4.4) 

where c is the concentration of solute, ξ is the spatial coordinate, and t is time. 

For one-dimensional diffusion, the characteristic time scale for the chemical 

transformation of a region with length scale l in one dimension follows a parabolic 

growth law with time 

𝑙 = 4𝐷𝑡 (4.5) 

Figure 4.4 shows that the experimental conversion curves do not, in general, 

have a parabolic dependence on time owing to the spherical geometry and finite size 

of the NCs and, more significantly, to convolution with processes A and B. 

Nevertheless, we can use Fick’s law to place our data in the context of previous work 

on diffusion in nanoparticles. We observe that the driving force for cation exchange 

under our experimental conditions is large enough that, at high temperatures, exchange 

does not appear significantly slowed by the depletion of Cd in the solution until 

conversion is nearly complete. Because this high driving force must immediately 

replace outgoing Pb with Cd, we simplify the problem by assuming that Pb from an 

initially pure PbS particle is lost by diffusion to a solution having an effective Pb 

concentration of zero. The time scale of the fraction of exchange completed, X, can be 

estimated from the analytical solution (an infinite series in n) for diffusion in a 

spherical particle of radius R64 

𝑋 =  1 −  
6

𝑛

1

𝑛
  

exp(−
𝐷𝑛 𝜋 𝑡

𝑅
) (4.6) 
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Here, t is the experimental time at the point of interest, and X can be estimated 

by interpolating the (220) peak center (Q220) between the bulk values for PbS 

(QPbS,220
0) and zb-CdS (QCdS,220

0)  

𝑋 =
𝑄 , − 𝑄

𝑄 , − 𝑄 ,

(4.7) 

Evaluation of Equation 4.6 to n = 40 was more than sufficient to reach the 

limits of numerical precision. The resulting interdiffusion coefficients (Figure 4.10 

and Table 4.A.9) range from 10–21 to 10–17 cm2 s–1 at the lowest and highest 

temperatures used, respectively. For comparison, on the basis of Equation 4.5, the 

interdiffusion coefficient needed for cations to diffuse during exchange to a distance 

of 3.5 nm in about 5000 s (e.g., Figure 4.4, 200 °C) is on the order of 10–17 cm2 s–1. 

We also applied a shrinking-core model65, 66 to determine the diffusion coefficient of 

Cd through a spherical shell and found values for D̃ in good agreement with those 

given by application of Fick’s second law (Figure 4.10a, Figure 4.A.14, and Table 

4.A.10). Therefore, the derived D̃ is relatively insensitive to the chosen model. More 

details of the calculations are given in section 4.A4. 
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Figure 4.10. Arrhenius plots of interdiffusion coefficients, D̃, for ionic transport (Pb 

and Cd diffusion through shell) extracted from (220) data at temperatures above 140 

°C and at long exchange times. In (a), points are given on an expanded scale to place 

the data in context with other measurements of self-diffusion coefficients (see main 

text). In (b), the points are given on a compact scale; the activation energy is indicated. 

Points in (b) indicate D̃ as determined using Fick’s second law (open and closed 

circles) or the shrinking-core model (crosses). Closed circles in (b): from data of 

Figure 4.4; open circles: from data of Figure 4.A.3. Reference data are extrapolated 

from high temperature data described in Table 4.A.11. 

 

4.3.11. Mechanism of chemical diffusion: magnitude of D̃ 

Interestingly, our estimated interdiffusion coefficients using Fick’s law and the 

shrinking-core model exceed the range of self-diffusion coefficients for Cd in CdS 

(wurtzite phase) extrapolated from high-temperature data (red area at bottom in 

Figure 4.10a) by four or more orders of magnitude.23, 67 Additionally, our 

interdiffusion coefficients are lower by 4 orders of magnitude than those for fast-
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diffusing impurities such as Cu or Li in CdS67 (gray area at top in Figure 4.10a). 

Reference data are given in Table 4.A.11. Our measurements indicate that the 

particles are converted much faster than expected for an ideal solution model using 

bulk values for the component diffusivity of Cd in CdS would suggest. We were not 

able to find measurements for the diffusivity of Pb in CdS; however, because of the 

larger size of the Pb2+ cation relative to Cd2+, we expected that its diffusivity in CdS 

(rs or zb) would be reduced. DFT calculations to check the activation barriers to 

diffusion, ΔHdiff, for neutral vacancies and interstitials (Table 4.A.4) returned values 

in agreement with our expectations. Values of ΔHdiff in PbS and in both rs-CdS and 

zb-CdS are very similar for Cd and Pb (vacancy-mediated diffusion) or substantially 

larger for Pb relative to Cd (interstitial-mediated). Our measurements of the diffusion 

coefficient do fall within a range of values reported for self-diffusion of Pb in PbS68 

(blue area in Figure 4.10a). This surprising observation suggests, counterintuitively, 

that diffusion through the PbS template might be a rate-limiting process. Experimental 

evidence presented previously does not appear to rule this out. In Pb chalcogenides, 

cation exchange is associated with an increase in core polydispersity and displacement 

of the core from the center of the particle, sometimes to the extent that the “core” 

continues to form part of the surface.19, 20 However, because the PbS@CdS system has 

not been observed (by us or by others) to form Janus-type structures following 

addition of Cd2+ to PbS,17, 19 bulk-like diffusion in PbS appears unlikely to be the main 

rate-controlling process. If the CdS shell is conformal and uniform, then our results 

find accelerated diffusion by up to 4 orders of magnitude in D̃ in the CdS shell at short 

length scales (up to 3.5 nm) relative to expectations from bulk measurements. 

The nature of the interdiffusion coefficient D̃ should be clarified. The self-

diffusion coefficients in Figure 4.10a were obtained under conditions close to 

thermodynamic equilibrium where no chemical potential gradient exists (i.e., in a 
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tracer experiment). Cation exchange in NCs clearly does not reflect such a situation. 

The fluxes of Pb and Cd atoms in this case are coupled such that Cd displaces Pb in a 

one-to-one ratio, in spite of the fact that their component diffusion coefficients, DCd 

and DPb, are not, in general, expected to be equal. For an ideal solution of the two 

components in each other where the internal electric fields in the NC do not play a 

role, D̃ would change with the phase fraction of Cd, XCd, in the following way69 

𝐷 = 𝐷 𝑋 + 𝐷 𝑋 (4.8) 

Here, XPb = 1 – XCd. Excess defect generation in the NC might also need to be 

considered to understand D̃. A notable example of the consequences of unequal 

component diffusivities is the nanoscale Kirkendall effect, where unequal diffusivities 

of anions and cations require the generation of vacancies in the cores of NCs to 

balance the outgoing cation flux.70, 71 Cation exchange in the PbS-to-CdS system does 

not exhibit such behavior, but other routes exist for coupling of cation fluxes. For 

example, if Cd diffuses more rapidly than Pb, interdiffusion at a PbS–CdS interface 

will lead to Cd penetrating further into PbS than Pb in CdS, leading to a net separation 

of charge at the interface. This gives rise to an electric field that opposes the further 

separation of charge. To preserve local electroneutrality, D̃ takes a different form69 

𝐷 =
𝐷 𝐷

𝐷 𝑋 + 𝐷 𝑋
(4.9) 

Given the small size of the system and the small value of the band gap Eg for 

PbS, we expect that the number of thermally generated charge carriers would be 

sufficient to satisfy the electroneutrality condition for any diffusion into PbS. The 

situation for zb-CdS, which has a larger band gap, is not clear. For both Equations 4.8 

and 4.9, suppose that DPb and DCd in a hypothetical Pb1–xCdxS ideal solution take their 

values for the self-diffusion coefficients given in Figure 4.10a, which is reasonable in 

the limit of dilute impurities in a solid. Then, for XCd = 1 (the assumed case for a zb-
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CdS shell containing a negligible amount of Pb), D̃ has the value of DPb, which is, 

coincidentally, in agreement with our experimental magnitude of D̃. Thus, the 

transport of the minority (slowest) component controls the overall rate of the 

exchange. 

 

4.3.12. Chemical diffusion in NCs: possible enhancement factors 

The different structures for pure PbS and CdS in our NCs and the immiscibility 

of CdS and PbS in the bulk34 indicate that the PbS–CdS system does not follow ideal 

solution behavior. Moreover, in nanoscale systems, impurities generally are not 

isolated (or dilute). The ideal solution interdiffusion coefficient, D̃ideal, must be 

modified by a thermodynamic factor69, 72 (e.g., for Cd) 

𝐷 = 𝐷 1 +
𝑑 ln 𝛾

𝑑 ln 𝑋
(4.10) 

γCd is the activity coefficient of Cd, where the activity of Cd aCd = γCdXCd. A 

crucial problem in describing diffusion in semiconductors is that component activity 

depends very strongly on the external conditions owing to deviations in stoichiometry 

and changes in dopant concentrations (in bulk solids). As a result, the thermodynamic 

factor can be very large with minuscule changes in composition and, in fact, can 

greatly exceed our reported factor of 104 difference between D̃ and the self-diffusion 

coefficients DCd.73 It therefore seems that the large chemical driving force, with the 

resulting bias in diffusive jumps, could account for the apparently enhanced diffusivity 

in cation exchange without invoking nanoscale effects such as quantum confinement. 

However, the distinction between chemical diffusion and self-diffusion is often not 

made in the nanoparticle literature. A careful description of defect and component 

activities in nanostructures will be crucial to elucidating true transport coefficients in 

future work. 
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We mention some other factors that could contribute to enhanced diffusion in 

NCs. Chan et al. argued that coupling of point defects to surface vibrations in NCs 

(breathing modes) could greatly reduce diffusion barriers in small (less than 2 nm in 

diameter) CdSe NCs.12 Our PbS@CdS core–shell particles, however, are much larger, 

and the effect of such vibrations on diffusion barriers well below the surface of the NC 

is likely to be minimal. The contribution of strain at the PbS–CdS interface to 

observed mixing could also be significant because strain accommodation has been 

observed in many systems to take place through a degree of interface alloying.50, 74, 75 

Such diffuse interfaces have been shown in some systems to extend over a few nm or 

more.76 However, we note that arguments have been advanced showing that elastic 

strain energy should much smaller than the activation energy for diffusion, and thus 

that D̃ near interfaces should not be significantly affected.77 Diffusion through 

extended defects, such as grain boundaries, is a third possibility. Such high-diffusivity 

paths72 are especially important in diffusion at low temperatures. The role of such 

paths in cation exchange has, in general, not been appreciated, which might be 

surprising given the loss in crystalline perfection that is observed in many cases of 

cation exchange, including the PbS–CdS system. If Pb leaves via the surface faster 

than arriving Cd can diffuse through the shell, transport through high-diffusivity paths, 

such as grain boundaries in the growing shell or along the PbS–CdS interface, could 

still provide Cd more quickly than can bulk-like ionic transport. Accordingly, the 

increased magnitude of the diffusion coefficient relative to bulk self-diffusion of Cd in 

CdS could reflect the introduction of a high concentration of extended defects, in 

accordance with the substantial (2.2%) lattice mismatch between PbS and zb CdS. We 

were unable to distinguish clearly any grain boundaries or stacking faults in our NCs 

(Figure 4.7), but Bals et al. have identified stacking faults unambiguously in 

PbSe@CdSe NCs, along with phase boundaries with displaced anionic sublattices.44 
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To separate the chemical diffusion factor from contributions of high-conductivity 

paths, better high-resolution structural studies [i.e., through transmission electron 

microscopy (TEM)] on more particles are necessary to quantify the extent of such 

paths as grain boundaries or stacking faults in the shell. This will be particularly 

important in investigating the feasibility of a “layer-by-layer” exchange mechanism 

proposed to explain pronounced anisotropy of exchange even in cubic materials.19, 44 

Future experiments are necessary to examine the contribution of the large 

chemical potential gradient in cation exchange relative to the expected defect structure 

in the shell. We suggest that at length scales where the chemical potential gradient can 

be made small because of the low solubility of the two exchanging phases (the dilute 

solution limit) and where lattice strain can be completely accommodated (perhaps 

longer than 5 nm), the kinetics of diffusion should slow greatly. Further work in, for 

example, X-ray reflectivity measurements on PbS–CdS surfaces or diffusion 

experiments on larger particles would furnish quantitative results on the necessary 

length scale. Observation by these means of a drastic drop in the apparent rate of 

diffusion for thick layers would lend credence to previous suggestions that cation 

exchange in PbS@CdS15, 19, 56 or in very large nanoparticles3 is “self-limiting.” 

Similarly, in systems where no lattice strain or boundaries between immiscible phases 

is present to induce defect formation, transformation should reflect the kinetics of 

diffusion in the bulk solid. Diffusion experiments on slightly larger length scales could 

also offer insight into how the point defect structure of nanoparticles depends on their 

size. 

 

4.3.13. Mechanism of diffusion: Arrhenius parameters 

In spite of the expected contributions to the kinetics of diffusion from the 

factors above, we can still examine the activation barriers, Ea, to the diffusion reaction 
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to gain some insight into the reaction mechanism. An Arrhenius plot of the effective 

interdiffusion coefficients determined at temperatures greater than 140 °C is given in 

Figure 4.10b. Where identical temperatures were investigated in the two different 

experiments we carried out, the points are in excellent agreement with each other. Two 

different models (Fick’s second law and the shrinking-core model) return nearly 

identical values for Ea (Table 4.A.12), with a fit of all measured interdiffusion 

coefficients in Figure 4.10b giving an Ea of 174 (Fick’s law) or 164 kJ mol–1 

(shrinking-core). At high temperatures, the Ea of 174 kJ mol–1 exceeds reported values 

of Ea for the diffusion of Cd in CdS determined from the sulfidation of large Cd 

nanoparticles (106 kJ mol–1),78 from the diffusion of Mn2+ in CdSe (also 106 kJ mol–

1),21 and the diffusion of Cd or Pb in CdSe (40–50 kJ mol–1).1 A more similar value of 

154 kJ mol–1 has been reported for the interdiffusion of CdSe–ZnSe.79 Our activation 

energy is closer to some measured values of 179–258 kJ mol–1 for the diffusion of Cd 

in wurtzite CdS23, 67 or of 98–146 kJ mol–1 for Pb in PbS.68 Theoretical predictions 

give a very wide range of values for point-defect formation energies, so that it may not 

be possible to make an assignment with certainty. Our measured Ea is also less than 

some predictions for the enthalpies of formation for point defects such as Schottky 

pairs,80 which are generally >400 kJ mol–1 (for a two-atom defect). It is important to 

note that previous experimental observations on diffusion in nanoparticles generally 

measured Ea as a combination of the energies for defect formation, ΔHf, and 

migration, ΔHm. More reliable data exist for Cd in wurtzite CdS23 and indicate that 

ΔHf tends to be large (>100 kJ mol–1) regardless of the type of defect (interstitial or 

vacancy), while ΔHm can be of the same order of magnitude but in the case of 

interstitial diffusion is often much smaller.67 Because our Ea remains large, we 

conclude that the ΔHf of a defect such as a Cd vacancy or Pb interstitial is a major 

contributor to the diffusion activation energy in our case. Theoretical simulations of 
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diffusion migration barriers in nanoparticles9, 71 also support this conjecture. Although 

our DFT simulations seem to explain the presence of an rs layer in the PbS–CdS 

heterosystem, we are less successful in determining activation energy barriers for 

diffusion. The estimated ΔH = ΔHf + ΔHm for diffusion was universally >200 kJ mol–1 

(Tables 4.A.3-4) and exceeded considerably the measured values of Ea in our system 

for all paths considered (Cd or Pb interstitials or vacancies in PbS, zb CdS, or rs-CdS). 

We do note, however, that the lowest observed barrier is for Cd interstitial diffusion in 

rs-CdS at 209 kJ mol–1. It is interesting to consider this in light of the possibility that a 

high-diffusivity path may be involved in atomic transport. The interfacial rs-CdS layer 

posited to exist following further growth of the shell might serve this role. 

Finally, we consider the pre-exponential factor, D̃0, in the Arrhenius expression 

for the interdiffusion coefficient (Table 4.A.12). The corresponding D̃0 for Figure 

4.10b is 1.1 × 102 (Fick’s law) or 3.3 cm2 s–1 (shrinking-core). This value is rather 

large compared to numerous other measurements for ionic self-diffusion in 

semiconductor systems23, 68 and for chemical diffusion in nanoparticles,21, 78 which 

generally find values for a prefactor ranging from 10–7 to 10–3 cm2 s–1. However, some 

measurements of self-diffusion in bulk solids give similar or even slightly larger 

values of D0 (up to about 103 cm2 s–1).67 D0 provides key information in self-diffusion 

measurements because the attempt frequency giving rise to D0 in solids is related to a 

characteristic vibration frequency (Γ) on the order of 1011–13 s–1.72 In pure 

stoichiometric substances, the diffusion coefficient is proportional to Γ times the 

square of the jump length a0 

𝐷 ∝ 𝑎 Γ (4.11) 

In solid-state diffusion mediated by point defect transport, a0 is necessarily on 

the order of the unit cell length (a few Å), and the theoretical prefactor is therefore 

about 10–4 to 10–2 cm2 s–1, or several orders of magnitude below our measured D̃0. An 
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enhanced value of D̃0 could arise from an increase in the jump length due to the 

presence of extended defects, as we mentioned above. However, the magnitude of 

such an enhancement is ostensibly limited by the size of the system. As the size of the 

NCs here is only a factor of 10 larger than a jump length between lattice sites, the 

increase in the a0
2 term in Equation 4.11 is only 102, which may be too small to 

explain the increase in D̃0 observed here. An increase in the effective Γ, or a “biased” 

jump frequency, may originate from the thermodynamic factor mentioned above 

(Equation 4.10). Specifically, the concentration of defects may greatly exceed that 

expected from the enthalpy of defect formation, exp(−ΔHf/kT), owing to the presence 

of impurities or other changes in the external chemical boundary conditions that act to 

stabilize defects by charge compensation or other mechanisms.72 This further supports 

our conclusion that the small size of the region for diffusion leads to the significant 

enhancement of diffusive transport in NCs over length scales of a few nanometers due 

to the very large chemical potential gradients developed across the surface−shell−core 

region. 

 

4.4. CONCLUSIONS 

 

XRD characterization of lead sulfide (PbS) NCs undergoing transformation to 

cadmium sulfide (CdS) reveals that the cation exchange reaction proceeds in three 

stages with a complex series of intermediates. Upon the initial introduction of Cd 

(stage A), a thin shell of CdS rapidly develops on the surface of PbS. We confirm 

unambiguously that this shell adopts a metastable rs phase (rs-CdS) from the peak 

position and intensity shifts in agreement with those given by Debye scattering 

equation simulations, from Raman spectroscopy, and from DFT simulations. This 

phase may persist as an interlayer throughout the exchange, raising the possibility that 
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such interfaces can be made to serve useful roles in tuning the complex electronic 

structure of nanocrystalline heterostructures. As the shell grows and the overlying CdS 

recrystallizes (stage B) to the stable zb phase (zb-CdS), the peak intensities and 

positions become more like those of simulated PbS@zb-CdS particles, and we observe 

unusual diffraction effects manifesting as anomalous peak shifts. We identify such 

behaviors as emerging naturally from the commensurate relationship between rs PbS 

and zb CdS cation sublattices and show that such a relationship serves to break the 

symmetry of the core–shell quantum dot without requiring an actual change in the unit 

cell space group. During the third stage, C, the remainder of the particle is converted 

to zb-CdS via diffusive transport through the outer layers of the particle. The kinetics 

of the cation exchange reaction can be quantified using parameters from the XRD data 

that are insensitive to the particular phase of CdS. The kinetics of the cation exchange 

are complex and a number of processes contribute, so that the overall activation 

energies of the exchange at high and low temperatures appear to be different. 

However, using very general diffusion models, we estimate that interdiffusion 

coefficients in the PbS–CdS system, even at diffusion lengths larger than a few 

monolayers, are increased by a few orders of magnitude relative to those estimated 

from high-temperature data for self-diffusion of Cd in CdS. The interdiffusion 

coefficients have a large Arrhenius activation energy in comparison to several other 

reports of diffusion in nanoparticles, and we suggest that convolution of diffusion with 

surface reactions could produce anomalously low activation energies in prior 

experiments on nanocrystals. However, the magnitudes of our interdiffusion 

coefficients are still much larger than reported values for self-diffusion in CdS at high 

temperatures. The major cause of accelerated diffusion appears to be the very large 

chemical potential gradient involved in cation exchange, which by definition requires 

a change in the activities of component ions from zero to unity over a very short 
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distance. Such an enhancement can be expressed as a contributing thermodynamic 

factor in the interdiffusion coefficient, which can, for example, reflect a change in 

stoichiometry. Diffusion through high-conductivity paths, which could form due to 

mismatch between PbS and CdS and increase the distance that atoms move with every 

diffusive jump, is also a possible explanation. It is important to recognize the profound 

difference between experimental configurations with and without a chemical potential 

gradient and to provide much more detailed characterization of such factors as 

component activity and defect structure for quantifying transport coefficients of matter 

at the nanoscale. 
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4.A. APPENDIX 
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are supported by the NSF (DMR-1332208). This work also made use of the 
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Center. We thank S. Stoupin, D. Smilgies, and A. Itskovich (CHESS) for assistance 

with X-ray experiments, J. Kopsa and J. Houghton (CHESS) for preparation of 

apparatus, and R. Dieckmann (Cornell Materials Science and Engineering) for helpful 

discussions. We also thank S. Giri (Cornell Biological and Environmental 

Engineering) for an elemental analysis. 

 

4.A.2. Materials and methods 

All chemicals were used as received under air, except where specified. Where 

reactions were carried out under nitrogen, they were done in a glove box or on a 

Schlenk line. Trifluoroacetic anhydride (TFA2O, >99%), acetonitrile (99.8%, 

anhydrous), oleic acid (OA, 99%), triethylamine (Et3N, >99%), diphenyl ether 

(>=99%), hexadecane (99%), ethyl acetate (>=99.5%), hexyl isothiocyanate (95%), 

dodecylamine (98%), and octadecene (ODE, tech., 90%) were from Sigma-Aldrich. 

Lead(ii) oxide (99.999%) and methyl acetate (99%) were from Alfa Aesar. Cadmium 

oxide (99.999%) was from Strem. Trifluoroacetic acid (TFAOH, 99.5%), toluene 

(99.9%), and acetone (99.5%) were from Millipore. Isopropanol (>99.5%, semi 
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grade), hexane (>98.5% C6 isomers, ACS grade), and methanol (99.9%, semi grade) 

were from BDH. Cerium(iv) oxide powder (CeO2, 14 micron, 99.99%) was from Alfa 

Aesar. 

 

Nanocrystal preparation 

Procedures for the synthesis of PbS NC precursors are given in Hendricks et 

al.27: Lead oleate (Pb(OA)2) was prepared on a 44.8 mmol scale from lead oxide 

dissolved in acetonitrile with TFAOH and TFA2O, followed by precipitation from OA 

and triethylamine in isopropanol and recrystallization of the mixture. N-hexyl-N’-

dodecylthiourea (14.5 mmol scale) were prepared by mixing the respective solutions 

of isothiocyanate and amine in 5 mL each of toluene followed by drying under 

vacuum. The precursors are stored under N2.  

The PbS NC synthesis also followed from Hendricks et al.27 PbS NCs of size 

7.1±0.4 nm (“7 nm”) were prepared from reaction of N-hexyl-N’-dodecylthiourea 

with Pb(OA)2. 7.944 g Pb(OA)2 was added under N2 to a 3-necked flask, which was 

then moved to a fume hood, loaded with 70 mL hexadecane filtered through 0.2 μm 

PTFE filters, fitted with a thermocouple, condenser, and stopper, and finally attached 

to a Schlenk line. 1.539 g N-hexyl-N’-dodecylthiourea was added to a vial under N2, 

which was sealed with a septum, moved to a fume hood, and loaded with 5 mL 

diphenyl ether. Both solutions were purged of air by gently bubbling N2 through them 

for 10 min, while the flask was allowed to equilibrate at 150°C on an oil bath. With 

the flask now under flowing N2, the thiourea solution was rapidly injected into the 

Pb(OA)2 solution, and the NCs were allowed to grow for 20 minutes. 

Following growth of the NCs, the flask was removed from the oil bath and 

allowed to cool to room temperature in air. The mixture was precipitated using excess 

methyl or ethyl acetate (1:1 by volume) and centrifuged at 7000 rpm for 10 min. The 
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precipitate was redissolved in toluene and centrifuged again at 4400 rpm for 10 min 

and insoluble material was removed. Thereafter the NC solution were cleaned three 

times more: the first time with ethyl acetate and 7000 rpm centrifugation, and the 

second and third time with acetone and 4400 rpm centrifugation. (A “cleaning” cycle 

for as-synthesized nanocrystals (NCs) indicates that a solution of the NCs was 

precipitated using a certain antisolvent (1:1 by volume) and centrifuged for 10 minutes 

at a certain speed, with the supernatant discarded and the precipitate re-dissolved in 

toluene.) After a final centrifugation at 4400 rpm to check for insoluble material, the 

NCs were precipitated from toluene with acetone and the solid product after 

centrifugation was dried under an N2 flow followed by vacuum drying overnight. The 

NCs were stored as powders. 

 

Cation exchange 

Cadmium oleate (Cd(OA)2) was prepared from cadmium oxide using a non-

optimized adaptation of the method for Pb(OA)2; excess TFAOH and TFA2O were 

needed to completely dissolve the oxide. 1.15 g cadmium oxide (8.96 mmol) was 

stirred with 8 mL acetonitrile at room temperature with addition of 0.28 mL TFAOH 

(3.7 mmol) and 2.48 mL TFA2O (17.8 mmol) for 48-72 h to give a slightly opalescent 

white solution. This solution was filtered and added to isopropanol (36 mL) containing 

4.975 g OA (17.6 mmol) neutralized with 2.06 g triethylamine (20.4 mmol). More 

triethylamine (1.48 g, 14.6 mmol) was then added so that the precipitate did not re-

dissolve. The mixture was then heated to boiling until all Cd(OA)2 dissolved, then 

allowed to cool to room temperature over 2 hours. The solution was then cooled 

overnight in a refrigerator; the precipitate was vacuum filtered, washed and triturated 

with copious amounts of methanol, and vacuum dried overnight. The white, waxy 

powder was stored under nitrogen. 
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For in-situ x-ray observation, a stock solution of PbS NCs (5 wt% in ODE) 

was prepared by sonication. Another stock solution of 15 wt% Cd(OA)2 in ODE was 

prepared by gently heating a vial sealed with the two components under N2 on a hot 

plate until the Cd(OA)2 fully dissolved. When cooled to room temperature, the 

mixture gels and eventually freezes. Immediately before measurement, an aliquot of 

the Cd(OA)2 gel was warmed until it could be drawn into a syringe without any dead 

space or air bubbles (ca. 60-70°C). After cooling for a few seconds, this gel was 

rapidly mixed with an equal volume of PbS solution. While still free-flowing, the 

slightly warm mixture was dispensed by syringe into a Kapton capillary. The filled 

capillary was then placed in the preheated hot stage (see below). Equal volumes of the 

two solutions, mixed together, give an approximate ratio of Pb:Cd of 1:1, assuming a 

PbS stoichiometry of Pb1.25S (but see below). 

 

In-situ x-ray diffraction 

Two experiments were run with slightly different configurations at beamline 

A1 at the Cornell High Energy Synchrotron Source (CHESS). The relevant 

experimental parameters are given in Table 4.A.1. Experiment 1 offered a much better 

signal-to-noise ratio and Q-space resolution, while experiment 2 afforded better time 

resolution. Photon energies were selected from the appropriate Bragg reflection of a 

diamond crystal monochromator, and the slit size was 0.1x0.1 mm2. 
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Table 4.A.1. Experimental parameters for in-situ x-ray diffraction at CHESS A1. 

Expt
. 

Energy of 
photons, keV 

(wavelength, Å) 
Detector 

Approx. sample 
to detector dist., 

mm 

Capillary 
dia., mm 

Est. 
absorption, 

% 

Est. mass of 
nanocrystals 
in beam, μg 

1 32.5 (0.38) 
ADSC 

Quantum 
270 

140 3.2 26 0.800 

2 19.7 (0.629) Dectris 
Eiger 1M 150 1.1 23 0.275 

 

Additional notes on XRD 

For experiment 1, the detector was protected from the hot stage by a 0.002” 

Kapton film and the capillary was capped at both ends by aluminum stoppers covered 

with PTFE pipe tape. One stopper had vent holes; the tape covering these was 

punctured during loading of the capillary to release heated air. In experiment 2 the 

capillary was sealed at both ends with fluorocarbon grease (Krytox, Dupont) and 

crimped into a sample carrier with set screws. Each experiment used a different 

aluminum hot stage custom-made by the machine shop at CHESS. The detector 

geometry was calibrated using CeO2 powder in the capillary for experiment 1 and 

sandwiched between Kapton films for experiment 2. 

To begin a measurement, the hot stage was pre-heated to the working 

temperature and the capillary was inserted. For experiment 1, acquisition of images 

began after 60-120 s; the first 10 were taken with exposure time of 30 s, while all later 

images had an exposure time of 60 s. For experiment 2, acquisition began after at most 

60 s; the first 30 images were taken with an exposure time of 1s, the next 18 images 

with 5 s, then 28 images at 10 s, and all later images at 30 s. Measurements were also 

taken of ODE and the pure PbS NC solution in ODE at each temperature. Thermal 

expansion of lattice parameters was found to be small relative to the peak shifts during 

cation exchange. For all relevant figures, the zero-time point is given by 
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measurements from pure PbS NCs at the corresponding exchange temperature without 

added Cd. 

We calculated the expected absorption of our samples using a web utility 

provided by R.B. Von Dreele, M.R. Suchomel, and B.H. Toby based on the Python 

package Absorb via https://11bm.xray.aps.anl.gov/absorb/absorb.php. On the basis of 

a sample composition of 2.5 wt% Pb1.25S, 7.5 wt% Cd(C18H33O2)2, and 90 wt% 

C18H36, a rough estimate of the “molecular formula” of the sample is 

Pb1.25Cd1.29S1.00O5.17C793.5H1579.2. (Note: the absorption due to O, S, and H is nearly 

negligible.) Using this formula with an estimated density of 1 g cm−3 returns the 

estimated absorptivity of the sample in Table 4.A.1. The mass of nanocrystals in the 

beam is calculated from this density and the parameters above as: 

 
0.025 g nanocrystals

g solution
∙

1 g solution

1 cm3 solution
∙(0.01 cm)2 ∙ (0.11 𝑜𝑟 0.32 cm)

=  0.275 𝑜𝑟 0.8 μg 

Analysis of the solid constituents by inductively-coupled plasma optical 

emission spectrometry found that, on a mass basis, the Cd oleate synthesized here was 

17.5% Cd (calculated for Cd(C18H33O2)2: 16.6%) and the PbS NCs were 83.5% Pb 

(calculated for PbS and Pb1.25S: 86.6% and 88.9%, respectively). With these measured 

concentrations of Pb and Cd, the elemental ratio Cd:Pb used in the experiments is 

actually about 1.16. Sulfur could not be quantified in our analysis due to a high and 

variable blank value, the contaminant source of which we could not identify; thus, the 

agreement of our elemental analysis with calculated values is not ideal. However, a 

qualitative check of the absorption of the sample using a silicon PIN diode found the 

measured absorption to be in reasonable agreement with the values in the table. No 

absorption correction is necessary for this degree of sample transparency. 
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Notes on data quality 

Substantial instrumental broadening in experiment 1 occurred due to the non-

negligible thickness of the sample capillary (3.2 mm) compared to the sample-to-

detector distance (140 mm). Because diffracted beams originate from each point along 

the intersection of the direct beam with the sample, the Debye-Scherrer cones 

comprising the diffraction pattern are smeared radially (relative to the beam axis) and 

the width of the rings on the detector face increases with diffraction angle. This 

broadening is shown for the CeO2 powder sample in Figure 4.A.7. 

Additionally, two types of scatter are observed in the experimental 

measurements. First, we attribute the noise level in intensity ratios at high temperature 

and long reaction times (Figure 4.3 and 4.A.2) and the (200) peak position (Figure 4 

and 4.A.3) to limitations in the solvent background subtraction and peak-fitting 

procedure (see below). The quality of the fit at high values of I111/I200 is relatively 

insensitive to the intensity of (200) (which also overlaps with the impurity peak and 

with the tail of (111)), and changes in (200) intensity are correlated to a certain extent 

with changes in peak width and position and background level. As a result, the 

apparent parameter value at the minimum in the goodness-of-fit measure can vary 

significantly. The second source of noise is the apparent serrations in the data, 

especially at low temperatures, in Figure 4.4. We attribute these to the non-linear 

response of the ADSC Quantum 270 detector, which in qualitative tests had a reduced 

response at high photon flux (its dynamic range saturating at 216 or five orders of 

magnitude). As a result, as the beam intensity changes due to run-down and top-up of 

the synchrotron electron beam, the detector reading changes in a non-linear manner. 

This is confirmed in the lack of such serrations in the data from the second experiment 

with the Eiger 1M detector, which we found to have a linear response at any exposure 

time used here. 
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Data reduction 

Cation exchange systems pose significant difficulties for in-situ XRD 

experiments. Even at the relatively high x-ray energies and concentrations of NCs, the 

strongest scattering arises from the carrier solvent, in this case ODE, and the oleate 

ligands used to dissolve Cd2+, leading to a high background signal. While liquid 

hydrocarbons have a relatively simple solution structure,81 we find that the solvent 

background in the x-ray cell could not be described by a linear combination of signals 

from “pure” reference components, i.e., pure ODE and pure ODE/Cd oleate solutions. 

This is unsurprising in light of the high concentrations of PbS NCs and Cd oleate used 

in the experiment (about 10 wt% total); nanoparticles induce significant changes in 

their local solvent structure,82 and the solution structure of Cd oleate, which forms a 

mesophase at high concentrations, is poorly defined.83, 84 Fluorescence from cadmium 

(K edge energy 26.7 keV) also contributes to the observed intensity for experiment 1. 

No correction for absorption or multiple scattering was applied (see above). 

In both experiments, flat-field corrections were applied by the detector 

software. Dark current correction was not applied. The frames from each experiment 

were azimuthally integrated using pyFAI 0.15.085 and the resulting 1D patterns were 

curve-fitted using GSAS-II86 after subtraction of the empty stage background and the 

pure ODE background (the latter weighted by 0.9). In the absence of more 

sophisticated treatments, we have limited fitting of the data to ranges enclosing the 

three strongest reflections from PbS/CdS. The fitting ranges consisted of two windows 

to avoid over-fitting the background, with the first enclosing the (111) and (200) peaks 

and the second enclosing the (220) peak. Within each window, the peaks could be 

reasonably well-fit with Lorentz line shapes overlaid on a linear background. 

For experiment 2, the data at first appeared to exhibit some unphysical 

behaviors. At late times in the experiment the measured peak centers would eventually 
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move to diffraction angles larger than the estimated positions corresponding to bulk 

zincblende CdS. We examined the possible sources of error in this system, and we 

believe that this effect arises from a small difference between the sample-to-detector 

distances, d, for the samples (enclosed in capillaries) relative to the standard (a thin 

layer enclosed in flexible Kapton foil, used because CeO2 loaded into the sample 

capillary was opaque to 19.7 keV x-rays in this experiment). Adjusting the wavelength 

λ during conversion of the scattering angle to Q shows that using a wavelength of 

0.632 Å (0.48% larger than the normal value of 0.629 Å) returns the measured Q220 at 

long times for the experiment at 200° to a physical value of less than the reference 

position for CdS (zincblende). Within the small angle approximation for the Bragg 

angles, θ, λ1/λ2 ≈ θ1/θ2 ≈ d1/d2, so the deviation in wavelength is identical to the 

deviation in effective sample-to-detector distances. The nominal distance is about 150 

mm, so that the possible error in the detector distance is about 0.7 mm, which is 

comparable to the diameter of the sample capillary. We suggest that flexing of the 

CeO2-loaded Kapton foil could lead to a distortion of this order of magnitude. 

Therefore, for experiment 2 we converted the peak positions to Q using a wavelength 

of 0.632 Å, which is reflected in the results for all applicable figures. However, this 

correction has little to no effect on the derived chemical diffusion coefficients. 

 

4.A.3. Computational and other results and procedures 

 

Debye simulations 

XYZ files for the atomic positions of Pb, Cd, and S in PbS or PbS@CdS NCs 

were created by generating slabs of PbS or CdS with the appropriate lattice constant 

(5.94 Å or 5.81 Å). These were generated using the same set of basis vectors so that 

the S sublattices were otherwise fully commensurate: (0 0 0), (½ ½ 0), (½ 0 ½), and (0 
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½ ½). The basis for PbS was (0 0 0) (S) and (0 0 ½) (Pb); the bases for CdS was (0 0 

0) (S) and (0 0 ½) (Cd, rocksalt) or (¼ ¼ ¼) (Cd, zincblende). A PbS core with radius 

rcore was obtained by removing atoms in the PbS slab further than rcore from the origin. 

For the CdS shell, atoms closer to the origin than rcore and further from the origin than 

rcore+tshell were removed. For particles of consistent diameter, rcore+tshell was fixed at 35 

Å. The models thus comprise about 7000 atoms. Patterns were obtained for tshell from 

0 to 34 Å. The simulations were carried out using the program Debyer (available 

through https://debyer.readthedocs.io/en/latest/ as of December 2018). The step size 

was 0.001 degrees, the simulated wavelength was 0.3875 Å, and the bin size 

(quantum) for the interatomic distance histograms was 0.001 Å. Lorentzian functions 

were fitted to the data to obtain peak positions, widths, and intensities using GSAS-

II.86 

 

Other characterization 

To prepare small samples of exchanged NCs for TEM and Raman analysis, an 

exchange experiment identical to the XRD experiments above was run off-line in the 

laboratory outside of CHESS, with the sample capillary (experiment 1 configuration) 

being inserted into the preheated (120 or 200 °C) sample stage for the appropriate 

amount of time (60, 300, or 3600 s). After quick removal from the stage, the solution 

was diluted with a small amount of hexane, and the NCs were cleaned twice using 

acetone as counter-solvent and hexane as solvent. 

High-resolution TEM was carried out on an FEI F20 at 200 keV. Samples were 

drop-cast from hexane solutions onto carbon-coated copper grids and cleaned with an 

O2 plasma (Fischione Model 1020) for 5 s before insertion into the microscope. The 

Fourier transforms in Figure 4.7 were obtained using Gatan DigitalMicrograph 3 and 

have been enhanced using a Wiener filter via the HRTEM filter script provided by 
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D.R.G. Mitchell (as of December 2018, available through 

http://www.dmscripting.com/hrtem_filter.html). This image was further processed 

using a Gaussian filter and contrast enhancement to give the cartoons shown as guides 

for the eye. 

Raman spectra were acquired using a Renishaw InVia confocal Raman 

microscope with an excitation wavelength of 488 nm (Ar-ion laser). Hexane solutions 

of NCs at varying stages of exchange were drop-cast on single-crystal silicon 

substrates. 

 

Density functional theory calculations 

Density-functional calculations were performed with the Vienna Ab-initio 

Software Package (VASP)87-90 using the PBE exchange-correlation functional91 and 

the projector augmented wave method.92, 93 The Brillouin zone integration was 

performed using a Monkhorst and Pack k-point mesh.94 3x3x3 k-points meshes were 

employed for all structural relaxations and nudged-elastic band (NEB) calculations.95 

The kinetic energy cutoff for the plane wave basis was set to 400 eV and the 

corresponding cutoff energies for the augmentation functions were set to 650 eV for 

all our calculations. POSCAR files used in our calculations were obtained from the 

Materials Project Website.96 On relaxation with DFT, we find the lattice constants for 

the bulk phases to be: PbS, 6.00 Å; CdS(rs), 5.51 Å; and CdS(zb), 5.94 Å. We also 

calculated the formation energies for CdS(rs) (-0.84 eV) and CdS(zb) (-0.97 eV), 

using Cd and S as references, to confirm that CdS(zb) is the more stable phase at zero 

applied pressure. We use Kröger-Vink notation72 to describe the point defects in the 

tables below (Tables 4.A.3-4). 

A cell having the (100) orientation was made with 5 monolayers of PbS. To 

calculate interface energies, additional monolayers of CdS(rs) and/or CdS(zb) were 
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added to form cells with the composition PbS5-CdS(rs)m-CdS(zb)n, where m = 0-4 and 

n = 0-2. The bottom three PbS layers were fixed to the bulk lattice parameter 

calculated above, and only the CdS layers and the top two layers of PbS were allowed 

to relax during optimization. We calculate interface energies as follows: 

𝐸 − 𝑛 ∙ 𝐸 − 𝑛 ∙ 𝐸

2𝐴
 (4.12) 

nPbS or nCdS are the number of PbS or CdS layers in the slab, respectively; EPbS
ref  

or ECdS
ref are the reference energies of the stable bulk phases; A is the surface area of the 

interface, in Å2; and Estruct is the energy of the mixed-phase slab being considered. An 

example of a slab geometry is shown in Figure 4.A.9a. 

 

Table 4.A.2. Results of density functional theory calculations for surface energies, in 

meV Å−2, of PbS slabs capped with varying numbers of CdS(rs) and CdS(zb) 

monolayers. Also shown are the equivalent energy added per monolayer of CdS 

regardless of phase in meV Å−2. 

Layers 
(100) Surface energy 

per CdS 
monolayer PbS CdS(rs) CdS(zb) 

5 0 0 24.06  
  1 86.26 86.26 
  2 133.60 66.80 
 1 0 68.55 68.55 
  1 126.19 63.10 
  2 161.49 53.83 
 2 0 88.51 44.26 
  1 154.28 51.43 
  2 190.65 47.66 
 3 0 112.09 37.36 
  1 175.96 43.99 
  2 209.02 41.80 
 4 0 137.93 34.48 
  1 201.96 40.39 
  2 234.39 39.07 
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Table 4.A.3. Enthalpies of formation ΔHf, in eV atom−1, for neutral point defects in 

PbS, CdS(rs), and CdS(zb) calculated using DFT. 

Defect type Formula* ΔHf, PbS ΔHf, CdS(rs) ΔHf, CdS(zb) 

Vacancy 
𝑉  2.06   
𝑉   2.36 4.13 

Substitutional 
𝐶𝑑  0.38   
𝑃𝑏   0.19 0.80 

Substitutional-
vacancy pair 

𝐶𝑑 + 𝑉  2.49   
𝑃𝑏 + 𝑉   2.17 3.73 

Interstitial 

𝑃𝑏 , 𝑇  2.52 3.59 3.50 
𝑃𝑏 , 𝑂    3.83 
𝐶𝑑 , 𝑇  1.60 1.53 2.40 
𝐶𝑑 , 𝑂    2.37 

Schottky 
𝑉 + 𝑉  2.12   
𝑉 + 𝑉   1.09 3.14 

Frenkel 
𝑉 + 𝑃𝑏 , 𝑇  2.97   
𝑉 + 𝐶𝑑 , 𝑇   2.29 3.62 
𝑉 + 𝐶𝑑 , 𝑂    3.10 

* Td = tetrahedral interstitial; Oh = octahedral interstitial. 

 

Table 4.A.4. Results of density functional theory calculations for diffusion barriers 

(ΔHf, enthalpy of formation; ΔHm, enthalpy of migration; ΔHdiff, total activation 

enthalpy of diffusion), in eV, of neutral point defects in PbS, CdS(rs), and CdS(zb). 

 PbS(rocksalt) CdS(rocksalt) CdS(zincblende) 

Defect ΔHf ΔHm ΔHdiff ΔHf ΔHm ΔHdiff ΔHf ΔHm ΔHdiff 

𝑉  2.49 0.29 2.78 2.36 0.71 3.07 4.13 0.95 5.08 

𝑉  2.06 1.64 3.70 2.17 1.20 3.37 3.73 1.68 5.41 

𝐶𝑑  1.60 0.83 2.43 1.53 0.64 2.17 2.37 0.31 2.68 

𝑃𝑏  2.52 1.11 3.63 3.59 0.07 3.66 3.50 0.75 4.25 

 

 



200 

4.A.4. Kinetic parameter determination 

Simultaneous kinetic parameters for stages A and C. We attempted to describe 

the (220) peak position, Q220, over the entire experimental time by nonlinear least 

squares fitting to the following function of time (t), or a sequence of pseudo-first-order 

reactions (Table 4.A.5): 

𝑄 = 𝐶 + 𝐴 exp −
𝑡

𝜏
(4.13) 

Where C is a constant and Ai and τi are the amplitude and relaxation times of 

the two processes (A and C). Although the curves may be individually well-fit by the 

function and both A and C appear to have the expected positive activation energies, 

the extracted rate constants show far too much scatter in the Arrhenius plot (Figure 

4.A.13a) for an extracted Ea to be meaningful. The scatter is especially pronounced for 

the slower of the two processes because the noise in the data, combined with their 

extremely small slope, introduces large uncertainties in the estimated k. 

 

Table 4.A.5. Parameters for the double-exponential fit to the value of Q220 in Figures 

4.4 and 4.A.3. 

Experiment 
Temp., 

°C 
C, Å−1 A1, Å−1 τ1, s A2, Å−1 τ2, s 

1 120 3.004 -0.0166 101.5 -0.0041 14786.5 
 150 3.023 -0.0153 82.0 -0.0221 81206.6 
 180 3.052 -0.0065 7160.6 -0.0505 7160.6 
 200 3.053 -0.0163 11.2 -0.0530 1166.0 

2 100 3.001 -0.0057 227.5 -0.0133 24181.8 
 120 3.004 -0.0101 57.5 -0.0138 5072.0 
 140 3.006 -0.0126 69.2 -0.0100 13535.1 
 160 3.019 -0.0133 26.1 -0.0246 11877.5 
 180 3.054 -0.0163 90.7 -0.0478 7019.5 
 200 3.056 -0.0248 60.7 -0.0465 1643.1 

 

We also attempted a second-order-like rate law fit (Table 4.A.6): 
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𝑄 = 𝐶 +
𝐴

1 + 𝐴 𝑘𝑡
(4.14) 

With A0 being another constant (assuming Q220 is proportional to the total 

fractional conversion plus an offset) and k being the rate constant. Again, whether or 

not a given curve may appear to be well-described by this function, the Arrhenius plot 

(Figure 4.A.13b) makes clear the function is not suited to modeling the kinetics of the 

exchange reaction, even over restricted temperature ranges for A or C. 

 

Table 4.A.6. Parameters for the second-order rate law fit to the value of Q220 in 

Figures 4.4 and 4.A.3. 

Experiment Temp., °C C, Å−1 A0, Å−1 k, Å−1 s−1 

1 120 3.003 0.0193 0.45391 

 150 3.017 0.0176 0.00229 

 180 3.071 0.0761 0.00167 

 200 3.058 0.0672 0.02605 

2 100 3.002 0.0163 0.00578 

 120 3.005 0.0176 0.02489 

 140 3.005 0.0136 0.02775 

 160 3.024 0.0311 0.00336 

 180 3.061 0.0616 0.00362 

 200 3.059 0.0626 0.02631 

 

Kinetic parameters for stage A 

We described the temperature dependence of the (220) peak position, Q220, at 

early times by nonlinear least squares fitting to the following function of time (t): 
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𝑄 = 𝐶 + 𝐴 ∙ exp −
𝑡

𝜏
(4.15) 

Here C and A are constants and τ is the relaxation time or the inverse of the 

rate constant k. We chose to fit only times up to about the first 1000 seconds. We see 

that at T > 160°C, where the diffusion process begins very early, τ increases sharply, 

indicating that layers of the particle below the surface are also undergoing exchange 

and that the rate constant no longer reflects the surface-only reaction. 

 

Table 4.A.7. Exponential-fit parameters for the value of Q220 at short times in Figures 

4.4 and 4.A.3. 

Experiment Temp., °C Time, s C, Å−1 A, Å−1 τ, s 

1 120 1214 2.9995 -0.0163 87.4 

 150 1170 2.9996 -0.0148 41.6 

 180 1173 3.0006 -0.0159 15.6 

 200 423 3.0122 -0.0265 54.4 

2 100 1022 2.9880 -0.0059 188.8 

 120 1036 2.9910 -0.0106 68.8 

 140 982 2.9949 -0.0130 52.0 

 160 981 2.9945 -0.0135 25.4 

 180 974 3.0101 -0.0189 139.0 

 200 980 3.0244 -0.0345 155.0 

 

Table 4.A.8. Arrhenius parameters for the rate constants of Table 4.A.7. 

Temperature 

region, °C 

Q, kJ mol−1 

(eV) 
k0, s−1 

100-160 41 (0.42) 2.83∙103 
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Interdiffusion coefficient extraction 

Diffusion models make use of the conversion fraction X (fraction of the 

particle converted to CdS), which is approximated here as: 

𝑋 =
𝑄 , − 𝑄

𝑄 , − 𝑄 ,

(4.16) 

Q220 is the present (220) peak center and Qi,220
0  is the reference (220) peak 

position for species i, which is CdS (zincblende phase) or PbS. 

 

Fick’s law model 

The experimental data, in general, deviate significantly from model curves 

calculated using Fick’s second law. However, the time scale of a “diffusion-

equivalent” process can be determined by calculating the effective chemical diffusion 

coefficient needed to produce a degree of exchange X at time t. We pose the problem 

of cation exchange as the diffusion-limited loss of Pb from a spherical particle, for 

which the analytical solutions of Fick’s second law are given by Crank (§6.3).64 The 

fractional completion of the reaction has already been given as Equation 4.6. 

From the experimental curves (Figures 4.4 and 4.A.3) we chose X and t which 

correspond to the maximum observed extent of exchange (the end of the observation 

period) for T = 100-160°C and an X of about 0.8, where the reaction rate begins to 

decrease due to loss of Cd, for T = 180-200°C. We calculated terms up to n = 40. X 

can be calculated at time t given a diffusion coefficient Dth and a particle radius (3.55 

nm). We then estimated D̃ to one decimal place by adjusting Dth to match the X 

calculated by the above equation to the experimental value of X.   
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Table 4.A.9. Parameters from extraction of effective diffusion coefficients using 

Fick’s second law. 

Experiment Temp., °C Time, s Value of X Est. D̃, cm2s−1 

1 120 42395 0.178 9.1∙10−21 

 150 50280 0.308 2.5∙10−20 

 180 7713 0.639 9.4∙10−19 

 200 1611 0.738 6.8∙10−18 

2 100 48151 0.112 3.1∙10−21 

 120 58432 0.185 7.2∙10−21 

 140 52032 0.255 1.6∙10−20 

 160 25159 0.383 8.2∙10−20 

 180 9231 0.739 1.2∙10−18 

 200 2082 0.787 6.5∙10−18 

 

Shrinking-core model 

The shrinking-core model66 was also used to estimate the interdiffusion 

coefficient D̃. For diffusion-controlled conversion of a spherical particle the following 

relationship holds as a function of time t, the right-hand side of which is calculated to 

linearize the conversion data: 

𝑡

𝜏
= 1 − 3(1 − 𝑋) + 2(1 − 𝑋) (4.17) 

The value τ, the total time to conversion, is related to the diffusion coefficient: 

𝜏 =
𝜌 𝑅

6𝐷𝐶
(4.18) 
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ρCdS is the atomic density of Cd for CdS, R is the overall nanocrystal radius 

(3.55 nm), and CCd is the concentration of Cd in solution. D̃ is in nm2s−1. Some ad-hoc 

assumptions must be applied to calculate D̃ by this approach. The value for ρCdS, 

assuming that the lattice parameter is the same as zincblende CdS (0.581 nm) and that 

Z = 4, was estimated to be: 

𝜌 =
4 𝑎𝑡𝑜𝑚𝑠

(0.581 𝑛𝑚)
≈ 20.395 𝑎𝑡𝑜𝑚𝑠 ∙ 𝑛𝑚  

The Cd(oleate)2 has a molar mass of about 675.318 g mol−1 and makes up 

approximately 7.5 wt% of the solution during cation exchange, PbS NPs make up 2.5 

wt%, and ODE makes up the balance. The Cd oleate density was estimated to be the 

weighted average of the densities of cadmium (8.6 g cm−3) and oleic acid (0.89 g 

cm−3) giving 2.18 g cm−3. The density of the PbS NPs was taken to be the same as the 

bulk solid, or: 

4 𝑎𝑡𝑜𝑚𝑠 ∙ 239.3 𝑔 ∙ 𝑚𝑜𝑙

(0.594 𝑛𝑚) ∙ 6.022 ∙ 10  𝑎𝑡𝑜𝑚𝑠 ∙ 𝑚𝑜𝑙
= 7.58 𝑔 ∙ 𝑐𝑚  

The density of ODE is 0.789 g cm−3. Therefore, the average density of the 

solution is 1.06 g cm−3. The initial concentration of Cd, CCd
0 , in the solution is then: 

𝐶 =
0.075 ∙ 1.06 𝑔 ∙ 𝑐𝑚

675.318 𝑔 ∙ 𝑚𝑜𝑙
∙

6.022 ∙ 10 𝑎𝑡𝑜𝑚𝑠 ∙ 𝑚𝑜𝑙

10 𝑛𝑚 ∙ 𝑐𝑚
≈ 0.0711 𝑎𝑡𝑜𝑚𝑠 ∙ 𝑛𝑚  

However, given the large driving force for the cation exchange reaction, the 

effective concentration of Cd could plausibly be much higher. If we assume that the 

concentration of Cd is actually equal to the atomic density of Cd in CdS (as in a thin 

surface layer), then CCd
0  takes the value of ρCdS = 20.395 atoms nm−3 above. This 

approximation also avoids the difficulty with accounting for the changing 

concentration of Cd in solution. 
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1/τ is given by the slope m of the linearized conversion data, which in the 

absence of any other process follows a straight line from 0 to 1 over the time interval 0 

to τ. Therefore, D̃ is calculated from the linearized data as follows: 

𝐷 = 𝑚
𝜌 𝑅

6𝐶
(4.19) 

To obtain the slope by extrapolation of the kinetics at short times (and thus 

nearly constant CCd), points up to a given time (the “limit”) were fitted to a straight 

line having an intercept at (t, X) = (0, 0). The time window over which the linearized 

data were fitted, the values for the estimated slope, and the corresponding D are given 

in Table 4.A.10. The windows over which D̃ was determined are also shown 

graphically in Figure 4.A.14. If CCd
0  is equal to ρCdS as mentioned above, we find that 

the values for D̃ obtained in this way are in good agreement with those calculated 

using Fick’s second law. This is consistent with our observation that the driving force 

for cation exchange is large and therefore that any incoming Cd should immediately 

replenish the layer at the surface. 
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Table 4.A.10. Shrinking core model parameters for determining the chemical 

diffusion coefficient. 

Expt. Temp., °C Limit, s Linearized slope, s−1 D̃, cm2s−1 

1 120 42395 3.709∙10−7 7.79∙10−21 

 150 50280 7.439∙10−7 1.56∙10−20 

 180 1784 1.341∙10−5 2.82∙10−19 

 200 423 1.218∙10−4 2.56∙10−18 

2 100 48151 9.184∙10−8 1.93∙10−21 

 120 58432 2.989∙10−7 6.28∙10−21 

 140 52032 4.026∙10−7 8.46∙10−21 

 160 25159 2.314∙10−6 4.86∙10−20 

 180 17065 3.079∙10−5 6.47∙10−19 

 200 4893 1.572∙10−4 3.30∙10−18 

 

Table 4.A.11. Reference data points for self-diffusion coefficients in materials given 

in Figure 4.10. 

 Upper bound Lower bound 

Region 

label 

T range, 

°C 
Ref. 

Ea, 

eV 

D0, 

cm2s−1 

T range, 

°C 
Ref. 

Ea, 

eV 

D0, 

cm2s−1 

Li/Cu in 

CdS 
620-960a 67 0.68 3∙10−6 146-400b 67 0.96 2∙10−3 

Pb in PbS 500-800c 68 1.01 5.5∙10−7 500-800d 68 1.52 8.6∙10−5 

Cd in CdS 700-850 67 1.85 5.8∙10−2 500-700 67 2.67 6.72∙102 

a for Li impurity in CdS. b for Cu impurity in CdS. c for non-stoichiometric PbS1+x. d 

for stoichiometric PbS. 
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Table 4.A.12. Arrhenius parameters for the chemical diffusion coefficients of Tables 

4.A.2,3. 

 Ea, kJ mol−1 (eV) D̃0, cm2s−1 

Temperature 

region, °C 
Fick 

Shrinking-

core 
Fick 

Shrinking-

core 

140-200 174 (1.81) 164 (1.71) 1.1∙102 3.3∙100 

 

 

4.A.5. Supporting figures 

 

 

Figure 4.A.1. PbS nanocrystals before cation exchange. XRD (in the in-situ 

experimental cell) at left; TEM at right. NCs with 7.1±0.4 nm diameter were used for 

the experiments from the main text figures. The NCs are nearly monodispersed and 

approximately spherical and stable under the experimental conditions. 
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Figure 4.A.2. Intensity ratio I111/I200 of the first two diffraction peaks (111) and (200) 

during cation exchange of PbS to CdS (second experiment). Notation is as in main 

Figure 4.3. Inset is an expanded scale of the two lowest-temperature runs showing 

that I111/I200 clearly decreases steadily at 100°C, while at 120°C I111/I200 reaches a 

minimum of about 0.85-0.87 at ca. 400-500 s. 
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Figure 4.A.3. Fitted (111), (200), and (220) peak positions from in-situ XRD data for 

the cation exchange of 7 nm PbS NCs to CdS (second experiment). Notation is as in 

Figure 4.4. At even lower temperatures (100°C) stage A becomes significantly 

slower, such that a clear maximum in the initial shift of (200) to larger angles can be 

seen. 
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Figure 4.A.4. From right to left: Contaminant position, intensity, and width from 

experiment 1 (top) and experiment 2 (bottom). For position measurements, the line 

indicates the bulk position of CdO(111) (JCPDS 00-005-0640); for intensity 

measurements, the open symbols give the integrated intensities of (111) (solid line) 

and (200) (dotted line); and for width measurements the open symbols indicate the 

value for (200). 

 

Figure 4.A.5. Results for the peak integrated intensity ratio, I111/I200, from fitting of 

Debye simulations of PbS@CdS core-shell NCs. For a zincblende CdS shell, I111/I200 

increases nearly monotonically. For a rocksalt shell, I111/I200 decreases monotonically 

instead. 
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Figure 4.A.6. Extracted peak widths for the cation exchange runs from experiment 2 

for (111) (light-), (200) (medium), and (220) (dark-colored) reflections. Notation is as 

in Figure 4.5. Because this experimental setup used a thinner sample, apparent peak 

width decreases. 

 

 

Figure 4.A.7. (a) Instrumental broadening increases the apparent width of PbS lines in 

experiment 1, which uses a 3.2 mm diameter capillary, versus experiment 2, which 

uses a 1.1 mm capillary. (b) Example of instrumental broadening of CeO2 lines 

imposed by using a 3.2 mm capillary (experiment 1) versus a thin layer sandwiched 

between Kapton foil (experiment 2). 
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Figure 4.A.8. Results for peak width from fitting of Debye simulations of PbS@CdS 

core-shell NCs (simulated λ = 0.3875 Å). In accordance with experimental 

observations in Figures 4.5 and 4.A.4, the widths of (111) and (200) greatly exceed 

that of (220) when CdS adopts the zincblende phase. However, the width of (220) is 

practically unaffected by the crystal phase of CdS. 

 

 

Figure 4.A.9. (a) Example of geometry used during DFT calculations for the (001) 

surface energy. The composition corresponds to 5 monolayers of PbS, 2 monolayers 

of CdS(rs), and 2 monolayers of CdS(zb) [ PbS5-CdS(rs)2-CdS(zb)2 ]. Yellow atoms: 

S; gray atoms: Pb; purple atoms: Cd. (b) The energies of configurations of n CdS 

monolayers corresponding from 1-4 rocksalt layers and 1-2 zincblende layers show 

that the energy per monolayer added increases monotonically with the number of 

zincblende surface layers for the configuration explored here. 



214 

 

Figure 4.A.10. Unit cells of PbS and CdS showing their crystallographic relationship. 

The displacement vector R gives the relationship between the Cd and Pb sublattices 

(assuming commensurate S sublattices). One possible R is given by XCd - XPb = 

<-¼ ¼ ¼>, which is in the [1 1 1] family of directions. 

 

 

Figure 4.A.11. Raman spectrum of PbS NCs (bottom). Spectra are also shown for 

PbS@CdS nanocrystals in which the CdS shell was grown at 120° or 200°C for 3600 s 

(top), as in Figure 4.8b (laser power 100 mW). Assignments are as follows: (a) Pb-O 

stretching vibrations from photo-oxidized PbS, (b) S-O stretching vibrations from 

SO4
2− in photo-oxidized PbS, (c) zone center optical phonon in the silicon substrate, 

and (d) longitudinal optical phonon in zincblende CdS (up to third order). 
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Figure 4.A.12. Raman spectra of PbS@CdS nanocrystals in which the CdS shell was 

grown at 120° or 200°C for various times. In (a-d), the spectrum was recorded at a 

power of 10 mW before increasing the laser power 10-fold to thermally transform the 

CdS shell to the zincblende phase (b-d) or demonstrate the absence of any zincblende 

phase (a). In (e-f), the laser power was increased gradually from 0.1 mW to 

demonstrate that the zincblende phase existed in the NCs before any additional heating 

was applied. The sharp line at 520 cm−1 arises from the silicon substrate. 
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Figure 4.A.13. Arrhenius representation of extracted rate constants from whole-curve 

fitting of the (220) peak position showing poor linearity: (a) fit to sum of two 

exponentials with rate constants k1 (black) and k2 (red) representing a sequence of 

pseudo-first-order reactions; (b) fit to second-order rate law representing reaction of 

Cd ions in solution with random vacant sites in the NC without diffusion limitations. 

Closed points: data of Figure 4.4; open points: data of Figure 4.A.3. 
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Figure 4.A.14. Shrinking core model values for experiment 1 (top) and experiment 2 

(bottom). Left: full scale; right: expanded scale. The dashed lines indicate the slope 

obtained from the data (see Table 4.A.3) from which the diffusion coefficient was 

derived.
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CHAPTER 5 

5 ASSESSMENT OF SOFT LIGAND REMOVAL STRATEGIES: 

ALKYLATION AS A PROMISING ALTERNATIVE TO HIGH-TEMPERATURE 

TREATMENTS FOR COLLOIDAL NANOPARTICLE SURFACES * 

 

5.1. ABSTRACT 

 

Advances in nanocrystal syntheses over the past decades now enable routine 

manipulation of particle shape, size, and chemistry with unprecedented precision. 

Building on decades of knowledge in colloidal chemistry, researchers have created 

notable high-performance, low-cost energy conversion catalysts. However, in almost 

all cases, controlling the surface chemistry—in particular, to remove the surfactants 

used during the syntheses—is a challenge. Aggressive physical treatments such as 

thermal pyrolysis and plasma etching have become the methods of choice, but these 

aggressive treatments test the material’s phase and chemical stability. In this work, we 

analyze softer methods to post-synthetically remove surfactants using chemical 

treatments. We performed various surface treatments to deprotect colloidal 

nanocrystals of a well-known electrocatalyst, manganese oxide (Mn3O4), passivated 

with hydrophobic ligands. We employed a suite of characterization techniques 

(transmission electron microscopy, infrared spectroscopy, voltammetry, and 

thermogravimetric analysis) to evaluate their surface chemistry. Although the four 

studied treatments (bases, alkylating agents, Lewis acids, or heat) could remove nearly 

all organic ligands, the surface chemistries of the treated nanomaterials differed 

                                                 
* Adapted from the manuscript: Nelson, A.; Zong, Y.; Fritz, K.E.; Suntivich, J.; and Robinson, 
R.D., Assessment of Soft Ligand Removal Strategies: Alkylation as a Promising Alternative 
to High-Temperature Treatments for Colloidal Nanoparticle Surfaces. Under review at ACS 
Materials Letters. 
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significantly from treatment to treatment. These chemical differences arise from the 

reactions between the treatment agent and the surfactant or from side reactions of the 

agent with atmospheric water or carbon dioxide, leaving behind residues such as 

hydrolyzed ligand removal agent, metal hydroxide, and metal carbonate on the 

surface. From our study we find that treatment using alkylating agents is the most 

promising approach for soft room-temperature stripping of nanocrystal ligands, 

producing Mn3O4 with the highest electrochemical activity. 

 

5.2. INTRODUCTION 

 

The search for high-performance, inexpensive, and scalable catalysts for 

renewable energy storage and conversion is one of the biggest challenges facing the 

scientific community in the 21st century. Being a surface phenomenon, heterogeneous 

(electro)catalysis relies on a solid catalyst, whose surface chemistry still presents a 

formidable obstacle to optimization. In order to explain catalyst performance in terms 

of parameters such as particle size and surface orientation, well-defined model 

systems must be prepared: that is, nanoparticles with sharp size distributions and well-

defined shape must be isolated. Thus far, the best strategies for preparing size-

controlled nanoparticles have come from research on colloidal nanocrystals (NCs), 

where solution chemistry can tightly control morphology (size, shape, and surface 

orientation), stoichiometry, and electronic properties.1, 2 In addition to allowing size 

effects to be assessed, the monodispersity afforded by the NC syntheses can allow the 

assignment of activities to the specific crystal planes. 

Current NC syntheses require metal-binding surfactants, i.e., ligands, to control 

particle solubility, growth rates, and relative surface energies.3 For applications 

requiring pristine surfaces, the ligands (usually hydrocarbons functionalized with polar 
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head groups) must be removed, as otherwise they could interfere with the catalyst 

performance. For example, in electronic devices, the ligands are insulating and can 

prevent electron transfer to/from the particles.4-6 In catalysis, the ligands can block the 

catalysts from participating in the reaction.7, 8 While numerous protocols for physically 

and/or chemically removing ligands from NCs for have been studied, such as thermal 

annealing,9 ligand displacement through chemical treatment,10-12 ligand leaching into 

excess solvent,13 plasma cleaning,14, 15 and electrochemical activation,7, 16 their 

efficacies were often studied in isolation. As a result, it has been unclear how effective 

the removal methods are compared to each other. 

 

5.3. RESULTS AND DISCUSSION 

 

In this work, we compare four methods for ligand removal. We focus on post-

synthetic chemical treatments with inorganic base, alkylating agent, or Lewis acid, and 

with heat (Figure 5.1).  We term these procedures the “base,” “alkylation,” “Lewis 

acid,” and “thermal” methods, respectively. We focus on manganese(II,III) oxide 

(Mn3O4), a well-known electrocatalyst for several electrochemical reactions, as our 

model system. Mn3O4 and other Mn oxides has been investigated by many groups for 

their oxygen reduction reaction (ORR) and oxygen evolution reaction (OER) 

activity.17-22 Both ORR and OER are of critical importance to future renewable 

electrochemical energy technologies and have been exhaustively researched due to the 

lack of a suitable high-activity, low-cost replacement for Pt-based catalyst systems.23-

26 Mn3O4 and related Mn oxides have recently stood out among some of the possible 

candidates for Pt replacement.17-22 In addition to being inexpensive and nontoxic metal 

oxides, Mn oxides also have been targeted by nanoparticle synthesis groups, and 
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several colloidal synthesis approaches have been found.27-31 Mn-oxides are thus a 

relevant model system for our surface chemistry studies.  

We show through transmission electron microscopy (TEM) that the model 

oxide NC morphology and crystal phase are stable when treated with the four studied 

strategies. However, their surface chemistries are clearly different, as shown by 

infrared spectroscopy, cyclic voltammetry, and thermal analyses, implying each 

treatment is associated with a particular set of side reactions or surface changes. 

Thermal treatment is effective at cleaning off surface ligands; however, heat-treating 

the NCs also results in agglomeration of nanoparticles and loss in electrochemically 

active surface area. Chemical treatments with base and Lewis acid leave residual 

contaminants and blocking layers that can reduce effective surface area. Alkylation 

offers a way to avoid both thermal and chemical degradation, making it an effective 

treatment protocol for future studies on nanocrystal catalysts. Our systematic 

examination of post-synthetic chemical strategies for cleaning the NC surface provides 

a guideline on how to enhance the NC surface reactivity and emphasizes a need for 

surface characterizations to understand the nature of the NC surface chemistry beyond 

bulk parameters.  
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Figure 5.1. Schematic of surface treatments to remove ligands from metal oxide 

surfaces for electrocatalysis. Four popular ligand removal strategies were evaluated: 

bases (potassium hydroxide) displace ligands e.g., with hydroxyl groups; alkylating 

agents (triethyloxonium tetrafluoroborate) displace carboxylate ligands by 

esterification; Lewis acids (boron trifluoride as diethyl ether complex) form dative 

bonds with ligands; and heating in air (300°C) removes ligands by combustion. 

 

 The “base” method is the metathesis reaction between the carboxylate-

passivated surface and an inorganic base such as potassium hydroxide (KOH) in 

alcohol solution. 

 M(RCOO−) + OH− → M(OH−) + RCOO− (5.1) 

Here, R is a hydrocarbon group (C17H33 for oleate ligands used here). Reaction 

with small-molecule bases has been used for phase transfer of nanocrystals from 

nonpolar to polar solvents,12, 32 removal of ligands from NCs for electronic 

applications,4, 33 and in our own work for ligand stripping.34, 35 
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 In the second method, an alkylating agent is used to strip the ligands by 

esterification of the COO− moiety, for example by ethylation with triethyloxonium 

tetrafluoroborate (Et3OBF4):10 

 M(RCOO−) + Et3OBF4 → M(BF4
−) + Et2O + RCOOEt (5.2) 

 This method has been used for removing ligands from a variety of NC surface 

chemistries and for solubilizing hydrophobic NCs in polar solvents,10 but its impact on 

surface electrochemistry is unknown.  

 The third method, which has been used for the same purposes as the alkylation 

method, abstracts the ligands by reaction of the Lewis-basic carboxylate group with a 

Lewis acid, followed by displacement of the complex with solvent molecules. An 

example is the reaction of oleate-protected surfaces with boron trifluoride (as the 

etherate):11 

 M(RCOO−) + Et2O∙BF3 → M + Et2O + (RCOO∙BF3)− (5.3) 

Finally, ligands may be removed from NCs by combustion in air at high 

temperatures (>200°C, thermal method). This method has been frequently used for 

preparation of oxide electrocatalysts36-38 and for removing ligands from noble metal 

surfaces.7-9 While this method can be said to be a “gold standard,” the use of such 

extreme oxidizing conditions can strongly alter the surface chemistry of the NCs, as 

elevated temperature may induce unintended structural transitions and, in the case of 

multi-component NCs, alter compositional distributions. High temperatures may also 

affect particle morphology by sintering, thereby reducing the surface area,8, 9 and 

decompose a metastable phase, thereby preventing an exploration of novel 

electrocatalysts that may not necessarily be at the room-temperature ground state.34 

 To assess the impact of these methods on the surface chemistry and 

morphology of electrocatalytic materials, we synthesized colloidal Mn3O4 NCs by 

addition of water to manganese acetate in the presence of oleylamine and oleic acid in 
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xylene.27 For electrochemical testing, Mn3O4 NCs were dispersed on carbon black 

(Vulcan XC-72) in a 1:1 mass ratio by mechanically mixing the two in hexane,36 

producing a Mn3O4/C composite.39 All samples undergo one of the following ligand-

removal protocols: for the base procedure, samples were suspended in a 0.1 M KOH 

isopropanol solution at a concentration of 1-5 mg mL−1; for alkylation and Lewis acid 

treatments, samples were treated with a 1:1 mass ratio of NC or composite to ligand-

removal agent in acetonitrile; and for thermal treatment, samples were heat-treated in 

air at 300°C for 1 hr. Experimental procedures and materials are given in more detail 

in section 5.A.2. 

 TEM was used to determine effects on particle size and shape following 

treatment of the Mn3O4/C composites. TEM images of the Mn3O4/C composites show 

distinguishable spherical NCs atop the amorphous carbon support. No sign of shape 

change was observed in the studied treatments (Figure 5.2a, top). The as-synthesized 

narrow particle size distributions (~10% relative standard deviation = the standard 

deviation divided by the mean, Figure 5.2a, bottom) were maintained with little 

change in size. Although a small degree of faceting cannot be ruled out at this 

resolution, the Mn3O4 NCs appear to be stable after the ligand-removal processes. BF3 

treatment is an exception: a small decrease in diameter from 7.5 to 7.0 nm (20% 

decrease in particle volume) was observed. The mechanism by which metal oxides 

such as Mn3O4 would be dissolved in this way can be explained by considering that 

the proton may be produced by hydrolysis of BF3 if there were adventitious water in 

the atmosphere:40 

 4BF3 + 3H2O → 3HBF4 + B(OH)3 (5.4) 

Having shown that the NC morphology is stable, we next examine the crystal 

structure after each chemical treatment. MnOx can exist as a number of phases, 

including MnO, Mn5O8, Mn3O4, Mn2O3, etc.41-43 To determine the crystalline phase 
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we examined the selected area electron diffraction (SAED) patterns from the NC 

ensembles following ligand removal. To avoid the contribution from carbon, we 

prepared films of unsupported Mn3O4 NCs directly on the TEM grids and performed 

the ligand removal procedures on these films. SAED patterns from the as-prepared 

NCs are in good agreement with the tetragonal Mn3O4 hausmannite structure (JCPDS 

01-074-6605, Figure 5.2b). As we observed no change in the peak positions, we 

conclude that the phase of the NCs is stable in the presence of the ligand-removal 

agents used in this study. Interestingly, for alkylation and Lewis acid treatments, we 

observed a broad peak at an approximate momentum transfer Q = 1.23 Å−1, 

corresponding to an interplanar distance of d = 5.11 Å. Because this peak appears only 

with the alkylation (containing BF4
−) or Lewis acid (containing BF3) treatments, we 

suggest that hydrolysis of the boron fluoride species (which is known to occur over 

time when the storage conditions are imperfect40, 44) produces an amorphous residue 

contributing to scattering observed in SAED. However, we are not able to assign an 

exact structure to this feature at this time. 
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Figure 5.2. Transmission electron microscopy assessment of morphology and 

structure of Mn3O4 nanocrystals subjected to various treatments. (a) Nanocrystals 

supported on carbon in bright field TEM (BF-TEM, top) along with particle size 

distribution (PSD) histograms (N > 300) of measured particle diameters (bottom). 

Chemical or thermal treatment leaves morphology and size largely unaffected with 

one exception (Lewis acid). (b) Selected area electron diffraction (SAED) patterns 

from unsupported nanocrystals. Structure is likewise unchanged following treatment. 

The stick diagram gives the positions for bulk Mn3O4, hausmannite (JCPDS 01-074-

6605), and the dashed line shows a broad line at Q = 1.23 Å−1 (d = 5.11 Å). Curves 

have been offset for clarity. 

 

 We observe that alkylating agents or Lewis acids can etch unsupported Mn3O4 

NCs. Specifically, the diameter of the Mn3O4 NCs decreased from 6.9 nm to 4.8 and 

5.0 nm following the alkylation and Lewis acid exposure, respectively (Figure 5.A.1). 

The pronounced difference in the degree of etching between treatments of Mn3O4/C 

versus unsupported Mn3O4 is likely due to differences in the amount of Mn3O4 

present. We confirmed this by examining the aggregates produced from NCs treated in 

solution (Figure 5.A.2). In contrast to the NCs deposited directly on a grid, no change 



238 

 

in diameter was seen when ligand removal conditions were more similar to those used 

for preparing Mn3O4/C composites. It is apparent that when a very small amount of 

NCs on a TEM grid are treated by immersion in several mL of ligand-stripping 

solution, the excess of alkylating agent or Lewis acid is much larger than in the case of 

treatment of Mn3O4/C, where the composite is dispersed at concentrations of 1-5 mg 

mL−1.  The etching by the alkylation agent was unexpected, and we suspect that the 

etching may occur indirectly via the generation of acid following hydrolysis by 

adventitious water in the atmosphere:44 

 Et3O+BF4
− + H2O → Et2O + EtOH + HBF4

 (5.5) 

We did not observe any preferential etching along specific facets in Mn3O4 

NCs. As shown in the TEM images, the samples retained their original spherical 

morphology after the treatment. For the purpose of this work, the most important 

observation from TEM is that the shape and phase of NCs appear to be unchanged 

after the chemical treatment. Based on assessment of the particle size distributions 

(PSDs), we only observed a statistically significant change in size for treatment with 

Lewis acid (p-value ~ 10−15), while size differences were not significant for other 

treatments (see Table 5.A.1 for particle size statistics). Nonetheless, to exclude the 

possibility of etching and size change, scrupulously dry conditions and pure reagents 

must be used. Otherwise, side reactions of the alkylating agent or Lewis acid with 

adventitious water will produce acids that can dissolve the oxide NCs. 

To verify whether the treatments were able to remove the surfactant molecules 

tethered to the NCs, we utilize a common7, 10-12, 35 assay, Fourier transform infrared 

(FTIR) spectroscopy, to determine the presence or absence of absorption bands arising 

from these species. For Mn3O4/C composites, the strong absorption from the carbon 

support precluded an observation of the mid-IR region. As a result, the FTIR spectra 

from Figure 5.3a are given for unsupported NCs.  The major peak assignments are 
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given in Table 5.1. The 3000-2800 cm−1 band (feature 1) is important, as it 

corresponds to the C-H stretching vibrations for alkyl and alkene moieties.45 The 

absorbance in this region is an indicator of the overall surfactant content. In as-

synthesized (ligand-protected) NCs, peaks from the C-H stretching vibrations were 

readily visible (Figure 5.3a, left). As expected from a ligand removal process, all 

treatments drastically reduce the strength of the C-H peaks, indicating the removal of 

oleate groups, and the signals completely disappear in the case of thermal treatment. 

Based on this observation, the thermal treatment is likely the most aggressive for 

removing the organic content from the NCs. However, the generation of inorganic 

carbon from the pyrolysis cannot be ruled out.46 Since we did not observe the N-H 

stretching vibration band, we conclude that the oleylamine used in synthesis is 

removed during separation of the NCs from the solvent-surfactant mixture used during 

synthesis. 
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Figure 5.3. Surface chemistry of Mn3O4 nanocrystals subject to various treatments. (a) 

Fourier transform infrared spectroscopy of unsupported NCs, KBr matrix. Shown are 

the C-H stretching bands (left) and the lower-frequency skeletal and inorganic bands 

(right). Curves have been offset for clarity. For peak assignments, see main text. (b) 

Cyclic voltammetric characterization, with NCs supported on Vulcan XC-72. To show 

the reproducibility of the measurement, three electrodes are shown for each condition 

(lighter curves). 0.1 M KOH, Ar-saturated solution; 50 mV s−1 scan rate. 
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Table 5.1. Assignment of functional groups from infrared bands. U  = 

untreated Mn3O4 nanocrystals; B = base-treated; A = alkylation-treated; L = Lewis 

acid-treated; T = thermally treated. 
Feature 

No. 
Range, 
cm−1 

Width 
Absent 

in 
Strong in Assignment 

1 
3000-
2800 

sharp T U Aliphatic C-H stretch 

2 
1550-
1540 

broad T UB 
Asymmetric COO− 
stretch, carbonate 

3 
1430-
1410 

broad T UB 
Symm. COO- stretch, 

carbonate 

4 
1635-
1625 

broad UT U H-O-H bending 

5 
1310-
1300 

broad UBT L B-O stretch 

6 1084 
very 
sharp 

UBT AL 
BF4

− asymm. B-F 
stretch 

7 1200-800 
very 

broad 
UBT L O-H deformation 

8 805-795 sharp ULT - unknown 
9 625-615 broad - UBALT Mn-O lattice 

 

 The FTIR absorption bands at lower wavenumbers (Figure 5.3a, right) are 

consistent with residual inorganic species. Features 2 and 3 were observed in all 

samples with the exception of the thermally treated one. These features most closely 

correspond to the C-O vibrations from the carboxyl groups.45 Interestingly, in all 

chemically treated samples the C-O peaks remain prominent, even though the C-H 

stretching region indicates that nearly all aliphatic hydrocarbons from the oleate 

ligands have been removed. Therefore, we hypothesize that such features could arise 

from carbonate, CO3
2−. The particularly strong absorbance of these peaks in the base-

treated sample would appear to support this, as KOH is known to take up ambient 

CO2: 

 2OH− + CO2 → HCO3
− + OH− ↔ CO3

2− + H2O (5.6) 
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We assign features 4 (~1630 cm−1) and 7 to bending and deformation 

vibrations from adsorbed water.45 Both bands are most intense in the Lewis acid-

treated sample, indicating the presence of hydroxyl groups either from hydrolyzed BF3 

or adsorbed to the bare oxide surfaces. Additionally, we note that in the base-, alkyl-, 

and acid-treated samples these two peaks are inversely related to the strength of 

features 2 and 3. Therefore, we propose that carbonate and water (from the atmosphere 

or the product of the hydrolysis) competitively adsorb onto the NC surfaces. These 

“contaminants” form the bulk of the passivation layer on the unsupported NCs. 

Features 5 and 6 appear only in the alkyl- and Lewis acid-treated samples. 

Thus, we assign them to the B-F or B-O vibrations from unreacted and hydrolyzed 

borate species, respectively.45 The assignment of Feature 5 agrees well with the 

reported locations for the B-O stretching bands, while the very sharp feature 6 

originates from the stable tetrafluoroborate. A weak peak (feature 8) appears at low 

energies in both the base- and alkyl-treated samples; because the solution chemistries 

of these two treatments have no component in common, at present, we are unable to 

make an assignment to this peak, although it appears to be very minor. 

The features (9) at 620 cm−1 and lower frequencies are observed in all samples. 

This series of peaks corresponds to the infrared-active vibrational modes of the Mn3O4 

lattice, where the precise locations have been reported across a range of values in 

literature. Our peak positions of 625-610 and 525-505 cm−1 are in good agreement 

with the Mn3O4 hausmannite phase, which is consistent with the SAED results.42, 47, 48 

The asymmetric curvature of the baseline is suggestive of a Fano resonance as has 

been observed in microporous and other nanostructured oxides,49, 50 but identifying the 

origin of this resonance requires further measurements and is beyond the scope of the 

present paper. 



243 

 

In summary, our FTIR measurements show that all treatments examined are 

effective at removing surface alkyl groups; however, chemical treatments left behind 

various residues. First, carboxylate groups were apparent, suggesting that Mn3O4 NC 

surfaces react with CO2 in the atmosphere or solutions during treatment to form 

carbonates on the surface.51 Chemically treated surfaces also react with atmospheric 

water, as indicated by the observation of adsorbed hydroxyl groups. In the case of 

alkylation and Lewis-acid-treated NCs, we observe boron-containing residues, which 

may be detrimental to the electrocatalytic activity.  

To analyze the surface chemistry of treated NCs, we examined their surface 

electrochemical behaviors by testing the Mn3O4 redox couples52, 53 via cyclic 

voltammetry (CV) of the composite samples (Figure 5.3b). We prepared a NC ink for 

the composites from each treatment39 (see section 5.A.2). Three curves are shown for 

each treatment to show the reproducibility of the measurement. In general, two 

oxidation/reduction waves were observed ~0.95 and 1.05 V vs. the reversible 

hydrogen electrode (RHE) at pH ~13 (0.1 M KOH; see section 5.A.2 for the 

determination of this voltage54). We compare these redox features to assess the 

efficacy of the chemical treatment, specifically by integrating the charge underneath 

the redox waves to approximate the oxide electrochemically active surface area 

(ECSA). 

We normalize the integrated charge (ECSA) by the mass of Mn in the 

composite as measured by inductively coupled plasma optical emission spectrometry 

(ICP-OES). This metric controls for a possible catalyst-loading change that may occur 

during the surface cleaning. We observed that the chemically treated composites had a 

similar Mn content (approximately 35 wt%). However, the thermally treated Mn3O4/C 

was 60 wt% Mn. Because the carbon black used here is, by itself, thermally stable in 

oxidizing atmospheres well above 300°C, the observed carbon loss likely arises from 
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catalysis of carbon oxidation by the Mn3O4 NCs. A similar observation has been found 

with metals such as Pt, which can greatly lower the temperatures at which carbon 

supports begin to oxidize.55 The heat-treated Mn3O4 was found to still be well-

dispersed on the support by TEM, and the weight fraction of carbon remained large; 

thus, we do not expect that the loss of carbon significantly affects the conductivity and 

hence the electrochemical accessibility of individual Mn3O4 NCs. The specific charge 

calculations are given in section 5.A.2.  

The results of these determinations for all treatments are shown in Table 

5.A.2. Thermally-treated Mn3O4, despite producing the least contaminated surfaces by 

FTIR, showed the smallest specific charge (118±3 C g−1
Mn) of all treatments. This 

finding corroborates the common knowledge that while heat treatment can efficiently 

remove surface ligands, it can have undesirable side effects such as agglomeration and 

sintering of nanoparticles. As expected from the clean FTIR, thermally treated Mn3O4 

showed well-defined redox waves, indicating that the surface sites are clean. In 

comparison, the Mn3O4 NCs that underwent alkylation have the largest CV response 

(specific charge 222±4 C g−1
Mn) with redox features nearly identical to the CV of the 

thermally treated Mn3O4. This finding suggests that ligand detachment by 

esterification of the ligands produces a surface that is remarkably similar to that 

following the thermal treatment without causing agglomeration. 

Treatment with Lewis acid, BF3, produces Mn3O4 with similar CVs to those 

with alkylation- or thermally-treated Mn3O4, but the curves are less reproducible, as 

indicated by the varying shape of the CVs, and the specific charge (161±4 C g−1
Mn) is 

smaller than that for alkylating agent-treated NCs.  We conjecture that the Lewis acid 

treatment based on highly reactive BF3 produces more degradation products, which 

are difficult to remove following ligand stripping. The presence of these reactive 

species could alter the surface redox properties of Mn3O4 NCs. KOH treatment is not 
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as effective for exposing the oxide surfaces as the fluoroborate agents were; the 

specific charge was the least improved over thermal treatment.  KOH-treated Mn3O4/C 

also had a less well-defined wave structure, which indicates less-accessible redox 

sites. In sum, alkylating-agent-treated Mn3O4 had the highest specific charge and 

produced CV curves that were comparable to those of the thermal-treated Mn3O4, 

which indicates that the oxide surfaces were (1) free of contaminating passivants as in 

the base-treated case and (2) relatively free of reactive or blocking contaminants that 

were present following treatment with base or Lewis acid. The high ECSA of the 

Mn3O4 NCs following alkylation is also consistent with the FTIR results that showed 

that alkylation minimized contamination from carbonates and boron-containing 

species. 

We characterize the presence of the surface ligands (both organic and 

inorganic) by thermogravimetric analysis (TGA) of Mn3O4 NCs (Figure 5.4). NC 

powders were heated at 5 °C min−1 under flowing air atmosphere up to 550°C. The 

differing surface chemistries of the NCs following various treatments are clearly 

indicated by the dramatic variation in the TGA curves. Untreated Mn3O4 NCs undergo 

a single, rapid mass loss at ~180°C (Figure 5.4, green curve), which we assign to the 

decomposition of the organic layer. On the other hand, base-, alkylation-, and acid-

treated NCs lose mass more rapidly relative to untreated NCs at temperatures below 

about 150°C, probably owing to the slow desorption of the surface water/solvent 

molecules that remained as a result of the treatments. We note that we do not expect 

large amounts of surface water in untreated NCs; as shown by the absence of feature 4 

in Figure 5.3a (green curve), the amount of water in the hydrophobic untreated NCs is 

small. It has been previously reported that Mn carbonate, MnCO3, decomposes around 

200°C, but the reaction is relatively slow.48, 51 Decomposition of MnCO3 could also 
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contribute to the mass loss, because significant amounts of carbonate remain on the 

surface of the chemically treated NCs. 

The conventional thermal treatment appears to remove all volatile surface 

molecules, as the TGA measurements indicate that the NCs do not undergo any further 

mass loss once they are heated to 300°C, the temperature used for the thermal 

treatment. Among the treatments studied, the KOH treatment showed the least amount 

of mass loss in comparison to alkylation and Lewis-acid agent treatments. This 

observation does not necessarily mean that KOH was the most effective of the 

chemical treatments at surfactant removal; in fact, the CV and FTIR results indicated 

the opposite. We explain this observation of low mass loss by pointing out that it is 

also possible for residual products on the NC surface to react with oxygen and 

therefore show mass gains in TGA. Mn3O4 NCs treated with alkylation or Lewis-acid 

agents may have larger mass losses because the residues following treatment 

decompose to volatile products. Residues in samples treated by KOH may instead be 

oxidized to form involatile contaminants: KOH-treated Mn3O4 underwent a mass 

increase at 450-470°C, which can be assigned to an oxygen uptake.43 The increase in 

mass at higher temperatures is likely due to the decomposition of a reduced 

MnOx(OH)y phase (a hydroxide or oxyhydroxide) to pure Mn oxide at a critical 

temperature.  
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Figure 5.4. Thermogravimetric analysis in flowing air atmosphere of unsupported 

Mn3O4 nanocrystals subjected to various treatments. Samples were held at room 

temperature for 15 min, and then the temperature was ramped at 5 °C min−1 before 

being held constant at 550°C for 15 min. 

 

α-Mn2O3 (bixbyite) is the stable phase of Mn oxide in air at room temperature 

up to about 900°C, whereas MnO or Mn3O4 are only thermodynamically stable under 

reducing conditions.41 In the case of our Mn3O4 NCs, it appears this phase 

transformation is kinetically slow in our TGA experiment, as mass uptake is minimal 

after 250°C for all but the base-treated samples. In the case of KOH-treated Mn3O4, 

the base treatment likely resulted in a new oxide or oxyhydroxide layer that rapidly 

decomposed at around 450°C. Given that the KOH-treated NCs suffer an ECSA loss 

as measured by CV, this layer may be electrochemically inactive, which could be due 

to low electronic conductivity. The untreated NCs appear to already exist in their 

(kinetically) stable oxidation state up to at least 500°C before ligand stripping. This 
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kinetic stabilization seems to persist in the alkylation, Lewis acid, or thermal 

treatments, for which we did not observe any notable redox-state alteration. 

 

5.4. CONCLUSION 

 

In conclusion, we present a systematic evaluation of ligand-removal strategies 

for colloidal Mn3O4 NCs. We focus on treatments with bases, alkylation agents, Lewis 

acids, and heat. The effectiveness of each treatment is summarized in Table 5.2. TEM 

and SAED confirmed that the native oxide NC phases and morphology were stable 

following all treatments, although for Lewis acid and alkylation treatments a side 

reaction may occur to create acids that etch the NCs. All treatments were effective in 

removing the original ligands (oleate) as measured by the C-H stretching vibrations in 

FTIR. The reactions between the NC surfaces and the chemical reagents, however, 

leave residual water or metal hydroxides, carbonates, ligand-stripping reagent counter 

ions, and other degradation products. Alkylation-agent treatment produced the cleanest 

NC CVs, comparable to NCs processed by the “gold standard” thermal treatment.  

However, unlike heat-treated NCs, which had a reduced electrochemical surface area 

following NC sintering during heat treatment, the NCs undergoing alkylating-agent 

treatments did not agglomerate. Lewis-acid and KOH treated NCs showed a lower 

integrated charge density than for the case of alkylation. These two chemical 

treatments also showed lower reproducibility and poorly defined redox couples during 

voltammetry. TGA analysis showed that chemical treatments left some volatiles, 

likely bound water, carbonate, and side reaction products on the NC surface. For KOH 

treatment, TGA also indicated the likely presence of a partially crystallized oxide or 

oxyhydroxide layer. Consideration of the factors in Table 5.2 leads us to conclude that 

ligand removal by treatment with alkylating agents such as Et3OBF4 is the most 
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promising surface-cleaning method, since it produces surfaces as clean as the heat 

treatment without suffering from possible surface area loss or structure alteration. By 

establishing a new low-temperature cleaning method, our work provides an 

opportunity to revisit electrochemistry on colloidal redox-active oxide NCs that were 

previously untested because their ligands could not be removed without resorting to 

structurally detrimental high-temperature treatments.  

 

Table 5.2. Effectiveness of ligand removal procedures for various surface 

chemistry outcomes. Redox = specific charge; carboxyl removal = organic COO− or 

carbonate CO2
3−; volatiles = total loss after thermogravimetric analysis. 

Method Redox 
Carboxyl 
removal 

Bound 
H2O 

Volatiles 
removed 

Base     

Alkylation     

Lewis acid     

Thermal     

    

Most   Least 
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5.A. APPENDIX 

 

5.A.1. Funding and acknowledgments 

This work was supported in part by the National Science Foundation (NSF) 

under award number CHE-1665305. This work made use of the Cornell Center for 

Materials Research shared facilities, which are supported through the NSF MRSEC 

program (DMR-1719875). We also thank D. Zheng (Cornell Materials Science and 

Engineering) for experimental assistance and S. K. Giri (Cornell Biological and 

Environmental Engineering) for an elemental analysis. 

 

5.A.2. Materials and methods 

Manganese(ii) acetate (Mn(Ac)2, 98%), oleic acid (90%), oleylamine (98% by 

primary amine), xylene (>98.5% xylenes and ethylbenzenes), and boron trifluoride 

diethyl etherate (BF3·Et2O, >46.5% BF3), acetonitrile (anhydrous, >99.8%), and 

sulfuric acid (H2SO4, 99.999%) were obtained from Sigma-Aldrich. Triethyloxonium 

tetrafluoroborate (Et3OBF4, 1.0 M in dichloromethane) was from Alfa Aesar. Ethanol 

(99.5%, anhydrous) was from Decon Labs. Methanol (semiconductor grade, >99.9%) 

and nitric acid (HNO3, Aristar) were from BDH. Hexane (98.5%, ACS) was from 

EMD Millipore. Hydrogen peroxide (H2O2, 30%) was from Macron. Water (18.2 MΩ-

cm) was obtained from a Direct-Q system (Millipore). Carbon black (Vulcan XC-72) 

was obtained from the Fuel Cell Store. Reactions were performed in air except where 

otherwise specified. 

 

Synthesis of Mn3O4 nanoparticles 

The synthesis of Mn3O4 nanocrystals as starting materials followed a 

previously outlined procedure.27 An example is given here. To a round-bottomed 
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three-necked flask were added 60 mL xylene, 8 mmol oleic acid, 40 mmol oleylamine, 

and 4 mmol Mn(Ac)2. Two septa were added, and one was pierced with a 

thermocouple to control reaction temperature. An air-cooled condenser served to 

reduce evaporation losses; otherwise, the reaction was open to air. The mixture was 

heated to 90°C with magnetic stirring, whereupon 4 mL of water was added by 

syringe. After further reaction at 90°C for 3 h, the mixture was quenched by pouring 

into 400 mL ethanol, and the nanocrystals were obtained by centrifugation at 4400 

rpm. Further purification was effected by dissolving the nanocrystals in hexane (ca. 25 

mL total) followed by precipitation with ethanol (1:1 by volume) and re-

centrifugation. The nanocrystal precipitate was stored in hexane; its concentration was 

measured by drying a specific volume in a glass vial and weighing by difference. 

 

Catalyst loading and ligand removal 

The nanocrystals self-attached to carbon black in hexane without further 

treatment. 80-100 mg of carbon black was added to a centrifuge tube followed by an 

equal mass of Mn3O4 nanocrystals (in the corresponding volume of hexane). The mass 

concentration of the ligand-protected Mn3O4 was measured beforehand by drying an 

aliquot of solution in a glass vial and weighing by difference. The mixture was diluted 

with hexane to 40-50 mL and sonicated in a water bath for 1 h, followed by 

centrifugation. The resulting Mn3O4/C was dried under low vacuum (0.1 atm).  

To remove the oleate ligands by heat treatment, the dry Mn3O4/C powder was 

heated in air at 300°C in an oven for 1 h. 

To remove the ligands by alkylation10 or Lewis acid treatment11, the Mn3O4/C 

was suspended (1-5 mg mL−1) in acetonitrile in N2 atmosphere. An amount of 

Et3OBF4 solution or Et2O·BF3 was added containing an equal mass of reactive ligand, 

and the mixture was sonicated for 1-2 min before centrifugation. The mixture was then 



252 

 

brought into air to decant the supernatant, and the precipitate was washed once more 

with methanol by sonication followed by centrifugation. 

 

Characterization methods 

Bright field transmission electron microscopy (BF-TEM) images and selected area 

diffraction (SAED) patterns were acquired using an FEI Tecnai T12 microscope with 

an accelerating voltage of 120 keV. SAED calibration and integration was done using 

a script for circular Hough transform analysis in Gatan DigitalMicrograph 2.32. A 

double-exponential background was subtracted from the experimental patterns by 

fitting to baseline points estimated by eye in OriginPro 8.5. The camera length was 

calibrated for each SAED image separately using an evaporated Al standard (Electron 

Microscopy Sciences).  

Fourier transform infrared (FTIR) spectroscopy was performed using unsupported 

nanoparticles. For ligand stripping, the same procedure above was carried out except 

that an equivalent mass of NCs in hexane solution was added to the reactive chemical 

mixture or weighed out for heating. After isolation by centrifugation and washing with 

methanol, the NCs were dried under low vacuum overnight. The resulting powders 

were well-mixed by grinding in an agate mortar and pestle with infrared-grade KBr 

powder (International Crystal Laboratories) with an approximate ratio of 1 mg powder 

to 300-500 mg KBr. The mixture was compacted with a hydraulic press into a 5 mm 

pellet, and FTIR spectra were acquired in transmission mode. 

Inks were prepared by dispersing 3mg of Mn3O4/C (Mn3O4:C=1:1 by mass) 

composites in 2948.52 μL isopropanol/water (1:4 by volume, carrier) with addition of 

51.48 μL of 0.1M aqueous KOH neutralized Nafion® 117 solution as a binder to an 

ink concentration of 0.5 mgMn3O4 mL−1. The ink was then sonicated for 10 minutes 

using a probe sonicator. Subsequently, to improve the reproducibility of the cyclic 
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voltammograms, the concentrated ink was diluted by adding carrier to a final ink 

composition of 0.3 mgMn3O4/C mL−1 and 0.3 mgNafion mL−1. The diluted ink was 

dispersed using a probe sonicator for 10 minutes, and 10 L was deposited on a 

glassy carbon electrode (disk area=0.196cm2). The film was dried overnight in an ad-

hoc drying chamber consisting of an upturned beaker containing an open vial of 

isopropanol to increase the alcohol vapor pressure in the chamber.  

A Bio-Logic SP-300 potentiostat was used with a traditional three electrode cell (Pine 

Research Instrumentation) for all electrochemical characterization. The counter 

electrode was a platinum wire, while an Ag/AgCl reference electrode (Pine) was used 

with 0.1 M KOH as the supporting electrolyte. All reported potentials are referenced 

to the reversible hydrogen electrode (RHE) scale which was calibrated by measuring 

the onset voltage of hydrogen evolution/oxidation current on a polycrystalline 

platinum disk (Pine) in hydrogen (Airgas, ultra-high purity) saturated 0.1 M KOH.54 

Using this approach, we measured 0 V vs RHE to be -0.9807 V vs Ag/AgCl. All 

cyclic voltammetry measurements on the Mn3O4/C composites were conducted in 0.1 

M KOH saturated with argon (Airgas, ultra-high purity) at a scan rate of 50 mV/s. The 

electrochemically active surface area (ECSA) was calculated by subtracting the 

double-layer capacitance region from the cyclic voltammograms. Since the double-

layer capacitance slightly increases with voltage, two sloped lines were used to fit the 

double-layer region boundaries, and the ECSA was finally integrated based on the 

sloped lines. 

Thermogravimetric analysis (TGA) was performed using a TA Instruments Q50 

thermogravimetric analyzer. Approximately 1 mg of unsupported nanoparticles were 

added to a clean platinum pan and exposed to a 90 mL/min flow of oxygen (Airgas, 

medical grade). Each sample was then held at room temperature for 15 minutes, 

ramped at 5°C/min to 550°C, and held for 15 minutes. 
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The derived specific charge values were normalized to the mass of Mn in the Mn3O4/C 

composites, which was determined by inductively coupled plasma optical emission 

spectrometry (ICP-OES). 0.25-2.50 mg Mn3O4/C was weighed out in a glass vial, then 

1.5 mL H2SO4 was added. At room temperature with fast stirring, 0.5 mL H2O2 was 

very slowly added to the vial. Warning: The acid digestion mixture (piranha solution) 

is an extremely powerful oxidizer and should be used with great care; it becomes very 

hot after mixing at room temperature. After heating the mixture on a 150°C hot plate 

for 1 h, the carbon dissolved to give a dark solution. 2 mL HNO3 was slowly added 

and the solution was heated for 1 h, dissolving the carbon and any remaining solids to 

give a clear to very faint yellow solution. After cooling to room temperature, the 

digest was quantitatively transferred to a centrifuge tube with 1 mL additional HNO3 

and diluted to 50 mL with water. Finally, the mixtures were diluted with an 

appropriate amount of dilute nitric acid (proportions 1 mL HNO3 to 49 mL H2O) to a 

concentration of 0.4-0.6 mg L−1 of solids. The ICP-OES analysis was carried out at the 

Soil & Water Lab, Cornell Biological and Environmental Engineering, Ithaca, NY. 

 Differences in particle size distributions were considered significant based on 

the results of a simple inference on the difference of mean diameters dmethod and das-

made  assuming normally distributed particle sizes with standard deviations σmethod and 

σas-made calculated from Nmethod and Nas-made measurements respectively.56 Using these 

parameters a z-statistic is calculated, from which a p-value is derived. The p-value 

represents the likelihood that, if the true values of the mean diameters were identical 

and normally distributed, the sampled d and σ would arise by chance.  For example, 

for the Lewis acid-treated NCs in Figure 5.2a, dmethod = 6.99 nm, σmethod = 0.72 nm, 

and Nmethod = 302, versus das-made = 7.47 nm, σas-made = 0.80 nm, and Nas-made = 300. 
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z = 
das-made - dmethod

σas-made
2

Nas-made
 + 

σmethod
2

Nmethod

= 
7.47 - 6.99

0.802

300  + 
0.722

302

 = 7.82 (5.7)
 

 The p-value can be determined using any program that gives the value of the 

standard normal cumulative distribution for the statistic z. For this work the p-value 

was determined using the Matlab function normcdf(-|z|). The number of decimal 

places given for diameter measurements likely overestimates the precision with which 

diameter could be measured as well as the microscope calibration, so only extremely 

small p-values were considered significant. 

 

5.A.3. Supporting figures and tables 

 

Figure 5.A.1. BF-TEM observations (top) of Mn3O4 etching in unsupported 

NCs subjected to ligand-removal treatment after deposition on a grid from colloidal 

solution. PSD histograms (N > 150) are shown below. NCs are from a different 

synthesis batch and thus have a slightly smaller untreated diameter than those of 

Figure 5.2. 
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Figure 5.A.2. BF-TEM observations (top) of Mn3O4 etching in unsupported 

NCs subjected to ligand-removal treatment in solution. PSD histograms (N > 100) are 

shown below. NCs are from a different synthesis batch and thus have a smaller 

untreated diameter than those of Figure 5.2. 
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Table 5.A.1. Statistical comparison of nanoparticle size distributions. 
 

Figure Method 
Number of 
measure-

ments 

Mean 
diameter 

(nm) 

Standard 
deviation 

(nm) 

z-
statistic 
vs. as-
made 

p-value 

5.2 

as-made 300 7.47 0.80   
+ base 301 7.49 0.78 0.30 0.38 

+ alkylation 303 7.52 0.93 0.72 0.23 
+ Lewis acid 302 6.99 0.72 7.81 2.7∙10−15 

+ thermal 305 7.57 0.88 1.45 0.073 

5.A.1 

as-made 152 6.87 0.69   
+ base 152 7.02 0.69 2.00 0.023 

+ alkylation 153 4.81 0.70 25.80 4.6∙10−147 
+ Lewis acid 152 5.02 0.62 24.60 6.5∙10−134 

+ thermal 151 7.07 0.65 2.66 0.0039 

5.A.2 

as-made 301 5.81 0.54   
+ base 104 5.76 0.65 0.73 0.23 

+ alkylation 131 5.70 0.65 1.82 0.033 
+ Lewis acid 135 5.70 0.61 1.84 0.034 

 
 

Table 5.A.2. Specific charge derived from three independent CV measurements on 

nanoparticle-carbon composites for each ligand-removal method. The charge was 

rounded to the nearest C. 

 Specific charge (C g−1Mn) 

Method Base Alkylation Lewis acid Thermal 

Mn 
concentration 

(gMn per 
gMn3O4/C) 

0.34 0.35 0.37 0.61 

CV #1 148 218 157 115 
CV #2 146 222 162 118 
CV #3 149 225 165 120 

Average 148 222 161 118 
STD (%) 1.0 1.6 2.4 2.2 

Change relative 
to thermal 

treatment (%) 
+25 +88 +37 n/a 
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CHAPTER 6 

6 CONCLUSIONS AND OUTLOOK 

 

6.1. SUMMARY AND CONCLUDING REMARKS 

 

The previous chapters have explored the impact of changes in nanoparticle 

surface chemical transformations on their properties. Anion exchange in oxide 

nanocrystals, which had been proven to be feasible in a previous work, provided a 

simple route toward more active electrocatalysts for hydrogen reduction. Enhancement 

in activity at an intermediate oxysulfide composition relative to both oxides and 

sulfides supported theoretical calculations showing that optimization of adsorbed 

hydrogen intermediate bonding energies could be achieved through substitution of 

anions as well as cations in ionic electrocatalytic materials. Structural and 

spectroscopic investigations uncovered the nature of an unusual etching reaction by 

which ligands formerly understood to be passivating or protecting reacted aggressively 

but selectively with certain chemically soft chalcogenide nanomaterials. Oxidation by 

the atmosphere or chemical reagents combined with the reducing properties of the 

non-innocent ligand to abstract both cations and anions in a synergistic process which 

has already found utility by other workers1 in synthesizing new shapes and structures 

of nanomaterials. Cation exchange in a semiconductor nanocrystal model system 

allowed quantitation of diffusion coefficients over length scales of less than 2 nm, and 

demonstrated that chemical diffusion can be greatly accelerated at the nanoscale 

through rapid changes in the activity of each component as dictated by the large 

chemical potential gradients across phase boundaries. Detailed structural analysis also 

verified unequivocally the existence of metastable phases at interfaces between 

dissimilar cubic structures, even where the metastable phase might have a smaller 
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lattice constant than both of the parent phases. Finally, direct comparison of the 

efficacy of ligand removal techniques through electrochemical and spectroscopic 

methods identified a promising approach to ligand removal for future well-defined 

electrocatalysts prepared from colloidal nanoparticles. 

As discussed in Chapter 1, these results emphasize the mobility of the 

underlying inorganic structure of nanoparticles in response to changes in the surface 

boundary conditions. They support in a dramatic fashion the hypothesis—laid out in 

the original article bringing cation exchange to wider scientific attention2—that near-

surface layers of crystals, especially in colloidal nanoparticles, are much more 

dynamic and flexible than the rigidity of bulk materials would suggest. The 

acceleration of solid-state transformations at the nanoscale has already permitted a 

much richer variety of nanoparticle structures and compositions to be produced than 

can be achieved through one-step synthesis, even when such procedures have reached 

a very high level of sophistication. Integration of chemical transformations of colloidal 

nanoparticles into rationally designed, step-by-step procedures will be of prime 

importance in fully realizing the advantages of nanotechnology, just as procedural 

optimization has been critical in realizing the potential of bulk materials in 

engineering. 

Future experiments which would most immediately extend the results of each 

chapter are summarized briefly below, and some are described in more detail in 

section 6.2 below. 

 

Anion exchange in metal oxides for electrocatalysis 

• A more comprehensive coverage of the parameter space in sulfide content, 

sulfurization temperature, and annealing temperature could be achieved, since 

the number of oxysulfide compositions in Chapter 2 is quite small. As 
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discussed below, anion exchange reactions are extensible to other transition 

metal sulfides (Fe, Mn, Ni, etc.), and simulations have suggested that some 

may also be useful in improving hydrogen evolution and oxidation catalysis. 

• HRTEM studies of the oxysulfides were tentatively explored, but remained 

incomplete due to difficulties in observation. Better sample preparation or 

choice of sulfurization or material parameters could result in a better model 

system for high-resolution structural analysis. 

 

Cation exchange and selective etching of copper sulfide 

• Previous work showed that cation exchange of Cu2−xS with Cd produced CdS- 

Cu2−xS heterostructures imposing tensile rather than compressive strains on the 

Cu2−xS layer.3 A full structural characterization of the heterostructure system 

for Cd exchange was not performed due to experimental difficulties, but the 

reversal of the strain direction may prove to have interesting consequences. For 

example, stoichiometric Cu2S, which is more desirable for some applications,4-

6 might be stabilized in tension.  

• The optical properties analysis demonstrated that tighter control of the 

oxidizing or reducing potential of the nanoparticle solutions were needed to 

obtain reproducible plasmonic peak positions, as suggested by prior 

observations in the literature.7-9 Optical measurements in situ with addition of 

redox agents can clarify the extent to which heterostructure formation affects 

the maximum achievable doping in the Cu2−xS layer.   

 

Solid state transport in the PbS-to-CdS cation exchange reaction 

• Due to the presence of a relatively large degree of lattice mismatch, the PbS-

CdS system may not be the simplest for measuring diffusion kinetics purely as 
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a function of domain size. The PbTe-CdTe system,10 as discussed in Chapter 

4, has a much smaller lattice mismatch. 

• Experiments on slightly larger or smaller crystal sizes should be carried out to 

see if, for example, the activation barrier for diffusion depends on particle size. 

Preliminary experiments on smaller (diameter 5 nm and below) PbS 

nanocrystals indicated that the kinetics of transformation were much faster 

than in 7 nm nanocrystals, presumably owing to the larger fraction of surface 

atoms undergoing fast exchange. 

• More complete HR(S)TEM studies were underway at the time of this 

publication, but were stymied by contamination of the samples, likely due to 

residual metal oleates and ligands. More effective cleaning procedures or cryo-

TEM would be required to perform these high-resolution experiments. 

 

Standardization of ligand removal procedures for electrocatalytic materials 

• In hindsight, the alkylation ligand removal procedure discussed in Chapter 5 

may provide cleaner surfaces for more accurate activity determination of the 

oxysulfide materials synthesized in Chapter 2.  

• Other treatments, such as oxidizing and non-oxidizing plasma exposure,11, 12 

have shown promising results for cleaning nanoparticle surfaces, and future 

comparisons of ligand-removal methods should naturally include them. 

 

6.2 FUTURE WORK 

 

Some preliminary results building on the work of Chapters 2-5 are discussed 

in more detail below and placed in context with other experimental and theoretical 

techniques for providing deeper insight into nanoparticle surface chemistry and solid-
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state transport. When considered in light of pre-existing scientific infrastructure, the 

results in this work immediately suggest a number of intriguing experiments and 

opportunities to revisit the data and systems analyzed previously. 

 

6.2.1. High-resolution structural analysis by use of the pair distribution function 

 The XRD results of the foregoing chapters relied primarily on the Bragg 

formalism and its corrections to illustrate changes in the crystal structure, size, and 

disorder of nanocrystal domains using the intense Bragg peaks at small scattering 

angles. While this approach remains useful due to its simplicity, much more 

information can be obtained about local structure by analyzing the scattered intensity 

from the entire diffraction pattern at small and large angles, rather than just the 

intensity and shape of the Bragg reflections.13 As outlined in Chapter 1, the XRD 

pattern is a reciprocal-space projection of the real-space atomic structure, and the two 

are related by a Fourier transform. Specifically, the XRD intensities reflect 

constructive and destructive interference of diffracted beams, and this modulation of 

the scattered intensity as a function of scattering angle or momentum transfer Q is 

described by an interference function.14 In current practice, this function is usually 

referred to as a structure factor, S(Q). For the purposes of this discussion, it suffices to 

say that S(Q) is related to the experimentally measured diffracted intensity by 

normalizing the scattered intensity from separate atoms (in the Debye scattering 

equation, Equation 1.4, terms for which i ≠ j) by the overall squared mean scattering 

power 〈𝑓〉  of the entire collection of atoms.15 Note that the equation below is valid 

only for the case of powder diffraction where the scattering is averaged over all 

possible orientations of the crystal, as in the Debye equation: 

𝑆(𝑄) − 1 =
1

𝑁〈𝑓〉
𝑓∗𝑓

sin𝑄𝑟

𝑄𝑟
(6.1) 
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Here rij is the interatomic distance between atoms i and j, N is the total number of 

atoms in the structure being considered, and fi is the atomic form factor (as a function 

of Q) for each atom. From this normalized intensity S(Q) − 1, which oscillates about 

zero, a weighted structure factor F(Q) is derived: F(Q) = Q (S(Q) – 1). It can be shown 

that F(Q) is related to a pair distribution function (PDF) G(r), which is ideally a 

histogram of interatomic distances in the sample:15, 16 

𝐺(𝑟) =
2

𝜋
𝐹(𝑄) sin𝑄𝑟 𝑑𝑄 (6.2) 

Qmin and Qmax are limits imposed on the integration of F(Q) by the experimental 

inability to collect data at very low angles (due to the proximity of the direct beam) 

and very high angles (due to low intensity or as the instrumental scattering angle 2θ 

approaches π radians or 180 degrees).  

The PDF is of great value for structural analysis because it describes in real 

space (and thus more intuitively for many scientists) the distribution of interatomic 

bond lengths, and thus the local to mid-range order, in the sample. An illustrative 

example of G(r) from the prior literature16 is given in Figure 6.1. Here, diffraction 

patterns were collected out to very large Q (45 Å−1) of a composition series of the 

important semiconductor InxGa1−xAs. The sets of G(r) derived therefrom show well-

resolved peaks, each corresponding to a high density of interatomic distances (Ga-Ga, 

Ga-In, Ga-As, etc.). Of great importance is the appearance of a pair of closely spaced, 

but still resolvable, peaks around about 2.5 Å for ternary compositions. 
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Figure 6.1. High-resolution location of atomic bond lengths in real space 

through analysis of the pair distribution function obtained by x-ray total scattering. At 

2.4 and 2.6 Å, two peaks in intermediate compositions of InxGa1−xAs, corresponding 

to Ga-As and In-As bond lengths, respectively, are clearly distinguished. Reproduced 

from figure 2 of reference 16 by permission of the American Physical Society. 

 

This interatomic distance corresponds to the metal-As bond length, and the 

separate peaks prove that two different bond lengths exist in ternary compositions—in 

fact, the peaks remain in nearly the same position as they assume in the bulk 

compounds. Thus, this ternary semiconductor retains intrinsic inhomogeneity of its 

bond lengths throughout its entire compositional range. This conclusion would be 

nearly impossible to draw from reciprocal-space diffraction data, where the position of 

the Bragg peaks represents an average interplanar distance rather than a bond length.13  

The existence of different Ga-As and In-As bond lengths in ternary compounds is 
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immediately apparent in real space but would lead only to a slight broadening of 

Bragg peaks in reciprocal space, and this broadening could be attributed to many 

different factors.14, 17  

The power of pair-distribution methods will be of use in clarifying the local 

structure of heterostructured nanoparticles produced by cation exchange. As a prelude 

to a more complete experiment, preliminary x-ray total scattering data were collected† 

from a PbS nanocrystal sample (diameter 7.1 nm, as in Chapter 4) and from a sample 

nearly completely cation-exchanged with Cd (Figure 6.2). The data were obtained 

with an x-ray wavelength of 0.166 Å (photon energy 74.8 keV) at beamline 28-ID-1, 

National Synchrotron Light Source-II, Brookhaven National Laboratory. In the 

original NC sample, peaks in G(r) remain sharp and distinguishable out to at least 

35 Å, while in the PbS@CdS sample G(r) falls off very rapidly to a nearly flat 

baseline, reflecting a much higher degree of close- to mid-range disorder in the 

sample. This accords with the sharp decrease in crystallinity seen during cation 

exchange in Figure 4.7. 

 

 

 

 

                                                 
† The author thanks Curtis Williamson and Anuj Bhargava for collection of the scattering data. 
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Figure 6.2. Example of pair distribution functions (PDFs) obtained from 7 nm PbS 

nanocrystals (top) and core-shell PbS@CdS nanoparticles (bottom). The NCs were 

subjected to cation exchange with Cd oleate at 180°C for 12 h (see Chapter 4 for 

experimental details). Dashed lines clarify the contraction of the outer coordination 

spheres following cation exchange; arrows indicate the location of the metal-sulfur 

nearest neighbor bond. 

 

Future work should complete a more definite assignment of the features in 

G(r) seen here across a wider range of degrees of cation exchange. The nearest-

neighbor (NN) peak, which corresponds to Pb-S or Cd-S bond lengths, shifts 

substantially following exchange, indicating to a change from octahedral to tetrahedral 

bonding, presumably for Cd atoms in the zincblende CdS phase. A shoulder remains 

just above the NN peak in PbS@CdS, which could arise either from residual PbS or 

from rocksalt CdS. Finally, the peak in G(r) at ~4 Å arises from metal-metal and 

sulfur-sulfur NN distances, and its location is preserved (within the limits of the small 

change in lattice parameter going from PbS to CdS) following cation exchange. Peaks 
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further out at multiples of this bond distance shift to smaller distances, indicating that 

the outer coordination spheres in fact contract, perhaps as a result of strain from lattice 

mismatch. Finally, overall smearing of the peaks in the PDF is readily apparent, 

suggesting considerable mid-range disorder, and new experiments or analyses should 

be directed toward separating the contributions of bond length and bond angle 

heterogeneity. It should be noted that a simpler cation exchange system can still be 

adopted: for example, in the PbTe-CdTe system, the lattice mismatch is reduced by a 

factor of almost 10 (see Chapter 4), which could greatly simplify identification of 

metastable or separated phases in the system. 

An ambitious future project would be to perform the experiments of Chapter 4 

with a Q-range appropriate to PDF analysis on a specialized synchrotron beamline, 

several of which are now in place for such in-situ experiments. However, the problems 

with solvent scattering mentioned in Chapter 4.A.2 remain unresolved, and for this 

reason an alternative experimental configuration is suggested. An in-situ PDF (or 

smaller-angle XRD) characterization of cation exchange could utilize instead 

nanocrystals, supported on an inert, low-atomic-weight substrate such as boron nitride 

or aluminum oxide, within a flow of dilute solution of incoming cation. This allows 

the density of the nanoparticle sample in the beam path to be maximized, while the 

actual kinetics of the exchange are simplified by maintaining a constant concentration 

of incoming ion in the solution and removing outgoing host ions immediately. Some 

prior work has suggested the possibility of introducing the guest ions for ion exchange 

in the form of molecules in the vapor phase.18, 19 In this case, the guest ions could be 

introduced as organometallic gases, and scattering from liquids is removed. Similar 

flow-cell sample holders have already been designed and utilized.20 
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6.2.2. Expansion of parameter space in metal oxysulfides and other anion-

exchanged nanomaterials 

 The work of Chapter 2 followed from a previous publication21 demonstrating 

the lability of CoO nanocrystals toward anion exchange with S2− ions. The 

demonstration of activity enhancement for important electrocatalytic reactions in 

metastable colloidally synthesized oxysulfides naturally suggests an exploration of 

other metal oxysulfides as well as other mixed-anion materials, such as oxyselenides, 

oxynitrides, etc. Some results of preliminary experiments on extensions of the 

sulfurization procedure to manganese oxide (Mn3O4) are given here. 

 Mn3O4 is a promising oxygen evolution and reduction electrocatalyst,22, 23 and 

some preliminary calculations (data not shown) by the Hennig group indicated that 

favorable tuning of H adsorption, as in Figure 2.5, could be achieved by limited 

substitution of S2− for O2− on an MnO(100) surface. Spherical Mn3O4 nanocrystals 

were synthesized by a previous procedure,24 as in Chapter 5.A.2, and initially 

subjected to the same sulfurization procedure outlined in Chapter 2.A.2. However, 

sulfurization using (NH4)2S appeared to be unworkable for Mn3O4. S2− did not react 

with Mn3O4 at low temperatures, and at high temperatures (200 °C) the highly basic 

(NH4)2S-oleylamine mixture dissolved the nanocrystals followed by re-precipitation as 

separate particles of wurtzite MnS (Figure 6.3). The apparent reluctance of Mn oxide 

to undergo transformation to sulfides, a reaction which is facile for Co oxide,21 

prompted an analysis of the thermodynamics of such reactions for a number of 

transition metal oxides. Results of some calculations of the free energies of various 

oxide-to-sulfide metathesis reactions are shown in Table 6.1.  
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Figure 6.3. Results of attempted anion exchange at 200 °C of Mn3O4 to MnOxSy or 

MnSz using ammonium sulfide, (NH4)2S. (a) SAED shows Mn3O4 (black curve) 

reacted with S2− does not undergo a change of lattice parameters; instead, the particles 

are etched as indicated by an increased in peak broadening (blue). At high ratios of 

added sulfide, the particles dissolve and re-precipitate as irregular wurtzite MnS 

particles (red curve). TEM images of the particles corresponding to each SAED 

pattern are shown in (b). The ratio of Mn:S found by energy-dispersive x-ray 

spectroscopy in the TEM is shown in the label for each sample, as well as particle 

diameter where applicable. 
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Table 6.1. Thermodynamic analysis for some anion exchange reactions of oxides to 

sulfides. Standard free energies of the reactions, in kJ mol−1 at 298 K, were calculated 

using data from reference 25. 

 Metal oxide, M 

Reaction Mn Fe Co Ni Cu 

2𝑀𝑂(𝑠) + 2𝑆(𝑠) → 2𝑀𝑆(𝑠) + 𝑂 (𝑔) +127 +137 +112 +125 +57 

𝑀 𝑂 (𝑠) + 3𝑆(𝑠) → 3𝑀𝑆(𝑠) + 2𝑂 (𝑔) +549  +433   

2𝑀𝑂(𝑠) + 3𝑆(𝑠) → 2𝑀𝑆(𝑠) + 𝑆𝑂 (𝑔) −24 −14 −40 −52 −94 

𝑀 𝑂 (𝑠) + 5𝑆(𝑠) → 3𝑀𝑆(𝑠) + 2𝑆𝑂 (𝑔) −55 +40 −172   

𝑀𝑂(𝑠) + 𝐻 𝑆(𝑔) → 𝑀𝑆(𝑠) + 𝐻 𝑂(𝑔) −51 −41 −66 −53 −120 

2𝑀 𝑂 (𝑠) + 7𝐻 𝑆(𝑔) → 6𝑀𝑆(𝑠) 
+6𝐻 𝑂(𝑔) + 𝑆𝑂 (𝑔) + 𝐻 (𝑔) 

−74 −18 −230   

2𝑀 𝑂 (𝑠) + 3𝐻 𝑆(𝑔) + 𝐻 (𝑔) 
→ 3𝑀𝑆(𝑠) + 4𝐻 𝑂(𝑔) 

−203 −107 −320   

 

Two conclusions can be drawn from the thermodynamic analysis. First, 

elemental sulfur, which has been used as an analogue to oxygen in producing metal 

sulfide nanoparticles from metal NCs,26, 27 is usually unfavorable for producing 

sulfides from oxides, with a possible exception for reduced divalent oxides MO. This 

reflects the greater oxidizing power of O2 relative to S. On the other hand, the 

metathesis reaction of metal oxides and hydrogen sulfide to metal sulfides and water is 

universally favorable, particularly under highly reducing conditions. In fact, 

preliminary experiments have found promising results for the reaction of colloidal 

Mn3O4 with H2S generated from the reaction of metal sulfides with acid. Mn3O4 was 

treated in ligand-free hydrocarbon solution with a molar excess of H2S gas in N2 

generated by the reaction of H2SO4 with Na2S. At high temperatures (180-210°C) 

Mn3O4 transforms smoothly to irregular particles of Mn sulfide, which crystallize after 
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further annealing to rocksalt MnS (data not shown). The cubic phase of MnS indicates 

that, in contrast to the experiments of Figure 6.3, the new MnS particles are probably 

templated by the underlying cubic Mn3O4. 

A condensed diagram of the preliminary apparatus developed is shown in 

Figure 6.4. Briefly, carrier nitrogen from a Schlenk line is passed via hose into gas 

dispersion tube A in in a three-neck flask B containing Na2S, NaSH, or FeS chips (C). 

A syringe pump D is used to dispense dilute H2SO4 or HCl from syringe E through 

cannula F to a pierced septum G in flask B. The H2S formed by reaction of acid with 

metal sulfide is carried in N2 through hose H to another gas dispersion tube, I, and into 

a second three-neck flask containing the hot Mn3O4 nanocrystal solution, J. Another 

septum, K, can be pierced with a needle for withdrawing aliquots. The Mn3O4 flask is 

heated with an electric mantle (M) controlled by feedback from thermocouple N. The 

gas flow containing residual H2S, N2, and vaporized solvent (if any) passes out to hose 

L, which connects to an inlet O in a Drechsel gas-washing bottle filled with 

concentrated KMnO4 solution (P). This scrubbed solution decomposes virtually all 

H2S to elemental S as long as the KMnO4 is not exhausted. Finally, the exit hose Q on 

the bottle leads to a gas-dispersion tube R in a Schlenk flask S containing either 

additional base (KOH) or a metal ion solution (e.g. Cu2+) which precipitates metal 

sulfide to indicate exhaustion of the KMnO4. The scrubbed N2 gas flow is free of H2S 

and passes via outlet T to the air in the fume hood. 
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Figure 6.4. Diagram of the gas-liquid phase sulfurization apparatus. 

 

Future developments contributing to the oxysulfide research program will seek 

to explore the generality of the hydrogen sulfide anion exchange process, clarifying 

the reactivities of different metal sulfide NCs with H2S. These NCs can be assessed for 

their electrocatalytic performance by the methods already outlined, possibly with the 

inclusion of the promising ligand removal process by treatment with alkylating agents 

described in Chapter 5. Syntheses of a broader compositional space of transition 

metal (Mn, Fe, Co, Ni, Cu) oxysulfides will enable benchmarking of the existing DFT 

calculations and could lead to insights into the underlying electronic properties of such 

NCs, especially with the addition of chemically sensitive methods such as x-ray 

photoelectron spectroscopy (XPS) and x-ray absorption spectroscopy.3, 28, 29 

Additionally, an opening exists for establishing a highly general synthesis 

method for metal oxychalcogenides and possibly oxypnictides. Although hydrogen 

chalcogenides (H2S, H2Se, etc.) and pnictides (NH3, PH3, etc.) are hazardous gases, 

relatively simple apparatus can be constructed in which the gases may be generated by 

reaction of two much less dangerous precursors.30, 31 After reaction of the product with 
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a colloidal solution of NCs in inert solvent, any residual gas can be immediately 

destroyed by passage to an oxidizing or basic scrubber, which eliminates the 

possibility of release to the environment. This “gas-phase” anion exchange has 

obvious advantages in that the colloidal integrity of the NCs is preserved for further 

convenient solution processing while maintaining the high reactivity of the 

chalcogen/pnictogen hydrides.  

 

6.2.3. Physical electrochemistry and surface science of nanocrystals 

 Chapters 2, 3, and 5 assessed the impact (or lack thereof) of the surface 

chemistry of nanocrystals on the underlying crystalline “substrate.” Although section 

6.2.2 above has stressed the importance of finding active electrocatalysts from a broad 

compositional space, much of the surface chemistry of the nanoparticles in question 

remains uncharacterized. Chapters 2 and 5 left the nature of the transition metal redox 

couples ambiguous, for example, and the extent of coupling of Cu2−xS redox state to 

the actual crystal structure is not finalized as of yet, as Chapter 3 illustrated. 

 Electrochemistry provides a promising tool for investigation of nanoparticle 

surface science even without considering electrocatalysis because (1) charge transfer 

across interfaces, and therefore measurable current or voltage, is intrinsic to surface 

reactivity and (2) the high surface-area-to-volume ratio of nanoparticles removes the 

difficulty of electrochemically characterizing the surfaces of insulators and 

semiconductors by embedding the particles in nanostructured conductive electrodes 

such as carbon black.32 

 In the case of the metal oxides and oxysulfides discussed in Chapters 2 and 5, 

the assignment of redox potentials was based on a relatively simple cyclic 

voltammetric analysis. A more careful electrochemical characterization could be as 

simple as using a much slower voltage sweep rate during anodization/cathodization, as 
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the ability to resolve separate reduction potentials is inversely proportional to the scan 

rate.33 For example, redox peak assignments for MnOx
34 as mentioned in Chapter 5 

were based on a scan rate more than 103 times slower than used in the characterization 

of ligand-stripped Mn3O4. More advanced voltammetric techniques, such as 

differential pulse voltammetry, also aid in characterizing faradaic (oxidation-

reduction) reactions by reducing the magnitude of the capacitive double-layer 

charging current measured during a potential scan. Other experiments to consider for 

assessing the chemical origin of different redox couples include changing the solution 

pH and ionic strength and using different electrolytes (for example, changing the 

cation).35, 36 Preliminary measurements during the work described in Chapter 5 in fact 

showed that Mn3O4 nanocrystals were redox-active even when not treated to remove 

surface ligands (data not shown), indicating that they may have been incompletely 

protected and raising interesting possibilities for examining oxide reactivity as a 

function of surface coverage. 

 As might be suggested by their high ionic mobility, copper sulfide and other 

copper chalcogenides are particularly suited to surface analysis using electrochemical 

methods. The carrier concentration, and thus the LSPR, can be tuned by 

electrochemically reducing or oxidizing Cu2−xS nanocrystal films.37 Future work 

could, therefore, begin by analyzing the Cu intercalation/redox behavior of Cu2−xS as a 

function of particle size and initial structure. The author’s group has related 

measurements of the size-dependent lithiation and delithiation of Cu2−xS in non-

aqueous solvent,38 but examination of the Cu2−xS phase diagram in nanoparticles may 

be as simple as titrating the sample in aqueous solution with Cu2+ ions.39 These 

measurements can be combined with ex-situ XRD analyses and possibly optical 

measurements. 
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 A particularly important question raised in Chapter 3 and references therein 

was the nature by which Cu ions were reversibly inserted and removed from 

nanocrystals, especially where no mechanism for depositing or dissolving Cu ions was 

apparent (i.e., no excess ligands were present). A surface layer of Cu2+ ions was 

proposed as a sink for oxidized Cu in certain cases.9 Because such a layer is likely 

only stable in-situ, surface analysis using vacuum chamber techniques is excluded. In 

combination with the phase diagram information inferred from experiments above, 

another test can be suggested. Electron paramagnetic resonance examination would 

unambiguously confirm or rule out presence of these Cu2+ species. Oxidation or 

reduction could be carried out in nonaqueous solvent, either by electrochemical 

titration37, 40 or using an appropriate reagent.7, 8 Knowledge of the true surface species 

in this important class of nanocrystals under different chemical environments would 

be an invaluable contribution for virtually all aspects of copper chalcogenide 

nanoscience.41 

 

6.2.4. Direct identification of the defects and chemical gradients in nanoparticles 

In Chapter 4, a major scientific question was raised in that the identity of the 

point defects responsible for mass transport during cation exchange could not be 

identified from the experimental data on cation exchange in NCs so far, even from the 

detailed kinetic work on the PbS-to-CdS reaction. In fact, the prior literature suggests 

that the unambiguous determination of the rate-controlling defect transport process in 

solid-state diffusion can be very difficult for semiconductors.42-45 The chemical lability 

of such materials, reflected in the multiple valence states cations and anions can adopt 

depending on the external chemical potential, suggests that diffusion mechanisms 

could change based on the overall nanoparticle charge, the relative proportions of 

different crystal facets, and the presence or absence of dopants. Further kinetic 



283 

experiments demand a sound starting point for the main type of defect to consider in 

mass transport.  

A major test of structural models will thus be the definitive detection of 

vacancies and/or interstitials in nanocrystals. In recent years, advances in atomic-level 

structural characterization have permitted direct imaging of defects, including point 

defects; such a determination is impossible to perform in an ensemble diffraction 

measurement using x-rays or neutrons. These improvements have made high-precision 

structural determination for arbitrary objects, including individual semiconductor 

nanocrystals, much more accessible. Two avenues of attack for characterization of 

chemically transformed nanomaterials are suggested here: modern methods of high-

resolution (scanning) transmission microscopy (HR(S)TEM) and atom probe 

tomography (APT). A number of novel experiments are now available.  

For instance, transmission electron microscopy techniques, specifically 

electron tomography and holography, can now be employed with sufficient resolution 

to locate every atom, including undercoordinated surface atoms, in a nanoparticle.46 

Figure 6.5 shows a notable example of such a determination of the structure of an 

intermetallic FePt nanoparticle. In that experiment, the nanoparticle was tilted in steps 

through a wide range of angles, and at each step a single STEM image provided a two-

dimensional projection of the atomic lattice. From there, newly developed algorithms 

for tomographic reconstruction incorporating physical and instrumental constraints 

allow the three-dimensional coordinates of each atom to be assigned. Although the 

report of Yang et al. does not identify vacancies or interstitials in the relatively 

refractory FePt, very fine structural details such as local deviations from perfect 

chemical ordering (in the form of swap and antisite defects), antiphase boundaries, and 

grain boundaries are visible. Chemically transformed nanomaterials, such as core-shell 
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semiconductor nanocrystals produced through cation exchange or layer-by-layer 

growth, would be ideal targets for such a tomographic analysis.  

 

 

Figure 6.5. Example of quantitative 3D structural characterization of a FePt 

nanoparticle. The structure of the overall nanoparticle (a) was determined directly 

from a tilt series of images (c) in an aberration-corrected STEM. Knowledge of the 

location and chemical identity of each atom permits unambiguously assigning the 

order parameter of each subdomain (L10: chemically ordered tetragonal; L12: 

chemically ordered fcc; A1: chemically disordered fcc phases). Reproduced from 

figure 1 of reference 46 by permission of Springer Nature. 

 

Even where tomographic analysis may not be practical, it is still possible to 

register fine structural details without locating every single atom. Methods have been 

laid out for quantitating the density in the atomic columns registered in a STEM 

image, based on careful consideration of the instrumental aberrations. Using image 
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simulation and statistical techniques, the actual shape of a nanocrystal can be retrieved 

from a single projection. STEM imaging has advanced to the point where individual 

vacancies and impurities within a nanostructure can be detected.47-50 Work has already 

been carried out demonstrating the imaging of shape transformations following 

changes in the ligand environment of Pb chalcogenides by quantitative STEM analysis 

from a single projection.51 Observations in Chapter 4 suggested mass redistribution 

during cation exchange could take place by such surface rearrangements of atoms. 

Future experiments would thus be able to assess the lability of the anion sublattice, 

which in some cases has proven to be considerably more mobile than suggested by the 

term “cation” exchange.2 Some in-situ TEM experiments in cation exchange have 

already been carried out by exploiting the evaporation of volatile Cd from CdSe-PbSe 

heterostructures to advance the heterostructure interface using excess adsorbed Pb.52  

A major concern in EM experiments is the possibility of transformation or 

sample damage due to the interaction of high-energy electrons with the sample, either 

by heating, by knock-on effects, or by chemical reduction.53 Electron beam heating 

could possibly be used as a source of energy for in-situ observation of reactions in 

nanostructures, including cation exchange. For example, phase transformations in 

copper sulfide (Cu2S) can be triggered in the TEM with the system at room 

temperature.54 However, other forms of sample damage such as amorphization or 

deposition of carbon contaminants are universally undesirable. Sample damage is 

especially hard to avoid in the STEM configuration, which uses an intense scanned 

electron beam to form the image. These effects can be reduced or mitigated using 

appropriate instrumentation in the TEM, and for characterization of semiconductors 

sensitive to oxidation such as Pb chalcogenides,55 these may prove to be required. An 

obvious tactic would be cooling of the sample cryogenic temperatures, but it bears 

noting that recently developed techniques now allow HRTEM images to be acquired 
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with very low electron doses, as demonstrated by high-resolution imaging studies of 

lead halide perovskites, which are known to be exquisitely sensitive to beam 

damage.56, 57  

The final technique, APT, forms images in a completely different manner from 

TEM and x-ray imaging, but offers comparable resolution.58, 59 In APT, a solid sample 

is formed into a sharply pointed tip with a radius of curvature comparable to the size 

of a nanocrystal. In a high vacuum chamber, a high voltage applied to the probe 

induces extreme electric fields around the probe tip, causing atoms to evaporate one-

by-one by field emission. The field also ionizes these atoms and accelerates them to a 

position-sensitive detector in a deterministic manner. From the energy, location, and 

time of impact of the ions, experimenters can retrace the ion paths to find the starting 

positions and chemical identity of each atom. Originally restricted to metals due to the 

need for electrically conducting tips, modern APT instrumentation using laser 

evaporation allows reconstruction of the composition of virtually any material. 

Moreover, the technique can visualize relatively large volumes (millions of nm3), 

which would allow near-ensemble measurements with sub-nm resolution.59 An APT 

experiment for chemically transformed nanoparticles would require the nanoparticles 

to be deposited on or in an appropriate matrix. It may be possible to form an 

appropriate nanoscale aggregate by sintering60 or encapsulation in an inorganic matrix 

as a result of ligand removal, as has been done for “all-inorganic” nanocrystal solids 

for application in various optical and electronic devices in the past.61-63 Alternatively, 

the particles could be embedded in a polymer.64, 65 A newer approach is to attach the 

particles to a prefabricated metal tip, either chemically or by electrodeposition, 

followed by encapsulation with additional electrodeposited metal.66 Following the 

preparation of the embedded particles, a focused ion beam (FIB) is used to cut out or 

refine the shape of the probe for the tomography. An APT approach would allow for 
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high-resolution chemical profiling of nanoparticles which are not amenable to EM 

analysis, either due to electron beam damage or lack of statistical power inherent in 

sampling very small numbers of particles. 

 

6.3.  PRELIMINARY STUDY: X-RAY DIFFRACTION AND PAIR 

DISTRIBUTION FUNCTION ANALYSIS OF INTERNALLY CORRELATED 

NANOMATERIALS 

 

 Presented here are results of a preliminary investigation of a toy model of 

molecular aggregates to determine guidelines for interpreting unusual features of XRD 

patterns, specifically sharply asymmetric peak profiles, in real-space PDF and 

reciprocal-space analyses. Molecular aggregates are common in dyes, liquid crystals, 

and organic electronics, and determining the exact relationship of subunits in a chain 

to each other is essential in establishing the connection between crystal structure and 

electronic or optical properties. In particular, wide-angle diffraction methods for 

isolated (solvated) aggregates are not well established for examining inter-monomer 

correlations in aggregates. It is shown here that a peculiar x-ray diffraction line shape 

observed in work to which the author contributed67 can be fairly well understood by 

Debye scattering simulations of XRD patterns from periodic linear chains of very 

small (<1-2 nm) lateral diameter. The peak shape arises as a mathematical 

consequence of the spherical averaging of strongly anisotropically distributed 

intensities around the reciprocal lattice points. Important types of disorder, specifically 

inter-monomer spacing disorder, chain flexibility, and monomer orientation, 

contribute in different ways to the wide-angle XRD pattern, showing that simple, 

easily distinguished features of the pattern may be used to better inform structural 
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analyses. Some experiments are suggested for direct determination of inter-monomer 

correlations from the pair distribution function from x-ray total scattering. 

 

6.3.1. Motivation 

 It was established in prior work that monodisperse clusters of CdS less than 2 

nm in diameter could be prepared through a high-concentration synthesis68 where the 

ripening and agglomeration of the clusters was prevented through the formation of a 

columnar or hexagonal mesophase. These nanoparticles are part of a class of 

molecules with tens to hundreds of atoms, termed magic-size clusters (MSCs) owing 

to their atomic monodispersity.69-73 Their well-defined stoichiometry indicates that 

they have a particularly low-energy structure relative to clusters with slightly more or 

fewer atoms.74, 75 Such “closed-shell” structures have been extensively studied in the 

case of metal clusters and fullerenes.76-78 It has been suggested that MSCs act as a 

reservoir for supplying monomers in nanoparticle growth or as building blocks of 

nanoparticles, but their role in nanoparticle synthesis remains a topic of vigorous 

research.79-81 

During detailed structural characterization of the CdS MSCs,67 it was observed 

that certain features of the XRD (total scattering) patterns depended strongly on the 

method of sample preparation. Under certain conditions, strongly asymmetric peak 

profiles were observed for the most intense line corresponding to the interplanar 

spacing of the basal plane of bulk CdS ( (0001) for wurtzite and (111) for zincblende 

phases). Examples of these patterns are given in Figure 6.6. Thick pressed pellets of 

purified α-Cd37S20 MSCs analyzed in the Bragg-Brentano configuration in a laboratory 

diffractometer showed extremely broad lines whose symmetry could not be 

ascertained due to strong overlapping (Figure 6.6, top). When thinner pressed or cut 

(sheared) sheets of the MSC mesophase were prepared for XRD in transmission 
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(either at a synchrotron for PDF acquisition or in a laboratory diffractometer), the 

basal-plane peak at about 26° with respect to Cu Kα equivalent x-ray wavelength 

showed a pronounced asymmetry in addition to greatly decreasing in width (Figure 

6.6, middle and bottom). This asymmetric line is characterized by a sharp rising edge 

beginning at low angles which is followed by a more gradually declining heavy tail at 

larger angles. The sharpening of the patterns correlated with an increasing shear strain 

with subsequent alignment of the columnar mesophase. In the structure determination 

of α-Cd37S20 it was not necessary to invoke simulated diffraction patterns of long 

chains,67 but Debye simulations from other structures showed that strongly 

asymmetric line shapes similar to those observed in Figure 6.6 could be obtained; 

these are discussed in section 6.3.3. Similar peak shapes have also been observed by 

earlier work by other groups in a variety of materials,71, 82-84 but the fine details of the 

diffracted intensity are still somewhat unclear, especially for this new class of 

mesophase-stabilized cluster assemblies.  

 

 

Figure 6.6. X-ray diffraction patterns of α-Cd37S20 assemblies in various experimental 

configurations. Top: the MSCs were pressed into a pellet 2-3 mm in thickness. 

Middle: MSCs were pressed and sheared into a sample holder for synchrotron XRD, 
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giving the sample a thickness of about 1 mm. Bottom: A film of MSCs was cut with a 

razor blade to a thickness of 100-200 μm. The geometry and source are noted 

(Diffraction: Bragg-Brentano). Reproduced from figure S2J of reference 67 by 

permission of the American Association for the Advancement of Science. 

 

The asymmetric line shape in wide-angle XRD has long been noted for 

graphitic carbon materials.85-88 Perfect graphite crystals adopt a regular three-

dimensional arrangement in which each single-layer sheet is displaced by a fixed 

lattice vector in the in-plane axes relative to the neighboring layers.89, 90 In disordered 

carbons these displacement vectors instead adopt a distribution of lengths and angles, 

resulting in random translation and rotation of the layers relative to each other while 

remaining parallel. Such turbostratic disorder has been known to give rise to an 

asymmetric line shape for many years, and was first analyzed in detail by Warren,84 

who gave a limiting form for the powder diffraction pattern for the case of a purely 

two-dimensional lattice. However, in the case of MSCs the order within the columnar 

mesophase is presumed to be one- rather than two-dimensional. Analogous one-

dimensional carbon nanostructures are known as carbon nanotubes (CNTs) and have 

also been studied extensively in powder x-ray diffraction.82, 83 

Figure 6.7 shows some illustrative examples of peak shapes similar to those of 

Figure 6.6 as observed by other workers. Simulated diffraction patterns from 

multiwalled carbon nanotubes82 (Figure 6.7a) demonstrates a sharp peak at Q = 

5.13 Å−1 (d = 1.225 Å)  with a heavy large-angle tail. This interplanar distance is 

notable because it is nearly equal to one half of the distance between parallel edges of 

the hexagonal subcells of graphite (carbon-carbon bond length of about 1.42 Å89, 90). 

This is consistent with a description of a nanotube as a one-dimensional stack of rings 

of carbon atoms, and so the sharp reflection is termed “axial.” Additionally, a much 
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broader peak appears at about 5.2 Å−1. This peak can be attributed to “nonaxial” 

reflections from planes tilted relative to the tube axis, which have a smaller spacing. 

The additional broadening reflects the much smaller effective size of the “crystal” 

along directions that are not parallel to the tube axis. The multiple curves in Figure 

6.7a were calculated with varying levels of ordering of the different nanotube walls 

relative to each other. The appearance of (112) reflections with increasingly good 

registry between tube shells is as expected for a formation of a larger effective 

crystallite with dimensions nearly perpendicular to the tube axis. An experimental 

demonstration of asymmetrical peaks in a different work (Figure 6.7b) arises from 

weakly crystalline aggregates of small CdSe clusters with the proposed monomer unit 

(CdSe)13.71 In this case, planes at a number of different angles (about 26°, 29°, 37°, 

and 48° with 15 keV synchrotron radiation) show pronounced asymmetry, indicating 

mesophase ordering in a number of directions. Small-angle scattering (SAXS) and 

other observations corroborated this hypothesis by demonstrating that the (CdSe)13 

assemblies formed sheets. As discussed in the next section, however, one- and two-

dimensional wide-angle XRD peaks can be difficult to distinguish, and so the 

interpretation of Figure 6.7b may be more complex than previously suggested.  
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Figure 6.7. Examples of asymmetrical lineshapes with heavy large-angle tails. (a) 

Simulated diffraction patterns in multiwalled carbon nanotubes. Reproduced from 

figure 10 of reference 82 by permission of the American Physical Society. (b) Powder 

diffraction data from semiconductor cluster (Cd13Se13) aggregates. Reproduced from 

figure 2 of reference 71 by permission of the American Chemical Society. 

 

6.3.2. Peak shape origin 

 The peculiar peak geometries are found in a powder diffraction experiment, 

which collects the diffracted intensity averaged over all spherical angles with a fixed 

radius. The peak shape indicates that as the sphere of integration in reciprocal space 

grows, it rises quickly as it first contacts the Bragg rod (or “plane”), then falls off 

more gradually since the rod or “plane” remains within the sphere of integration. The 

origin of a lineshape in a powder diffraction pattern may be understood 

straightforwardly beginning with the shape of the lattice nodes in reciprocal space.14 A 

molecular wire has effectively an extremely small crystal size in the axes 

perpendicular to the wire, and thus the diffracted intensity in these directions in 

reciprocal space is very diffuse. Conversely, the crystal size along the wire axis is very 
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large and so the intensity is very sharp. Thus, a molecular wire in reciprocal space 

consists of a series of stacked parallel planes (Figure 6.7a). Similarly, for a two-

dimensional sheet the crystal sizes in the two axes in the sheet are very large while the 

size is vanishing perpendicular to it, so the intensity is distributed as cylinders, or 

Bragg rods, perpendicular to the lattice in reciprocal space (Figure 6.7b). 

 

 

Figure 6.8. Intensity distributions for one- and two-dimensional crystals in reciprocal 

space. (a) nanowire: intensity is spread into disks (red) perpendicular to the axis of the 

rod (black line). (b) nanosheet: intensity is distributed along Bragg rods (red bars) 

perpendicular to the lattice of the sheet (black lines). The Miller indices of some 

reflections are indicated. 

 

 To show that this corresponds to an asymmetric lineshape in the powder 

pattern, the averaging of intensity in spherical coordinates is performed directly. As a 

crude and purely illustrative example, let the intensity I at a particular point (q1,q2,q3) 

in reciprocal space around the reflection at position (h,k,l) take a three-dimensional 

Gaussian form, 

𝐼(𝑞 , 𝑞 , 𝑞 ) =
4 ln 2

𝜋

1

𝜎 𝜎 𝜎
exp −4 ln 2

(𝑞 − ℎ)

𝜎
+
(𝑞 − 𝑘)

𝜎
+
(𝑞 − 𝑙)

𝜎
(6.3) 
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Where (σ1, σ2, σ3) are the peak widths (full width half maximum, FWHM) in 

each direction. The Cartesian coordinates (q1,q2,q3) are calculated by transformation of 

the points (Q,θ,φ). Q in this case stands in for the radial coordinate. The integration of 

Equation 6.3 over all angles θ and φ gives the intensity of the reflection: 

𝐼(𝑄) = 𝐼(𝑄, 𝜃, 𝜑)𝑄 sin 𝜃 𝑑𝜃𝑑𝜑 (6.4) 

To demonstrate the effect of crystal shape, the relative values of σ1, σ2, and σ3 

are adjusted. Curves generated by numerical integration are shown in Figure 6.8. 

 

 

Figure 6.9. Powder diffraction line shapes for nanostructures of varying 

dimensionality. The spherically averaged intensity of a single reflection at location 

(hkl) = (600) (Q600 = 6 a.u.) is determined by numerical integration of Equations 6.3 

and 6.4. Curves are normalized to their maximum height and offset for clarity. For a 

sphere, the widths of the Gaussian components σ1 = σ2 = σ3 = 0.3; for a sheet, σ1 = σ2 = 

0.25 and σ3 = 10; for a wire, σ1 = 0.2 and σ2 = σ3 = 4. 
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It can be seen that the powder line shapes are qualitatively different for 

nanostructures with varying dimensionality. In spherical particles with all peak widths 

equal, the reflection takes a symmetric Gaussian shape centered exactly on the 

reciprocal lattice node as expected for a “normal” powder diffraction line. In a 

nanosheet with Bragg rods (σ3 >> σ1 and σ2) the line maximum is observed to be 

displaced from the spherical-particle peak center, and the line remains heavy-tailed at 

larger angles. In the case of nanowires (σ3 and σ2 >> σ1), the line remains asymmetric, 

but falls off more rapidly at large angles (relative to the peak maximum) compared to 

peaks from nanosheets. It is seen in section 6.3.3 that this peak shape is qualitatively 

observed in simulated diffraction patterns from chains of molecules. In principle, 

Equation 6.4 represents a peak function which could actually be used for fitting 

diffraction data. At present the numerical routines used for preparing Figure 6.8 are 

too slow for this purpose since the integral is evaluated directly instead of being 

approximated with a simpler function of a few parameters.  

 

6.3.3. Toy model of powder diffraction in nanowires and molecular aggregates 

A more physical model of the system suggested by Equation 6.3 consists of a 

linear chain of molecules with well-defined intermolecular orientations. As a very 

simple starting point, fictitious molecular aggregates were built by stacking benzene 

(C6H6) molecules parallel to each other (Figure 6.9a,c). An intermolecular spacing of 

3.8 Å was chosen somewhat arbitrarily based on a simulation of the benzene sandwich 

dimer.91 The structure factor S(Q) was determined from the Debye scattering equation 

using the same program as in Chapter 4.A.3. Atomic coordinates for C6H6 and other 

molecules were obtained from the repository of sample structures for the molecular 

visualization program IQMol, available at http://iqmol.org/. To form chains, a series of 

consecutive displacement vectors xi was generated by selecting the next vector xi+1 
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from a uniformly distributed conical surface centered on xi with apex angle θmax. A 

random point on this surface gives an angle of flexure θflex and an angle of rotation 

φrot. xi+1 is produced by tilting a copy of xi by θflex then rotating it by φrot, both about 

the original xi. The atomic coordinates for the molecular aggregate then are created by 

rotating a copy XYZi of the monomer (benzene) to align with xi+1, followed by 

translation along that vector to give the next unit XYZi+1. The length of xi can also be 

perturbed according to a normal distribution to create a chain with correlated spacing 

disorder. 

 

 

Figure 6.10. Assembly of a toy model of a molecular aggregate. (a) Schematic of a 

chain prepared by stacking a starting molecule. (b) Parameters used in generating the 

chain by rotating a molecule to align it to the displacement vector followed by 

translation. (c) Example of a perfectly aligned pentamer of benzene molecules. 

 

First, diffraction patterns for aggregates with an increasing number of C6H6 

subunits were calculated. No disorder was incorporated, so that aggregates consist of a 

truncated perfect lattice of molecules. To exaggerate the high-angle features, the 
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reduced Q-weighted structure factors F(Q) for these chains are shown in Figure 6.11. 

F(Q) for a single benzene molecule is nearly featureless due to the small size of the 

structure. As monomer subunits are added, peaks appear at multiples of 1.65 Å−1, or 

fractions of the intermolecular spacing.  These peaks can be indexed (h) as (1), (2), 

etc. in one-dimensional reciprocal space. For short chains, these peaks are symmetric, 

but for longer chains the shape converges to sharp and asymmetric shapes similar to 

those observed in Figure 6.7. The toy model also reproduces the nonaxial peak Figure 

6.7a at slightly larger angles relative to the principal (h) reflections. For the case of the 

(1) reflection, the nonaxial peak is centered at about 2.45 Å−1.  

  

 

Figure 6.11. Simulated reduced structure factors for molecular chains with different 

numbers of stacked benzene molecules. 

 

For a more complete analysis, the real-space pair distribution function G(r) is 

calculated from F(Q) by means of Equation 6.2. The resulting curves are shown in 

Figure 6.12. Although G(r) is ideally a non-negative-valued histogram, truncation 

artifacts as a function of Qmin introduce the sloped or rippling baselines seen here.15 
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The curves have also been smoothed using a Gaussian with a width of 0.4 Å to damp 

truncation artifacts resulting from the finite value of Qmax. The histogram of atomic 

distances for the benzene molecule contains no values larger than 4.98 Å or smaller 

than 1.09 Å (the C-H bond length), so G(r) does not have peaks outside this range for 

the lowest curve. As molecules are added to the chain, replicas of this monomer 

histogram appear at successive intervals of the intermolecular spacing of 3.8 Å. For a 

dimer, the first peak corresponding to intermolecular atomic distances occurs at the 

same r, 3.8 Å, and the largest-r peak is at about 6.3 Å, a difference of 2.5 Å. In 

comparison, the difference between the longest and smallest distance for a monomer is 

3.89 Å. For geometric reasons, the replicas thus become narrower in real space with 

increasing r and the interatomic distances become less well-resolved. 

 

Figure 6.12. Smoothed pair distribution functions for molecular chains from 

transformation of the reduced structure factors. 

 

Because the different parts of the PDF for each molecule are separable, it is 

possible that future structure determinations for molecular aggregates could use the 
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already-known geometry of the monomer as a starting point, and the intermolecular 

correlations could then be described by appropriately refining chain parameters such 

as those in Figure 6.10. The effects of various kinds of disorder on the scattering 

pattern are illustrated in Figure 6.13. For all types, it was necessary to average the 

scattering patterns from multiple perturbed structures, where atomic coordinates for a 

new chain were generated for each structure. 

In one kind of disorder, the intermolecular vector is allowed to deviate from its 

previous direction by an angle, θflex, up to a value θmax. Figure 6.13a shows that 

increasing θmax, thereby making the chain more flexible, has the effect of greatly 

reducing the intensities of the (h) reflections at high indices and, for very flexible 

chains, substantially broadening the peaks. Interestingly, for the most flexible chains 

(top) the asymmetry of the peak changes to being heavy-tailed at smaller diffraction 

angles. As a result, the apparent number of peaks related to an inter-monomer spacing 

in a diffraction pattern, as well as their shape, can be taken as a measurement of the 

relative flexibility of the chains. One problem is that θmax is not an easily measured 

physical quantity. However, the statistics of such flexible chains have been extensively 

studied as constrained random walks, which are of great importance in fields such as 

polymer physics and biophysics.92 An important quantity in random-walk chains is the 

persistence length ξ, which is roughly a measure of the length over which the chain 

can be treated as a rigid rod. It can be shown for some polymer models that the mean 

product of an intermolecular vector, xj, generated by the procedure above and the 

starting vector, xi, decays exponentially with the number of iterations or links, N, 

going from ri to rj:  

𝐶(𝑁) = 〈𝒙 ∙ 𝒙 〉 = exp −
𝑁𝐿

𝜉
(6.5) 
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The correlation function C(N) can be determined from the procedure in Figure 

6.10 by averaging the results of the dot product for sufficiently long chains over many 

random trials. L is the inter-monomer distance, so ξ / L is the persistence number of 

links. Analyzing the chains used to generate the results of Figure 6.13a, the 

persistence length of the benzene aggregates with intermolecular spacing of 3.8 Å 

ranges from only 2.3 nm for θmax = 45° to 50 nm for θmax = 10°. Obviously, ξ diverges 

as θmax becomes small; for a θmax of 1°, ξ ≈ 5 μm, approaching macroscopic 

dimensions. For comparison, the persistence length of DNA under a similar random-

walk model is about 50 nm, and for simple polymers such as polyethylene it is on the 

order of 1 nm.92 For a more refined peak shape model and well-behaved system, ξ may 

be useful for determining the flexibility of molecular or cluster aggregates. 

 

 

Figure 6.13. Effects of disorder types on reduced structure factors for flexural, 

spacing, and isotropic thermal disorder (a, b, and c, respectively) of benzene 

aggregates. In (a-b), the patterns were calculated using 100 monomers; in (c), 50 

monomers were used. for (c), |<ri>| is the root mean square atomic displacement. Each 

pattern is the average of the Debye scattering calculation for 25 different chains. 
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 Figure 6.13b shows the results of another important kind of disorder: agitation 

of the intermolecular distances in the aggregate, resulting in correlated93 spacing 

disorder. During chain generation, the intermolecular distance vector xj at each step 

was randomly modified according to a Gaussian distribution. The standard deviation 

ΔL of the mean intermolecular spacing, L = 3.8 Å, for the agitated chains ranges from 

0.019 Å (0.5%) to 0.38 Å (10%). It is observed that even apparently small 

displacements of 1% substantially reduce the intensity of (h) reflections at larger 

angles and broaden all peaks. Because deviations from the mean intermolecular 

spacing propagate along the chain, this spacing disorder results in increasingly broad 

peaks in G(r) at larger interatomic distances (not shown). Due to the weakness of 

intermolecular interactions, random thermal displacements tend to be much larger. 

Single-crystal diffraction measurements have reported isotropic mean square 

displacements up to 0.3 Å for atoms in molecular crystals, and it has been 

demonstrated that nearly all of this displacement should be taken up by disorder in the 

position and orientation of the entire molecule.94, 95 Although these measurements 

assume uncorrelated motion, if these values were translated to the interspacing 

disorder considered here, they could pose significant difficulties for distinguishing the 

important (1), (2), etc. peaks. In the case of the Cd37S20 MSCs that spurred this 

investigation, HRTEM showed significant flexibility of the columnar mesophase and 

irregular gaps between clusters on the nm scale,68 in agreement with the observation 

that adding mesophase correlations did not greatly improve the fit to the PDF during 

determination of the single-cluster structure.67  

 The impact on the diffraction pattern of the uncorrelated disorder that occurs 

during thermal agitation, which gives rise to a Debye-Waller factor reducing the 

magnitude of the atomic form factor for large Q,14 is less severe. Figure 6.13c 

illustrates the changes in the diffraction pattern. Here, atomic coordinates for a perfect 
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chain of 50 benzene molecules were randomly perturbed from their original positions 

according to a Gaussian distribution, as applies for a harmonic oscillator. |<ri>| gives 

the standard deviation of the lengths of these displacements, the directions of which 

are uniformly distributed on a sphere. Even for displacements of up to 0.2 Å, the 

amplitudes of (h) peaks are attenuated much less rapidly than for similar correlated 

displacements in Figure 6.13b. 

 An analysis of the impact of different types of disorder on the expected 

diffraction patterns from the toy model of benzene aggregates has shown that chain 

flexure, intermolecular spacing disorder, and isotropic thermal agitation can have 

significant impacts on the observed diffracted intensities, especially of the important 

asymmetric (h) peaks. It may be possible to use changes in these peak shapes to derive 

information about the aggregate flexibility. If the dependence of the peak parameters 

on Q is generally different for flexure and spacing disorder, they could be separated. 

Peak symmetry is not affected by thermal displacements, but does change for large 

correlated displacements. However, the overall effect of all types of disorder is to 

reduce greatly the amplitude of F(Q) at large values of Q. Because the x-ray form 

factor already diminishes quite rapidly at large scattering angles,96 the decay in the 

molecular correlations further reduces the intensity and thus degrades the overall 

resolution during structure determination. 

 

6.3.4. Limitations of the toy model and suggested experiments 

One limitation of the analysis of an asymmetrical peak shape for one-

dimensional nanostructures should be mentioned. Because peak asymmetry is not 

generally reported in the literature for high-aspect-ratio semiconductor nanoparticles 

such as nanowires, it is important to know on what length scale perpendicular to the 

wire or aggregate axis peak asymmetry might be expected. Therefore, patterns for 
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aggregates of successively larger molecules were simulated. These molecules were 

“circular” polycyclic aromatic hydrocarbons produced by adding hexagons to each 

edge of the preceding molecule: benzene (C6H6), coronene (C24H12), circumcoronene 

(C54H18), C96H24, and C150H30. Aggregates of 50 molecules with no disorder were 

constructed in the same fashion as in section 6.3.3 with an intermolecular spacing of 

3.4 Å. Depictions of some of these molecules along with the aggregate structure 

factors are shown in Figure 6.14. Disappointingly, it is seen that the asymmetry of the 

characteristic (h) Bragg peaks decreases rapidly as the width of the aggregate is 

increased. For circumcoronene, at an approximate diameter of 1.4 nm (Figure 6.14a, 

at right), the reflections are nearly symmetrical (Figure 6.14b, center). Some other 

changes to F(Q) are apparent. The “nonaxial” diffraction peaks move closer to the 

principal (h) reflection and additional peaks appear. Additionally, as the effective 

crystallite size becomes non-negligible in directions perpendicular to the chain axis the 

corresponding reflections become significant, as seen from the two broad peaks at 2.9 

and 3.4 Å for C150H30. Hence, it is likely that analysis of the asymmetry of the Bragg 

reflections for one-dimensional chains will require them to be extremely thin. For 

thicker nanowires, however, it becomes more feasible to apply approaches based on 

powder diffraction in bulk-like crystals such as Rietveld refinement.   
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Figure 6.14. Structures of some flat polycyclic aromatic hydrocarbons (a) and reduced 

structure factors for their aggregates (b). One-dimensional Miller indices are indicated 

in parentheses. Each aggregate consists of 50 monomers. 

 

Though the work is incomplete at present, some guidelines for interpretation of 

diffraction patterns from complex mesophase structures, particularly columnar or 

linear polymeric structures, can be understood, and these rules were presented here. 

However, experimental data are badly needed to assess to what extent these rules are 

practically applicable for real systems. Some experiments which could be useful in 

determining intermolecular configurations for rod-like or wire-like molecular or 

cluster aggregates are now mentioned.  
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A number of metal-containing carboxylate, thiolate, or amine complexes, 

termed metallomesogens, are known to form liquid crystals and have been studied by 

XRD.97 Lamellar structures are commonly reported, but many such metallomesogens 

form columnar phases. Such materials have been suggested for future applications as 

one-dimensional conductors, tunable dyes, and nonlinear optical materials. An 

example of a columnar metallomesogen is shown in Figure 6.15; Cu2+ carboxylates 

(Cu(COOR)2, R = alkyl group), among others, adopt a structure consisting of metal 

carboxylate “lantern” monomers with a formula Cu2O8. Each unit is offset 

perpendicular to the column axis, so that each metal atom adopts an overall octahedral 

coordination with one metal-metal bond and five metal-oxygen bonds. The structure 

of Figure 6.15 was determined by use of extended X-ray absorption fine structure 

(EXAFS). EXAFS contains structural information in oscillations of the absorption 

coefficient of a material at photon energies above (a few hundred eV) that of an 

absorption edge. These oscillations arise from interference between the wavefunctions 

of photoelectrons ejected by X-ray absorption and photoelectrons back-scattered from 

nearby atoms, changing the transition dipole moment and thus the absorption 

coefficient as a function of X-ray energy.98 The oscillations are Fourier-transformed to 

produce a real-space radial distribution function similar to that derived from the X-ray 

total scattering pattern. While very powerful, EXAFS suffers from an intrinsic 

limitation in that the derived radial distribution function decays very rapidly in real 

space, so that it only probes interatomic distances out to no more than 5 Å in practice. 

The probability for multiple-scattering events from distant atomic sites is very small, 

leading to a limited resolution in reciprocal space. EXAFS is also restricted to probing 

the local environment around the specific element in question, while all atoms in the 

sample contribute to XRD. An X-ray diffraction analysis of columnar mesophases like 

those in Figure 6.15 would be able to determine with better resolution the rigidity of 
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the column and the conformations of the dimers, which will be important in 

establishing structure-property relationships for the wide range of mesophases based 

on different ligands and metals97 that have been prepared thus far.  

 

 

Figure 6.15. Example of a one-dimensional “aggregate” structure in a metal-

containing columnar liquid crystal with staggered M2O8 centers. Reproduced from 

figure 8-12 of reference 97 by permission of John Wiley and Sons. 

 

 Other systems that have proved to be of enduring interest for electronic and 

optical applications are molecular dyes and inorganic molecular wires. For the first 

case, ionic dyes such as 1,1′-diethyl-2,2′-cyanine chloride (pseudocyanine chloride, 

PIC, with the formula C23H23N2
+Cl−) form pi-stacked chains in concentrated or high-
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ionic-strength solutions.99, 100 The PIC molecule and one proposed structure for an 

aggregate101 are shown in Figure 6.16. Such dye aggregates, termed J- or H-

aggregates depending on their connectivity,102 are thought to adopt complex 

conformations in the solution state which differ from the molecular packing derived 

from crystallographic experiments in the solid state.101 Despite examinations e.g. by 

microscopy103, 104 and by optical and theoretical methods,105-107 the actual nearest-

neighbor intermolecular correlations still lack direct confirmation.  

 

 

 

Figure 6.16. Example of an aggregate-forming dye, pseudoisocyanine (PIC). Top: 

molecular structure of a monomer showing nonplanarity. Bottom: one possible mode 

of aggregation showing pi-stacking of PIC molecules into a right-handed helix. 

Reproduced from figures 2a and 3a of reference 101 by permission of AIP Publishing. 

 

At modern synchrotron sources, flux is sufficient to be able to detect 

aggregates and nanoparticles at very low concentrations by subtracting a solvent 

background.108, 109 The use of a dilute solution will be necessary to minimize 
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contributions from the structuring of the solvent, as mentioned in Chapter 4.A.2. 

Applying the analysis of the preceding section directly could be used in a first 

approximation to derive a correlation length, which for dye aggregates is an important 

parameter owing to its poorly-characterized relationship to the delocalization length110 

of excitonic states along the length of the chain. With more sophisticated analysis, the 

true intermolecular conformation might be confirmed, which will serve as an 

important check against calculations of the optical properties of aggregates as a 

function of their structure. The analysis will be equally applicable to inorganic 

molecular wires such as LiMo3Se3,111-113 and, as previously mentioned, CNTs.82 All of 

these one-dimensional nanomaterials have long been suggested to have great promise 

for sensors, composites, and molecule-scale electronics. What has been missing in 

previous investigations is a methodology for deriving important mesoscale parameters 

based on direct interrogation of the structure in a wide variety of environments, 

including those in which well-separated wires and aggregates are truly one-

dimensional. 
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