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Scanning transmission electron microscopy (STEM) is a powerful tool that continues to 

advance our understanding of materials. As macroscopic properties of materials are closely 

tied to their microscopic structure, the ability to directly observe with atomic resolution can 

elucidate many questions that may otherwise remain enigmatic. In perovskite oxides, slight 

changes in structure or bonding environment can lead to drastic changes in electronic 

properties. In particular, when realized in thin film heterostructures, oxides have shown to 

exhibit various exotic functionalities that are not observed in their bulk constituents. To 

preserve these properties, controlling the quality of thin films and their interfaces is critical. 

Here, STEM in conjunction with electron energy loss spectroscopy (EELS) is used to optimize 

the design and growth of oxide thin films. Furthermore, STEM-EELS is performed at 

cryogenic temperature to study low temperature phase transitions that occur in oxides. 

The employment of the water-soluble oxide Sr3Al2O6 can enable fabrication of 

freestanding oxide membranes decoupled from the substrate. However, its unique mechanical 

and chemical properties can also lead to instabilities during growth of other oxides atop. 

Atomic-resolution STEM-EELS reveals that the crystal structure of Sr3Al2O6, and therefore its 

physical properties, is fully disrupted due to a chemical reaction triggered by the subsequent 

growth of La0.7Sr0.3MnO3. However, with the insertion of an ultrathin SrTiO3 barrier layer, the 
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inherent structure of Sr3Al2O6 can be preserved, thus enabling its wider application. In 

addition, results from STEM-EELS show the emergence of defects at the interfaces between 

Sr3Al2O6 and other oxide materials that lead to formation of a defect network. With this, 

cations are observed to diffuse out from the intended film region and to segregate at interfacial 

defects, degrading the film’s stoichiometry and its electronic properties. By suppressing the 

diffusion of cations, the film’s properties are restored. 

Superconductivity in ruthenates has gathered much interest. However, Sr2RuO4 is known 

to be a highly disorder-sensitive superconductor. Here, using annular bright-field (ABF) and 

annular dark-field (ADF) STEM, we probe both superconducting and non-superconducting 

Sr2RuO4 films. Surprisingly, the superconducting film is observed to have variations in the 

number of perovskite cells confined within the (Sr-O)2 rock-salt layers, which is also 

accompanied with the nucleation of vertical (Sr-O)2 layers. The non-superconducting film, on 

the other hand, exhibits a uniform Ruddlesden-Popper structure. This likely indicates the role 

of vertical (Sr-O)2 layers in effectively accommodating local non-stoichiometries in the film. 

Furthermore, in the related ruthenate family CaRuO3, it is observed that depositing these films 

under excess ruthenium is critical. Ruthenium deficiency during growth leads to nucleation of 

vertical (Ca-O)2 Ruddlesden-Popper faults. As excess ruthenium flow is allowed, 

stoichiometric CaRuO3 films are synthesized and are observed to grow at a tilted angle with 

respect to the underlying substrate. This tilt causes distortions of the oxygen octahedra in the 

CaRuO3 film which may affect the film’s properties. 

Room temperature measurement are important, however, a range of electronic and 

magnetic phases in oxides emerge at low temperatures. Here, we demonstrate that charge-

ordering (CO) in Nd0.5Sr0.5MnO3 thin films can be revealed with atomic-resolution using 

cryogenic STEM-EELS. In addition to direct mapping of the lattice response in the CO state 

with STEM, EELS is used to elucidate the charge modulation structure. Existing models of 



v 
 

checkerboard ordering are confirmed, albeit with partial charge segregation compared to the 

previously suggested full ionic picture. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



vi 
 

BIOGRAPHICAL SKETCH 

David Baek was born in Iowa City, Iowa to Woon-Kyung Baek and Jisun Seo during Dr. 

Baek’s PhD study. David has one younger brother, Jonathan, who has been his closest friend 

until he met his wife, Grace. After finishing his high school in the town of Haeundae, Busan in 

Korea, he crossed the Pacific Ocean to enroll at the University of Virginia in Charlottesville, 

Virginia, where he received his Bachelor of Science degree in Electrical and Computer 

Engineering. After spending one year as a lecturer at a small private institution in Korea after 

college, he began his first research as a graduate student in KAIST, Korea, where he received 

his Master of Science degree in Electrical Engineering in 2012. From Fall 2012, he started his 

PhD program at Cornell where he began working with Prof. Lena Kourkoutis in the School of 

Applied & Engineering Physics. Under her guidance, he was able to delve into the world of 

electron microscopy. Both David and his wife Grace are Christians, and they have served as 

teachers for children at the Sunday school in a Korean church located on-campus during their 

stay in Ithaca. After the completion of his PhD program, he initially plans to move to Portland, 

Oregon to work for Intel, and wherever God leads him and his wife to afterwards. 

  



vii 
 

ACKNOWLEDGEMENTS 

First and foremost, I would like to thank my thesis advisor Lena Fitting Kourkoutis for her 

support during the 5 years I spent in the group. With her guidance, I was able to work on 

numerous exciting projects related to complex oxides, and more importantly in the field of 

electron microscopy. Also, with her understanding and patience, I was able to focus on my 

research and make the best out of the years I spent as a PhD student at Cornell. I would also 

like to thank Darrell Schlom and Cliff Pollock for serving on my special committee. 

All of my research here at Cornell would not have been possible if it had not been for the 

numerous “helping hands” I received from both around and outside of the Ithaca campus. First, 

I still think it is quite amazing how I can expect to grab a slot anytime on the microscope and 

see atoms on a daily basis. Without the people who maintain and keep the microscope running 

so that it would be ready for our use, this would not be imaginable. Therefore, I would like to 

thank John Grazul, Mick Thomas, Mariena Silvestry-Ramos, and Earl Kirkland for not only 

being a great asset to the microscopy group at Cornell but also a great group of senior people 

to reach out for help and advice when needed. As a microscopist, two things are essential for 

research: a good microscope and a good sample to look at. Here, I would like to thank all of 

the people who prepared the specimens used in this work that I had the privilege to work with. 

Without these collaborators who provide the interesting and high-quality films, my thesis 

would be a blank work. It was a great pleasure working with Harold Y. Hwang and his group 

members Yasuyuki Hikita and Di Lu at Stanford. The water-soluble Sr3Al2O6 oxide layers 

presented in Chapter 2 and 3, and the Nd0.5Sr0.5MnO3 film used for cryogenic investigation in 

Chapter 6 were prepared by Di Lu. It was also a great pleasure working with Darrell Schlom 

and his group members Hari Nair, Zhe Wang, and Jason Kawasaki here at Cornell. The 

superconducting Sr2RuO4 film discussed in Chapter 3 and the SrRuO3 and CaRuO3 films in 



viii 
 

Chapter 4 were prepared by Hari Nair, while Si film on SrTiO3 and IrO2 / TiO2 superlattice 

films were grown by Zhe Wang and Jason Kawasaki, respectively. I would also like to thank 

Andrea Caviglia and his student Giordano Mattoni at TU Delft for the collaboration on WO3 / 

LaAlO3 heterostructure on SrTiO3 substrate. 

While all of the research during my PhD program had been a great run, the experience 

would not have been as fun and enjoyable as it was if it had not been for the great group of 

colleagues and friends I worked with in the Kourkoutis group. I would like to thank all of 

them in an alphabetical order as I cannot weigh their relative degree of importance: Xue Bai, 

Colin Bundschu, Ismail El Baggari, Berit Goodge, Robert Hovden, Pengzi Liu, Jade Noble, 

Ben Savitzky, Michelle Smeaton, Katie Spoth, Suk Hyun Sung, and Michael Zachman. 

I would like to thank my parents for all of their support that allowed myself to be the 

person I am today, and Jonathan for being a great brother and a friend over the years. Finally, I 

would like to thank my wife Grace for being there and making my time at Cornell even more 

special.  

  



ix 
 

TABLE OF CONTENTS 

 

Abstract ...................................................................................................................................... iii	

Biographical Sketch ................................................................................................................... vi	

Acknowledgements ................................................................................................................... vii	

Table of Contents ....................................................................................................................... ix	

List of Figures .......................................................................................................................... xiii	

Chapter 1: Introduction ............................................................................................................... 1	

1.1 Perovskite oxides ........................................................................................................ 2	

1.2 Electron Energy-Loss Spectroscopy (EELS) ............................................................. 7	

  1.2.1 Introduction ........................................................................................................... 7	

  1.2.2 Core-loss edges: O-K edge and L2,3 edge ............................................................ 10	

  1.2.3 Two-dimensional mapping in EELS ................................................................... 11	

1.3 Cryogenic STEM-EELS ........................................................................................... 14	

  1.3.1 Introduction ......................................................................................................... 14	

  1.3.2 Direct electron detector ....................................................................................... 16	

  1.3.3 EELS spectra and elemental mapping at cryogenic temperature ........................ 17	

References ...................................................................................................................... 19	

Chapter 2: Ultrathin epitaxial barrier layer to avoid thermally induced phase transformation in 

oxide heterostructures .................................................................................................. 22	

2.1 Introduction .............................................................................................................. 22	



x 
  

2.2 Methods .................................................................................................................... 24	

2.3 Results and Discussion ............................................................................................. 25	

  2.3.1 X-ray diffraction hints temperature- and material-dependency of Sr3Al2O6 ....... 25	

  2.3.2 Temperature-dependent structural modification of Sr3Al2O6 buffer layer .......... 27	

  2.3.3 Two-dimensional EELS mapping reveals phase transformation of Sr3Al2O6 ..... 30	

  2.3.4 Multivariate curve resolution to uncover the origin of double ordering ............. 32	

  2.3.5 RHEED to confirm the role of SrTiO3 as ultrathin epitaxial barrier layer .......... 34	

2.4 Conclusion ................................................................................................................ 36	

References ...................................................................................................................... 37	

Chapter 3: Mapping cation diffusion through lattice defects in epitaxial oxide thin films on the 

water-soluble buffer layer using atomic resolution electron microscopy .................... 40	

3.1 Introduction .............................................................................................................. 41	

3.2 Methods .................................................................................................................... 43	

3.3 Results and Discussion ............................................................................................. 44	

  3.3.1 Nucleation of misfit dislocation cores at the heterointerfaces ............................ 44	

  3.3.2 Formation of defect network with the emergence of vertical extended defects .. 47	

  3.3.3 Extended defects as cation diffusion channels .................................................... 49	

  3.3.4 Suppression of cation diffusion via lowering thermal energy ............................. 51	

  3.3.5 Enhancement of electronic properties via suppression of cation diffusion ......... 55	

3.4 Conclusion ................................................................................................................ 57	

References ...................................................................................................................... 58	



xi 
 

Chapter 4: Non-superconductivity triggered by step edge defect in layered ruthenate thin films

 ..................................................................................................................................... 61	

4.1 Introduction .............................................................................................................. 62	

4.2 Methods .................................................................................................................... 64	

4.3 Results and Discussion ............................................................................................. 65	

  4.3.1 Superconducting and non-superconducting epitaxial Sr2RuO4 thin films .......... 65	

  4.3.2 Strain analysis in reciprocal space using Fourier transform of real space image 67	

  4.3.3 Strain analysis using annular bright-field STEM imaging .................................. 70	

  4.3.4 Influence of step edge induced defect to superconductivity ............................... 71	

4.4 Conclusion ................................................................................................................ 74	

References ...................................................................................................................... 75	

Chapter 5: Atomic-scale characterization of perovskite calcium ruthenate and strontium 

ruthenate thin films using aberration-corrected STEM ............................................... 77	

5.1 Introduction .............................................................................................................. 77	

5.2 Methods .................................................................................................................... 79	

5.3 Results and Discussion ............................................................................................. 80	

  5.3.1 Nucleation of Ruddlesden-Popper defects in CaRuO3 films ............................... 80	

  5.3.2 Defect loop formed by vertical double Ca-O rock-salt layers ............................. 83	

  5.3.3 Cation displacements observed in strained CaRuO3 films .................................. 84	

  5.3.4 Growth of SrRuO3 film on SrTiO3 substrate ....................................................... 87	

5.4 Conclusion ................................................................................................................ 88	



xii 
 

References ...................................................................................................................... 89	

Chapter 6: Atomic-scale visualization of a low temperature charge-ordered phase in manganite 

thin films using aberration-corrected cryogenic STEM-EELS .................................... 91	

6.1 Introduction .............................................................................................................. 91	

6.2 Methods .................................................................................................................... 94	

6.3 Results and Discussion ............................................................................................. 94	

  6.3.1 Electron diffraction of emergence of satellite peaks at low temperature ............ 94	

  6.3.2 Fourier transform of real-space STEM image confirms satellite peaks .............. 96	

  6.3.3 Emergence of periodic lattice displacements in the COO regime ....................... 98	

  6.3.4 Observation of two distinct COO domains with perpendicular waves ............. 100	

  6.3.5 Direct measurement of electronic modification arising from COO .................. 103	

6.4 Conclusion .............................................................................................................. 106	

References .................................................................................................................... 107	

Chapter 7: Conclusions ........................................................................................................... 109	

 

  



xiii 
 

LIST OF FIGURES 

Figure 1.1: Schematic of the ABO3 perovskite structure.  ......................................................... 3	

Figure 1.2: Schematic of crystal field splitting of d orbitals in perovskites.  ............................ 4	

Figure 1.3: Resistivity and magnetization measured from a series of Nd0.5Sr0.5MnO3 film 

illustrating epitaxial strain effect.  .............................................................................................. 5	

Figure 1.4: Phase diagram of Nd1-xSrxMnO3.  ........................................................................... 6	

Figure 1.5: EELS spectra of SiO2.  ............................................................................................ 8	

Figure 1.6: Core-loss edges of O-K, Mn-L2,3, and Nd-M4,5 with fine structures resolved.  ...... 9	

Figure 1.7: Atomic-scale 2D EELS maps acquired from La0.7Sr0.3MnO3 / SrTiO3 superlattice 

film. . ......................................................................................................................................... 12	

Figure 1.8: Atomic-scale 2D EELS maps acquired from a dislocation core with the extraction 

of two distinct valence states.  .................................................................................................. 13	

Figure 1.9: Schematic of the site-entry specimen holder used for cryogenic STEM-EELS.  . 14	

Figure 1.10: HAADF-STEM image obtained at T= 96K using the site-entry holder illustrating 

the influence from drift. ............................................................................................................ 15	

Figure 1.11: Sub-angstrom resolution STEM image obtained at T = 96K using cross-

correlation. . .............................................................................................................................. 16	

Figure 1.12: Schematic of indirect electron detector and direct electron detector.  ................ 17	

Figure 1.13: EELS spectra obtained using a direct electron detector.  .................................... 18	

Figure 1.14: Atomic-scale 2D EELS maps acquired at T = 96K using a direct electron 

detector.  .................................................................................................................................... 19	

Figure 2.1: Schematic of the La0.7Sr0.3MnO3 and SrTiO3 films grown atop Sr3Al2O6 buffer 

layer with x-ray diffraction measurements at different growth temperatures.  ......................... 27	



xiv 
 

Figure 2.2: HAADF-STEM images La0.7Sr0.3MnO3 and SrTiO3 films grown atop Sr3Al2O6 

buffer layer at different growth temperatures.  ......................................................................... 28	

Figure 2.3: Blown-up STEM image of Sr3Al2O6 buffer layer with La0.7Sr0.3MnO3 film grown 

atop at 900 °C. . ........................................................................................................................ 29	

Figure 2.4: EELS elemental mapping of the La0.7Sr0.3MnO3 films grown at 700 °C and 900 °C 

with concentration profiles extracted using MCR.  .................................................................. 31	

Figure 2.5: Background-subtracted Mn-L2,3 edge spectra averaged parallel to the interface 

with two Mn components extracted from MCR. . .................................................................... 33	

Figure 2.6: O-K edges extracted from the BO2-planes of the Sr3Al2O6 buffer layer with 

La0.7Sr0.3MnO3 film grown atop at 900 °C.  .............................................................................. 34	

Figure 2.7: RHEED oscillations during the growth of La0.7Sr0.3MnO3 / SrTiO3 superlattice 

film on top of the Sr3Al2O6 buffer layer at 900 °C. . ................................................................ 35	

Figure 2.8: X- ray diffraction 2θ-ω scan of the La0.7Sr0.3MnO3 / SrTiO3 superlattice film 

grown at 900 °C. . ..................................................................................................................... 36	

Figure 3.1: Schematic illustrating the pseudocubic unit cell of Sr3Al2O6.  ............................. 45	

Figure 3.2: HAADF-STEM image of a La0.7Sr0.3MnO3 / SrTiO3 superlattice film grown at 

900 °C with the nucleation of misfit dislocation cores and vertical extended defects. ............ 46	

Figure 3.3: HAADF-STEM image showing the direct bridging between vertical extended 

defects and misfit dislocation cores at the interfaces.  .............................................................. 48	

Figure 3.4: STEM image illustrating the formation of antiphase boundary.  .......................... 49	

Figure 3.5: Atomic-resolution spectroscopic mapping around a vertical extended defect 

located inside the superlattice film grown at 900 °C.  .............................................................. 50	

Figure 3.6: Low-resolution EELS maps illustrating the suppression of cation diffusion via 

reduced thermal energy.  ........................................................................................................... 52	



xv 
 

Figure 3.7: High-magnification HAADF-STEM image illustrating the presence of misfit 

dislocation core without diffused cation.  ................................................................................. 53	

Figure 3.8: Low-magnification HAADF-STEM image acquired from a superlattice film 

grown atop Sr3Al2O6 buffer layer at 700 °C.  ........................................................................... 54	

Figure 3.9: Temperature-dependent magnetization and resistivity of the superlattice films 

grown at two different growth temperatures.  ........................................................................... 56	

Figure 3.10: Mn valence change observed due to cation diffusion.  ....................................... 57	

Figure 4.1: Resistivity versus temperature measured for various Sr2RuO4 thin films with 

different film thicknesses.  ........................................................................................................ 66	

Figure 4.2: HAADF-STEM images of the non-superconducting and superconducting Sr2RuO4 

films.  ........................................................................................................................................ 67	

Figure 4.3: Fourier transform of the real-space STEM images from the non-superconducting 

and  superconducting Sr2RuO4 films.  ...................................................................................... 68	

Figure 4.4: Simultaneously recorded ABF- and ADF-STEM images of the non-

superconducting and superconducting Sr2RuO4 films.  ............................................................ 69	

Figure 4.5: Simultaneously recorded ABF- and ADF-STEM images acquired from top layers 

of the non-superconducting Sr2RuO4 films. . ............................................................................ 71	

Figure 4.6: HAADF-STEM images illustrating the role of defects and non-stoichiometry in 

the non-superconducting and superconducting Sr2RuO4 films.  ............................................... 72	

Figure 5.1: HAADF-STEM image and 2D EELS map of the non-stoichiometric CaRuO3 film 

grown on the NdGaO3 substrate.  ............................................................................................. 82	

Figure 5.2: Plan-view HAADF-STEM image of the non-stoichiometric CaRuO3 film on 

NdGaO3 substrate.  .................................................................................................................... 84	

Figure 5.3: HAADF-STEM image of a stoichiometric CaRuO3 film.  ................................... 85	



xvi 
 

Figure 5.4: ABF-STEM image of the stoichiometric CaRuO3 film on NdGaO3 substrate 

showing collective octahedral tilts.  .......................................................................................... 86	

Figure 5.5: HAADF-STEM image of SrRuO3 film grown on top of SrTiO3 substrate. . ........ 88	

Figure 6.1: Magnetization versus temperature measured in Nd0.5Sr0.5MnO3 thin film grown on 

(110)-SrTiO3 substrate and two electron diffraction patterns acquired from the Nd0.5Sr0.5MnO3 

thin film at T = 300K and T = 96K. . ........................................................................................ 95	

Figure 6.2: Cross-correlated HAADF-STEM images and their respective Fourier transform 

acquired at T = 300K and T = 96K from the Nd0.5Sr0.5MnO3 thin film.  .................................. 97	

Figure 6.3: Magnified HAADF-STEM image of the Nd0.5Sr0.5MnO3 thin film acquired at T = 

96K and its respective periodic lattice displacement map.  ...................................................... 99	

Figure 6.4: HAADF-STEM image presenting a wider region in the Nd0.5Sr0.5MnO3 thin film 

at T = 96K showing two distinct domains.  ............................................................................ 101	

Figure 6.5: Fourier transform of the two distinct domains in Figure 6.4.  ............................ 103	

Figure 6.6: Two Mn valence states extracted via MCR from an EELS map acquired from the 

Nd0.5Sr0.5MnO3 thin film at T = 96K.  ..................................................................................... 104	

Figure 6.7:. Mn-L2,3 edge and O-K edge extracted by MCR from an EELS map acquired from 

a wider region in the Nd0.5Sr0.5MnO3 thin film at T = 96K.  ................................................... 105	

 

  



1 
 

CHAPTER 1 

INTRODUCTION 

 

Since the invention of electron optics in the 1930s, transmission electron microscopes 

(TEM) have been exploited across a wide range of disciplines in science and engineering 

as a powerful tool to study various phenomena. While the most obvious and significant 

advantage offered by TEM is its ability to visualize materials with high resolution, 

modern electron microscopes provide far more than mere images. Due to the plethora of 

information that one can obtain as a result of electrons interacting with a specimen, the 

field of TEM has experienced and continues to undergo much development. Two 

important steps toward atomic-resolution chemical and structural characterization are the 

introduction of scanning transmission electron microscopy (STEM) and the development 

of aberration-correctors. In 1938, unlike the imaging geometry used in TEM, novel optics 

was suggested by Manfred von Ardenne so as to produce a small electron probe that 

would raster across a specimen, known as STEM. In STEM, various analytical signals 

can be collected to allow for quantitative analysis.1 Particularly, this new geometry 

allows for annular dark-field (ADF) STEM and electron energy-loss spectroscopy (EELS) 

to be conducted simultaneously.2-3 Furthermore, with the pivotal advance that came with 

the introduction of aberration-correctors, sub-angstrom resolution can now be achieved in 

STEM.4  

This dissertation research begins with the above tools in hand. Using aberration-

corrected STEM-EELS, here, this work focuses on a class of materials known as 
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perovskite oxides. As will be explained in more detail below, perovskite oxides find 

many important applications when grown in a thin film structure that can be as thin as a 

few atomic layers. In these nanoscale materials, understanding the crystal structure and 

the electronic configuration at the atomic-scale is the key to engineering novel properties 

and devices. In the early chapters of this dissertation, it will be demonstrated how atomic-

resolution STEM-EELS is used to solve the problems encountered in the development of 

a novel oxide thin film. More importantly, at the end of this dissertation, it will be 

demonstrated how the STEM-EELS technique can be applied at cryogenic temperatures. 

Until now, STEM-EELS has been limited to room temperature experiments due to its 

vulnerability against stage instabilities. Implementing several means to effectively reduce 

the influence from specimen instability, we conduct cryogenic STEM-EELS while still 

maintaining atomic resolution. With this, we use a manganite thin film as a test-bed to 

unravel the exotic physics that occurs at low temperature for this material. In the current 

chapter, I will give a brief overview of perovskite oxides, core-loss EELS edges and their 

fine structure, and experimental techniques for cryogenic STEM-EELS.  

1.1 Perovskite oxides 

Perovskite oxides are a fascinating class of materials that exhibit almost universal 

electronic properties. From insulating, semiconducting, metallic, and superconducting to 

ferromagnetic, antiferromagnetic, and ferroelectric, perovskite oxides display a wide 

range of properties that arise from the strongly correlated d electrons.  
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Figure 1.1: (a) Schematic of the ABO3 perovskite structure. Green, blue, and red 

circles indicate A-site cation, B-site transition metal cation, and oxygen, respectively. 

(b) An alternative schematic representing the oxygen octahedra more clearly.  

To begin with, the basic structural building block of perovskite oxides is the ABO3 

structure that is shown in Figure 1.1. In Figure 1.1a, the green circles represent the A-site 

cations that are typically rare earth or alkaline earth elements. Second, the blue circles 

illustrate the B-site cations that are transition metals. Finally, the red circles indicate 

oxygens in which a set of six oxygen atoms surround the transition metal. From Figure 

1.1a, in addition to the four oxygens sitting between the A-site cations, two oxygens 

occupy the front and back of the B-site cation along the direction going into the page. 

This gives rise to the octahedral coordination of the B-site cation in a perovskite as 

illustrated by the blue octahedra in Figure 1.1b. The presence of oxygen octahedra further 

splits the energy level of d orbitals in the transition metal ions into two different states, eg 

and t2g. As can be seen from Figure 1.2, the splitting of the d orbitals depends on their 

orientation.5 That is, the two d orbitals dx
2

-y
2 and d3z

2
-r

2 are higher in energy as they 

directly point toward the oxygen atoms.  

b

ac

b

ac

(a) (b) 

Figure	1.1	
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Figure 1.2: Schematic illustrating the splitting of d orbitals into eg and t2g states due 

to crystal field in perovskites with octahedral coordination. The three orbitals in the 

t2g states have lower energy level as they point in between the oxygen atoms in 

contrast to the eg orbitals (reproduced from [5]). 

On the other hand, the remaining d orbitals point in between the oxygen sites and 

therefore have lower energy. Such splitting, known as crystal field splitting, is 

characteristic for perovskites due to their octahedral coordination. In transition metal 

oxides with the ABO3 structure, this functional octahedral unit turns out to be critical in 

determining their properties.6 Due to the strong coupling that exists among the lattice, 

charge, spin, and orbital degrees of freedom in perovskites7, the size, shape, and 

connectivity of the oxygen octahedra directly influence the electronic properties. That is, 

as the B-O bond lengths and the B-O-B angles are modified, the orbital overlap can be 

affected.8-10 

Naturally, the central focus in oxides is to find different ways to manipulate the above 

features in order to engineer novel functionalities. In this regard, epitaxial strain has 

received a great deal of interest as lattice mismatch induced strain can alter the 

Figure	1.2	
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Figure 1.3: (a) Resistivity and (b) magnetization measured from a series of 

Nd0.5Sr0.5MnO3 film grown on Sr3Al2O6 epitaxial buffer layer. As the thickness of the 

buffer layer varies, the strained states of the overlaying film changes and therefore 

results in differing properties. 

overlaying film’s properties by modifying the structure of the oxygen octahedra.11-15 

Manipulation of epitaxial strain has led to significant discoveries including room 

temperature ferroelectricity in strained SrTiO3 and high temperature superconductivity in 

strained layered cuprates. An example is further given in Figure 1.3.16 Here, resistivity 

and magnetization have been measured on a series of Nd0.5Sr0.5MnO3 films deposited on 

an Sr3Al2O6 epitaxial buffer layer, which will be discussed in more detail in chapters 2 

and 3. The different colored curves each represent varying thicknesses of the buffer layer. 

In manganites, ferromagnetism is often accompanied with metallic behavior.17 The 

crossover from an insulating to a metallic and to a ferromagnetic state can be observed as 

the thickness of the buffer layer changes.  

 

Figure	1.3	
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Figure 1.4: Phase diagram of Nd1-xSrxMnO3. At room temperature (T = 300K), the 

material sits in a paramagnetic insulating state. However, various phase transitions 

occur at lower temperatures (reproduced from [18]). 

This is also a direct reflection of how epitaxial strain can modify the electronic structure 

of the film. In chapter 5, epitaxial strain will be further discussed in CaRuO3 thin films. 

In particular, we use annular bright-field STEM to directly image the oxygen octahedra 

and to understand the influence of strain.  

Finally, I would like to wrap up this section by motivating why being able to go to 

low temperatures will be exciting for this particular class of materials. As mentioned 

above, it is the interplay between electron-electron, electron-orbital, and electron-lattice 

that gives rise to novel properties in oxides. In particular, the electron-phonon interaction 

will be drastically different at room temperature and low temperatures. Therefore, various 

fascinating phase transitions take place in perovskites as one reduces the temperature. As 

illustrated by the phase diagram in Figure 1.4, Nd1-xSrxMnO3 is a great example.18 Above 

T = 300K, the material is a paramagnetic insulator. However, as one traverses down to 

Figure	1.4	
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the low temperature regime, the rich physics begins to emerge. Among various phases in 

Figure 1.4, the dark gray region, i.e. the charge-orbital ordered region, has been the center 

of great attention.19 The phase transition from the PM-I to the CO-I state occurs below a 

transition temperature of T = 160K for x = 0.5. We will demonstrate in chapter 6 that 

atomic-resolution cryogenic STEM-EELS has allowed us to improve the understanding 

of the CO-I phase.    

1.2 Electron Energy-Loss Spectroscopy (EELS) 

1.2.1 Introduction 

In EELS, electrons that inelastically scatter after interacting with a specimen and thus 

experience energy loss are measured. Therefore, typical EELS spectra will be displayed 

with the horizontal axis being the energy-loss and the vertical axis being the intensity of 

the scattering event. When performed in STEM with a small probe size within the range 

of angstroms, high-spatial resolution can be achieved. With this, the electronic state of 

each lattice site can be probed. To go through the features present in an EELS spectrum, 

an example is given in Figure 1.5 where a thin SiO2 specimen is being probed.20 The 

most intense peak is the zero-loss peak occurring at 0 eV. This feature arises from elastic 

scattering of the incident electrons from the atomic nuclei. Features above the zero-loss 

peak can be mainly divided into two subsets, the low-loss region and the core-loss region. 

Both regions arise due to the interaction between the incident electron and the atomic 

electrons. In the low-loss region, the inelastic scattering event is dominated  
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Figure 1.5: EELS spectra showing the zero-loss peak, plasmon peaks from valence 

excitations, and two core-loss edges from Si-L edge and O-K edge. With the two 

most intense features being the zero-loss peak and the plasmon peaks, the core-loss 

edges are observed to sit on a high background (reproduced from [20]). 

by the interaction with either the conduction or valence electrons. As indicated in Figure 

1.5, the strongest peak in the low-loss region arises from collective excitation of valence 

electrons. Therefore, electrons in the low-loss regime are not localized to a specific lattice 

site and thus cannot be used for spatially resolved EELS. 

On the other hand, for core-loss region at higher energy loss, the signals are more 

localized and thus can be used for spatially resolved studies in EELS. Here, it should be 

noted that when the collection semi-angle is large compared to the probe forming semi-

angle, the signal becomes more localized as the energy loss increases.21 The core-loss 

signals can be more localized due to the signals arising from the ionization process that 

involves the transition of electrons from the core orbitals to unoccupied states above the  

Figure	1.5	
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Figure 1.6: Core-loss edges acquired from Nd0.5Sr0.5MnO3 film. With the sufficient 

energy resolution, the fine structures of O-K edge, Mn-L2,3 edge, and Nd-M4,5 edge 

are resolved. Such “fingerprints” can be used to not only identify elements but also 

give information on the bonding states with the neighboring atoms. 

Fermi level.21-22 Therefore, as the core-level binding energy is unique for each element, 

measurement from core-loss edges in EELS gives elemental specific information. 

Furthermore, the binding energy is also specific for each subshell so within a single 

element, multiple edges can be used for analysis such as the K-edge, L-edge, and M-edge. 

For instance, the core-loss edges shown in Figure 1.6 are the O-K edge, Mn-L2,3 edge, 

and the Nd-M4,5 edge. In core-loss EELS, information beyond elements can be obtained 

due to energy-loss near-edge structure (ELNES) that is defined as the region within 30 to 

40 eV above the edge onset. As ELNES can give information on bonding and 

coordination, the valence states of an atom can be determined. In 3d transition metal 

oxides, the O-K edge and L2,3-edge are dominantly studied and often give important 

information on the bonding states. Therefore, the two edges will be discussed in more 

detail in the following. 

Nd0.5Sr0.5MnO3 

Mn-L2,3 

Nd-M4,5 

O-K 
Core-loss EELS 

Figure	1.6	
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1.2.2 Core-loss edges: O-K edge and L2,3 edge 

The O-K ELNES is sensitive to the bonding state of oxygen and its near neighbors. 

As oxygen is bonded partially ionic to both A-site and B-site cations nearby in a 

perovskite oxide, the O-K ELNES can give information on the unoccupied states 

available for transition that emerge due to the covalent mixing of O 2p states with 

others.23 In fact, this covalent nature is directly responsible for opening up the channel for 

1s to 2p transitions for O-K edge as typically such transition will be blocked due to the 

electronic configuration of O2- being 1s22s22p6. Unlike the L-edge as will be discussed 

below, the influence of the core-hole is minimal for the O-K edge due to the 1s core hole 

being screened by the 2p valence electrons.24 With this, the comparison of O-K ELNES 

with local density of states calculations becomes feasible. The O-K ELNES can be 

divided into three subsets. First region is within the first ~5 eV from the onset and arises 

due to the hybridization of O 2p states with transition metal 3d states. Therefore, this 

region can be compared with the information gained from L-edges to understand the 

bonding state of the transition metal cation with the surrounding oxygens. The second 

region is 5 to 10 eV above the onset and is dominated by the hybridization of O 2p states 

with A-site cation d bands. Finally, the energy range beyond this is arising from 

hybridization with other higher metal states. 

Now we will discuss the L-edge. L2,3 edges result from the transition from 2p to 3d 

states in 3d transition metals. While 2p to 4s transitions can also occur, the overlap is 

much weaker and therefore the L2,3 ELNES is dominated by the transition into the 3d 

states. Unlike the O-K edge, the overlap between the wavefunctions of 2p hole and 3d 
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electron is significant and thus deviation is observed between L2,3 ELNES and local 

density of states calculations.25 However, as the L2,3 ELNES is highly sensitive to the 

coordination with its nearest neighbors, interpretation of its fingerprints can give both 

valency and bonding information of the transition metal ion.26 For instance, the crystal 

field present in a perovskite oxide with octahedral coordination will show up as 

additional peak splitting due to the energy difference between the transition affiliated 

with the t2g and eg orbitals. Furthermore, depending on the filling state of the d orbitals, 

changes in fine structures will be observed that are direct reflection of the variations in 

the valence state of a transition metal ion. 

1.2.3 Two-dimensional mapping in EELS 

Along with the elemental and local bonding information that core-loss edges give, as 

mentioned above, the reason why core-loss analysis is quite useful is because they can be 

used for spatial mapping as core-loss signals are more localized. Therefore, with the 

employment of a small probe in STEM, atomic-scale mapping can be achieved.27 An 

illustration of this is given in Figure 1.7 which shows elemental maps from the Ti-L2,3 

edge, Mn-L2,3 edge, La-M4,5 edge that are acquired from a La0.7Sr0.3MnO3 / SrTiO3 oxide 

superlattice film. Here, with a sufficiently small probe, the A-site La is distinguished 

from the B-site Mn. However, it must be noted that one has to be careful in dealing with  
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Figure 1.7: Atomic-scale two-dimensional EELS maps extracted from the Ti-L2,3 

edge, Mn-L2,3 edge, and La-M4,5 edge from a La0.7Sr0.3MnO3 / SrTiO3 superlattice 

film.  

the background that the signals are sitting on. As illustrated clearly in both Figure 1.5 and 

Figure 1.6, the core-loss edges are sitting on a huge background from the zero-loss peak 

and the plasmon peaks. Furthermore, each core-loss edge is also sitting on a background 

created by another previous core-loss edge. Therefore, in order to obtain elemental maps, 

typically power-law or linear combination of power-laws background subtraction is 

employed.28      

Such two-dimensional mapping is a powerful means to characterize oxide thin films 

as the quality of the interfaces and the emergence of defects can be directly observed and 

correlated with the material properties. More importantly, with the reports of novel 

functionalities that are confined to the interfaces, having the ability to probe the chemical 

and electronic structure of the interfaces with atomic-resolution can be highly beneficial.  

 

Ti Mn La 

2nm 

Figure	1.7	
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Figure 1.8: Atomic-scale two-dimensional EELS map extracted from the Mn-L2,3 

edge from a dislocation located at the interface between Nd0.5Sr0.5MnO3 film / SrTiO3 

substrate. Localized concentration of Mn is observed within the dislocation core. 

Furthermore, multivariate curve resolution shows that the valence state of the Mn 

confined within the defect is reduced compared to that of Mn in the overlaying film.  

An example of how this can be used for studying oxide interfaces is given in Figure 1.8. 

Here, a Mn-L2,3 edge is obtained from a Nd0.5Sr0.5MnO3 film grown on a SrTiO3 substrate. 

Due to the inherent lattice mismatch between the two materials, a dislocation core is 

nucleated at the interface. Interestingly, two-dimensional elemental mapping displays that 

Mn segregates at the defect site. Moreover, results from multivariate curve resolution 

(MCR) shows that the valence states of the two Mn occupying either the defect site or the 

Nd0.5Sr0.5MnO3 film differ. As the Mn valency at the defect site is reduced compared 

with that of the film, one can infer that this effectively results in local electron doping 

which can alter the properties of the film if the density of the dislocations is high. 
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Figure 1.9: Schematic of the site-entry specimen holder that is used for cryogenic 

STEM-EELS. Sample cooling is achieved by a copper rod which runs from the 

nitrogen dewar to the specimen. 

1.3 Cryogenic STEM-EELS 

1.3.1 Introduction 

In this section, we will discuss some of the challenges to running STEM-EELS 

experiments at cryogenic temperature and the means we employ in order to minimize the 

influence. To begin with, for our cryo-experiments, we utilize a site-entry holder that is 

attached with a small nitrogen dewar as shown in Figure 1.9. Due to the presence of a 

copper rod that runs from the nitrogen dewar to where the specimen sits, sample cooling 

can be achieved. Using a thermo couple near the tip of the rod, a temperature of T ≅ 96K 

is measured with liquid nitrogen filling the dewar. Due to the employment of a site-entry 

holder and the use of liquid nitrogen as the cryogen, holder instabilities are the biggest 

challenge. As illustrated in Figure 1.10, which is a STEM image (1024 x 1024 pixels) of 

a Nd0.5Sr0.5MnO3 film acquired at T = 96K, while atoms are spatially resolved, the 

significant amount of drift prevents one from quantitative analysis. In particular, the 

subtle lattice distortions for this specimen upon cooling are critical for elucidating the 

emergent phenomena at low temperature.  

Figure	1.8	

Specimen 

Nitrogen dewar 
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Figure 1.10: HAADF-STEM image obtained at T= 96K using the site-entry holder 

described above. While atomic-resolution is achieved, when a single slow scan (12 

µsec / pixel) is used for image acquisition, the influence from drift becomes 

detrimental.   

Reducing the pixel dwell time can reduce the affect of drift, but the signal-to-noise ratio 

will decrease as well. To address this issue, we implement the well-known technique of 

rigid registration in which instead of acquiring a single image, we obtain a series of 

images that are taken with a very short acquisition time (~0.5 µsec) and are subsequently 

cross-correlated. By removing individual images that suffer more from drift or noise for 

example due to liquid nitrogen bubbling from the final cross-correlation process, we were 

able to obtain STEM images with sub-angstrom resolution on an aberration-corrected 

microscope as illustrated in Figure 1.11. However, for EELS experiments, the 

experimental condition at cryogenic temperature becomes more unfavorable as 

acquisitions typically take several minutes. Furthermore, compared with STEM signals,  

 

T = 96K 
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Figure 1.11: By acquiring a series of images with short acquisition time (0.5 µsec / 

pixel), removing images that suffer greatly from drift, and cross-correlating the 

remaining STEM image can be obtained with sub-angstrom resolution at T = 96K.  

EELS signals are weaker and thus the signal-to-noise ratio may not be sufficient for 

reliable cross-correlation such as done for STEM imaging. In order to conduct atom-

resolved EELS at cryogenic temperature, we therefore use a direct electron detector with 

superior signal-to-noise ratio.29 We will discuss this new detector in more detail in the 

following section.  

1.3.2 Direct electron detector 

As illustrated in the schematic in Figure 1.12, conventional indirect electron detectors 

consist of a scintillator, fiber optics system, and charge-coupled device (CCD) camera. 

As the incident electrons run into the scintillator, the electrons are converted to photons. 

Subsequently, using a fiber optics system, the photons are directed to a cooled CCD 

camera. However, here, the signal-to-noise ratio is reduced from two affects. First, due to 

the finite thickness of the scintillator, lateral scattering becomes more detrimental. 

0.87 Å 
T = 96K 
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Figure 1.12: Schematic illustrating the parts of an indirect electron detector and a 

direct electron detector. Direct electron detection does not require an intermediate 

coupling system and thus the signal-to-noise ration is enhanced. 

Second, the signal-to-noise ratio can be influenced by the coupling efficiency of the fiber 

optics. On the other hand, in a direct electron detector, as a thin semiconducting epi-layer 

is used for electron detection, lateral scattering can be minimized. Also, as the fiber 

optics system is eliminated, an extra step of coupling can be avoided. Due to these 

features, EELS spectra can be acquired with a much shorter acquisition time using direct 

electron detectors.30 

1.3.3 EELS spectra and elemental mapping at cryogenic temperature 

In Figure 1.13, EELS spectra are obtained from a Nd0.5Sr0.5MnO3 film using a short 

pixel dwell time of 5 msec / pix. Even with the rapid acquisition time, narrow point 

spread function of the core-loss edges is well preserved. 

Indirect electron detector Direct electron detector 

Figure	1.9	
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Figure 1.13: EELS spectra obtained using a direct electron detector. Even with a 

short acquisition time of 5 msec / pixel, the fine structures of all edges are well 

preserved.  

In fact, the core-loss edges presented in Figure 1.6 are measured at cryogenic temperature 

(T = 96K). As only a 2.5 msec / pixel dwell time is used, the total acquisition time for 

this 70 x 70 pixels map was 13 sec. More importantly, with the short acquisition time, the 

influence from drift can be minimized. In Figure 1.14, the elemental maps of Mn and Nd 

are shown. Due to the short acquisition time, the effect of drift can be minimized. 

Moreover, due to the high signal-to-noise ratio offered by this enhanced detector, spatial 

fine structure variations can be extracted.  

 

Figure	1.10	
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Figure 1.14: Atomic-scale two-dimensional EELS maps acquired at T = 96K using a 

direct electron detector. Increased signal-to-noise ratio allows mapping with short 

acquisition times, which reduces the influence from drift. In this map, a 2.5 msec / 

pixel dwell time was used and the total acquisition time was reduced to 13 sec. 

Using this technique, in chapter 6, we will map the low temperature charge-orbital 

ordered phase in Nd0.5Sr0.5MnO3. 
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CHAPTER 2 

ULTRATHIN EPITAXIAL BARRIER LAYER TO AVOID THERMALLY 

INDUCED PHASE TRANSFORMATION IN OXIDE HETEROSTRUCTURES 

 

Incorporating oxides with radically different physical and chemical properties into 

heterostructures offers tantalizing possibilities to derive new functions and structures. 

Recently, we have fabricated freestanding 2D oxide membranes using the water-soluble 

perovskite Sr3Al2O6 as a sacrificial buffer layer. Here, with atomic-resolution 

spectroscopic imaging, we observe that direct growth of oxide thin films on Sr3Al2O6 can 

cause complete phase transformation of the buffer layer, rendering it water-insoluble. 

More importantly, we demonstrate that an ultrathin SrTiO3 layer can be employed as an 

effective barrier to preserve Sr3Al2O6 during subsequent growth, thus allowing its 

integration in a wider range of oxide heterostructures.  

2.1 Introduction 

With recent technical advances in the synthesis of complex oxides, it has become 

possible to precisely control the growth of oxide thin films at the atomic-scale.1-3 With 

this in hand, various perovskite oxide heterostructures and superlattices (SL) have been 

engineered that exhibit novel emergent phenomena not found in the bulk constituents, 

such as interface superconductivity, magneto-electric coupling, and quantum transport.4-8 
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While substitution and doping of the A- and B-site cations in ABO3 perovskites can be 

exploited for tuning the materials’ electronic and magnetic properties9-11, incorporation of 

materials with radically different mechanical and chemical properties in a single system 

provides an alternative route for deriving novel structures and functions.12-14  

To this end, we have recently demonstrated the successful epitaxial growth of the 

structurally complex oxide Sr3Al2O6 (SAO, space group Pa , a = 15.844 Å) on SrTiO3 

(STO, space group Pm m, a = 3.905 Å) and its integration with various perovskite thin 

films and heterostructures.12-13 Due to its mechanical and chemical properties that greatly 

differ from those of other oxides, SAO offers several notable opportunities for 

engineering oxide heterostructures. Until now, the concept of epitaxial buffer layers (BL) 

has primarily focused on growing similar perovskites for both the BLs and the overlaying 

films.15-17 However, SAO is mechanically soft and can, therefore, be employed as a 

flexible BL for more continuous strain control of the overlaying epitaxial film.12 In 

addition, the unique chemical nature of SAO makes it water-soluble, allowing selective 

etching of the SAO BL in water and release of the overlaying film from the substrate for 

the creation of a two-dimensional freestanding oxide film.13  

Here, the key to the powerful role that SAO can play stems directly from its unique 

crystal structure. First, the softness of SAO arises from its open structure which closely 

resembles the cubic perovskite structure with a regularly ordered high density of oxygen 

and A-site cation vacancies.18-19 As a direct consequence, the estimated elastic moduli of 

SAO are 50-60% smaller compared to those of STO.20-21 Second, the central feature that 

gives rise to the water-solubility of SAO is the presence of Al6O18
18- rings. These rings 

3

3
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consist of AlO4 tetahedra that can readily hydrolyze in water.19 To preserve SAO’s 

mechanical and chemical properties, it is critical to preserve its crystal structure during 

subsequent growth of thin films atop SAO. However, the thermodynamic properties of 

the material may cause difficulties when integrated with other oxides in 

heterostructures.22  

2.2 Methods 

For sample growth, pulsed laser deposition using a 248 nm KrF excimer laser was 

employed. Before the deposition of epitaxial films, TiO2-terminated SrTiO3 (001) 

substrates were pre-annealed at an oxygen partial pressure p(O2) of 5×10-6 Torr for 30 

min at 950 °C. Then, a Sr3Al2O6 layer was first grown on top of the SrTiO3 (001) 

substrate followed by the growth of either La0.7Sr0.3MnO3, SrTiO3, or [La0.7Sr0.3MnO3]5 / 

[SrTiO3]5 superlattice films above. The Sr3Al2O6 layer was grown at a substrate 

temperature of 700 °C and p(O2) of 1×10-6 Torr, using 1.25 J/cm2 laser fluence and 4 

mm2 laser spot size on the target. The single layer films of LSMO were grown, either 

under T of 900 °C with p(O2) of 1×10-6 Torr or 700 °C with p(O2) of 1×10-5 Torr both 

using 0.35 J/cm2 laser fluence and 11 mm2 laser spot size for the best quality. The single 

layer films of STO were grown either at T of 900 °C or 700 °C with p(O2) of 5×10-6 Torr, 

using 0.43 J/cm2 laser fluence and 6 mm2 laser spot size. Lastly, for the LSMO/STO SL 

film, T of 900 °C was used with p(O2) of 5×10-6 Torr, using 0.35 J/cm2 laser fluence and 

11 mm2 laser spot size. During sample growth, reflection high-energy electron diffraction 

(RHEED) was used to monitor the sample quality and thickness.  
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All cross-sectional TEM specimens were prepared using the standard focused ion 

beam (FIB) lift-out process on a FEI Strata 400 STEM FIB equipped with an Omniprobe 

AutoProbe 200. Following sample preparation, the TEM specimens were then 

investigated on a 5th-order aberration corrected 100 keV Nion UltraSTEM equipped with 

an Enfina spectrometer and a 300 keV FEI Titan Themis. The microscope conditions 

were optimized for EELS spectroscopic imaging with a probe size of ~1Å, EELS energy 

resolution of 0.6 eV, and a dispersion of 0.25 eV per channel. To measure the elemental 

distributions, simultaneous acquisition of Ti-L2,3, O-K, Mn-L2,3, and La-M4,5 edges was 

performed. X-ray diffraction (XRD) was performed on a Bruker D8 Discover X-ray 

diffraction system with a 4-axis goniometer. 

2.3 Results and Discussion 

2.3.1 X-ray diffraction hints temperature- and material-dependency of Sr3Al2O6  

Here, we employ state-of-the-art electron microscopy in conjunction with X-ray 

diffraction (XRD) and reflection high-energy electron diffraction (RHEED) to investigate 

the stability of SAO with overlaying oxide films and SLs. Using pulsed laser deposition 

(PLD), we grew 80 nm La0.7Sr0.3MnO3 (LSMO) and STO films on top of SAO BLs at two 

different growth temperatures (T), 700 °C and 900 °C. As schematically illustrated in 

Figure 2.1a and 2.1b, the SAO BLs were 40 nm thick and grown on STO (001) substrates. 

As a first approach to examine the stability of SAO, XRD 2θ-ω scan is performed on all 

samples. Interestingly, results from XRD indicate that the thermal stability of the SAO 

BL is directly influenced by the material composition of the overlaying film. That is, 
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while the diffraction peaks of SAO remain present for both T in the case of STO (Figure 

2.1d), the SAO (008) peak fully disappears as LSMO is grown on top of SAO at 900 °C 

(Figure 2.1c). In addition to the loss of the SAO (008) peak at 900 °C, a peak splitting is 

observed at the pseudocubic LSMO (002) peak suggesting the formation of a different 

crystalline phase at this elevated temperature. Regardless of the origin behind the peak 

splitting, the collapse of the SAO peak suggests that an unwanted chemical reaction takes 

place during the growth of LSMO on SAO at 900 °C. As T is reduced to 700 °C, all 

peaks including those of LSMO and SAO remain, confirming that the chemical reaction 

only occurs at 900 °C. Previously, we have observed stable growth of LSMO films 

directly on top of STO substrates at different growth temperatures.23 However, for these 

films, optimized cation stoichiometry and Curie temperature were obtained at T of 

900 °C. In this regard, the XRD results here are rather discouraging as the growth of the 

more interesting LSMO film, which is a conducting ferromagnet at room temperature, 

does not appear accessible at its optimum T when the SAO BL is utilized. On the other 

hand, the SAO layer remains stable during the growth of STO even at a T of 900 °C and 

only a small shift in the SAO (008) peak position is observed, where SAO’s lattice 

constant at 900 °C is closer to the bulk 2θ value of 45.8 degrees. The STO results further 

suggest that rather than SAO being thermally unstable at elevated T, the specific material 

composition of the overlaying film plays an important role in the stability of the SAO BL.  
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Figure 2.1: (a) Schematic of the LSMO film grown on top of the SAO BL. (b) 

Schematic of the STO film grown on top of the SAO BL. (c) XRD 2θ-ω scan 

showing the peaks of individual layers at two different T for the system described in 

(a). At 900 °C, the peak of the SAO BL disappears and the peak of the LSMO film 

splits as indicated by the black and red arrows. (d) XRD 2θ-ω scan showing the 

peaks of individual layers at two different T for the system described in (b). The 

peaks of the SAO BL are preserved for both T. For bulk SAO the expected (008) 

peak position is at 2θ = 45.8 degrees. 

2.3.2 Temperature-dependent structural modification of Sr3Al2O6 buffer layer  

To clarify the details behind the XRD observation, we now turn to high-angle annular 

dark-field scanning transmission electron microscopy (HAADF-STEM). Lower-

magnification HAADF-STEM imaging (Figure 2.2a) shows that the growth of LSMO at 

900 °C disrupts the SAO layer underneath, resulting in disorder and the emergence of  
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Figure 2.2: HAADF-STEM images of oxide thin films grown on SAO BLs at 

700 °C and 900 °C. (a,d) LSMO film grown at 900 °C. Amorphous precipitates (dark 

patches) and structural modification of the BL are observed. The higher-

magnification image (d) shows regions with double layer ordering within the BL. (b,e) 

For the LSMO film grown at lower temperature, the inherent SAO BL crystal 

structure is preserved as can be seen from the rhombus-like contrasts. (c,f) For STO, 

the SAO BL remains intact even at the elevated T. 

amorphous precipitates (dark patches) in the BL. On the other hand, for LSMO films 

grown at 700 °C and STO films grown at 900 °C on the SAO BL, the SAO layers remain 

intact (Figure 2.2b and 2.2c), in agreement with the XRD observations. To understand the 

observed modification in more detail, the film/buffer layer interfaces are probed at higher 

magnification for all samples as shown in Figure 2.2d, 2.2e, and 2.2f. As can be seen  
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Figure 2.3: (a) Lower-magnification HAADF-STEM image of the LSMO film 

grown on top of the SAO BL at 900 °C. (b) Higher-magnification image of the area 

indicated by the red box in (a) illustrating the double layer ordering structure with 

periodic contrast variations of BO2 planes. 

from the cross-sectional STEM images in Figure 2.2e and 2.2f, the undisturbed SAO 

layers display a unique rhombus-like contrast in projection. This is due to the SAO 

crystal structure slightly deviating from the well-known ABO3 perovskite with the B-site 

cations alternating between Sr and Al, and with the presence of regularly ordered oxygen 

and cation vacancies.19 Since only the electrons scattered to high angles contribute to the 

HAADF-STEM image, the relative difference in atomic weight of Sr (Z = 38) and Al (Z 

= 13) results in alternating bright and dark contrast. For LSMO films grown at 900 °C, 

intact areas of the BL exhibit a completely modified crystal structure that rather closely 

resembles the traditional ABO3 structure (Figure 2.2d). The lack of the SAO peak 

previously observed in XRD for this particular growth condition can, therefore, be 

explained by a transformation of the original SAO crystal structure into perovskite 

similar to the overlaying LSMO film. Furthermore, due to the lattice parameter of the 

modified BL structure being close to that of LSMO, it explains the peak splitting 

observed in XRD. In addition to perovskite-like areas, we find regions in the BL that 
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display a characteristic double layer ordering in either the in-plane or the out-of-plane 

directions as illustrated more clearly in Figure 2.3. While the HAADF signal at the A-

sites remains constant, we observe alternating dark/bright BO2 planes. Possible sources 

for such patterns in HAADF-STEM are preferential ordering of B-site cations with 

different atomic numbers, ordering of oxygen vacancies, or both.24 However, with STEM 

imaging alone it is difficult to unequivocally determine the origin of the double layer 

ordering. 

2.3.3 Two-dimensional EELS mapping reveals phase transformation of Sr3Al2O6  

To elucidate the cause for the observed double layer ordering, the elemental 

distribution across individual layers is examined using electron energy loss spectroscopy 

(EELS) performed in an aberration-corrected STEM. EELS mapping was performed at a 

dispersion of 0.25eV/channel which allowed simultaneous recording of the Ti-L2,3, O-K, 

Mn-L2,3, and La-M4,5 edges. For comparison, both LSMO films grown at 700 °C and 

900 °C were probed with EELS. All elemental maps presented in Figure 2.4 are obtained 

using a linear combination of power laws (LCPL) background subtraction and integration 

over the edge without any additional noise reduction techniques. As shown in Figure 2.4a, 

when the LSMO film is grown on top of the SAO BL at 700 °C, complete separation 

between the LSMO film, SAO BL, and the STO substrate is observed. However, in case 

of the LSMO film grown at 900 °C both Mn and La penetrate into the BL (Figure 2.4b). 

While La shows low intensities and appears more uniformly distributed, the Mn signal in 

the BL is much higher and exhibits a preferential double  
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Figure 2.4: (a) Low-resolution EELS elemental mapping of the LSMO film grown at 

700 °C (Green: La, Red: Mn, Blue: Ti). Complete separation of the overlaying film 

and the BL is observed (scale bar: 10nm). (b) Atom-resolved EELS elemental 

mapping of the LSMO film grown at 900 °C acquired at the film/buffer interface 

(Green: La, Red: Mn). (scale bar: 2nm). (c) Normalized concentration profiles 

extracted from the individual elemental maps in (b) showing periodic peaks of Mn 

due to double layer ordering. (d) Concentration profiles of the two distinct Mn-L2,3 

components extracted by MCR. Positions of the double layer ordered Mn overlap 

with the presence of the Mn2+ valence state. 

layer ordering in the growth direction [001]. When the simultaneously recorded HAADF 

image in Figure 2.4b is compared with the Mn elemental map, the double ordering in 

HAADF aligns with the Mn concentration variation in the Mn-map. Thus, the structural 

transformation of SAO and the double ordering pattern observed by XRD and STEM are 

both direct consequences of a chemical reaction that takes place between LSMO and 

SAO at 900 °C. Mn and La were detected throughout the entire thickness of the SAO BL 

which suggests that rather than this being a result of mere interdiffusion or intermixing 

within several atomic layers, the modified BL observed in Figure 2.4b is a product of the 

formation of a new phase. Previously, a perovskite with chemical composition of SrxLa1-

xMnyAl1-yO3 (SLMAO) has been reported, which essentially consists of all elements in 

the LSMO film and the SAO BL.25 Our results suggest that for LSMO grown on SAO at 
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900 °C, the thermodynamic conditions are favorable for the film to chemically react with 

the BL to create SLMAO. On the other hand, with the deposition of STO, the possible 

phase that can be formed from the reaction between STO and SAO is SrTi1-xAlxO3-δ 

(STAO). However, this particular phase is known to be difficult to stabilize when the Al 

concentration is high.26 The inert chemical nature between the two materials, therefore, 

gives rise to the improved thermal stability of SAO in combination with STO.  

2.3.4 Multivariate curve resolution to uncover the origin of double ordering  

Further information on the Mn-ordering can be gained from fine structure analysis of 

the Mn-L2,3 edges from Figure 2.4b. First, by integrating the Mn and La elemental maps 

parallel to the interface, concentration profiles of the two elements are extracted (Figure 

2.4c). Here, the Mn double ordering is clearly visible and highlighted by the red dotted 

arrows. Subsequently, when the background-subtracted Mn-L2,3 edge is binned parallel to 

the interface, a reduced manganese valence state is observed not only at the LSMO/BL 

interface but also for Mn inside the BL (Figure 2.5a). From this data, two distinct 

components can be extracted with multivariate curve resolution (MCR) as presented in 

Figure 2.5b. The two extracted reference spectra correspond to Mn3+ and Mn2+, 

respectively, as determined by comparing to published reference spectra.27 Surprisingly, a 

non-negative non-linear least squares fit to the full Mn-L2,3 edge data reveals that the 

local peaks in Mn concentration shown in Figure 2.4c directly overlap with the presence 

of Mn2+ in Figure 2.4d. That is, with Mn3+ rather uniformly spread throughout the SAO 

BL, the preferential occupancy of Mn2+ at the alternating B-site positions corresponds to 

the Mn concentration variation that gives rise to the observed double ordering. We expect  
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Figure 2.5: (a) Background-subtracted Mn-L2,3 edge spectra averaged parallel to the 

interface acquired from the Mn-map in Figure 2.4b. (b) The two distinct Mn 

components extracted by MCR. 

that the layers with lower Mn concentration are compensated with the presence of Al, 

which results in dark HAADF contrast due to its lower atomic number compared with 

Mn. The presence of Al is further supported by the O-K edge fine structure as shown in 

Figure 2.6. The first ~5eV above the O-K edge onset are dominated by the filling of the 

transition metal 3d bands.28 Thus, the reduced intensity of the first peak is consistent with 

the presence of a B-site cation that lacks d-orbitals. Combined results from EELS and 

MCR suggest that there are three cations present in the reconstructed SAO BL, Mn3+, 

Mn2+, and Al3+. Previously, it was shown that the arrangements of B-site cations in 

perovskites are affected by not only charge and electronic configuration, but also size.29 

When the ionic radii of the three cations in our modified BL are compared, Mn2+ (0.83 Å) 

is the largest with Al3+ (0.535 Å) being the smallest (Mn3+: 0.645 Å).30 Therefore, it is 

likely that the relative cation size plays a role in the Mn2+/Al3+ ordering during the 

formation of the SLMAO phase. 
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Figure 2.6: O-K edges extracted from the planes displaying alternating contrast as 

indicated by the horizontal dotted lines on the Mn-map. The strongly reduced 

intensity of the first peak in the O-K edge acquired from the dark planes suggests the 

presence of Al at the B-sites, which is in agreement with the contrast variations 

observed from the simultaneously recorded ADF-STEM image. 

2.3.5 RHEED to confirm the role of SrTiO3 as ultrathin epitaxial barrier layer  

Finally, using the stability of SAO in contact with STO to our advantage, we show 

that an STO layer as thin as 5 unit cells (u.c.) can be employed as an effective barrier 

layer to prevent the chemical reaction between the SAO BL and the overlaying film. In 

Figure 2.7a, the RHEED oscillation data obtained during the growth of a LSMO/STO SL 

film with the first SL layer being STO is shown. As the first STO SL layer does not react 

with SAO, even at 900 °C where single films of LSMO were observed to fully interact 

with the underlying SAO BL, subsequent LSMO SL layers can be deposited above 

without damaging the inherent crystal structure of SAO. This is also confirmed from the 

XRD measured on the LSMO/STO SL film where SAO’s (008) peak position is similar  
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Figure 2.7: (a) RHEED oscillations during the growth of a LSMO/STO SL film on 

top of the SAO BL at 900 °C with the first SL layer being STO. Successful growth of 

STO and subsequent LSMO is confirmed. (b) RHEED oscillations during the growth 

of a LSMO/STO SL film on top of the SAO BL at 900 °C with the first SL layer 

being LSMO. Periodicity is lost with the oscillations being much weaker and 

damping out quickly. (c) HAADF-STEM image illustrating the successful growth of 

a LSMO/STO SL on SAO at 900 °C with the first STO SL layer acting as a barrier 

layer. 

to that of the STO/SAO/STO sample grown at 900 °C, as illustrated in Figure 2.8. The 

successful growth of LSMO layers on top of the STO barrier layer at 900 °C is more 

evident from the crystalline quality illustrated in the HAADF-STEM image in Figure 

2.7c. In comparison, when the growth sequence of the LSMO/STO SL film is reversed 

such that the first SL layer on the SAO BL is LSMO, the growth process is greatly 

disturbed as can be seen from the rapid damping of the RHEED oscillations (Figure 2.7b). 

Therefore, by beginning the growth process of the overlaying film on the SAO BL with a 

brief deposition of STO, the subsequent oxide heterostructure is less limited by T or 

material composition. In particular, for the growth of LSMO single films discussed  
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Figure 2.8: XRD 2θ-ω scan of the LSMO/STO SL (80 nm) / SAO (40 nm) / STO 

(001) sample grown at 900 °C showing the peaks of the individual layers. The SAO 

(008) peak is located at the bulk 2θ value of 45.8 degrees. *: Satellite peaks of the SL. 

above, the role of STO as a barrier layer is highly useful as a T of 900 °C can now be 

sustained even with the presence of SAO. It should be noted that even with the 

employment of the STO barrier layer, the practical performance of the SAO layer such as 

its water-solubility is preserved, as demonstrated for the SL film.13 Likewise, as the 

mechanical softness of SAO is preserved, we imagine that the continuous strain control 

will still be effective, for example by tuning the SAO thickness.  

2.4 Conclusion  

   In summary, using aberration-corrected STEM-EELS in parallel with other 

diffraction methods, we probed the stability of SAO BL during the subsequent growth of 

oxide thin films and SLs at different temperatures. Results from XRD and STEM-EELS 

clearly illustrate that the thermal stability of SAO depends on the material grown atop. 

While SAO remains stable during the growth of STO, the BL undergoes a structural and 
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chemical transformation as LSMO is grown on top at 900 °C. For LSMO, the thermal 

instability was identified to be a direct consequence of a chemical reaction that takes 

place between the film and the SAO to form SLMAO. Moreover, mapping of the Mn 

valence state by EELS suggests the presence of two different Mn cations in the 

reconstructed SLMAO layer, Mn3+ and Mn2+. Interestingly, due to the relative difference 

in ionic radii of the B-site cations, we observed a characteristic double layer ordering 

with alternating Mn2+ and Al3+ occupancy. In its role as soft and water-soluble BL, SAO 

relies on its inherent crystal structure. Any chemical or structural modifications, therefore, 

have to be avoided. Here we not only showed that SAO remains stable in combination 

with STO, but more importantly that an ultrathin layer of STO (5 u.c.) can serve as an 

effective barrier layer for subsequent growth of LSMO even at elevated temperatures. 

The findings here should be useful for engineering novel oxide heterostructures including 

those that leverage the unique properties of SAO. 
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CHAPTER 3 

MAPPING CATION DIFFUSION THROUGH LATTICE DEFECTS IN 

EPITAXIAL OXIDE THIN FILMS ON THE WATER-SOLUBLE BUFFER 

LAYER USING ATOMIC RESOLUTION ELECTRON MICROSCOPY 

 

Recent advances in the synthesis of oxide thin films have led to the discovery of 

novel functionalities that are not accessible in bulk structures. However, their physical 

properties are vulnerable to the presence of crystal defects, which can give rise to 

structural, chemical, and electronic modifications. These issues are central to optimizing 

the opportunities to create freestanding oxide films using the recently developed buffer 

layer Sr3Al2O6, which is soluble in room temperature water. To evaluate the general 

possibility to create atomic scale freestanding oxide heterostructures, it is critical to 

understand the formation, structure, and role of defects as this buffer layer is employed. 

Here, using aberration-corrected scanning transmission electron microscopy in 

combination with electron energy loss spectroscopy, we reveal cation segregation and 

diffusion along crystal defects that form during growth of oxide multilayer structure on 

the Sr3Al2O6 buffer layer. We demonstrate that mass transport of film material can occur 

either through open dislocation core channels or site-specifically in the crystal lattice, 

causing local variations in stoichiometry. However, by reducing the thermal driving force 

for diffusion during growth, we suppress the role of extended defects as cation 

segregation sites, thereby, retaining the inherent properties of the overlaying film. 
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3.1 Introduction  

With recent technical advances in the synthesis of complex oxides, it has become 

possible to precisely control the growth of epitaxial oxide films at the atomic scale. With 

this in hand, various oxide thin films and heterostructures have been fabricated providing 

a platform to study exotic physical phenomena arising from the unique electron-electron 

correlation, electron-lattice interaction, and orbital physics in perovskites.1-2 For example, 

with the deposition of oxide thin films on top of dissimilar underlying substrates, the 

lattice mismatch was shown to modify the electronic structure of the overlaying film as 

exemplified in the observation of room-temperature ferroelectricity and high-temperature 

superconductivity in epitaxially strained oxide films.3-5 Also, various fascinating 

interfacial effects have been demonstrated in oxide heterostructures such as the two-

dimensional electron gas generated at the interface between band insulators in 

LaAlO3/SrTiO3 heterostructures, and ferromagnetism observed at the interface between 

antiferromagnetic and paramagnetic layers in CaMnO3/CaRuO3 superlattices (SLs).6-7 

More recently, we have demonstrated a new route to create freestanding oxide 

heterostructures, decoupled from the rigid substrate. The key to realizing these two-

dimensional (2D) oxides is the employment of Sr3Al2O6 (SAO) as an epitaxial water-

soluble buffer layer (BL).8 While the prospect of gaining access to oxides in 2D form is 

tantalizing, the compatibility of SAO with other oxides during epitaxial thin film growth 

is not understood. 

The controlled growth of oxides has led to the realization of a wide range of 

atomically engineered functional materials, however, crystal defects in these structures 
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can dominate their physical properties.9-10 In oxide heterostructures and epitaxially 

strained oxide films, the growth environment can lead to the nucleation of various 

extended defects including misfit dislocations (MDs) at the interfaces.11-13 Previously, in 

semiconductors, metal alloys, and more recently in perovskites, such extended defects 

have shown to serve as sinks for impurities and vacancies.14-16 As a direct consequence, 

the local structure and chemistry around the defect sites can deviate considerably from 

the inherent design.17-18 Furthermore, changes in the local stoichiometry induced by the 

segregation of impurities have also shown to cause electronic modification at the defect 

sites.19-20 With this, several studies have shown that extended defects can be exploited to 

derive interesting functionalities in oxides.21-22 However, their presence has also shown to 

inadvertently degrade the physical properties especially in oxide thin films where the 

influence of defects becomes more pronounced.23 Therefore, it is critical to understand at 

the atomic level how defects interact with neighboring atoms, and more importantly how 

such microscopic interplay can affect the film’s stoichiometry that may alter the material 

properties at the macroscopic level. This is especially important for epitaxial 

heterostructures that combine materials with dissimilar lattice constants. 

Here, we focus specifically on heterostructures grown on the SAO BL to evaluate the 

role of defect and more generally to assess the possibility of fabricating high-quality 

freestanding oxide films. By employing state-of-the-art electron microscopy and 

spectroscopy, we directly probe a series of oxide SL films where extended defects form 

during growth. The high spatial resolution provided by aberration-corrected scanning 

transmission electron microscopy (STEM) enabled us to observe the nucleation of several 

types of extended defects that together form a defect network, in which MDs at the 



43 
 

interfaces are connected by the vertical extended defects (VEDs) that span across the 

layers in the growth direction. Here, the development of such a defect network is a direct 

consequence of employing an intermediate BL with a lattice constant that is larger than 

both that of the overlaying film and the underlying substrate. Spectroscopic imaging 

reveals that the defect network provides channels for the transport of cations across the 

multilayers that are effectively acting as impurities in the structure. Note, that these 

cations are not extrinsic, but diffuse from one host layer into another. Interestingly, we 

observe that different diffusion modes exist for the two types of extended defects in our 

structure, where one occurs site-specifically in the crystal lattice and the other in a more 

random nature. Furthermore, we show that by reducing the thermal driving force for 

diffusion through extended defects during growth, their role as cation segregation site is 

greatly suppressed. 

3.2 Methods 

For sample growth, pulsed laser deposition (PLD) using a 248 nm KrF excimer laser 

was employed. Before the deposition of epitaxial films, TiO2-terminated SrTiO3 (001) 

substrate was pre-annealed at an oxygen partial pressure p(O2) of 5×10-6 Torr for 30 min 

at 950 °C. Then, the Sr3Al2O6 layer was first grown atop of the SrTiO3 (001) substrate 

followed by the growth of the [La0.7Sr0.3MnO3]5 / [SrTiO3]5 superlattice film and finally a 

SrTiO3 capping layer on top. The Sr3Al2O6 layer was grown at a substrate temperature TG 

of 700 °C and p(O2) of 1×10-6 Torr, using 1.25 J/cm2 laser fluence and 4 mm2 laser spot 

size on the target. Superlattice films, 5 unit cells of alternating La0.7Sr0.3MnO3 and SrTiO3 
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layers, were grown at TG of 700 °C or 900 °C with p(O2) of 5×10-6 Torr, using 0.35 J/cm2 

laser fluence and a 11 mm2 laser spot size. 

Cross-sectional TEM specimens were prepared using the standard focused ion beam 

(FIB) lift-out process on a FEI Strata 400 STEM FIB equipped with an Omniprobe 

AutoProbe 200. Following sample preparation, the TEM specimens were then 

investigated on a 200 keV FEI Tecnai F20 SuperTWIN STEM, a 5th-order aberration 

corrected 100 keV Nion UltraSTEM equipped with a Gatan Enfinum spectrometer, and a 

300 keV FEI Titan Themis equipped with a Gatan Quantum 965.  

The magnetization data were measured using a superconducting quantum interference 

device (SQUID) magnetometer with in-plane magnetic field. The transport measurements 

were conducted in a four-point geometry with gold contacts in a liquid helium cryostat. 

3.3 Results and Discussion 

3.3.1 Nucleation of misfit dislocation cores at the heterointerfaces 

Oxide multilayers were fabricated by pulsed laser deposition (PLD). First, a 20 nm 

thick SAO (space group Pa , a = 15.844 Å) BL was grown directly on top of the SrTiO3 

(STO, space group Pm m, a = 3.905 Å) (001) substrate. Despite the different cation to 

anion ratio in SAO, its atomic arrangement closely resembles that of a cubic perovskite 

with one SAO unit cell corresponding to 101.4 % of four STO unit cells (4 x 3.905 Å = 

15.620 Å), thereby allowing epitaxial growth on STO (001). A schematic showing the 

reduced pseudocubic unit cell of SAO is presented in Figure 3.1. Subsequently, a 40 nm 

3

3
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Figure 3.1: Schematic illustrating the pseudocubic unit cell of SAO. The atomic 

positions in SAO with in-plane pseudocubic lattice constant of 3.961 Å can be 

directly projected onto the STO (001) plane for epitaxial growth. 

La0.7Sr0.3MnO3 (LSMO)/STO SL film and a 6 nm STO capping layer were deposited on 

top of the SAO BL. We first conducted high-angle annular dark-field STEM (HAADF-

STEM) imaging on SLs grown at 900 °C, a growth temperature that was previously 

determined to yield high quality LSMO/STO SL films on STO.23 The uniform growth of 

the BL and the LSMO/STO SL film is confirmed from the lower-magnification HAADF-

STEM image presented in Figure 3.2a. As electrons scattered to higher angles are 

collected in HAADF-STEM, the presence of La (Z = 57) and Mn (Z = 25) in the LSMO 

SL layer that have higher atomic number compared to those of Sr (Z = 38) and Ti (Z = 22) 

in STO results in the observation of horizontal stripes with alternating contrast in the SL 

film.24 Interestingly, several additional features are observed in the film. First, darker dot-

like features decorate the film/buffer and buffer/substrate interfaces as indicated by the 

boxes in Figure 3.2a. The atomic structure around these dot-like features is resolved at 

higher magnification. Figure 3.2c and 3.2d are Z-contrast images acquired from 8 nm ×  
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Figure 3.2: (a) HAADF-STEM image of a LSMO/STO SL film grown at 900 °C on 

a BL showing MDs at the two interfaces as indicated by red and blue boxes. VEDs 

are observed as indicated by red arrows (SL film: [La0.7Sr0.3MnO3]5/[SrTiO3]5, BL: 

Sr3Al2O6). (b) LAADF-STEM image acquired from the same region in (a) displaying 

strain-fields around the VEDs both in the SL film and the BL (white arrow). (c,d) 

Burgers circuit around the MDs at the (c) buffer/substrate and the (d) film/buffer 

interfaces corresponding to the blue and red solid boxes in (a) (Scale bars: 2nm). 

8 nm areas corresponding to the blue and red solid boxes in Figure 3.2a, respectively. 

Taking the classical approach of drawing the Burgers circuit, the presence of an extra 

half-plane of atomic column is observed for both, consistent with the presence of MDs 

(Burgers vector b = a<010>) in these darker regions. As the in-plane lattice constant of 

SAO (a = 3.961 Å) is larger than those of the underlying STO (a = 3.905 Å) substrate 
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and the overlaying LSMO/STO SL film (a = 3.87 Å), the missing links in the Burgers 

circuits are observed within the substrate and the film, not the BL, as expected. Second, 

vertical lines of bright contrast spanning across the entire SL film along the growth 

direction are observed, as indicated by the red arrows in Figure 3.2a. Moreover, from 

low-angle annular dark-field STEM (LAADF-STEM), a technique often employed for 

visualizing characteristic dislocation-strain-fields not obvious from HAADF, vertical 

lines of bright contrast are also observed in the BL (Figure 3.2b, white arrow), indicating 

the presence of disorder in the layer.25 These results suggest that strain relaxation during 

growth of the BL and the SL film gives rise to the nucleation of MDs and VEDs. 

3.3.2 Formation of defect network with the emergence of vertical extended defects  

   To reveal the atomic structure of the VEDs in more detail, atomic-resolution HAADF-

STEM is performed on both VEDs spanning across the BL and the SL film (Figure 3.3). 

Due to the unique crystal structure of SAO, with alternating B-site cations Sr (Z = 38) 

and Al (Z = 13) and regularly ordered vacancies of oxygen and A-site cations, periodic 

rhombus-like contrast is observed in the SAO BL.26-27 However, as illustrated in Figure 

3.3b, in regions occupied by the VEDs within the BL, the inherent SAO structure is 

evidently disrupted with an atomic reconstruction taking place. The rhombus-like 

features are removed and the resulting contrast resembles that of the more typical cubic 

perovskite structure. Furthermore, from examining the VED located inside the SAO more 

closely, it can be seen that this particular extended defect is an anti-phase boundary. As 

illustrated more clearly in Figure 3.4, a phase shift is observed across the VED such that  
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Figure 3.3: (a) HAADF-STEM image showing the direct bridging between VEDs 

and MDs at both interfaces. (b) Atomic-resolution image of a VED in the BL 

exhibiting an atomic reconstruction with alternating contrasts observed at the B-sites. 

(c) Atomic-resolution image of a VED in the SL film showing contrast variations 

across the defect. (d) Cartoon model illustrating the modified crystal structure of the 

BL due to cation segregation. Here, the yellow atoms in the substrate indicate Sr in 

the underlying STO with Ti omitted for simplicity. 

the sequence of Al and Sr occupancy is shifted. As for the VEDs located inside the SL 

film, similarly, a vivid change in contrast is observed as shown in Figure 3.3. The above 

results suggest a change in the local chemistry, most likely due to segregation of cations 

from other layers at these extended defects. Compared to the atomically smooth substrate  



49 
 

 

 

 

 

 

Figure 3.4: Dark rhombus contrasts (Al, red diamond) are observed to alternate with 

bright atoms (Sr, light blue circle) reflecting the unique structure of SAO. However, a 

phase shift is observed across the VED as can be seen from the occupancy of dark 

rhombus contrasts in the white dotted circles where bright Sr atoms are expected. 

surface, the interface near the dislocation core appears rough (see Figure 3.3b) which 

may suggest that segregation of cations is not only confined to the MDs. Interestingly, 

from the higher magnification STEM images in Figure 3.3, both VEDs in the SL film and 

the BL are observed to consistently bridge directly into the MDs at the upper and lower 

BL interfaces, resulting in the formation of a defect network. 

3.3.3 Extended defects as cation diffusion channels  

   We now turn to atomic-resolution electron energy loss spectroscopy (EELS) to clarify 

the chemical identity of the atoms segregating at the VEDs. A dispersion of 0.25 

eV/channel was chosen to allow for simultaneous recording of the Ti-L2,3, O-K, Mn-L2,3,  

 



50 
 

 

 

 

 

 

 

 

 

 

Figure 3.5: Atomic-resolution spectroscopic mapping around a VED located inside 

the SL film grown at 900 °C. Simultaneously recorded elemental maps for (a) Ti, (b) 

Mn, and (c) La. (d) False-color image including all three elements Ti (blue), Mn (red), 

and La (green) (Scale bars: 2nm). (e) Concentration profiles across a VED obtained 

by vertically integrating maps from (a)-(c) between lines L1 and L2. 

and La-M4,5 edges. For direct visualization of the chemistry within the VEDs, 2D 

spectroscopic maps were acquired as presented in Figure 3.5. Here, the elemental maps 

were obtained using a linear combination of power laws (LCPL) background subtraction 

and integration over the edge without any additional noise reduction.28 From the 

elemental maps, the uniform growth of STO and LSMO is confirmed as Ti, Mn, and La 

atoms are confined to their respective SL layers. However, across the VEDs, clear 
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concentration variations are observed for all elements. While Ti is deficient, Mn and La 

show clear signals across the VED even within the nominal STO SL layers. Comparing 

the concentration of Mn inside the LSMO SL layers and within the VED in the STO SL 

layers, a significant concentration of Mn, ~30 %, is present in the VED. This implies the 

VEDs in the SL layer extend considerably in the direction parallel to the electron beam 

suggesting a planar structure, in agreement to our previous observation of anti-phase 

boundaries in SAO. Moreover, by extracting signals from a selected area and integrating 

perpendicular to the interface, concentration profiles of Ti, Mn, and La across the VED 

are obtained as shown in Figure 3.5e. From the concentration profiles, the local peaks of 

Mn overlap in position with the local drops of Ti, while the local peaks of La are 

misaligned to both by a half-lattice spacing. This suggests that these cations are diffusing 

in an atom-to-atom site-specific manner through the extended defect, compared to what 

one would expect for a simple open diffusion channel. Combining the observation of 

VEDs acting as energetically favorable planes for the diffusion of cations and the direct 

bridging between VEDs and MDs from STEM, we predict that these atoms can be 

transported across the full film. 

3.3.4 Suppression of cation diffusion via lowering thermal energy  

   In order to confirm this, spectroscopic mapping of the entire structure, i.e., from the 

substrate to the SL film, was conducted. As illustrated in Figure 3.6a, the field-of-view of 

the individual maps includes both film/buffer and buffer/substrate interfaces.  
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Figure 3.6: Ti, Mn, and La elemental maps acquired for the SL films grown at (a) 

900 °C (Scale bars: 10nm) and (c) 700 °C (Scale bars: 20nm). False-color images 

including all three elements Ti (blue), Mn (red), and La (green) are shown in the far 

right. (b) Concentration profiles summed laterally across the maps in (a). Mn and La 

show local peaks at the upper and lower BL interfaces while Ti does not. (d) 

Concentration profiles summed laterally across the maps in (c). Mn and La no longer 

show any local concentration at the BL interfaces. 

Also, a VED is present as can be seen at the lower left side of the SL film. From the 

elemental maps, clear intensity is detected for Mn and La but not for Ti at both interfaces. 

This is also confirmed from the concentration profiles (Figure 3.6b) that display local 

peaks only for Mn and La at the two interfaces. From comparing the position of these 

local peaks in Figure 3.6b with the elemental maps in Figure 3.6a, it can be seen that the 
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Figure 3.7: High-magnification HAADF-STEM image acquired from a LSMO/STO 

SL film grown at 700 °C. The inherent lattice mismatch gives rise to a MD with its 

Burgers circuit shown in red. However, the dark dot-like contrast at the dislocation 

core is removed. 

 peaks spatially overlap with the two interfaces where a high density of MDs was 

observed. Thus, the local peaks here imply that the MDs at the interfaces serve as 

segregation sites for La and Mn, confirming the role of VEDs as diffusion channels for 

the locally confined transport of La and Mn. Moreover, the role of VEDs as diffusion 

channels is further verified by the lack of a local peak for Ti in Figure 3.6b, which ties 

directly to our previous observation of Ti not diffusing through the VEDs. However, 

while the local peaks display increased concentration of La and Mn at the interfaces, the 

spatial distribution of these elements are uniform along the interfaces rather than 

exhibiting higher concentrations at the centers of the dislocations. The lack of a 

concentration differential is likely arising from cations diffusing to regions around the 

dislocation core as well as the presence of MDs propagating in the lateral direction 

parallel to the interface.11 
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Figure 3.8: (a) Low-magnification HAADF-STEM image acquired from a 

LSMO/STO SL film grown at 700 °C. (b) Blown-up image illustrating the high 

crystalline quality of the SL film grown at 700 °C. 

From the intensity of the local peaks at the interfaces shown in Figure 3.6b, it can be seen 

that a signification amount of Mn is being transported out from its intended LSMO SL 

layers. Previous work on LSMO has shown that its physical properties are highly 

sensitive to the variations in the A-site/B-site ratio and the cation doping levels.29 Thus, it 

is critical to avoid growth conditions that can lead to off-stoichiometries such as observed 

above. To amend this issue, we have examined the possible influence of thermal 

diffusion on cation transport during growth.30-31 Interestingly, we demonstrate that by 

reducing the growth temperature (TG) from 900 °C to 700 °C, the interfaces are no longer 

Mn and/or La-rich (Figure 3.6c). Concentration profiles extracted from the individual 

maps in Figure 3.6c confirm the absence of local Mn or La accumulation (Figure 3.6d). 

Lowering the growth temperature reduces the kinetic energy of the diffusing cations and 

may also lower the density of vacancies introduced. Hence, La and Mn are no longer able 

to overcome the barrier to segregate at the extended defects, thereby preserving the 

stoichiometry of the SL film. Further insight into such suppression can be gained from 

the high-magnification HAADF-STEM image in Figure 3.7, where the film/buffer 
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interface of the SL film grown at 700 °C is shown. MDs are still present as an inevitable 

consequence of the inherent lattice mismatch between the SL film and the BL. However, 

the dislocation cores are less open and there is less reduction in contrasts compared to 

MDs observed in films grown at 900 °C. Therefore, while the extra half-planes are still 

present, the diffusion of cations into these sites is likely suppressed at the reduced TG. 

The absence of the dark dot-like features at the buffer layer interfaces is consistently 

shown across a wide region in Figure 3.8. The above results indicate that careful 

optimization of the growth temperature is critical for ensuring high quality growth of 

epitaxial oxide films in which defects cannot be avoided. 

3.3.5 Enhancement of electronic properties via suppression of cation diffusion  

   Finally, the physical properties of the LSMO/STO SL films grown at the two different 

TG are compared. From temperature-dependent magnetization and transport 

measurements (Figure 3.9), we note enhancements in the properties of the SL film grown 

at 700 °C: the saturation magnetization increases by ~14 % and the film’s resistivity 

reduces compared to those of the sample grown at 900 °C. For LSMO/STO SL films, it 

was previously shown that the magnetization decreases as the doping level of Sr 

increases in the LSMO SL layers.32 
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Figure 3.9: (a) Temperature-dependent magnetization of the LSMO/STO SL films 

grown at 700 °C and 900 °C. Magnetization is measured in a 500 Oe external field 

after a 2000 Oe field cool. (b) Temperature-dependent resistivity of the LSMO/STO 

SL films grown at 700 °C and 900 °C. 

Our measurements are consistent with these results as the local Sr doping level within the 

individual LSMO SL layers effectively increases as La diffuses across the VEDs and into 

MDs at 900 °C. Extrapolating from the measurements done by Izumi et al. on 

LSMO/STO SL films with 5 unit cell repeats where the magnetization was observed to 

decrease by 28 % as the Sr doping increased from x = 0.2 to x = 0.3, we can roughly 

estimate that the Sr doping level in our two films can differ by as much as Δx = 0.05. The 

increase of the local Sr doping at 900 °C can be further confirmed by comparing the Mn 

valence states within a single LSMO SL layer between regions near and farther away 

from the VEDs. As presented in Figure 3.10, a higher Mn valence state is observed in 

LSMO SL layers adjacent to the VED to compensate for the loss of La. Such electronic 

structure modification at the Mn sites can be correlated with the property changes in the 

oxide SL film.   

 



57 
 

Figure 3.10: Comparison of the Mn-L edges within a single LSMO SL layer 

between regions adjacent to (light blue box) and farther away (orange box) from the 

VED, where the SL film is grown at 900 °C. In the region close to the VED, higher 

Mn valence state is observed which is in agreement with a local increase of the Sr 

doping level. 

3.4 Conclusion  

   In conclusion, using aberration-corrected STEM-EELS, we have directly probed a 

network of interconnected one-dimensional (MD) and two-dimensional (VED) extended 

defects in oxide SL films grown on the SAO BL at the atomic scale. From the high 

spatial resolution provided by STEM-EELS, the role of the defect network in the 

diffusion and segregation of cations is confirmed with VEDs displaying cation transport 

occurring site-specifically in the crystal lattice, which is in contrast to the typical 

diffusion mode observed in open dislocation cores. At a TG of 900 °C, as significant 

amounts of La and Mn are transported out from their intended regions, the relative 

concentration of Sr in the LSMO SL layer was increased. This subsequently led to an 

electronic structure modification at the Mn sites, which resulted in reduced magnetization 

and higher resistivity of the film. Decreasing the growth temperature, TG, to 700 °C does 
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not avoid the formation of MDs due to the inherent lattice mismatch between the layers, 

however, it greatly suppresses their role as chemical sinks, thereby retaining the film’s 

properties. Alternatively, one could avoid MDs by selecting a buffer layer material that is 

more closely lattice matched to the substrate and film. However, this would also remove 

the benefits offered by this unique buffer layer material, especially its water-solubility 

that offers an efficient route to creating new functional 2D oxide membranes. More 

broadly, the results here apply to material systems in which it is difficult to fully avoid 

the formation of extended defects and suggest that tuning the temperature can be an 

important growth parameter not only for the material deposition but also to minimize the 

adverse effect from defects. 
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CHAPTER 4 

ROLE OF DEFECTS IN SUPERCONDUCTIVITY OF LAYERED 

RUTHENATE THIN FILMS 

 

Discovery of high-temperature superconductivity in layered cuprates in 1986 ignited 

a search for the next superconducting perovskite. Thus, when superconductivity was 

demonstrated in the ruthenates after nearly a decade of extensive research the hope was 

that some of the puzzles in superconductors can be unearthed due to the analogous 

structure of Sr2RuO4 with that of the layered cuprates yet their markedly different traits. 

That is, the hints of Sr2RuO4 being a p-wave superconductor in contrast to the d-wave 

superconductor in cuprates and its noticeably lower Tc compared with those of high-Tc 

cuprates were open questions. Systematic studies that allow for such comparison and that 

may lead to a better understanding require high-quality growth of layered ruthenates. 

However, growing layered ruthenate films remains to be a difficult task as the growth 

window for this material is quite narrow. In this work, we study the microstructure of 

superconducting and non-superconducting ruthenate films grown by molecular beam 

epitaxy. Using aberration-corrected STEM, we show that the layer periodicity is more 

uniform in films that are non-superconducting while layering defects are introduced in 

superconducting films to account for excess Ru suggesting stoichiometry to be an 

important parameter. 



62 
 

4.1 Introduction 

Strong electron-electron correlation, electron-lattice interaction, and electron-orbital 

physics in perovskite oxides give rise to various extraordinary phenomena that have been 

reported thus far in this class of materials. In particular, the finding of high temperature 

superconductivity in layered cuprates has received a great deal of attention in the past few 

decades.1-3 Following this discovery, to allow for more practical applications, much effort 

has been devoted to further increase the superconducting transition temperature (Tc) by, 

for example, applying hydrostatic pressure, employing epitaxial strain in thin film 

structures, or substituting different elements for adjusting chemical pressure.4-7 However, 

despite an extensive search for superconductivity in other transition metal oxides, reports 

of superconductivity in perovskites were initially confined to the cuprate family. Thus, 

the observation of superconductivity in Sr2RuO4 nearly a decade later was considered a 

breakthrough and it immediately attracted much interest.8 

The Tc observed in Sr2RuO4 turned out to be significantly lower than those of high-Tc 

cuprate superconductors due to their analogous crystal structures, Sr2RuO4 nevertheless 

provided an effective platform to inspect its relationship with the cuprate superconductors 

with the ultimate goal of unearthing the nature of the phenomenon.9-10 One caveat is that 

superconductivity in layered perovskites has shown to be highly vulnerable to the 

presence of impurities and defects. Producing high-quality sample is therefore, 

indispensable.11-13 For instance, it was demonstrated that nonmagnetic impurities or 

defects destroy superconductivity in Sr2RuO4 by reducing the carrier mean free path.14 

Moreover, it was shown that chemical inhomogeneity in bismuth-based cuprate 



63 
 

superconductors can directly affect the maximum attainable Tc.15 Finally, in addition to 

impurities and defects, slight fluctuation in the layered perovskite structure was also 

shown to directly influence Tc.16 

Previously, it was shown that a significant issue during the growth of ruthenate thin 

films is the formation of ruthenium vacancies due to the loss of ruthenium in the form of 

RuOx (x = 2, 3, 4), which can result in high residual resistivities in SrRuO3 thin films.17-21 

Similarly, such structural disorder can be detrimental to superconductivity in Sr2RuO4 

thin films as well. To avoid the formation of ruthenium vacancies, one approach to take is 

to grow these ruthenate films in a ruthenium-rich environment. With the employment of 

such intentional off-stoichiometric growth conditions, we were able to fabricate high-

quality ruthenate thin films on NdGaO3 and SrTiO3 substrates. However, due to the 

growth window, i.e., the range of growth conditions that can be used for producing 

stoichiometric films, being much narrower for Sr2RuO4 compared with that of SrRuO3, 

variations in Tc were observed in our Sr2RuO4 films with some exhibiting non-

superconducting (NSC) behavior. 

To address the discrepancies observed in the superconducting (SC) properties, here, 

we focus specifically on Sr2RuO4 films. By employing scanning transmission electron 

microscopy (STEM) with sub-angstrom resolution, we locally probe the ruthenate films 

to elucidate the microscopic origin influencing superconductivity. More specifically, we 

utilize both high-angle annular dark-field (HAADF) and annular bright-field (ABF) 

detectors to gain information on both heavier cations and lighter oxygen atoms. The real-

space STEM images and the Fourier transforms (FT) of the real-space images reveal that 

the difference in strain is negligible. Rather, a clear difference is observed in the 
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stoichiometry between the NSC and SC Sr2RuO4 films. SC films were Ru-rich with 

variations in the number of Ru-O2 planes in a unit cell to accommodate their off-

stoichiometry. 

4.2 Methods 

For sample growth, ruthenate films were grown using a Veeco GEN10 molecular-

beam epitaxy system. The superconducting Sr2RuO4 film was grown on top of a NdGaO3 

substrate with a substrate temperature of 910 °C. Oxidation was achieved using distilled 

ozone with 8.0 x 10-7 Torr. Here, 1.53 x 1013 / cm2 sec and 1.3 x 1013 / cm2 sec were used 

for strontium flux and ruthenium flux, respectively. The non-superconducting Sr2RuO4 

film was grown on top of a NdGaO3 substrate with a substrate temperature of 910 °C. 

Oxidation was achieved using distilled ozone with 4.5 x 10-7 Torr. Here, 1.55 x 1013 / cm2 

sec and 1.37 x 1013 / cm2 sec were used for strontium flux and ruthenium flux, 

respectively.  

Cross-sectional TEM specimens were prepared using the standard focused ion beam 

(FIB) lift-out process on a FEI Strata 400 STEM FIB equipped with an Omniprobe 

AutoProbe 200. Following sample preparation, the TEM specimens were then 

investigated on a 300 keV FEI Titan Themis equipped with a Gatan Quantum 965 and K2 

Summit camera. 



65 
 

4.3 Results and Discussion 

4.3.1 Superconducting and non-superconducting epitaxial Sr2RuO4 thin films 

As illustrated in Figure 4.1, resistivity was measured from a number of different 

Sr2RuO4 thin films. Interestingly, even for films with the same thickness, variations in Tc 

were observed, indicating the sensitive nature of Tc with respect to specific growth 

conditions. Furthermore, some films exhibited NSC properties to the limit of our 

measurement, T = 0.4 K. The immediate question that arises is whether there are 

microscopic differences such as line or point defect or variations in stoichiometry that 

can explain why some films are SC while others are not. In order to investigate this 

matter, we choose two of our Sr2RuO4 films, i.e. the NSC film with thickness of 36 nm 

(black line) and the SC film with thickness of 70 nm (purple line), to compare. It should 

be noted that the NSC film selected for this work shows the highest resistivity among the 

three NSC films, suggesting that this particular film deviates the most from its intended 

SC property. To directly compare the NSC and SC films, we now turn to HAADF-STEM 

imaging as shown in Figure 4.2. To our surprise, the NSC Sr2RuO4 film displays more 

uniform growth with the number density of Ru-O2 planes preserved along the growth 

direction of the film. With our film adopting the n = 1 member of the Ruddlesden-Popper 

series Srn+1RunO3n+1, we expect there to be a single Ru-O2 plane encapsulated by two Sr-O 

planes above and below. As illustrated more clearly in the high magnification image in 

Figure 4.2b, the number of Ru-O2 layer is maintained accurately throughout the NSC film, 

implying the Ru-rich growth environment enabled precise control of the film’s 

stoichiometry.  
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Figure 4.1: (a) Resistivity versus temperature measured for various Sr2RuO4 thin 

films with different film thicknesses in the temperature range of T = 0.4K to T = 

300K. (b) Resistivity versus temperature displayed in the temperature range of T = 

0.4K to T = 4K. It can be clearly observed that some films exhibit superconductivity 

while others are non-superconducting within this temperature range. (Figure prepared 

by Jacob Ruf)   

However, from the lower magnification HAADF-STEM image acquired from the SC 

Sr2RuO4 film shown in Figure 4.2c, the stoichiometry of the film is evidently disrupted as 

can be seen from contrast variations rising from non-uniform occupancy of double Sr-O 

rock-salt layers. As can be seen more clearly in Figure 4.2d, the number density of Ru-O2 

layers varies in certain regions. More specifically, areas indicated by the orange arrows 

have two Ru-O2 layers, thus adopting the n = 2 member of the Ruddlesden-Popper series. 

With the unexpected discovery of the NSC film having a more uniform atomic sequence 

compared with the SC film, we now inspect for possible influence from strain induced by 

the underlying substrate. 
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Figure 4.2: (a) HAADF-STEM image of the non-superconducting 36-nm Sr2RuO4 

film. (b) Higher magnification image of the film / substrate interface of the non-

superconducting film showing uniform growth. (c) HAADF-STEM image of the 

superconducting 70-nm Sr2RuO4 film. (d) Higher magnification image of the 

superconducting film. As indicated by orange arrows, several regions have different 

numbers of Ru-O2 planes, indicating variations in the film’s stoichiometry. 

4.3.2 Strain analysis in reciprocal space using Fourier transform of real space image  

   In the HAADF-STEM images presented in Figure 4.2, the film / substrate interfaces for 

both NSC and SC samples are free from dislocation-type defects. To examine the 

possible influence from strain, FTs of the real-space images are computed. The FT of the 

real-space image of the SC 70-nm Sr2RuO4 film is shown in Figure 4.3a. The diffraction 

spots shown in green and red are from the underlying NdGaO3 substrate and the 

overlaying Sr2RuO4 film, respectively. From the diffractogram  
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Figure 4.3: (a) Fourier transform of the real-space STEM image from a 

superconducting 70-nm film. Octahedral tilts in the NdGaO3 substrate can be 

confirmed from the satellite peaks with one of them indicated by the yellow dotted 

circle. The overlaying Sr2RuO4 film is strained to the underlying substrate as the in-

plane Bragg reflections of the film overlap with those of the substrate. (b) Bragg 

reflections of the non-superconducting 36-nm film and superconducting 70-nm film 

are overlayed. Both films overlap in all Bragg spots. (c) Bragg reflections of the two 

films are compared with higher order peaks. The white dotted circle corresponds to a 

quarter of the in-plane lattice constant. 

of the NdGaO3 substrate, the inherent octahedral tilt in the substrate can be confirmed 

from the reflections occupying the (+1/2, 0, +1/2)p and (-1/2, 0, -1/2)p positions around 

the fundamental Bragg spots. More importantly, it can be noticed that the in-plane 

components of the film and the substrate overlap, indicating that the in-plane lattice 

constants of the overlaying film are fully strained to the underlying substrate. As we 

compare the diffraction spots arising only from the two Sr2RuO4 films, we observe that 

all Bragg reflections coincide for both NSC 36-nm and SC 70-nm films as displayed in 

Figure 4.3b. As we increase the magnification in real-space to include higher order Bragg  
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Figure 4.4: Simultaneously recorded STEM images of the non-superconducting 

Sr2RuO4 film using (a) ADF and (b) ABF detectors. From the ABF-STEM image, the 

lighter oxygen sites are clearly visible. Above the first double Sr-O rock-salt layer, 

the octahedral tilt inherent in the underlying NdGaO3 substrate is no longer present in 

the film. Similar observations can be made from the simultaneously recorded STEM 

images of the superconducting Sr2RuO4 film using (c) ADF and (d) ABF detectors. 

spots in reciprocal space, we again confirm that all Bragg reflections overlap, suggesting 

that the lattice spacing in the two films is identical thus indicating minimal role of strain 

in causing the NSC and SC properties of the films. 
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4.3.3 Analysis of octahedral tilts using annular bright-field STEM imaging  

   To further confirm that the difference in epitaxial strain is negligible for both Sr2RuO4 

films, we move to ABF-STEM imaging. As ABF detectors have smaller annular radius, 

electrons scattered to smaller angles are collected and thus allow one to gain information 

on lighter elements.22 Using ABF-STEM, we were able to image oxygen atoms in 

addition to atomic columns occupied by the heavier cations. As can be noted from Figure 

4.4b, the uniform growth of the overlaying Sr2RuO4 film can be confirmed with the 

absence of any atom between the double Sr-O planes. Interestingly, while oxygen atoms 

in the first Ru-O2 layer are slightly tilted due to the influence from the underlying 

NdGaO3 substrate with inherent octahedral tilts, the layers above the first double Sr-O 

rock-salt layer appear unaffected. That is, the double Sr-O rock salt layer seems to act as 

a separation layer to suppress the influence of octahedral tilts from the substrate. A 

similar observation can be made from the thicker SC Sr2RuO4 film with the exception 

that as observed from Figure 4.2, there are intermediate regions with varying number of n. 

To inspect for any noticeable difference between the top layers of the film and the film / 

substrate interface, we probe the top layers of the NSC Sr2RuO4 film as presented in 

Figure 4.5. From the ABF-STEM image in Figure 4.5a with the inset displaying a 

bandpass-filtered image to show the oxygen atoms more clearly, uniform growth of the 

film can be confirmed from the top layers as well. Moreover, the line profile extracted 

from a simultaneously recorded ADF image shows the extended periodicity arising from 

the alternating occupancy of ruthenium and strontium atoms. Finally, such extended 

periodicity results in the emergence of satellite peaks as indicated by the orange arrows in 

the FT of the ADF image in Figure 4.5c.  
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Figure 4.5: Simultaneously recorded (a) ABF-STEM and (b) ADF-STEM images 

acquired from top layers of the non-superconducting Sr2RuO4 film showing that 

uniform growth of the Ruddlesden-Popper structure is maintained. Vertical line 

profile across the film’s growth direction extracted from (b) displays the expected 

periodicity arising from the alternating intensity of the Sr-O layers and Ru-O2 layers. 

(c) Fourier transform confirms the extended periodicity in real-space as illustrated by 

the presence of satellite peaks (orange arrows). 

With the confirmation of strain and octahedral tilts playing a minimal role in our system, 

we now further investigate the significance of stoichiometry and non-stoichiometry in the 

films. 

4.3.4 Role of defects 

   As mentioned above, the NSC Sr2RuO4 film displays uniform layer periodicity. 

Interestingly, the NSC Sr2RuO4 film maintains its layer periodicity even with the 

presence of a step edge in the underlying  
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Figure 4.6: (a) HAADF-STEM image acquired from the non-superconducting 

Sr2RuO4 film / substrate interface. The step edge at the substrate (orange arrow) leads 

to the presence of uniform steps in the overlaying film. (b) High magnification image 

of the steps formed in the non-superconducting Sr2RuO4 film. The film’s 

stoichiometry is fully preserved laterally across the steps. (c) High magnification 

image acquired from the superconducting Sr2RuO4 film illustrating the presence of 

extended vertical double Sr-O defects. Non-stoichiometry is observed as the number 

of Ru-O2 layers in a unit cell varies across the film. 

NdGaO3 substrate. As presented in Figure 4.6a, a step edge exists at the top of the 

substrate as indicated by the orange arrow. However, the film regions to the left and right 

of the step edge still maintain uniform growth by forming similar steps with vertical (Sr-

O)2 layers. From taking a closer look across these step defects as shown in Figure 4.6b, it 

can be observed that one of the two Sr-O planes is consistently shared by the regions 

located left and right of the step defect (yellow dotted line). More specifically, the top Sr-

O layer above the Ru-O2 plane in the film located left of the step defect connects directly 

to the bottom Sr-O layer below the Ru-O2 plane in the right-hand side. The net effect is 

that the Ru-O2 planes on both sides of the film are partially aligned to the empty gap 

between the two Sr-O rock-salt layers (red dotted line). This is due to the difference in 

the vertical distance between the two Sr-O planes in the rock-salt layer (d = 2.617Å) and 
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the vertical distance between the Ru-O2 plane and the Sr-O plane in the perovskite cell (d 

= 1.876Å). As a direct consequence, it is likely that the orbital overlap will be strongly 

suppressed for the conducting channels in the Sr2RuO4 film, as they are known to be 

highly two-dimensional along the ab-plane.23 On the other hand, as portrayed in Figure 

4.6c, in the case of the SC Sr2RuO4 film, variations are observed in the number of Ru-O2 

planes, i.e., n in Srn+1RunO3n+1, due to non-stoichiometric growth. With this, we can 

immediately observe longer vertical (Sr-O)2 segments and variation in the length of these 

segments. Previously, it was demonstrated that the emergence of vertical (Sr-O)2 layers in 

Ruddlesden-Popper perovskites with variation in their density and length is directly tied 

to off-stoichiometric growth conditions.24 Here, the observed variations suggest Ru-rich 

growth for SC films. Due to the presence of layer thickness variations, many of the Ru-

O2 planes in the SC Sr2RuO4 film align with the neighboring Sr-O layers across the 

vertical defects (yellow dotted line). These differences in microstructure and 

stoichiometry may be important in determining the film’s electronic properties. Here, it 

must be noted that the only effect brought about by the presence of elongated vertical (Sr-

O)2 rock-salt layers in the SC Sr2RuO4 film is the slightly extended distance (Δd = 0.74Å) 

between ruthenium and strontium in the lateral direction. 
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4.4 Conclusion  

   In conclusion, using aberration-corrected STEM with both ADF and ABF detectors, 

we directly probe two Sr2RuO4 films grown on NdGaO3 substrates that are either NSC or 

SC. Surprisingly, films with more uniform periodic layering were non-superconducting 

while films that deviated locally from the expected RP structure showed 

superconductivity. STEM imaging and analysis of the Fourier transform suggest that 

strain does not play a significant role in this effect. Rather, the observation of unique 

vertical defects arising from step edges in the underlying substrate indicates that the 

conducting channel can be closed in the NSC Sr2RuO4 film due to the reduced overlap of 

the neighboring orbitals. On the contrary, in Ru-rich films, vertical defects and variations 

in the number of Ru-O2 planes per unit cell are introduced to account for the off-

stoichiometry. While structural disorder arising from defects seems to play a pivotal role 

in determining the properties of the SC Sr2RuO4 film, further study is necessary to clarify 

the influence that the presence of members with different n in the Srn+1RunO3n+1 series can 

have on the system. For instance, higher members in the Ruddlesden-Popper family of 

strontium ruthenates such as Sr3Ru2O7 are not known for superconductivity. Clearly, with 

the variation of n in our film, while macroscopically we still maintain the Sr2RuO4 

structure, the influence of local regions with fluctuations must be considered. 
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CHAPTER 5 

ATOMIC-SCALE CHARACTERIZATION OF PEROVSKITE CALCIUM 

RUTHENATE AND STRONTIUM RUTHENATE THIN FILMS USING 

ABERRATION-CORRECTED STEM 

 

A critical issue during the growth of epitaxial ruthenate thin films is the loss of 

ruthenium in the form of RuOx. As a direct consequence, ruthenium vacancies are created 

that in turn degrade the electronic properties of the film as manifested in the observation 

of higher residual resistivity. Recently, we have demonstrated that growing ruthenate 

films with excess ruthenium flux can lead to single-phase films as excess volatile RuOx 

can desorb from the surface. Here, we present high-resolution annular bright-field and 

annular dark-field STEM images of stoichiometric and non-stoichiometric ruthenate 

films that directly illustrate the effect of ruthenium flux. Furthermore, in a CaRuO3 thin 

film grown on a NdGaO3 substrate with optimized ruthenium flux, we show that the 

influence of octahedral tilts can result in successive cation displacements across the 

height of the film. 

5.1 Introduction 

Due to technical advances in the growth of perovskite oxide thin films, various novel 

functionalities have been demonstrated.1-2 In particular, the capability to precisely control 

the deposition of atomic layers on top of rigid substrates allows for the employment of 
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substrate-induced strain in perovskites. The benefit of epitaxial strain has been 

demonstrated in numerous systems including high-temperature superconductivity in 

cuprates and room-temperature ferroelectricity induced in strontium titanate.3-5 One 

underlying reason behind the multitude of properties brought about by epitaxial strain is 

closely related to the pivotal role BO6 octahedra play in ABO3 perovskites. As strain is 

induced from a lattice-mismatched substrate, either deformation of the octahedral 

structure, displacement of cations, or collective tilting of octahedra can occur in the 

overlaying film.6 Among these several structural modifications that the film can undergo, 

octahedral tilting can directly influence orbital overlap between neighboring sites in 

oxides, and thus affect their electronic properties.7-12 In this regard, it is critical to directly 

probe the local octahedral tilts and to correlate these structural parameters with the oxide 

thin film. 

Here we focus on CaRuO3 and SrRuO3, that are known to be both iso-structural and 

iso-electronic. While the metallic SrRuO3 exhibits long-range ferromagnetic order, the 

metallic paramagnet CaRuO3 is not known to display any long-range magnetic order and 

has also been suggested to display antiferromagnetic order.14-15 With the principal 

difference between the two being the size of ionic radius of the A-site cations Ca2+ 

(~1.12Å) and Sr2+ (~1.31Å), they differ significantly in the magnitude of rotation of 

oxygen octahedra, with CaRuO3 exhibiting larger rotation. In order to employ CaRuO3 

and SrRuO3 to study the influence from distortions in octahedral tilts, it is important to be 

able to grow these perovskite materials in thin film structure with high quality. However, 

a significant issue that can arise during the growth of ruthenates is the loss of ruthenium 

in the form of RuOx, which complicates the growth of stoichiometric films.16-20 Therefore, 
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the first critical step for investigating the role of octahedral tilts in CaRuO3 and SrRuO3 is 

to develop the capability to grow stoichiometric ruthenate thin films without structural 

disorder. 

Here, using atomic-resolution scanning transmission electron microscopy (STEM), 

we demonstrate that driven by thermodynamics a ruthenium-rich growth environment 

allows for controlled stoichiometric growth of ruthenate films. The results here suggest 

that a ruthenium-deficient environment during the growth of CaRuO3 films can cause 

nucleation of both horizontal and vertical (Ca-O)2 rock-salt layers which account for the 

non-stoichiometry in the film. On the other hand, with the application of a ruthenium-rich 

environment, Ruddlesden-Popper defects are avoided and this in turn allows for 

stoichiometric growth of CaRuO3 films. This is further corroborated with annular bright-

field (ABF) STEM imaging in which the presence of octahedral tilts in the stoichiometric 

CaRuO3 film can be confirmed by the direct visualization of oxygen atoms. Interestingly, 

we observe that as the oxygen octahedra in the overlaying film conform to that of the 

substrate, displacement of cations is observed in the film across the growth direction. 

Finally, we extend our work to substitute strontium in place for calcium at the A-site to 

demonstrate the growth of stoichiometric SrRuO3 films on SrTiO3 substrates. 

5.2 Methods 

For sample growth, ruthenate films were grown using a Veeco GEN10 molecular-

beam epitaxy system. The stoichiometric 38-nm thick CaRuO3 film was grown on top of 

a NdGaO3 substrate with a substrate temperature of 685 °C and a chamber background 
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pressure of 10-6 Torr of (~10% O3 + 90% O2). Here, calcium flux of 2 x 1013 atoms / cm2 

sec and ruthenium flux 2.6 times that of calcium flux was used. On the other hand, the 

off-stoichiometric 55-nm thick CaRuO3 film was grown on top of a NdGaO3 substrate 

with a substrate temperature of 620 °C and a chamber background pressure of 10-6 Torr 

of (~10% O3 + 90% O2). Calcium flux of 2.6 x 1013 atoms / cm2 sec and ruthenium flux 

1.8 times that of calcium flux was used. Finally, the 32-nm thick SrRuO3 film was grown 

on top of a SrTiO3 substrate with a substrate temperature of 700 °C and a chamber 

background pressure of 10-6 Torr of (~80% O3 + 20% O2). Here, strontium flux of 1.5 x 

1013 atoms / cm2 sec and ruthenium flux 2.3 times that of strontium flux was used. 

Cross-sectional TEM specimens were prepared using the standard focused ion beam 

(FIB) lift-out process on a FEI Strata 400 STEM FIB equipped with an Omniprobe 

AutoProbe 200. Following sample preparation, the TEM specimens were then 

investigated on a 300 keV FEI Titan Themis equipped with a Gatan Quantum 965 and K2 

Summit camera. 

5.3 Results and Discussion 

5.3.1 Nucleation of Ruddlesden-Popper defects in CaRuO3 films 

To begin with, we first examine a CaRuO3 film in which the ruthenium-rich growth 

environment is not optimized. In order to allow for the films to be probed with high 

spatial resolution, STEM is employed with both high-angle annular dark-field (HAADF) 

and ABF detectors. As well established, in HAADF-STEM, atomic columns occupied 
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with higher atomic number (Z) appear in brighter contrast whereas those with lower Z 

appear in darker contrast. Therefore, in HAADF-STEM, detection of atomic columns 

occupied with lower Z can be difficult. On the other hand, ABF-STEM is known to be 

useful for detecting lighter elements such as oxygen.21-23 As illustrated in Figure 5.1a, the 

growth of a CaRuO3 film on a NdGaO3 substrate can be confirmed from the HAADF-

STEM image as the substrate is represented in brighter contrast due to the presence of the 

heavier neodymium. However, we can immediately notice the presence of vertical (Ca-

O)2 rock-salt layers in the CaRuO3 film, as they appear as lines of darker contrast due to 

the lower Z of calcium (orange arrow). The emergence of this Ruddlesden-Popper-type 

defect is a direct indication of the growth condition being calcium-rich. As the ruthenium 

flux relative to the calcium flux is not optimized in this particular film, the inclination of 

ruthenium to form vacancies is not sufficiently suppressed. As a result, we can infer that 

the growth environment will be relatively ruthenium-deficient, thus leading to the 

nucleation of double Ca-O rock-salt layers. In fact, from taking a closer look at the film / 

substrate interface, one can observe that these rock-salt layers are present in the lateral 

direction as well. From the higher magnification STEM image shown in Figure 5.1b, it 

can be noticed that the overlaying CaRuO3 film is laterally shifted by half unit-cell as the 

B-site ruthenium in the film aligns with the A-site neodymium in the substrate (yellow 

dotted line). Above the Ga-O2 termination layer at the top of the NdGaO3 substrate, we 

can observe the occupancy of two consecutive layers of Ca-O as indicated by the red 

arrows. Due to the clear contrast difference between ruthenium and calcium, the 

horizontal double Ca-O rock-salt layers can be conveniently recognized.  
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Figure 5.1: (a) HAADF-STEM image of the CaRuO3 thin film grown on the 

NdGaO3 substrate. Vertical Ruddlesden-Popper defects are observed as indicated by 

the orange arrow. (b) Higher magnification image of the film / substrate interface 

reveals that the B-site ruthenium in the CaRuO3 film aligns with the A-site 

neodymium in the NdGaO3 substrate. Furthermore, a reconstruction of cations is 

observed at the interface with the addition of a horizontal double Ca-O rock-salt layer 

as indicated by red arrows. (c) Simultaneously recorded ADF-STEM image and 

EELS elemental map of Nd-M4,5 edge displaying the alternating concentration of 

neodymium at the interface. 

Moreover, some areas show enhanced atomic column contrast while others appear 

washed out. This is likely due to the projection through different grains that are offset to 

each other perpendicular to the electron beam direction. With this, the simultaneously 

recorded ABF-STEM image in Figure 5.1b shows that the contrast of the oxygen atoms 

are washed out in the overlaying CaRuO3 film even though the octahedral tilts are clearly 

visible in the underlying NdGaO3 substrate. Therefore, while the CaRuO3 film is 

uniformly deposited on the substrate, the un-optimized growth condition that produces a 

non-stoichiometric film prevents one from studying the response of octahedral tilts in the 

film due to strain. Finally, the interface structure of this particular film is further 

complicated by the intermixing of neodymium and calcium at the film / substrate 

interface. As demonstrated in the electron energy-loss spectroscopy (EELS) map 
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acquired from the Nd-M4,5 edge in Figure 5.1c, alternating contrast of neodymium is 

observed at the interface. 

5.3.2 Defect loop formed by vertical double Ca-O rock-salt layers  

   To further verify the density and structure of the vertical (Ca-O)2 rock-salt defects, we 

move to plan-view imaging. As displayed in the plan-view STEM image in Figure 5.2a, 

these vertical Ruddlesden-Popper-type defects are observed to nucleate and form loops 

with varying sizes. As different grains begin to emerge due to the presence of a number 

of these loops of Ruddlesden-Popper defects, projection onto multiple misaligned grains 

leads to the atomic column contrast being washed out in the cross-sectional view as 

briefly discussed in Figure 5.1a. Interestingly, as shown in the higher magnification 

image in Figure 5.2b, (Ca-O)2 rock-salt layers are not the only type of defect present in 

the film. Here, the presented image has been obtained by applying a bandpass-filter with 

the insets showing the Fourier transform of the original image and the mask used for 

filtering. With this, an additional grain boundary that is oriented 45 degrees to the 

Ruddlesden-Popper defects is seen. This grain boundary is shown to complete the defect 

loop by connecting two distant (Ca-O)2 rock-salt layers. Furthermore, it can be noticed 

that the regions across this grain boundary are mirror image to each other, suggesting the 

nature of this particular grain boundary to be close to that of a twin boundary. With 

various types of defects arising from the ruthenium-deficient environment, we now 

characterize the CaRuO3 film that has been prepared under ruthenium-rich growth 

condition. 
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Figure 5.2: (a) Plan-view HAADF-STEM image of the CaRuO3 film on a NdGaO3 

substrate. Vertical Ruddlesden-Popper defects observed from cross-sectional image 

in Figure 5.1 are shown to form loops. (b) Bandpass-filtered image of the defect with 

insets showing the Fourier transform and the mask used for the filter process. 

5.3.3 Cation displacements observed in strained CaRuO3 films  

   In the HAADF-STEM image in Figure 5.3a, a CaRuO3 film grown under optimized 

ruthenium flux is presented. Several observations in this film are noteworthy. First, 

within the field-of-view, there are no (Ca-O)2 rock-salt layers neither vertical nor 

horizontal types. From closely inspecting the film / substrate interface, it can be noticed 

that on the Ga-O2 terminated substrate a layer of Ca-O followed by a layer of Ru-O2 is 

grown. With the removal of the horizontal “double” Ca-O rock-salt layer, the B-site 

ruthenium in the CaRuO3 film now aligns to the B-site gallium in the underlying NdGaO3 

substrate. Interestingly, as indicated with yellow dotted lines in both Figure 5.3a and 5.3b, 

a slight tilt is observed in the overlaying film. That is, while  
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Figure 5.3: (a) HAADF-STEM image of a different CaRuO3 film with absence of 

vertical Ruddlesden-Popper defects, indicating stoichiometric growth of the film. 

Here, the B-site ruthenium is aligned with the B-site gallium in the substrate as 

expected. (b) Blown-up image of the film / substrate interface shows that there is a 

tilt to the growth of the film with respect to the underlying substrate. 

the A-O and B-O2 layers in the substrate grow parallel to the substrate surface, the film 

grows such that each subsequent layer is slightly displaced horizontally from the previous 

layer. To further investigate this matter, an ABF-STEM image is analyzed. Figure 5.4a is 

a high-resolution ABF-STEM image with 5.4b being a bandpass-filtered image of 5.4a. 

The Fourier transform of the original STEM image and the mask used for the filtering 

process are shown in the far right. With the selected mask, all high order Bragg 

reflections are incorporated with only the high frequency noise and the lowest frequency 

variations being removed. As we are imaging down the <001> zone-axis, the octahedral 

tilts are clearly visible in the underlying substrate. Moreover, unlike the non-

stoichiometric film in Figure 5.1, the optimized film displays clear oxygen columns in the  
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Figure 5.4: (a) ABF-STEM image of the stoichiometric CaRuO3 film on a NdGaO3 

substrate. With the employment of a ABF detector, the light oxygen atoms are clearly 

visible in addition to the heavier cations. (b) Bandpass-filtered image of (a) with its 

Fourier transform and mask shown on the right. In addition to the tilt present along 

the growth direction of the film, octahedra are fully strained to the underlying 

substrate, as the B-O-B angle remains constant within the field-of-view. 

overlaying CaRuO3 film as well. Interestingly, as indicated by the yellow dotted squares 

in Figure 5.4b, the tilts of oxygen octahedra are well preserved along the growth direction 

in the film. As the overlaying film is fully strained to the underlying substrate, the 

octahedral tilts also remain to be fixed to that of the substrate. Previously, it was reported 

that the bulk B-O-B angle for CaRuO3 is 157.6 degrees while that for NdGaO3 is 162 

degrees.24 Interestingly, the tilt observed in the growth direction of the film resulting 

from the cation displacements is 4 degrees with respect to a vector normal to the film / 

substrate interface, which is approximately the difference between the two bulk B-O-B 

angles. From the above observations, it is possible that as the octahedral tilts in the film 

conform to those of the underlying substrate, the stiffness of these oxygen octahedra 

leads to cation displacements rather than deformation of the octahedra or changing the 

angle of the tilts. 
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5.3.4 Growth of SrRuO3 film on SrTiO3 substrate  

   Finally, we demonstrate that we can replace the A-site cation in the CaRuO3 film with 

strontium to grow a SrRuO3 film on top of a SrTiO3 substrate. As presented in Figure 

5.5a, uniform growth of SrRuO3 on SrTiO3 can be confirmed from the HAADF-STEM 

image. Due to the similar Z of strontium (Z = 38) and ruthenium (Z = 44), it is difficult to 

distinguish the Sr-O layer from the Ru-O2 layer by eye. However, as illustrated by the 

line profile obtained by laterally averaging a higher magnification STEM image in Figure 

5.5b, the atomic columns clearly display an alternating intensity consistent with the 

contrast variation between the B-site ruthenium and A-site strontium with the former 

having higher the intensity. Furthermore, it is also noticed that the B-site ruthenium in the 

SrRuO3 film aligns nicely to the B-site titanium in the SrTiO3 substrate as the film is 

devoid of any Ruddlesden-Popper-type defect due to its ruthenium-rich growth 

environment. As a final note, it is interesting to observe the lack of tilt in the film, i.e., 

cation displacements, along the growth direction. Unlike NdGaO3, SrTiO3 does not have 

any inherent octahedral tilt that the film must conform to. However, the possibility of the 

film simply being more relaxed from the substrate cannot be excluded, as small disorder 

at the interface is hinted from the contrast variations in Figure 5.5a. 
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Figure 5.5: (a) HAADF-STEM image of the SrRuO3 film grown on top of the 

SrTiO3 substrate. (b) Higher magnification image and horizontally averaged line 

profile show uniform growth of the film as indicated by the alternating contrast 

arising from the occupancy of ruthenium and strontium atoms. 

5.4 Conclusion  

   In conclusion, using aberration-corrected STEM with both ADF and ABF imaging, 

we characterize a series of ruthenate films to emphasize the importance of growing them 

in a ruthenium-rich environment. Without the optimization of the ruthenium flux relative 

to the calcium flux, we observe ruthenium-deficient growth which directly to the 

nucleation of vertical and horizontal (Ca-O)2 rock-salt layers in the CaRuO3 film. While 

not presented in this work, we also separately observe that the residual resistivity ratio is 

reduced in these films. Owing to the presence of the Ruddlesden-Popper defects, overlap 

of various grains is observed in cross-sectional projection images of the specimen. As the 
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ruthenium flux is increased and the growth condition optimized, the double Ca-O rock-

salt layers are removed and a stoichiometric CaRuO3 film is observed to grow uniformly 

on an NdGaO3 substrate. As the overlaying film remains to be fully strained to the 

underlying substrate, the octahedral tilts in the film are also fixed to those of the 

underlying substrate. Interestingly, as the oxygen octahedra in the film conform to those 

of the substrate, collective cation displacements are observed in the film, which lead to a 

tilt off of the growth direction. The tilt angle here closely agrees with the difference 

between the bulk B-O-B angles of CaRuO3 and NdGaO3. Finally, the growth of SrRuO3 

is also demonstrated on a SrTiO3 substrate, where the tilt observed in the CaRuO3 film 

was absent. With the optimized growth of ruthenates, this should lay the framework for 

comprehensive analysis of how octahedral tilts respond to epitaxial strain. As a final note, 

from the observed tilt in the CaRuO3 film, this suggests that competition can exist 

between octahedral distortions and cation displacements. 
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CHAPTER 6 

ATOMIC-SCALE VISUALIZATION OF A LOW TEMPERATURE CHARGE-

ORDERED PHASE IN MANGANITE THIN FILMS USING ABERRATION-

CORRECTED CRYOGENIC STEM-EELS 

 

Many extraordinary phenomena reported in perovskite oxides occur at temperatures 

far below the room temperature. The exotic physics at low temperature in perovskites is 

epitomized in manganites where colossal magnetoresistance and charge/orbital ordering 

have especially ignited great interest. However, local atomic-scale investigation on these 

phenomena has been limited thus far largely due to the technical difficulties entailed with 

the experiments. Remarkably, here, we demonstrate that with an optimized image 

acquisition scheme and a direct electron detector for collecting energy-loss spectra, 

scanning transmission electron microscopy combined with electron energy-loss 

spectroscopy can be performed at cryogenic temperature with sub-angstrom resolution. 

With the capability to directly visualize both crystal and electronic structures with 

atomic-resolution, we uncover the microscopic origin behind charge/orbital ordering in 

Nd0.5Sr0.5MnO3 thin films.   

6.1 Introduction 

Since the discovery of colossal magnetoresistance in mixed-valence manganites of 

the type RE1-xAxMnO3 (RE: rare-earth, A: alkaline-earth), a great deal of effort has been 
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exerted towards understanding the rich variety of magnetic and electrical phases that 

exists in this class of materials.1-3 As various electronic phases can be encountered by 

either substituting cations with differing size to change chemical pressure or tuning the 

composition (x) to modify the formal valence state of Mn, mixed-valence manganites 

provide a playground for one to explore not only individual isolated phases but also 

interaction between competing ground states which often give rise to unexpected 

phenomena.4-8 A classic example of this is charge ordering (CO).9-12 CO has particularly 

been the subject of special interest due to it being a manifestation of the strong 

correlation that exists among lattice, charge, spin and orbital in perovskite oxides.13 

The concept of CO has been continuously invoked to account for the transition from a 

ferromagnetic (FM) metallic state to an antiferromagnetic (AFM) insulating state in half-

doped manganites.14-15 It was suggested that CO with additional orbital ordering (OO), 

which nominally adopts a checkerboard arrangement, is the underlying cause behind the 

emergence of the low temperature charge exchange (CE)-type AFM phase.16-17 However, 

several recent works have casted doubt on this charge-orbital ordering (COO) idea.18-21 A 

prerequisite for CO is the preferential localization of d-electrons at the Mn sites. Due to 

the high Coulomb energy cost, it is argued that having alternating Mn ions (Mn3+ / Mn4+) 

is energetically unfavorable and that charge segregation occurs rather on the oxygen sites, 

thus precluding the simple ionic picture.20 An alternative claim is that two types of local 

structures can exist around the Mn sites which may subsequently lead to intermediate 

valence states with fractional charge segregation.21 

To uncover the microscopic details behind COO, it is critical that a technique is 

employed in which both crystal and electronic structures can be probed with high spatial 
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resolution. In this regard, scanning transmission electron microscopy (STEM) in 

conjunction with electron energy loss spectroscopy (EELS) is a powerful candidate. 

However, due to the vulnerability of STEM-EELS to stage instabilities as the sample 

temperature is reduced, the technique has been restricted to the study of manganites with 

the COO phase already established at room temperature (RT).22-23 Therefore, in mixed-

valence manganites where most COO ground states sit far below RT, diffraction-based 

experiments and dark-field transmission electron microscopy (DF-TEM) have been the 

main workhorse for investigation thus far. An immediate drawback of diffraction-based 

studies is the limitation one has with spatial resolution. On the other hand, while DF-

TEM has revealed some hints of structural modulation in the COO regime, difficulties in 

the interpretation of the contrast variations observed in TEM leave many questions 

unanswered.24-25  

To address this issue, here, by using a cross-correlation method for generating high 

signal-to-noise ratio (SNR) STEM images and a direct electron detector (DED) with 

improved efficiency for collecting energy-loss electrons, we demonstrate that STEM-

EELS can be conducted with atomic resolution at cryogenic temperature on an 

aberration-corrected microscope. Our results provide atomic-scale visualization of 

Nd0.5Sr0.5MnO3 (NSMO) in its COO phase where periodic lattice displacements (PLD) 

are observed to occur. These PLDs can directly distort the local crystal structure around 

the Mn sites and thus modify the electronic structure. While complete charge 

disproportionation (Mn3+ / Mn4+) can be excluded, variations in the EELS fine structure 

may suggest a valence difference between two neighboring Mn sites. This would imply 

that partial charge segregation takes place indicating the pivotal role oxygen atoms play. 
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6.2 Methods 

For the growth of NSMO thin films, TiO2-terminated SrTiO3 (110) substrates were 

pre-annealed at 950 °C under oxygen partial pressure p(O2) of 5.0 x 10-6 Torr for 30 min. 

Subsequently, 80-nm thick NSMO films were grown on top using a 248-nm KrF excimer 

laser. During the thin film deposition, the growth temperature was maintained at 825 °C 

under p(O2) of 2.0 x 10-3 Torr, using 0.40 J cm-2 laser fluence and 11 mm2 spot size.  

Cross-sectional TEM specimens were prepared using the standard focused ion beam 

(FIB) lift-out process on a FEI Strata 400 STEM FIB equipped with an Omniprobe 

AutoProbe 200. Following sample preparation, the TEM specimens were then 

investigated on a 300 keV FEI Titan Themis equipped with a Gatan Quantum 965 and K2 

Summit camera. The magnetization data were measured using a superconducting 

quantum interference device (SQUID) magnetometer with in-plane magnetic field. 

6.3 Results and Discussion 

6.3.1 Electron diffraction of emergence of satellite peaks at low temperature 

For our study, NSMO thin films with thickness of 80 nm were epitaxially grown on 

TiO2-terminated SrTiO3 (STO) (110) substrates using pulsed laser deposition. Here, it 

should be noted that the particular substrate orientation of STO (110) was carefully 

selected in order to allow for the COO phase to emerge. Previously, the characteristic 

transitions from metal to insulator accompanied with FM to AFM ascribed to COO in 

bulk NSMO were only observed in NSMO thin films deposited specifically on  
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Figure 6.1: (a) Magnetization versus temperature measured in our NSMO thin film. 

Three distinct magnetic phases are identified with FM and AFM transitions occurring 

at T = 255K and T = 160K, respectively. (b) Electron diffractions acquired at T = 

300K and T = 96K shown in the framework of pseudocubic notation. In the COO 

regime at T = 96K, the fundamental Bragg reflections are accompanied with satellite 

peaks that decorate the (+1/4, -1/4, 0)p and (-1/4, +1/4, 0)p spots (orange arrows). 

(110)-oriented STO substrates due to strain effects.26-27 With this, we were able to 

reproduce the expected phase transitions from paramagnetic (PM) to FM and FM to AFM 

near T = 255K and T = 160K, respectively, matching closely the transition temperatures 

reported in bulk NSMO (Figure 6.1a). As a first approach to examine the microscopic 

origin behind COO, we acquired electron diffractions at both RT and liquid nitrogen 

temperature (LNT). In the latter experimental condition, with the NSMO film sitting at 

96K, we were able to access the COO regime. As shown in Figure 6.1b, a clear difference 

between the two diffraction patterns can be noted. To begin with, the fundamental Bragg 

reflections in the diffraction pattern obtained at 300K are shown in pseudocubic notation 

in which we are looking down the [001]p axis, and therefore the Bragg spots correspond 

to the in-plane components [100]p and [010]p. While the fundamental Bragg reflections 
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arising from the inherent crystal structure of the NSMO film show no apparent difference 

between two temperatures, the Bragg spots acquired at 96K are accompanied with the 

formation of satellite reflections at (+1/4, -1/4, 0)p and (-1/4, +1/4, 0)p as indicated by the 

orange arrows in Figure 6.1b. Therefore, as the NSMO film enters the COO phase, we 

observe the emergence of a modulation wave at an angle of 45 degrees with respect to the 

pseudocubic perovskite unit cell. More importantly, the formation of the satellite peaks at 

their respective positions suggests that the pseudocubic unit cell quadruples. The 

reciprocal space results are consistent with previous works, confirming that the sample 

has been cooled into the COO phase. 

6.3.2 Fourier transform of real-space STEM image confirms satellite peaks 

We now turn to high-angle annular dark-field (HAADF) STEM to investigate COO in 

real space. As briefly mentioned above, at LNT, the instabilities that specimen can 

experience pose immense challenge to high-resolution image acquisition in STEM. To 

overcome these issues, we utilize a cross-correlation method based on rigid registration.28 

By acquiring a stack of images with a short acquisition time (~0.5 μsec / pixel) and using 

a cross-correlation algorithm optimized for low SNR data, we were able to obtain high 

SNR STEM images at 96K with resolution comparable to RT as illustrated in Figures 

6.2a and 6.2b. Due to electrons scattered to higher angles being collected in HAADF-

STEM, the brighter atomic columns correspond to Nd/Sr sites and the relatively darker 

atomic columns represent Mn sites. For both STEM images in Figure 6.2a and 6.2b, we 

are looking down the [001]p zone-axis as previously for electron diffraction. 
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Figure 6.2: Cross-correlated HAADF-STEM images and their respective Fourier 

transform acquired at (a) T = 300K and (b) 96K. The contrast information in STEM 

gives rise to the emergence of superlattice spots from A-site cation ordering (white 

arrows) along the film’s growth direction, [010]p. At T = 96K in the COO regime, 

similar satellite peaks decorate the fundamental Bragg spots as previously observed 

from electron diffraction (orange arrows). 

From visual comparison of the two HAADF-STEM images, no obvious structural 

differences are observed. However, a clear change can be noticed when comparing the 

Fourier transforms (FT) of the two images. In the FT of the RT STEM image, similar 

fundamental Bragg spots observed previously from electron diffraction are displayed. In 

addition, superlattice spots located at the (0, +1/2, 0)p and (0, -1/2, 0)p positions are 

observed rising from A-site cation ordering. At 96K, in addition to the two features 
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mentioned above, the FT also exhibits satellite peaks that decorate the Bragg reflections 

at the (+1/4, -1/4, 0)p and (-1/4, +1/4, 0)p positions, in agreement to the results from 

electron diffraction. While the FT of STEM images confirms the presence of a structural 

modulation in the COO state, further analysis is required to quantify these modulations in 

real space. 

6.3.3 Emergence of periodic lattice displacements in the COO regime 

To precisely measure the microscopic behavior adopted by the lattice in response to 

the emergence of the modulation wave at 96K, we employ a method in which all 

superlattice peaks decorating the Bragg reflections in the FT of the original image are 

damped.23 With this, a reference image can be generated in which the influence from the 

modulation wave is removed. Then, from the image pair, that is the original STEM image 

and the reference image with satellite peaks suppressed, we can fit and subtract the lattice 

positions to resolve the structural modification that takes place due to the modulation 

wave. Using the described method, a PLD map is derived from a real space STEM image 

as shown in Figure 6.3a and 6.3b. In Figure 6.3b, the triangles represent lattice 

displacements with their area denoting the magnitude of displacement and the color 

representing the relative angle of the displacements with respect to the modulation wave 

vector, 𝑞. The cartoon overlayed on the image corresponds to the 
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Figure 6.3: (a) Magnified HAADF-STEM image at T = 96K (light red circle: Nd/Sr, 

light green circle: Mn). (b) PLD map derived from the image in (a). Triangles 

represent displacements with their colors denoting angle of displacement with respect 

to the modulation wave and size denoting magnitude of displacements. With the 

higher order periodicity introduced by PLD, the pseudocubic unit cell is quadrupled 

as illustrated by the red dotted square. (Scale bars: 2nm) 

A-site Nd/Sr column (light red) and the B-site Mn column (light green). As can be 

noticed from Figure 6.3b, the PLD map includes only the displacements of the A-site 

cations as fitting and subtracting the lattice at the B-sites presented more challenge due to 

the darker contrast of Mn. From the PLD map, we can see that the lattice evidently reacts 

to the modulation wave by exhibiting periodic transverse displacements with respect to 𝑞. 

Interestingly, along the direction of 𝑞 (red arrow), each row of atoms alternates in 

displacement magnitude with one being stronger (14 ~ 16 pm) than the other neighboring 

row (4 ~ 6 pm). As for the rows with weaker displacement magnitude, the transverse 

component is reduced. On the other hand, for the rows with larger displacements, the 

displacement vector is strongly transverse with polarization angle reversing its direction 

Figure 3 

2nm 

(a) (b) 

D
isplacem

ent m
agnitude (pm

) 

Angle relative to 

Modulation wave,  

ap 
bp 

ap 
bp 

20 

18 

16 

14 

12 

10 

8 

6 

4 

2 



100 
 

as implied by the colors (blue: +π/2 yellow: -π/2). Thus, one can imagine that the 

modulation wave can be of a sinusoidal nature where the peak and the trough can cause 

opposite displacements. Here, the presence of the alternation of magnitudes and the 

reversing of polarization angles can directly account for the quadrupling of the 

pseudocubic unit cell (red dotted square), which was suggested from both electron 

diffraction and FT of real space images. 

6.3.4 Observation of two distinct COO domains with perpendicular waves 

With the confirmation of an emergent PLD at low temperature, we now further 

examine for possible coexistence of distinct domains in our NSMO film. From closer 

observation in Figure 6.1a, it can be noticed that magnetization is not fully suppressed in 

the AFM phase. The residual magnetization suggests the possibility of fragments of FM 

phase coexisting with the AFM phase in the COO regime. Interestingly, by reducing the 

magnification and thus increasing the field-of-view, we were able to encounter a domain 

boundary between two neighboring phases as illustrated in Figure 6.4a. In the HAADF-

STEM image, dark stripes are clearly visible as indicated by the yellow and white solid 

lines that are added as a guide to the eye. Here, the presence of two separate domains can 

be recognized due to the two different types of dark stripes that are orthogonal to each 

other. As can be confirmed from the FT in Figure 6.4b, the pairs of satellite peaks that 

decorate the Bragg spots imply that both domains are COO domains with perpendicular  
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Figure 6.4: (a) HAADF-STEM image presenting a wider region in the NSMO film 

at T = 96K. Two sets of dark stripes are visible at this lower magnification as 

indicated by yellow and white solid lines. A sharp domain boundary (white dotted 

line) exists parallel to [100]p. (b) Fourier transform of the image in (a). Two pairs of 

satellite peaks emerge due to the presence of two modulation waves. Magnified PLD 

maps extracted from region dominated by (c) q1 and (d) q2, respectively. While both 

waves give rise to quadrupled pseudocubic unit cells, the displacement magnitude 

from q1 is significantly larger than that from q2. (Scale bars: 1nm) 
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modulation waves. To reveal the origin of the dark stripes, we turn to PLD maps that are 

generated from the two COO domains. As can be seen from Figure 6.4c and 6.4d, in both 

cases PLDs effectively quadruple the pseudocubic unit cell. In addition, one can see that 

for both domains, the neighboring rows of atomic columns above and below rows of 

maximum displacements are either closer (+π/2 angle) or further away (-π/2 angle). 

Therefore, with the HAADF-STEM technique known for being sensitive to electron 

channeling effect, we can infer that the variations in the atomic column separation give 

rise to variations in contrast.29 The presence of two sets of dark stripes and the reciprocal 

space information suggest the coexistence of two COO domains. We now discuss the 

underlying differences in the microscopic nature of the two domains. Previously, it was 

demonstrated that COO occurs not only in AFM regions but also in FM regions.30 It was 

further suggested that COO-FM regions can arise from strain which can locally modify 

the bandgap to allow for electrons to hop to nearest neighbors. As mentioned above, the 

residual magnetization indicates the simultaneous presence of both FM and AFM 

domains in our film. Interestingly, a clear difference can be noted between the two COO 

domains from Figure 6.5, as the intensity of the satellite peaks decorating the Bragg spots 

in domain q1 is much stronger than that of q2. In agreement to this observation, the 

displacement magnitude is also much greater for the domain dominated by q1 as shown 

in Figure 6.4c and 6.4d. We speculate that with the COO effect being weaker in domain 

q2, the transition from FM to AFM can be suppressed compared with q1, thus giving rise 

to a finite magnetization value. Moreover, it can also be noticed that the domain 

boundary separating the two COO domains is perpendicular to the film’s growth 

direction, implying the possible link between epitaxial  
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Figure 6.5: HAADF-STEM image with two COO domains observed in Figure 6.4. 

Fourier transform is performed on a selected region within each domain as indicated 

by the dotted red and blue squares. The intensity of the satellite peaks is stronger for 

the region dominated by q1 compared with that of q2. 

strain and nucleation of the two domains.  

6.3.5 Direct measurement of electronic modification arising from COO  

   Having assessed the structural distortions in the COO state, we now examine the nature 

of charge modulation. Atomic-resolution EELS was performed with a dispersion of 0.25 

eV/channel for the simultaneous acquisition of O-K, Mn-L2,3, and Nd-M4,5 edges in our 

NSMO film. With the electron probe resolving the A-site Nd/Sr and B-site Mn, the 

resolution for spectroscopy was better than 1.9 Å, allowing us to inspect for possible 

electronic variations between neighboring Mn sites. Here, the bottleneck for  
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Figure 6.6: (a) Schematic portraying the modulation wave (arrows) with two distinct 

Mn components indicated by light green and orange circles. (b) Left-hand: Two Mn-

L2,3 edge spectra extracted by MCR from a Mn-map with single vertical row. The 

two Mn valence states differ by 0.5 eV suggesting the presence of Mn3.25+ and Mn3.75+. 

Right-hand: Nonlinear least squares fit of the two Mn spectra to the Mn-map. Mn3.25+ 

and Mn3.75+ are observed to alternate across the single vertical row as can be seen 

from the concentration profiles. 

conducting spatially resolved EELS mapping at cryogenic temperature is total acquisition 

time as specimen drift can be detrimental. Thus, in order to minimize the adverse effects 

from stage instabilities, a DED with high SNR is employed to collect the energy-loss 

electrons with a short acquisition time of 2.5 msec /pixel.31 Subsequently, multivariate 

curve resolution (MCR) is performed on background-subtracted Mn-L2,3 edge spectra to 

scrutinize electronic structure difference between adjacent Mn sites. Interestingly, the 

Mn-L edge fine structure measured at Mn sites across the PLD are observed to alternate, 

consistent with the modulation wave. Along the single vertical row highlighted with light 

purple background in the schematic in Figure 6.6a, two distinct Mn components (light 

blue and orange) are detected from MCR.  
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Figure 6.7:. Mn-L2,3 edge and O-K edge extracted by MCR from an EELS map 

acquired from a wider region at T = 96K. In the O-K edge, the first ~5 eV above the 

onset are dominated by the filling of the transition metal 3d electrons. In agreement 

to the detection of two Mn valence states, the first peak positions (arrows) in the O-K 

edge acquired at 96K deviate.  

Diagonal arrows denote the modulation wave direction in Figure 6.6a. The two Mn-L2,3 

edge spectra extracted from an EELS map containing a single vertical row of Mn are 

shown in Figure 6.6b. From comparison with previously published Mn reference spectra, 

the valence difference between the extracted Mn components corresponds to 0.5 electron, 

suggesting the two valence states to be Mn3.25+ and Mn3.75+ in order to preserve total 

charge.32-33 The non-negative nonlinear least squares fit to the two-dimensional Mn-map 

clearly shows the alternation between the Mn components as illustrated in Figure 6.6b. 

From comparing the periodicity observed in the Mn valence map and the periodicity 

observed from the PLD maps in Figure 6.4, one can recognize that the translational 

symmetry vector of the Mn valence map is half of that of the PLD map. That is, while the 

pseudocubic unit cell is doubled in the Mn valence map, it is quadrupled in the PLD map 

due to the presence of two opposite displacement angles, +π/2 and -π/2. Furthermore, in 

the [100]p and [010]p planes, as the modulation wave runs in the diagonal direction 
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(Figure 6.6a), the overall configuration of charge modulation across the Mn sites adopts a 

checkerboard pattern. However, unlike the full ionic separation suggested in COO, our 

results reveal only partial charge segregation. Such partial charge segregation implies the 

increased role of oxygen atoms and also perhaps the itinerant nature of d-electrons that 

are de-localized rather than being confined to a single Mn ion.             

6.4 Conclusion  

In conclusion, using aberration-corrected cryogenic STEM-EELS, we directly probe a 

thin film of NSMO to unearth the nature of COO. With the high spatial resolution offered 

by the technique, we are able to visualize both the crystal and electronic structure 

modifications that take place as NSMO transitions into the COO state. We observe that 

this low temperature phase is accompanied with the emergence of a modulation wave that 

distorts the crystal structure, giving rise to PLD. Furthermore, electronic variations are 

observed across the displaced rows of atoms such that the Mn valence states alternate 

between Mn3.25+ and Mn3.75+, thus adopting a checkerboard configuration with partial 

charge segregation. With the capability to atomically resolve structures at cryogenic 

temperature, we are now able to explore the extraordinary physics that emerge at low 

temperature in various systems. 
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CHAPTER 7 

CONCLUSIONS 

 

In this dissertation research, atomic-resolution STEM in combination with EELS was 

employed to study thin films of perovskite oxides. With the capability offered by STEM 

to locally probe crystal structures with sub-angstrom resolution, microscopic defects and 

disorders in the films and at the interfaces were studied, which are then correlated with 

the changes in material properties. The employment of EELS combined with STEM is 

particularly useful as core-loss EELS signals are closely related to the local density of 

states. With this, EELS can give both elemental and bonding information. In this work, 

O-K edge and transition metal L2, 3 edges were dominantly used as their fingerprints and 

fine structures are well documented. Finally, this dissertation ends with the application of 

the aforementioned techniques at cryogenic temperature. By accessing the low 

temperature range, we directly visualize both the crystal and electronic structure 

modifications that an oxide thin film undergoes as it traverses into a charge-ordered 

phase.   

In the first two chapters, a novel perovskite known as Sr3Al2O6 is probed in an 

aberration-corrected microscope. With the capability to be epitaxially grown on SrTiO3 

substrates and subsequently dissolve in water, Sr3Al2O6 enables the fabrication of 

freestanding 2D oxide membranes decoupled from the substrate. However, the results 

from our microscopic studies show that many problems can be encountered due to the 

differing properties of the material such as its lattice constant and elasticity. In chapter 2, 
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using atomic-resolution electron spectroscopy in parallel with diffraction methods, we 

demonstrate that the inherent crystal structure of Sr3Al2O6 can be fully transformed 

during the growth of other oxides atop, making the buffer layer water-insoluble. We 

show that this phase transformation not only depends on the growth temperature, but also 

on the material grown atop. Our spectroscopic data reveal the robust nature of Sr3Al2O6 

to the growth of SrTiO3. Using this to our advantage, we demonstrate that an ultrathin (5 

unit cells) SrTiO3 layer can be employed as an effective barrier layer to preserve 

Sr3Al2O6 during the growth of subsequent layers, thereby removing the material 

constraints. In chapter 3, we show that even with the successful deposition of Sr3Al2O6 

with other oxides, due to the different mechanical properties of Sr3Al2O6, a network of 

interconnected extended defects can form. We further observe the role of these extended 

defects as cation diffusion channels that directly degrade the overlaying film’s electronic 

properties. To address this problem, rather than focusing on removing defects, we 

suppress the thermal energy to inhibit cation diffusion. With this, the electronic properties 

of the film are restored. The findings in the two chapters provide a path for exploiting the 

universal electronic properties available in oxides to full extent in 2D structures. 

In chapter 4 and 5, we moved to a different oxide system, i.e. ruthenate thin films. 

From the microscopic data obtained from STEM, we observe that the electronic 

properties of the Sr2RuO4 films depend heavily on staying within their optimum growth 

window. Interestingly, there is a direct connection between the film’s microstructure and 

its electronic properties. The non-stoichiometry in Ru-rich films is accommodated by 

additional Ru-O2 layers or layer segments resulting in non-uniform layer periodicities. 

While these extended defects are present, Ru-vacancies are most likely suppressed and 
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the films become superconducting. In chapter 5, we further analyze CaRuO3 and SrRuO3 

films. Here, we observe that inducing ruthenium-rich growth condition is critical to avoid 

the nucleation of (Ca-O)2 rock-salt defects. As the ruthenium flux is optimized, our 

annular bright-field STEM images show the uniform growth of the CaRuO3 film with its 

oxygen octahedra. Interestingly, due to the film being fully strained to the underlying 

substrate NdGaO3, we see that conformity of the oxygen octahedra across the substrate / 

film interface leads to successive cation displacements in the film. 

Finally, in chapter 6, we demonstrate that atomic-resolution cryogenic STEM-EELS can 

be performed in an aberration-corrected microscope. The biggest challenge is specimen 

drift during data acquisition. Using a cross-correlation method, we reduce the influence 

from stage instabilities for image acquisition in STEM. Moreover, with the employment 

of a direct electron detector that has superior signal-to-noise ratio compared with a 

conventional indirect electron detector, inelastically scattered electrons are collected with 

higher efficiency while using a short dwell time per pixel. With this, we unravel the low 

temperature phase that exists in the manganite, Nd0.5Sr0.5MnO3. By directly resolving the 

atomic and electronic structures as the material undergoes phase transitions, we describe 

the microscopic picture of charge-orbital ordering. Cryogenic STEM-EELS demonstrated 

in this work will be critical for elucidating many exotic phenomena that occur at low 

temperature in numerous material systems, including the perovskite oxides. 


