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Transmission electron microscopy (TEM) of two-dimensional materials (2D) offers

an unprecedented opportunity to study disordered systems down to the single-atom

level. The reduced dimensionality of these systems provides a two-fold opportunity:

first, 2D materials serve as model systems for exploring direct correlations between

the structure and properties of individual atomic features. Second, these studies

enable the development of new 2D materials and devices with precisely tailored

optical, electronic, and mechanical properties.

The experiments presented in this thesis show the first atomic-resolution images

of extended one- and two-dimensional disorder in 2D materials and the extraordi-

nary range of consequences they have on the local materials properties.

The thesis begins with studies that probe the structure and properties of the 1D

defects that make up grain boundaries in atomically-thin layers of graphene and

molybdenum disulfide. These experiments span length scales across five orders of

magnitude to image every atom at the grain boundaries through atomic-resolution

scanning TEM and rapidly map the location, orientation, and shape of several

hundred grains with dark-field TEM. Correlating these images with local probes

of electrical, mechanical, and optical properties reveals that grain boundaries have

effects that range from the unmeasurable to the extreme.

A second set of projects utilizes aberration-corrected electron microscopy of

a newly discovered 2D polymorph of SiO2 to conduct some of the first atomic-



resolution studies of glass. Images of the atomic structure of 2D SiO2 strikingly

resemble Zachariasen’s foundational cartoon models of glasses and reveal distribu-

tions of medium-range ordering that will be critical for refining theoretical models

for how and why glasses form. Additional experiments use the electron beam

to excite and image atomic rearrangements in this 2D SiO2, producing dramatic

videos that visualize the structural building blocks that control how glasses bend,

break, and melt. These studies present the first data that identify the strain asso-

ciated with individual ring rearrangements, observe the role of vacancies in shear

deformation, and quantify fluctuations at a glass/liquid interface.

In sum, this thesis demonstrates a new combination of TEM-based techniques

that provide a foundation for atom-by-atom understanding and control of the

macroscopic properties of emerging 2D materials and devices.
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CHAPTER 1

INTRODUCTION

1.1 Motivation

How do we understand the micro- and macro-scale consequences of atomic-scale

disorder in materials? In the hundred years since the birth of crystallography, the

foundational work of Bragg(s), von Laue, Ewald, and others has resulted in exper-

imental methods to determine the atomic arrangements in crystals and to predict

their properties with almost terrifying precision. A natural extension of their work

is to examine the atomic arrangements and properties of solids which lack perfectly

periodic lattices. In practical terms, every solid contains atomic disorder—ranging

from sparse and isolated point defects, to polycrystalline materials riven with grain

and phase boundaries, to the high limit of disorder in glasses. The properties of

materials can be strongly tuned by the presence of defects. We need look no fur-

ther than the computers at our fingertips to see the impact of precise control over

dopants in silicon in electronic components such as transistors and p-n junction

diodes. As a result, the study of disordered systems poses a simultaneously impor-

tant applied and fundamental problem. Yet unlike a theory of crystals, a theory

of disorder in solids can never be precise, analytic, and complete.

What can we add to the study of atomic disorder today? Transmission electron

microscopy of two-dimensional (2D) materials enables, for the first time, studies in

which we can image the position of every atom in disordered structures. Advances

in the synthesis, manipulation, and measurement of atomically-thin membranes

allow us to correlate the structure of defects to their electrical, mechanical, and

optical properties. From this platform of techniques, we have the opportunity to

1



study not only a material’s aggregate properties, but also to directly trace the

properties of disordered materials and defective crystals to the specific atomic

configurations of these disordered states. The addressability of these systems pro-

vides a two-fold opportunity: first, 2D materials serve as model systems in which

the reduced dimensionality of 2D materials allow us to access new experimental

regimes in complex materials systems, such as the real-space, atomic-scale struc-

ture of glass. Second, these studies allow for tuning the optical, electronic, and

mechanical properties of atomically-thin materials by controlling their structures.

Undoubtedly, these studies are a large, complex, and continuing endeavor; this

thesis discusses some of our first steps in this field.

In this thesis, I discuss four projects that investigate one- and two-dimensional

extended disorder in 2D materials. This work spans applied and fundamental

science in order to address questions such as: How do we use TEM to charac-

terize the increasingly complex realm of 2D materials? What fundamentally new

science can we do in the TEM with 2D materials that is not possible in the 3D

world? Chapter 1 provides introductory background into transmission electron mi-

croscopy and two-dimensional materials. Chapters 2 and 3 probe the structure of

grains and grain boundaries in single layers of graphene and molybdenum disulfide

using dark-field TEM and aberration-corrected STEM. Chapters 4 and 5 inves-

tigate a 2D silica glass to provide new insights into the atomic arrangement and

rearrangements of glass structures from the new vantage point of atomic-resolution

electron microscopy. Chapter 6 offers a summary and outlook.
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1.2 Welcome to the 2D world

Two-dimensional materials are materials that are atomically thin, at most a few

unit-cells in thickness (Figure 1.1). The most well-known of these materials is

graphene, a single atomic layer of graphite, whose unique electronic structure

spurred the initial interest in atomic membranes in 2005 [1, 2]. The types and

range of 2D materials has grown rapidly in the last five years and now parallels

that of 3D materials. 2D materials include conductors like graphene, semicon-

ductors such as molybdenum disulfide (MoS2), insulators such as hexagonal boron

nitride (h-BN), and materials with exotic band structures such as bismuth selenide

(Bi2Se3) topological insulators. Their chemistries include oxides, sulfides, nitrides,

selenides, and chalcogenides [3, 4]. There are crystals, like those listed above, and

glasses, such as silicon dioxide (2D a-SiO2) [5–7]. Yet only a small range of 2D

materials have been explored so far. Indeed, though most 2D materials reported

thus far have been single layers of van der Waals solids, recent experiments and

theoretical predictions have greatly expanded the potential realm of 2D materials

by investigating new 2D materials without bulk analogues [4, 7–10].

In many ways, research in 2D materials can be thought of as a new frontier of

nanomaterials and thin-film surface science. These fields stem from the ideas that

surfaces and interfaces have dramatically different properties from the bulk, and

that confining a material to the nanoscale in at least one dimension can produce

unique, size-dependent electronic states. 2D materials are a natural extension

of these ideas. Indeed, many 2D materials have exotic properties that are not

present in their 3D analogues and differ even between monolayers and bilayers. For

example, when thinned to a single layer, graphene has a unique, gapless “Dirac-

cone” band structure [1, 2]. And, reducing the thickness of MoS2 to a single layer

3



Graphene Molybdenum
 Disulphide

hexagonal 
Boron Nitride

Figure 1.1: Cartoons of well-studied two-dimensional crystals: graphene, h-

BN, and MoS2. Each crystal occurs naturally in a bulk layered

phase held together with weak van der Waals bonds between

layers.

changes it from an indirect- to a direct-bandgap semiconductor [11].

Yet 2D materials are distinct from surface science and nanomaterials research:

unlike typical thin films, they can be lifted off of substrates and freely manipu-

lated; unlike typical nanomaterials, they are extended in two dimensions, making

2D materials easy to interface with other materials and address with probes. These

characteristics confer unique advantages. For on-chip electronic and photonic de-

vices, 2D materials offer a new opportunity to build 3D structures layer-by-layer,

with minimal interfacial effects [12–16]. When they are lifted off of the surface,

2D materials can act as the thinnest-possible membranes in applications such as

mass-sensing mechanical resonators [17, 18], barriers between different atmospheric

environments [19], flexible electrodes [20, 21], and microscopic hinges and springs

[22].

How are 2D materials produced? While the original methods used chemical

or mechanical methods (like scotch tape) to isolate single- and few-layer 2D flakes

from bulk 3D crystals [2, 3, 29, 30], one of the most promising recent advances for
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  Precursors, 
carrier gasses 

Vapor deposition growth 

2D Material Precursors Substrate Carrier Gas Growth
Temperature

References

graphene CH3 (gas) Cu Ar, H2 1000◦ C [23]

h-BN NH3CH3 (solid) Cu Ar, H2 1000◦ C [24, 25]

MoS2 MoO3 (solid), S (solid) a-SiO2 N2 700◦ C [26–28]

Figure 1.2: Vapor deposition of selected atomically-thin films. In each case,

solid or gaseous precursors are reacted in a hot growth chamber,

resulting in the selective deposition of atomically-thin crystals

on the substrate. The growth methods used for this thesis are

described briefly in each chapter, with additional details in Ap-

pendix A.

2D materials is the development of growth methods that can selectively produce

single-layered materials (Figure 1.2). 2D materials growth has historical roots in

surface science, where graphene was grown inadvertently when carbon segregated

at the surfaces of substrates like Cu, Ni, and Ge [31]. Some of the first deliberate

growth methods produced epitaxial graphene via thermal decomposition of SiC [32,

33] or through low-pressure vapor deposition on single-crystal metal substrates [34].

Now, methods such as chemical and physical vapor deposition (CVD and PVD)

enable the growth of single layers of graphene on up to meter scales [21, 23, 34, 35].

CVD and PVD methods are emerging for other 2D materials, including h-BN

grown on copper [24, 25, 36], and MoS2 grown on amorphous SiO2 [26, 27, 37, 38].

In addition to scalability, vapor deposition also provides increased tuneability.

CVD-grown materials can be locally doped [39, 40], and direct 2D growth methods
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enable the creation of new materials or combinations of materials that exist only

in 2D forms. This quickly-expanding frontier of 2D materials synthesis provides a

rich arena for transmission electron microscopy.

1.3 Introduction to Transmission Electron Microscopy

Transmission electron microscopy (TEM) and its related techniques are ideal tools

with which to characterize the structure of 2D materials. In TEM, a high-energy

beam of electrons (60-300 kV) is fired through a thin sample, where it interacts

both elastically and inelastically with atoms in the sample. TEM provides uniquely

powerful insight into materials because it can probe their atomic structure, compo-

sition, and electronic structure on length scales ranging from tens of microns down

to tens of picometers. This range makes TEM one of the few characterization tools

that provides sufficient sensitivity across the many critical length scales that gov-

ern the properties of 2D materials. As a result, TEM has emerged as a powerful

and versatile tool to provide direct insight into 2D materials, including their layer

thickness and stacking [41, 42], grain sizes and orientations [28, 43], deformations

[44, 45], vacancies [46, 47], grain boundary structures[28, 43, 48], edges [49–52],

dislocations [53, 54], local electronic structure [46, 55–57], and more [58].

Transmission electron microscopes can be operated in either conventional TEM

mode (here simply referred to as TEM) or scanning TEM mode (STEM). In con-

ventional TEM, the electron beam broadly illuminates the area of interest, and

transmitted electrons form an image on a viewing screen or charge-coupled de-

vice (CCD). In STEM, the beam is instead focused to an angstrom-scale spot

and scanned across the sample, while the elastic or inelastic scattering signals
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are collected as a function of beam position. With aberration correction, both

TEM and STEM can form real-space images of a graphene sheet at up to atomic

resolution. Other electron microscopy techniques, such as electron tomography,

electron energy-loss spectroscopy, and in-situ manipulations further extend the

range of questions that can be addressed by (S)TEM. These techniques and the

theories behind them can be found in more detail in one of many excellent TEM

textbooks, including References [59–61]. In this thesis, we utilize four main tech-

niques in the electron microscope: annular dark-field STEM, electron diffraction,

dark-field TEM, and electron energy-loss spectroscopy.

1.3.1 Imaging atoms with annular dark-field STEM

In annular dark-field (ADF) STEM, electrons that are elastically scattered to high

angles are collected by an annular detector as the beam is scanned across the

sample as shown in Figure 1.3. These techniques produces images such as those

in Figure 1.4, which shows ADF-STEM images of three 2D crystals. One major

advantage of ADF-STEM is that it produces easily interpretable images in which

the contrast scales with the mass-thickness of the material. In the images in Figure

1.4, the bright dots represent locations of atomic nuclei; brighter dots are heavier

atoms or multiple atoms in projection.

How can we understand the contrast of ADF images? For large scattering an-

gles, the electron scattering off of atomic nuclei can be approximated incoherently

as Rutherford scattering. For a single atom, the number of electrons scattered into

a solid angle Ω is a function of the scattering angle θ:

dσ(θ)

dΩ
=

e4

16π2ε20

Z2

E2
0 sin4(θ/2)

, (1.1)
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Electron gun
(60 kV)
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Magnetic
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Annular Dark 
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Electron 
Spectrometer

Figure 1.3: Diagram of a scanning transmission electron microscope. An

angstrom-scale spot is scanned across the sample, and electrons

that are elastically scattered to medium and high angles are col-

lected on the ADF detector, forming an image. Electron energy-

loss spectroscopy records the inelastic scattering signal. Adapted

from Reference [62].

where dσ
dΩ

is the differential scattering cross-section, Z is the atomic number, and E0

is the accelerating voltage of the electron beam. More accurate Rutherford cross-

sections include corrections for relativistic effects and screening of the nucleus by

the electron cloud. This incoherent scattering model works well for high collection

angles β > 3α, where α is the convergence angle of the STEM probe and β is

the inner collection angle [63, 64]. In 3D samples, however, this simple picture is

often complicated by multiple scattering, channelling, coherent effects, and even

simple projection artifacts. These effects are largely absent in 2D samples, making

high-angle ADF images of 2D samples some of the most easily interpretable images.
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Figure 1.4: Atomic-resolution annular dark-field STEM images of 2D crys-

tals. Because they often lack multiple scattering, channelling,

and coherent effects, STEM images of 2D materials are some of

the most easily-interpretable ADF images. A Zγ approximation

works well for 1.4 < γ < 2. Scale bars are 5 angstroms.

For 2D materials, however, the weak electron scattering from light elements of

these ultra-thin samples often necessitate imaging conditions that do not strictly

meet the incoherence condition. Lower collection angles in low or medium angle

ADF (LAADF or MAADF) provide higher signal intensities than high-angle ADF

(HAADF) imaging, at the partial expense of image interpretability (Figure 1.5).

In very thin samples, a Zγ approximation still provides a good rough approxima-

tion for LAADF and MAADF intensities [65]. But, this gets complicated quickly

[66, 67]. At low collection angles, coherence effects can significantly alter the image

intensity, particularly when the atom spacings in projection are smaller than the
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α

β

Bright Field
β<α

HAADF β>3α

LAADF/MAADF α<β<3α

Increasing Coherence, Signal

Figure 1.5: Schematic of collection angles in STEM. STEM detection modes

are defined by the ratio between the convergence angle α and the

inner collection angle β. While HAADF imaging is generally de-

fined according to the incoherence condition β > 3α, LAADF and

MAADF imaging conditions lack generally-accepted definitions.

Rough guides are 1α < β < 2α (LAADF) and 2α < β < 3α

(MAADF).

probe diameter. Surprisingly, these coherence effects can strongly affect imaging

contrast even in two-atom-thick samples, such as the bilayer graphene shown in

Figure 1.6. In these more complex cases, ADF images can be quantitatively mod-

eled using full electron scattering simulations such as Earl Kirkland’s Multislice

code, as shown in Figure 1.6b [68, 69]. When done correctly, quantitative analysis

of ADF images can be a powerful tool for identifying individual atoms and thin

materials; we will use these techniques in Chapter 4 to help determine the 3D

structure of an unknown 2D material.
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Figure 1.6: Coherent effects in annular dark-field imaging of atomically-thin

films. (a) Cartoon of bilayer graphene with containing an ex-

tended stacking fault between the layers due to interlayer shear.

(b) Corresponding Multislice simulation and (c) Experimental

low-angle annular dark-field STEM image of the stacking fault.

Scale bar 2 nm. Coherent effects result in an increase in ADF

image intensity at the edges of the images, where the graphene is

AB-stacked. (d) Line average of experimental ADF image inten-

sity versus position (gray), normalized such that the maximum

intensity is 1 and the dark level is 0. The image intensity is in-

versely correlated with the closest projected x-y spacing between

atoms, shown for our theoretical model (blue). Figure adapted

from Reference [54].
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1.3.2 Diffraction techniques for 2D crystals

Diffraction techniques probe the reciprocal lattice of 2D crystals using techniques

such as such as selected-area electron diffraction (SAED) and dark-field TEM.

These tools are particularly valuable because they can sample large areas simul-

taneously and because they are relatively accessible. What follows below is a dis-

cussion of the basic theory that governs diffraction-based techniques. A practical

guide to diffraction and DF-TEM is available in Appendix C.

Diffraction and the 2D reciprocal lattice

For any crystal, the real and reciprocal lattices are related by a Fourier transform.

For a honeycomb lattice with lattice vectors

a1 = a

√
3

2
x̂ +

a

2
ŷ

a2 = −a
√

3

2
x̂ +

a

2
ŷ ,

a3 = cẑ

(1.2)

the reciprocal lattice is given by

b1 =
4π

a
√

3

(
1

2
x̂ +

√
3

2
ŷ

)

b2 =
4π

a
√

3

(
−1

2
x̂ +

√
3

2
ŷ

)
.

b3 =
2π

c
ẑ

(1.3)

The real and reciprocal lattices of a honeycomb lattice such as graphene are

shown in Figure 1.7. Note that, due to the vagaries of the trigonal Bravais lattice,

the length of the in-plane reciprocal lattice vectors are |b1,2| = 2√
3

2π
a

rather than

simply 2π
a

. As a result, the diffraction pattern spacings are non-intuitive: they do
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Figure 1.7: The honeycomb lattice in real and reciprocal space. Many 2D

materials have a honeycomb or similar lattice in projection. In

real space, the honeycomb lattice is a triangular (also called sim-

ple hexagonal) Bravais lattice with a two-atom basis. Its recipro-

cal lattice is triangular, as shown on the right. Lattice vectors are

depicted in green. Magenta and orange lines indicate the [1̄100]

and [2̄110] families of reciprocal lattice sites.

not correspond to real-space distances between the hexagons or nearest-neighbor

atoms, but rather to spacings rotated 30◦ from these distances. Some useful lattice

parameters for 2D crystals are listed in Table C.7.

To get from the reciprocal lattice to the diffraction pattern, we calculate the

scattering amplitudes I ∝ |Sk|2 by summing over the atomic form factors over the

unit cell to determine the structure factor

Sk =
n∑
j=1

fj (k) eik·dj , (1.4)

where k is the reciprocal lattice vector and fj and dj are the atomic form factor

and position of the jth atom in the unit cell. The atomic form factors are derived
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from relativistic Hartree-Fock cross-sections and can be approximated as

f (k) =
n∑
i=1

aie
−bi|k|2 + c , (1.5)

where a, b, and c are kinematic fitting factors tabulated in Doyle and Turner

[70]. Using these or other parameterizations of the atomic form factor [69], the

diffraction pattern intensities can be calculated analytically to first order. As can

be seen in Equation 1.5, the form factor decays exponentially with the magnitude of

the reciprocal lattice vectors, providing the highest signal for lower order diffraction

spots.

Together, the reciprocal lattice vectors, structure factor, and atomic form factor

provide a clear and simple picture of how we can understand the structure of a 2D

lattice from its diffraction pattern. First, note the fixed relative orientation of the

real- and reciprocal-space lattices. Rotate the real-space lattice and the reciprocal

lattice rotates as well. This allows us to distinguish between different graphene

grains (as in Chapter 2) or to determine whether the macroscopic orientation of the

edges of an MoS2 single crystal lie along the [2̄110] “armchair” or [1̄100] “zigzag”

directions (Chapter 3). Examples of graphene diffraction patterns are shown in

Figure 1.8.

Second, the relative intensities of spots in the diffraction pattern contain infor-

mation about the population of the unit cell of the Bravais lattice. For example, we

can distinguish between single-layer graphene and bilayer Bernal-stacked graphene

by comparing the ratios of the [2̄110] and [1̄100] diffraction spots calculated using

Equations 1.3–1.5 [41]. According to Friedel’s law, the kinematic diffraction pat-

tern must be centrosymmetric: I ([hkil]) = I
([
h̄k̄īl̄

])
. This kinematic 2D picture

functions well for characterizing 2D materials when they are thin, made of light

elements, and perpendicular to the incident beam.
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Single-crystal Polycrystalline

Figure 1.8: Selected area electron diffraction patterns for single- and poly-

crystals of graphene. The rotational misalignment of the adjacent

graphene crystals produces diffraction patterns that are also ro-

tated from one another. This enables easy local identification of

rotational misalignment, both in-plane for polycrystalline single

layers and out-of-plane for turbostratic (rotated) multilayers.

A more complete description of electron scattering provides insight into more

complex structures. First, analytical descriptions of the 3D shape of the recipro-

cal lattice and the Ewald sphere allow us to measure aspects of the out-of-plane

structure of 2D crystals. For example, a combination of diffraction and sample

tilt can uniquely distinguish between AA, AB, and AC stackings of multilayers of

graphene and image stacking faults between them [53, 54]. Out-of-plane rippling

can be measured as a broadening of the diffraction peaks as a function of sample

tilt [41]. Second, although 2D crystals of light elements can be accurately deter-
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Figure 1.9: Ray diagram for imaging using diffracted beams. An object illu-

minated by plane waves produces diffracted beams (pink) which

are focused by a lens, producing a Fourier transform of the object

in the back focal plane. An aperture (green) can be placed in the

back focal plane to block the direct beam (blue), resulting in an

image formed by the selected diffracted beams.

mined using kinematic scattering, dynamical effects are observed in even single

layers of heavier materials such as MoS2 [28]. These dynamical effects can be used

to uniquely determine the orientation of crystals that lack inversion symmetry

(Chapter 3). To calculate diffraction patterns for these more complex systems,

Jian-Min Zuo’s group at UIUC currently maintains full electron scattering simu-

lation software that can be accessed online [71, 72].
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Dark-Field TEM

The utility of diffraction can be greatly extended through dark-field TEM (DF-

TEM). A ray diagram of dark-field TEM is shown in Figure 1.9. In the TEM, the

objective lens forms a diffraction pattern of the specimen on the back focal plane

(the Fourier Transform plane) of the microscope. To form a dark-field image, an

objective aperture is inserted, blocking the direct beam and resulting in a real-space

image formed only from the beams diffracted to the selected k vectors. Placing the

aperture around the central (direct) beam forms a conventional bright-field TEM

image.

Using dark-field TEM, it is possible to convert any information that can be ob-

tained in a diffraction pattern into real-space, large-area images. First, by moving

the aperture to select different orientations in k-space, we can filter images of 2D

crystals based on the orientation of their real-space lattice. This leads directly to

our most highly-utilized application of dark-field TEM—mapping the grain sizes

and orientations of 2D crystals (Figure 1.10). Additionally, like the diffraction

pattern, the intensity per unit area of the dark-field TEM image is proportional to

|Sk|2. We use this property to map the thickness and stacking order of multilayers

[53, 54] and image twin boundaries in MoS2 (Chapter 3).

Because they are relatively easy and can characterize a wide range of length

scales, diffraction-sensitive imaging techniques such as dark-field TEM are particu-

larly well-suited for connecting structure to physical properties. Another advantage

of diffraction-based TEM techniques is that diffraction can be conducted through

electron-transparent substrates such as ultrathin ∼5-20 nm SiN and is relatively

insensitive to sample contamination. We use these techniques in Chapters 2 and 3

to measure the local physical properties of graphene and MoS2 grain boundaries.
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Figure 1.10: Schematic of dark-field TEM of 2D crystals. A cartoon of cen-

tered dark-field TEM (left) is shown with corresponding images

collected from a bicrystal of single-layer MoS2 (right). Scale bar

is 10 microns.

1.3.3 Electron energy-loss spectroscopy

One of the most powerful tools in a scanning transmission electron microscope

is electron energy-loss spectroscopy (EELS), which can measure the composition

and bonding of materials on the atomic scale [62, 73]. Electrons lose energy when

they interact inelastically with the electron cloud of atoms in the sample. This

signal is recorded by using a magnetic prism to separate the inelastically scattered

electrons according to their energy loss. Further detail on the theory and practical
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applications of EELS are discussed in Egerton’s textbook on “Electron Energy-

Loss Spectroscopy in the Electron Microscope” [61] and review articles such as

Reference [74].

An example of a typical EELS spectrum is shown Figure 1.11. The regions

of the energy loss spectrum are classified based on the physical processes that

occur in them. Elastically scattered electrons and unscattered electrons from the

initially monochromatic beam are contained in the zero-loss peak. The low-loss

or valence region begins just to the right of the zero-loss peak and extends from

roughly 0–50 eV. Energy losses in the low-loss region correspond to excitations of

outer-shell electrons, including both collective excitations such as plasmons and

single-electron excitations such as interband transitions and exciton generation.

The core-loss region (around 50 eV and above) contains peaks that correspond to

excitations of electrons from initial core (inner-shell) states to final states above

the Fermi energy of the material.

In this thesis, we focus mainly on the chemical and bonding information given

by core-loss EELS. Like x-ray lines, core-loss EELS edges are named according to

the quantum number of the initial energy level. The K, L1, L2,3, and M4,5 edges

correspond to initial states in 1s, 2s, 2p, and 3d orbitals. The key parameters for

interpreting a core-loss edge are its onset energy (the peak position), intensity (the

peak size), and fine structure (the peak shape).

First, the onset energy for an EELS edge represents the core level binding

energy: the hydrogen K-edge, for example, is at a familiar 13.6 eV. And the EELS

edges for other elements follow predictable trends. The energy losses for edges of

any given element are higher for more deeply buried core states: EK >EL >EM .

For a given edge type, the energy loss can be guessed through periodic table trends:
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Figure 1.11: Semi-log plot of EELS spectrum of 2D SiO2. Energy losses in

the “low-loss” region from ∼0–50 eV represent interband tran-

sitions and collective excitations such as plasmon modes and

optical transitions. Energy losses in the “core-loss” region > 50

eV are analogous to x-ray lines and represent transitions from

core energy levels to states above the Fermi energy. Typical

zero-loss peak widths are ∆E≈0.1-0.8 eV.

for instance, the K-edges for the Row 2 elements boron-fluorine are spaced roughly

120 eV apart, representing the filling of the 2p orbital and the resulting increase of

the energy of the lowest unoccupied state. These trends sufficiently separate the

onset energies for different edges such that the position of EELS edges can be used

to identify the elements present.

Second, the area under each EELS edge after background subtraction is a

product of the elemental concentration and its inelastic scattering cross-section.

The inelastic scattering cross-sections for core-loss edges can be calculated using a

relativistic Hartree-Slater method, and are functions of the inner collection angle

and primary energy of the beam. This makes it possible to quantify elemental
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concentrations to within the error in the Hartree-Slater cross-sections (∼5-15%).

If the incident beam intensity and collection angles are known, or the scattering

cross-sections are scaled using a known reference, EELS signals can be quantified

on an absolute scale, providing the areal density (atoms/nm2) for each element

in a material. We use this technique in Chapter 4 to distinguish 2D materials

with nearly single-atom sensitivity and quantify the density of silicon down to ±

3 atoms/nm2.

Finally, the shape of the EELS edge represents a local partial density of states

(pDOS) of unoccupied states above the Fermi level. From Reference [74], the

differential inelastic scattering cross-section is given by

d2I

dΩdE
=

4γ2

a2
0

∣∣∣∣∣〈f |exp (iq · r)|i〉
q2

∣∣∣∣∣
2

. (1.6)

Equation 1.6 can be simplified using a dipole approximation, yielding

d2I

dΩdE
=

4γ2

a2
0

[
|mL+1|2ρL+1 (E) + |mL−1|2ρL−1 (E)

]
, (1.7)

where mL±1 are atomic-like transition matrix elements that vary slowly with en-

ergy (giving the overall shape of the edge) and ρ±1 (E) is the angular-momentum

resolved densities of the final states (giving the near-edge fine structure) [74]. The

strong dependence of the near-edge fine structure on the local unoccupied pDOS

gives rise to large changes in EELS fine-structure when the bonding of an atom

changes. This makes it possible to conduct EELS “fingerprinting”, in which the

local bonding of an element is identified by comparison to known references. We

can also directly calculate the shape of the EELS edges using codes such as FEFF

[75] or Wein2k [76]. We use these techniques in Chapter 4 to solve the structure

and composition of a 2D glass.

Using high beam currents and large collection angles, we can acquire EELS

spectra quickly and produce spectrum images, in which an EELS spectrum is

21



In-plane heterostructures Out-of-plane heterostructures

BF-STEM image

EELS Map: g-C, h-BN, SiO2

EELS Map: 
g-C, h-BN

ADF-STEM
image

10 nm

Figure 1.12: Atomic-scale images and chemical maps of graphene-hBN het-

erostructures. Left: in-plane heterostructures fabricated by

sequential growth of graphene, patterned etching, and subse-

quent growth of h-BN. Images are from Reference [40]. Right:

out-of-plane heterostructures fabricated by layering exfoliated

graphene and h-BN. Images are from Reference [16].

collected at every point on a 2D matrix. We process spectrum images using the

same methods used for individual EELS spectra: by integrating the area under

elemental edges after background subtraction, we produce chemical concentration

maps. Multivariate curve resolution and least-squares fitting can be applied to

each pixel to map changes in the bonding state of individual elements [77–79].

The above techniques are useful for probing surfaces and interfaces of materials

such as the in- and out-of-plane interfaces in 2D heterostructures as shown in

Figure 1.12.
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1.4 Practical considerations for TEM in 2D

Sample Preparation

2D materials must be specially prepared for TEM investigations in either cross-

section or plan-view. Cross-sectional TEM samples of 2D materials on substrates

can be prepared using conventional TEM preparation techniques such as focused

ion beam milling or tripod polishing. These cross-sectioning methods are useful

for examining the stacking registry, thickness, and out-of-plane interfaces of 2D

films.

Most TEM studies of 2D materials image them in plan-view. For atomic-

resolution imaging, atomic membranes are suspended over holes in TEM grids

(typically perforated SiN membranes or holey amorphous carbon supported by

metal mesh). Fabricating plan-view samples of 2D materials is nontrivial—still

more art than science—because it requires a combination of gentle handling and

extraordinary cleanliness. For samples that are a single atom thick, even a mono-

layer of contamination is unacceptable. Figure 1.13 illustrates our transfer tech-

nique for graphene grown by chemical vapor deposition on a copper substrate.

First, we support the graphene with a polymer layer; etch away the metal growth

substrate; scoop the graphene onto TEM grids; and remove the polymer layer by

annealing the sample in air or a carrier gas. These techniques can suspend single-

layer graphene across ∼2 µm holes with high yield, although these samples are

often decorated with polymer and etchant residues. Similar techniques can be use

to transfer 2D materials to continuous thin windows of amorphous SiN; continuous

window grids allow us to probe large areas of 2D membranes with diffraction-based

techniques. Our transfer processes are further detailed in Appendix B.
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1. Grow monolayer graphene  
on Copper foil using CVD 

2. Spin PMMA  
onto foil 

3. Etch away copper 
with Ferric Chloride 
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bake off PMMA 

Figure 1.13: Preparing plan-view TEM samples of 2D materials. The illus-

trations show our transfer methods for suspending CVD-grown

graphene on a TEM grid.

Imaging conditions for 2D

Choosing the correct accelerating voltage is critical. While most microscopes are

designed with electron beam voltages of 100-300 kV, 2D materials are radiation

sensitive in this range. Some example knock-on damage thresholds are: ∼85 kV in

graphene [80], ∼80 kV for h-BN [81], and ∼75 kV for MoS2 [82]. Above these volt-

ages, the electron beam can transfer sufficient kinetic energy to directly eject atoms

from the lattice. Imaging below the knock-on damage threshold thus minimizes

damage to the lattice, though beam-induced damage including ionization dam-

age and chemically-catalyzed etching remain possible. Imaging above the damage

threshold can be useful to induce and study structural transformations, a quality

we put to use in Chapter 5 to study atomic rearrangements in 2D SiO2.
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Using the low accelerating voltages necessary to minimize radiation damage

further decreases achievable resolution and dramatically increases the effects of

chromatic and other aberrations. Correcting the aberrations in electron optics is

therefore crucial to maximize contrast and signal for imaging at the single-atom

level. For most of the high-resolution imaging in this thesis, we use the NION

Ultra-STEM, a fifth-order aberration-corrected STEM, operated at 60 kV. For

conventional TEM imaging, we use a FEI Tecnai T-12 operated at 80 kV.
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CHAPTER 2

GRAINS AND GRAIN BOUNDARIES IN SINGLE-LAYER

GRAPHENE

This project was our first in imaging 2D materials with transmission electron

microscopy at Cornell. Starting with no roadmap was exhilarating; we built the

sample fabrication methods and the imaging techniques from the ground up. The

result was this paper, one of my favorites: P.Y. Huang, C. S. Ruiz-Vargas, A. M.

van der Zande et al., “Grains and Grain Boundaries in Single-Layer Graphene

Atomic Patchwork Quilts”, Nature 469, 389-392 (2011), Ref [43].

2.1 Introduction

The properties of polycrystalline materials are often dominated by the size of their

grains and by the atomic structure of their grain boundaries. These effects should

be especially pronounced in two-dimensional materials, where a line defect can di-

vide and disrupt a crystal. These issues take on practical significance in graphene,

a hexagonal two-dimensional crystal of carbon atoms; single-atom-thick graphene

sheets can now be produced by chemical vapor deposition (CVD) [23, 35, 83] on up

to meter scales [21], making their polycrystallinity almost unavoidable. Theoreti-

cally, graphene grain boundaries are predicted to have distinct electronic [84–87],

magnetic [88], chemical [89], and mechanical [90–92] properties which strongly de-

pend on their atomic arrangement. Yet, because of the five-order-of-magnitude

size difference between grains and the atoms at grain boundaries, few experiments

have fully explored the graphene grain structure. Here, we use a combination of

old and new transmission electron microscope (TEM) techniques to bridge these

length scales. Using atomic-resolution imaging, we determine the location and
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identity of every atom at a grain boundary and find that different grains stitch

together predominantly via pentagon-heptagon pairs. Rather than individually

imaging the several billion atoms in each grain, we use diffraction-filtered imaging

[93] to rapidly map the location, orientation, and shape of several hundred grains

and boundaries, where only a handful have been previously reported [94–97]. The

resulting images reveal an unexpectedly small and intricate patchwork of grains

connected by tilt boundaries. By correlating grain imaging with scanned probe

and transport measurements, we show that these grain boundaries dramatically

weaken the mechanical strength of graphene membranes, but do not as dramat-

ically alter their electrical properties. These techniques open a new window for

studies on the structure, properties, and control of grains and grain boundaries in

graphene and other two-dimensional materials.

2.2 Sample fabrication

Figure 2.1a shows a large array of the suspended, single-layer graphene membranes

used in this study. We grew predominately single-layer graphene films on copper

foils via CVD [23] using three different growth recipes, which we refer to as Growth

Methods A, B, and C. Unless otherwise stated, all data were taken on graphene

grown with Method A, which was similar to the recipe reported in Reference [23].

Methods B and C are slight variations: Method B uses 99.999% ultrapure copper

foils [98] rather than 99.8%, and Method C uses a Rapid Thermal Processor Fur-

nace. These processes are further detailed in Appendix A. Graphene films were

transferred onto holey silicon nitride or Quantifoil TEM grids using two different

techniques. One key innovation over previous graphene TEM sample fabrication

[99] was gently transferring the graphene onto a TEM grid using a minimum of
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27º

Figure 2.1: Atomic-resolution ADF-STEM images of graphene crystals. (a)

A scanning electron microscope (SEM) image of graphene trans-

ferred onto a TEM grid with over 90% coverage via novel high-

yield methods. Scale bar 5 µm. (b) An ADF-STEM image

shows the defect-free hexagonal lattice inside a graphene grain.

(c) Two grains (bottom left, top right) intersect with a 27◦ rela-

tive rotation. An aperiodic line of defects stitches the two grains

together. (d) The image from c is overlaid with a trace of pen-

tagons (blue), heptagons (red), and distorted hexagons (green).

Images b-d were low-pass filtered to remove noise; Scale bars in

b-d are 5 Å.

polymer support and baking the samples in air to remove the polymer without

liquid solvents. This produces large arrays of free-standing graphene sheets cover-

ing up to 90% of TEM grid holes. Further sample preparation details are given in

Appendix B.
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2.3 Atomic-resolution imaging of grain boundaries

To characterize these membranes at the atomic scale, we used aberration-corrected

annular dark-field scanning transmission electron microscopy (ADF-STEM), where

a 60 keV, angstrom-scale electron beam is scanned over the sample while the

medium- to high-angle scattered electrons are collected. Keeping the electron beam

voltage below the ∼100 keV graphene damage threshold was necessary to limit

beam-induced damage. Properly calibrated, this technique images the location

and atomic number [65] of each atom and, along with TEM, has been used to

study the lattice and atomic defects of graphene and monolayer boron nitride

[47, 65, 97, 100]. Figure 2.1b shows an ADF-STEM image of the crystal lattice

within a single graphene grain. Away from the grain boundaries, such regions are

defect-free.

In Figure 2.1c, two graphene grains meet with a relative misorientation of

27◦, forming a tilt boundary. As highlighted in Figure 2.1d, the two crystals are

stitched together by a series of pentagons, heptagons, and distorted hexagons. The

grain boundary is not straight, and the defects along the boundary are not peri-

odic. While the boundary dislocation resembles structures proposed theoretically

[86, 90], its aperiodicity contrasts with many of these models and will strongly af-

fect the predicted properties of grain boundaries. By analyzing atomic scattering

intensities [65], we confirm the boundary is composed entirely of carbon. While

high electron beam doses could induce isolated bond-rotations, the boundary was

largely stable under the 60 keV electron beam. Thus, the polycrystalline graphene

is a strongly-bonded, continuous carbon membrane. We also note that many grain

boundaries are decorated by lines of surface particles and adsorbates, suggesting

that as predicted [89], they may be more chemically reactive than the pristine
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graphene lattice.

Both (S)TEM, which determines the positions and identities of atomic nu-

clei, and complementary scanning tunneling microscopy (STM), which probes va-

lence wavefunctions [94–96], are invaluable for understanding the local properties

of grain boundaries. Using these atomic-resolution approaches, however, tens to

hundreds of billions of pixels would be needed to fully image even a single micron-

scale grain, with estimated acquisition times of a day or more. Other candidates

for characterizing grains on larger scales, such as low-energy electron microscopy

(LEEM) [98] and Raman microscopy [83], typically cannot resolve small grains

and may be difficult to interpret. Fortunately, electron microscopy offers an ideal

technique to image grains on the necessary length scales: dark-field TEM (DF-

TEM), a high-throughput, diffraction-sensitive imaging technique [93] that can be

implemented on most TEMs built in the last sixty years. While this method is

usually applied to hundred-nanometer-thick foils [93], we demonstrate below that

remarkably, it also works on single-atom thick sheets—even on samples too dirty

for atomic-resolution imaging. In this manner, DF-TEM provides a nanometer-

to micron-scale grain analysis that complements ADF-STEM to give a complete

understanding of graphene grains on every relevant length scale.

2.4 Dark-field TEM: Efficiently imaging graphene grains

Figures 2.2a and 2.2b show a bright-field TEM image of a graphene sheet along

with the selected area electron diffraction pattern created from this region of the

membrane. Due to graphene’s sixfold symmetry, electron diffraction from a single

graphene crystal results in one set of sixfold-symmetric spots. Figure 2.2b contains
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Figure 2.2: Large-scale grain imaging via DF-TEM. (a-e) Grain imaging pro-

cess. (a) Samples appear uniform in bright-field TEM images.

(b) A diffraction pattern taken from a region in a reveals that

this area is polycrystalline. Placing an aperture in the diffraction

plane filters the scattered electrons forming (c) a corresponding

DF-image showing the real-space shape of these grains. (d) Us-

ing several different aperture locations and color-coding them

produces (e) a false-color DF-image overlay depicting the shape

and lattice orientation of several grains. (f-g) Images of regions

where many grains emanate from a few points. Scale bars 500

nm.

many such families of spots, indicating that the field of view contains several

grains of different orientations. DF-TEM images these grains one-by-one with

few-nanometer resolution using an objective aperture filter in the back focal plane

to collect electrons diffracted to a small range of angles, as shown by the circle in

Figure 2.2b. The resulting real-space image (Figure 2.2c) shows only the grains

corresponding to these selected in-plane lattice orientations and requires only a

few seconds to acquire. By repeating this process using several different aperture

filters, then coloring and overlaying these DF-images, (Figure 2.2d,e), we create
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complete maps of the graphene grain structure, color-coded by lattice orientation,

as shown in Figure 2.2e-g.

The images obtained are striking. The grains have complex shapes and many

different crystal orientations. In Figure 2.2e-g, we observe special locations from

which many grains emanate. Small particles and multilayer graphene also are of-

ten found near these sites, e.g. Figure 2.2e, top right. Both the average spacing

(2-4 µm) and shapes of these radiant sites in Growth Method A are comparable

with Raman and scanning electron microscope (SEM) observations of graphene

nucleation [23, 83], suggesting that these locations are likely nucleation sites. Sim-

ilar structures have been observed in studies of crystallization in colloids and are

consistent with crystallization around impurities [101]. Similar multi-grain nucle-

ation on copper has recently been observed using LEEM [98]. Significantly, each

apparent nucleation site gives rise to many grains of different orientation, resulting

in a mean grain size much smaller than the nucleation density.

The distributions of grain size and relative angular orientation are readily de-

termined from DF-TEM images. As discussed later in the text and in Figure 2.4,

grain sizes are dependent on growth conditions. In Figure 2.3a, we plot a his-

togram of grain sizes across several samples grown using Growth Method A. The

mean grain size, defined as the square root of the grain area, is 250 ± 11 (s.e.m.)

nm. This size is much smaller than the grain size of the copper substrate (100 µm-

1 mm) [21, 23] and typical lateral grains measured in bulk highly ordered pyrolytic

graphite (6-30 µm) [102]. The inset in Figure 2.3a shows the cumulative probability

of finding multiple grains in a given area. This plot demonstrates that micron-scale

CVD graphene devices produced from this set of films will nearly always contain

multiple grains. Figure 2.3b shows a histogram of the relative crystallographic
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Figure 2.3: Statistical analysis of grain size and orientation. (a) A histogram

of grain sizes, taken from three representative samples using DF-

TEM. The mean grain size is 250 ± 11 nm (s.e.m., n=535). (a

inset) Plot of the cumulative probability of having more than

one grain given the area of a device. (b) A histogram of relative

grain rotation angles measured from 238 grain boundaries. (c)

Large-area diffraction patterns and (d) a low-magnification DF-

TEM image show that grains are globally aligned near particular

directions. Scale bar 2 µm.

angles between adjacent grains. With graphene’s sixfold crystal symmetry, the

diffractive-imaging technique only determines grain rotations modulo 60◦. Conse-

quently, the measurable difference between grain orientations is from 0-30◦(i.e. 31◦

is measured as 29◦). We observe a surprising and robust preference for low-angle

(∼7◦) grain boundaries and high (∼30◦) angle boundaries similar to the one seen

in Figure 2.1.

Additional information about these orientations comes from the larger-area

diffraction patterns in Figure 2.3c, created by averaging diffraction data sampled

across 1200 µm2 regions of graphene. The broadened diffraction peaks in Figure
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2.3c (left) show a distinct sixfold pattern, indicating that a significant fraction of

the grains are approximately aligned across large areas. This alignment can also

be seen in Figure 2.3d, a low-magnification DF-TEM image displaying grains with

a small (∼10◦) range of in-plane lattice orientations. Almost half of the membrane

appears bright, indicating these grains are all approximately aligned. In contrast, a

DF-image of randomly oriented grains would only show roughly one-sixth (10◦/60◦)

of the graphene membrane. In the diffraction pattern of a separately grown sample,

(Figure 2.3c, right), we instead find a clear 12-fold periodicity, indicating that there

are two main families of grains rotated 30◦ from one another. These distributions,

which often contain smaller sub-peaks, are consistent with the frequent observation

of low and high ∼30◦ grain boundaries. We attribute these alignments to registry

to the copper substrate used for graphene growth. Such registry has recently been

observed in LEEM and STM studies of graphene growth on Cu (100) and (111)

surfaces [94, 95, 98].

2.5 Mechanical and electrical measurements of individual

grain boundaries

By directly correlating grain structure with growth methods, these DF-TEM meth-

ods can be used to build upon recent studies [83] that have demonstrated links

between island nucleation density and growth conditions. Figure 2.4a-c shows

three composite DF-TEM images of graphene from Growth Methods A, B, and

C. These slight alterations of the growth conditions effected significant changes in

the grain size, shape, and crystallographic orientation of the CVD graphene. For

example, with Growth Method C, we observed grains averaging 1-4 µm (Figure
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Figure 2.4: Grain structure and mobilities for three growth conditions. (a-

c) Composite DF-TEM images of grain structure show varia-

tions with growth conditions. The mean grain sizes are: Growth

Method A (99.8% pure copper), 250 ± 11 nm (s.e.m.); Growth

Method B (99.999% ultrapure copper): 470 ± 36 nm (s.e.m.);

Growth Method C (rapid thermal anneal): 1.7± 0.15 µm (s.e.m).

The graphene is visible through the 20 nm perforated a-C Quan-

tifoil support film. The graphene is broken in three holes in

a. Scale bars 2 µm. (d) Vertically stacked histogram of room

temperature mobilities measured from 39 devices using graphene

Growth Methods A, B, and C. See Appendix A for further details.
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2.4c), an order of magnitude larger than the grains in Growth Method A. Our

DF-TEM methods provide a powerful characterization tool for understanding and

controlling grain growth, which will be a rich field of study important for graphene

applications. The ability to easily image the grain structure in graphene monolay-

ers opens the door to the systematic exploration of the effects of grain structure on

the physical, chemical, optical, and electronic properties of graphene membranes.

We find such studies are further facilitated because grain boundaries are visible in

scanning electron microscopy and atomic force microscopy (AFM) phase imaging

due to preferential decoration of the grain boundaries with surface contamina-

tion (See Figure 2.5a). Below, we show two examples probing the electrical and

mechanical properties of grain boundaries.

2.5.1 Mechanical properties

We first examine the failure strength of the polycrystalline CVD graphene mem-

branes (Growth Method A) using AFM. We used AFM phase imaging to image

grains (Figure 2.5a) and then pressed downward with the AFM tip to test the

mechanical strength of the membranes. As seen in Figure 2.5b, the graphene tears

along the grain boundaries. From repeated measurements, we find that failure oc-

curs at loads of about ∼100 nN, an order of magnitude lower than typical fracture

loads of 1.7 µN reported for single-crystal exfoliated graphene [103]. Thus, the

strength of polycrystalline graphene is dominated by its grain boundaries.
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Figure 2.5: AFM indentation and AC-EFM studies of graphene grain bound-

aries. (a,b) AFM phase images of a graphene grain before and

after an indentation measurement. (a) Indentation takes place

at the center of this grain as shown by the arrow. (b) The region

is torn along grain boundaries after indentation. Scale bars 200

nm. (c) Electrostatic potential, averaged from three adjacent

line scans along a suspended graphene sheet between two elec-

trodes (schematic above) and measured using AC-EFM. Though

on average each line scan should cross 12 grains, no measureable

features are present. Dashed lines indicate the locations of the

electrodes.

2.5.2 Transport measurements

We probed the electrical properties of polycrystalline graphene by fabricating

electrically-contacted devices using graphene from all three growth methods. Fig-

ure 2.4d shows a histogram of mobilities extracted from four-point transport mea-

surements. Growth Methods A, B, and C exhibit room temperature mobilities of

1000 ± 750, 7300 ± 1100, and 5300 ± 2300 (s.d.) cm2/V·s, respectively. The mo-
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bilities of Growth Method A are comparable to previous results on CVD graphene

[23], while the mobilities of Growth Methods B and C are closer to those reported

for exfoliated graphene (1,000 - 20,000 cm2/V·s) [104]. By comparing these mea-

surements against the corresponding DF-TEM images in Figure 2.4a-c, we find that

surprisingly, while mobility is clearly affected by growth conditions, high mobility

does not directly correlate with large grain size.

2.5.3 AC-EFM measurements

To complement these bulk electrical measurements, we used scanned probe AC-

Electrostatic Force Microscopy (AC-EFM) [105] to test the resistivity of individ-

ual grain boundaries. We fabricated suspended graphene membrane devices [18],

shown schematically in Figure 2.5c. Figure 2.5c shows the relative potential along

a graphene membrane between two biased electrodes measured using AC-EFM. In

this plot, high-resistance grain boundaries would manifest as sharp drops in po-

tential. The graphene on these devices (Growth Method A) has a mean grain size

of 250 nm, so a line scan across these 3 µm long membranes should cross an aver-

age of 12 grains. However, no noticeable potential drops were detected, indicating

that most grain boundaries in these devices are not strongly resistive interfaces.

By assuming a grain boundary running perpendicular to the line scan, we estimate

an upper bound on the grain boundary resistance of RGB < 60 Ω-µm/L, where

L is the length of the grain boundary, compared to Rgraphene = 700 Ω/� for the

entire device. In other words, the resistance of the grain boundaries is less than

one-third the resistance of a 250 nm grain. Further measurements on six addi-

tional graphene membranes, both suspended and unsuspended, and from different

growth methods, produced similar results. This small impact of grain boundaries
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stands in stark contrast to other materials such as complex oxides, where a single

grain boundary can lead to a million-fold increase in resistance over single crystals

[106].

2.6 Conclusions

The imaging techniques reported here provide the tools to characterize graphene

grains and grain boundaries on all relevant length scales. These methods will be

crucial both for exploring synthesis strategies to optimize grain properties and for

studies, such as those demonstrated above, on the microscopic and macroscopic

impact of grain structure on graphene membranes. Thus, these results represent

a critical step forward in realizing the ultimate promise of atomic membranes in

electronic, mechanical and energy-harvesting devices.

39



CHAPTER 3

GRAINS AND GRAIN BOUNDARIES IN MOLYBDENUM

DISULFIDE

A natural extension of the techniques we developed in Chapter 2 is to extend

those techniques to other 2D materials. In this chapter, we do just that: image

and probe the grain boundaries of molybdenum disulfide, a two-dimensional semi-

conductor. This chapter is adapted from our paper: A. M. van der Zande, P.Y.

Huang, D. A. Chenet et al., “Grains and Grain Boundaries in Highly Crystalline

Monolayer Molybdenum Disulphide”, Nature Materials 12, 554-561 (2013) Ref

[28].

3.1 Introduction

Characterizing the structure and properties of grains and grain boundaries is crit-

ical for understanding and controlling material properties in the expanding array

of two-dimensional (2D) materials [3]. Studies have mapped the grain structure

of large-area graphene grown by chemical vapor deposition (CVD), characterized

defects such as grain boundaries at the atomic scale, and demonstrated that these

grain boundaries can strongly affect graphene’s electrical, optical, and mechanical

properties [23, 43, 58, 86, 90, 91, 107–110]. Much less is known about the grain

structure and properties of defects in other 2D materials, such as molybdenum

disulfide (MoS2). MoS2 has been widely explored in the form of nanotubes [111],

nanoparticles [112], and thin films [113, 114] owing to its excellent tribological and

catalytic properties. Recent work has shown that exfoliated monolayer MoS2 is a

2D direct-bandgap semiconductor [11, 115]. Moreover, large-area monolayer MoS2

can now be synthesized using CVD [26, 27, 37, 38], making it a promising candi-
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date for building atomically-thin layered electrical [12, 13, 116], optical [11, 117]

and photovoltaic [118] devices.

Here, we grow high-quality crystals of monolayer MoS2 exhibiting grain sizes up

to 120 µm and possessing optical and electronic properties comparable or superior

to those of exfoliated samples. Our study applies a diverse set of characterization

methods, combining transmission electron microscopy (TEM) of atomic and crystal

structure with optical spectroscopy and electrical transport to determine the influ-

ence of grain boundaries on the properties of the material. Using diffraction-filtered

and atomic-resolution electron microscopy, we characterize single-crystal triangu-

lar islands and polycrystals containing tilt and mirror twin grain boundaries. We

find mirror twin boundaries are stitched together predominantly through lines

of 8- and 4-membered rings, which produce mid-gap states in DFT calculations.

Finally, we show that individual grain boundaries strongly affect the photolumi-

nescence observed in MoS2 monolayers and slightly alter their in-plane electrical

conductivity.

3.2 Growth and characterization of large-grain MoS2 crys-

tals

Figures 3.1a-b are optical images of monolayer MoS2 grown on a Si/SiO2 substrate.

The samples are grown by chemical vapor deposition with solid MoO3 and S pre-

cursors [26]. In contrast to previous work [26], we did not use seeds to nucleate

growth; instead, our best growths were obtained with carefully-cleaned substrates

and by minimizing the exposure of the precursors to air during storage. Figure

3.1a shows an optical image of a typical sample. Isolated islands (violet trian-
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Figure 3.1: Large-grain MoS2 growth. (a) Optical reflection image of a CVD

growth of a typical large-grain MoS2 on a SiO2 (285 nm)/Si sub-

strate. The image contrast has been increased for visibility; ma-

genta is the bare substrate, while violet represents monolayer

MoS2. (b) Optical image of a monolayer MoS2 triangle. The

triangle is 123 µm from tip to tip. (c) Photoluminescence spec-

tra from monolayer (red) and bilayer (blue) MoS2. Peak height is

normalized to the silicon Raman peak. The narrow spikes at high

energy are the Raman transitions. (d) High-resolution ADF-

STEM image of freely suspended monolayer MoS2 on a TEM

grid. The bright spots are molybdenum atoms; the grey spots

are two stacked sulfur atoms. The lattice is composed of hexago-

nal rings alternating molybdenum and sulfur sites; top-view and

side-views of the structure are overlaid. (e) Dark-field TEM

image of a large triangle with the diffraction pattern inset. To-

gether, the diffraction pattern and the DF-TEM image show that

the triangle is a continuous single crystal. The ∼2-4 µm brighter

and darker areas are rotationally aligned bilayers of MoS2. Simi-

lar variations in contrast have been observed in bilayer graphene,

where they reflect differences in stacking order [53].
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gles) have edge lengths ranging from 30-80 µm. On the right (nearest to the solid

state precursors during growth), the islands merge into a continuous film. While

non-uniformity in nucleation density and crystal size is a limitation of our growth

techniques, each growth contains a ∼1 mm × 15 mm region where hundreds of

similar, isolated islands grow. Across different growths, the average size of islands

varies between 20-100 µm, with individual triangles up to 120 µm. Most islands

are uniform monolayers, except for small bilayer or multilayer patches (visible in

the center of Figure 3.1b).

We first use photoluminescence (PL) to measure the quality and thickness of

these triangles. Figure 3.1c shows photoluminescence spectra from monolayer and

bilayer MoS2. The PL peaks at 1.84 eV and 1.95 eV respectively match the A and

B direct-gap optical transitions [11]. The integrated intensity of the bilayer peak

is much weaker (∼7%) than the monolayer peak, reflecting the expected evolution

from a direct-gap to an indirect-gap semiconductor. Surprisingly, the measured

range of peak widths of our CVD monolayer MoS2 (50-60 meV) is similar to that

observed for freely-suspended samples of exfoliated MoS2 (also 50-60 meV) and is

much narrower than that of MoS2 exfoliated onto SiO2 (100-150 meV) [11]. These

results suggest that the CVD-grown samples are either of higher quality or are in

a cleaner electrostatic environment than exfoliated samples.

To characterize the crystal structure of these islands, we used a combination

of TEM, electron diffraction techniques, and atomic-resolution STEM. Figure 3.1d

shows an image of the atomic structure of our CVD MoS2 monolayers taken by

aberration-corrected annular dark-field scanning transmission electron microscopy

(ADF-STEM). In ADF-STEM, a 60 keV, angstrom-scale electron beam scans over

the sample, and an image is formed by collecting the medium- to high-angle scat-
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tered electrons. The contrast of ADF-STEM images scales roughly as the square

of the atomic number Z [65]. Thus, the brightest spots in Figure 3.1d are the

molybdenum atoms and the dimmer spots are the two stacked sulfur atoms. The

hexagonal lattice is clearly visible, as indicated by the top- and side-view cartoons

in Figure 3.1d. No point defects, atomic substitutions, or voids were initially

observed within single crystals. However, defects readily form under extended

imaging [82].

We used selected-area electron diffraction (SAED) and dark-field TEM (DF-

TEM) to characterize the large-scale crystal structure of the islands. Figure 3.1e

(inset) shows a SAED pattern of a triangular island roughly 45 µm across. The 6-

fold symmetry in the position of the diffraction spots demonstrates that the triangle

contains no rotational boundaries, to within our measurement accuracy of 0.5◦.

Figure 3.1e shows the corresponding DF-TEM image: by using an aperture to select

a narrow range of diffracted beams, DF-TEM filters images by crystallographic

orientation [43, 53, 58, 93], and shows single crystals such as Figure 3.1 in a single

image. Similar analyses of dozens of triangles shows that triangular-shaped islands

are predominantly single crystals. Under continued growth, these islands merge

together to form aggregates or continuous sheets (Figure 3.1a).

The large-grain, highly-crystalline MoS2 monolayers, with optical properties

equivalent or superior to exfoliated samples, enable new experiments studying the

growth, structure, and properties of MoS2 crystals and grain boundaries.
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Figure 3.2: Diffraction imaging of crystal orientation and edge terminations.

(a) Bright-field image of a single-crystal triangle with a Mo-

zigzag edge orientation. (b) Diffraction pattern from a. The

asymmetry of the Mo and S sub-lattices separates the [1100]

diffraction spots into two families: ka={(1100), (1010), (0110)}
and kb= -ka . (c) A line profile through experimentally mea-

sured diffraction spots (black) and Bloch-wave simulations (red).

The higher intensity ka spots point toward the Mo sublattice,

as indicated by the arrows in a-b. Both curves were normalized

to the height of the [2110] peaks, and the red curve was offset

horizontally for visibility. (d) Bright-field TEM image of two tri-

angles with S-zigzag edge orientations. The curved appearance

of the crystal edges contrasts with the sharper crystal edges of

the Mo-zigzag edges in a. The inset diffraction pattern shows

the location of the aperture used to form (e) the corresponding

dark-field image. Because the triangles are rotated 180◦ from one

another, the aperture simultaneously collects the brighter ka spot

for the left triangle and the darker kb spot for the right triangle.

This produces a corresponding contrast difference between the

two islands that allows us to uniquely infer crystallographic ori-

entation from dark-field images. To improve visibility, we have

clipped the bottom of the intensity range in this image.
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3.3 Grain structure and orientation of CVD MoS2

We use electron diffraction techniques to uniquely identify the crystal structure

and edge orientation of MoS2 triangles. Figure 3.2a and Figure 3.2b show the

bright-field image and diffraction pattern of a single-crystal triangle. As seen in

the cartoon in Figure 3.2a, the lattice of monolayer MoS2 is divided into molyb-

denum and sulfur sublattices, which reduces the hexagonal lattice from 6-fold to

3-fold symmetry. As a result, the six [1100] diffraction spots are broken into two

families: ka={(1100), (1010), (0110)} and kb= -ka (Figure 3.2b) [119]. Through

both experiment and Bloch wave simulations [71], we find the ka spots are higher

in intensity (∼10% for an 80kV electron beam) and point towards the molybdenum

sublattice, as indicated by the arrows in Figures 3.2a-b.

We likewise observe this intensity asymmetry in dark-field TEM. Figure 3.2d

shows the bright-field image and diffraction pattern of two triangles. An aperture

positioned at the magenta circle on the inset in Figure 3.2d forms the dark-field

image in Figure 3.2e. Because the triangles are rotated 180◦ from one another,

the aperture simultaneously collects the bright ka spot for the left triangle and

the darker kb spot for the right triangle. This produces a corresponding contrast

difference between the islands. We can thus use either the diffraction pattern or

DF-TEM to uniquely identify the lattice orientation of MoS2 crystals.

Figure 3.2 also shows the dominant morphologies of MoS2 triangles: molybde-

num zigzag (Mo-zz) in Figure 3.2a and sulfur zigzag (S-zz) in Figure 3.2d. These

two edge terminations are commonly observed in MoS2 nanocrystals [120], and

they are the two most energetically stable edge orientations [121]. We consistently

observe that Mo-zz triangles have sharper, straighter edges than S-zz triangles.

This morphological difference allows us to easily identify crystal orientation in
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Figure 3.3: Tilt and mirror twin grain structures. (a) Bright-field TEM im-

age of two triangles that have grown together. Inset diffraction

pattern shows the two crystal orientations are 40◦± 0.5◦ apart.

(b) Color-coded overlay of dark-field TEM images correspond-

ing with the red- and cyan-circled two spots in a show a tilt

grain boundary as a faceted line connecting the two triangles.

(c) Bright-field image of a region containing irregularly shaped

MoS2 islands, with diffraction pattern inset. Red arrows indi-

cate regions where adjacent grains overlap, forming rotationally-

misaligned bilayers. (d) Colored dark-field TEM overlay shows

that the irregular shapes are polycrystalline aggregates. The

crystals are connected both by faceted, abrupt grain boundaries,

and ∼1 µm overlapped bilayers. (e) Bright-field image of a mir-

ror twin composed of 180◦-rotated triangles, with diffraction pat-

tern inset. (f) Dark-field image corresponding with the orange

circle in e shows the two triangles have different diffraction inten-

sity, similar to the 180◦-rotated triangles in Figure 3.2d-e. This

intensity change indicates the presence of a mirror twin bound-

ary between the darker and lighter regions. The small triangle in

the center is multilayer MoS2. (g) BF-image of a 6-pointed star,

with inset diffraction pattern. (h) DF-TEM image corresponding

with the orange circle in g shows that the star contains several

rotationally symmetric mirror twins, forming a cyclic twin.
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optical images. High-resolution STEM images show that despite their sharp ap-

pearance in DF-TEM, the edges of both our S-zz and Mo-zz crystals are rough at

the nanoscale.

In addition to single-crystal triangles, the CVD process produces polycrys-

talline aggregates that can be characterized by dark-field TEM. Figure 3.3a shows

two S-zz triangles intersecting at an angle of 40◦ ± 0.5◦. Figure 3.3b shows a

corresponding composite DF-TEM image of the crystal structure. The compos-

ite image is constructed by overlaying color-coded DF-TEM images [43] acquired

from the crystallographic orientations shown in the diffraction pattern of Figure

3.3a. The intersection of the grains forms an abrupt, faceted tilt boundary. Low-

quality growths can produce the types of films in Figure 3.3c, which shows small,

misshapen, crystals. The corresponding diffraction pattern and dark-field overlay

in Figure 3.3d shows that the disordered crystals are randomly oriented polycrys-

talline aggregates. As indicated by the arrows in Figure 3.3c, adjacent MoS2 grains

sometimes overlap to form rotationally misaligned bilayer regions. Similar combi-

nations of abrupt and overlapped crystal interfaces have been seen in CVD-grown

graphene [43, 48, 108]. Unlike in graphene, the grain boundaries in MoS2 tend to

be strongly faceted on the micrometer scale. These facets may originate from the

relative surface energy of different edge configurations [122], which will be more

directionally dependent in MoS2 than in homoelemental structures. Similar phe-

nomena probably underlie the differences in edge roughness we see in Mo-zz versus

S-zz triangles and the faceting at the edges of large crystals such as in Figure 3.1b.

In addition to tilt boundaries, we observed a second common line defect in

MoS2 crystals: mirror twin boundaries. In monolayer MoS2, mirror twins are the

intersections of two MoS2 crystals with a relative in-plane rotation of 180◦ that
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effectively swaps the positions of Mo and S lattice sites. Mirror twin boundaries

can be easily identified in DF-TEM, where their contrast is distinctive. Figure

3.3e shows the bright-field image of two triangles meeting at 180◦, and Figure 3.3f

shows the corresponding DF-TEM image. The mirror twin appears clearly as an

intensity change in DF-TEM images, through the same diffraction asymmetry seen

in Figure 3.2e. Unlike tilt boundaries, mirror twin boundaries such as in Figure

3.3e-f grow within nucleation islands.

The DF-TEM contrast patterns of mirror twins are more fully explored in

Figures 3.3g-h and Figure 3.4, show another commonly observed shape that con-

tains mirror twin boundaries: a symmetric, six-pointed star. The star morphology

contains cyclic twins that resemble other inorganic and geological crystal growths

[123]. Figure 3.4a and b respectively show the bright-field image and correspond-

ing diffraction pattern of a six-pointed star with a small multi-layer spot in the

center. Imaging with one of the {1010} spots (red) in Figure 3.4c makes three of

the points brighter than the others, while imaging with an adjacent (blue) spot in

Figure 3.4d reverses the contrast of the monolayer—again because of the intensity

asymmetry of the {1010} family of diffraction spots. Finally, imaging with any of

the {2110} spots produces uniform contrast across the monolayer, in agreement

with the expected diffraction intensities shown in Figure 3.2c.

3.4 The atomic structure of MoS2 grain boundaries

We next examine the atomic structure of MoS2 grain boundaries using ADF-

STEM. Figures 3.5a-b show a mirror-twin boundary in a 6-pointed star. While

the grain boundary follows the zigzag direction on the micrometer scale, it exhibits
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Figure 3.4: Dark-field TEM imaging of mirror twin boundaries: (a) Bright-

field image of a 6-point star. (b) Full diffraction shows star

has no rotational boundaries. (c-e) Dark-field TEM images cor-

responding with the (c) red (1010), (d) blue (1010), and (e)

yellow (2110) spots in the diffraction image. The red and blue

spots show opposite intensity due to swapping the in-phase and

out of phase high intensity direction of scattering off the lattice.

The yellow spot shows an even intensity over the entire star corre-

sponding with the symmetric diffraction pattern for a (2110) spot

in a single crystal. (f) Bright-field TEM image with edge orien-

tations extracted from dark-field measurements overlaid. The

outer edges are oriented along the Mo-zz direction, which the

grain boundaries are oriented along the S-zz directions.
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Figure 3.5: Grain boundary atomic structure. (a) High-resolution ADF-

STEM image of a mirror twin boundary. The boundary is visible

just below the annotated line. The boundary exhibits nanoscale

faceting at ±20◦ off the zigzag direction. (b) Zoomed-in image

of the grain boundary shows a periodic line of 8-4-4 ring defects.

(c) An atomistic model of the experimental structure shown in

b. Energy minimization with DFT confirms that this boundary

is locally stable.

faceting of ±20◦ relative to this direction on the nanometer scale. This nanoscale

faceting is surprising because it avoids the highly symmetric zigzag boundary struc-

ture which would correspond to the microscale alignment seen in Figures 3.3h and

3.4. Figure 3.5b shows the atomic structure of the grain boundary. The overlaid

purple and green polygons show the boundary is formed primarily from 4- and

8-membered rings, with a recurring periodic 8-4-4 ring motif.

STEM images in an ArXiv preprint posted during the review process of our

paper show a MoS2 tilt boundary formed from a line of 5-7 rings (since published

as [124]). This finding complements our atomic-resolution images of mirror twin

structures: both tilt and mirror twin boundaries are commonly found in our films.
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These results are consistent with a recent theory paper which predicts that in MoS2,

either odd-rings or even-rings can form grain boundaries depending on the tilt

angle and stoichiometry, among several factors [125]. For comparison, graphene’s

tilt boundaries are most commonly formed by 5- and 7-membered rings [43, 126],

while twin boundaries have been observed with 8-5-5 motifs [107]. Our data also

suggest that a-priori simulation of boundary structures may be challenging: for

example, our 8-4-4 motif does not match the theoretically predicted structure in

Reference [125], mostly due to its surprising faceted structure.

In our observed 8-4-4 motif, neighboring 4-rings meet at a sulfur site, which

appears to have four nearest neighbors rather than the usual three. This change in

coordination requires either the S atoms to have dangling bonds, or the Mo atoms

to change their oxidation state. Using first principles density functional theory

(DFT) [127], we find that after relaxation, the 8-4-4 boundary structure is at a

local energetic minimum (Figure 3.5c).

Figure 3.6a displays the DFT-calculated density of states (DOS) of defect-

free monolayer MoS2. When a grain boundary is implanted into the MoS2, the

DOS develops mid-gap states that appear mainly in the projected-DOS of the

atoms in the boundary. Figure 3.6b shows a spatial plot of the local DOS of

“pristine+GB” in the plane of the Mo atoms, integrated in the energy range of

the pristine bandgap; The mid-gap states are spatially localized at the boundary.

Analogous calculations on alternative mirror twin boundary structures confirm

that this behavior is generic. These localized mid-gap states, typical of defects in

semiconductors, are important because they can affect the optical and transport

properties of the material [107, 128].
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Figure 3.6: Density of states calculations for a MoS2 grain boundary. (a)

The total density of states (DOS) of defect-free, i.e. “pristine”

MoS2 (black), the total DOS of MoS2 with the grain boundary

(red dashed), and the projected DOS of the atoms along the grain

boundary (blue filled). The dashed grey line denotes the Fermi

energy of pristine MoS2, and the light green shading indicates

the pristine bandgap. All states have been given a Gaussian

broadening of 0.07 eV. (b) A two-dimensional spatial plot of the

local mid-gap DOS (integrated in the plane of the Mo over a 1.7

eV range about the Fermi energy of the pristine MoS2). The

color scale of the density is states/0-0.05 bohr−3.

3.5 Optical properties of MoS2 grain boundaries

Using the understanding of the grain structure developed above, we can systemati-

cally explore the effects of individual grain boundaries on the optical and electronic

properties of MoS2.

We measure the optical properties of MoS2 using photoluminescence mapping,

where we step a focused excitation laser over the sample and record PL spectra

at each point. Figure 3.7a,e shows optical images of a mirror twin island and a

tilt boundary island. Figures 3.7b-d and 3.7f-h are corresponding maps of inte-
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grated photoluminescence intensity, peak position, and peak width. Away from

the boundaries, both islands show similar emission intensities, peak positions (1.84

eV), and peak widths (57 meV in the mirror sample and 60 meV in the tilt-sample,

reflecting typical sample-to-sample variation). At the grain boundaries, the islands

show strong PL modifications: the mirror boundary is a clearly visible straight line

with 50% quenching of intensity (Figure 3.7b), an 8 meV up-shift in peak energy

(Figure 3.7c), and a 5 meV peak-broadening (Figure 3.7d). The tilt boundary,

which has a faceted structure similar to Figure 3.3b, shows a surprising 100% en-

hancement in emission strength, 26 meV upshift, and 5 meV broadening. The

width of the signal change around the tilt boundary is also larger than around

mirror boundaries.

The data demonstrates that photoluminescence is strongly affected by the pres-

ence of grain boundaries and that these changes depend on the grain boundary

angle. Several factors may contribute. In the simplest theory, photoluminescence

quenching arises from defects in semiconductors, such as mid-gap states at the

boundaries, which can act as centers for non-radiative recombination [129]. Our

calculations indicate that these effects, even after accounting for exciton diffusion,

are too small to explain the PL results. Two additional aspects of the grain bound-

aries likely play a role in controlling PL: doping and strain. First, local changes

in doping may occur at grain boundaries. For example, our observed 8-4-4 defects

in the mirror boundary are molybdenum rich, which would n-dope the boundary,

while 5-7 defects observed at a tilt boundary are sulfur-rich [124], which would

p-dope the boundary. Previous investigations have shown that PL is strongly af-

fected by charge density, with increased/decreased electron density causing PL

quenching/enhancement [130]. The influence of charge is thus consistent with the

observed trends in the strength of the PL at these different types of boundaries.
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Figure 3.7: Optical properties of mirror and tilt boundaries. (a-d) Optical

measurements of an island containing a mirror twin boundary.

(e-h) are corresponding measurements for an island containing

a tilt boundary. (a,e) are optical images, while (b-d) and (f-

h) are color plots of photoluminescence. In b and f, red is the

relative quantum yield, with color scale 0-1100 a.u. We see 50 %

quenching at the mirror twin boundary and a 100 % enhancement

at the tilt boundary. In c and g, green is the peak position, with

color scale 1.82-1.87 eV. There is an upshift of 8 meV at the

mirror twin boundary, and a much stronger 26 meV upshift in

the tilt boundary. In d and h, cyan is the peak width with color

scale of 53-65 meV. The peak broadens from 55 meV to 62 meV

at the boundary in both samples.

Other sources of doping can include spatial differences in growth kinetics or the

preferential attachment of adsorbates at boundaries. Second, strain around the

boundaries may modify the bandgap [131] or cause the boundary region to lift off

the electrically disordered SiO2 surface, enhancing PL emission [11].
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3.6 Electrical properties of MoS2 grain boundaries

An important question for device applications is whether grain boundaries disrupt

or modify electrical transport. We fabricated field effect transistors (FETs) from

islands containing a single grain boundary (Figure 3.8a inset). The FET channels

followed three different configurations: within a grain (pristine), across the grain

boundary (perpendicular), and along the grain boundary (parallel). Figures 3.8a-b

show plots of conductance versus gate voltage (transfer curves) for four represen-

tative devices fabricated on mirror twin islands: two pristine devices (black and

magenta), one parallel device (orange curve), and one perpendicular device (cyan

curve).

First, we compare the variability of pristine, single-crystal devices. In devices

from different growths, room-temperature, field-effect mobilities ranged from 1-8

cm2/V·s, and typical on/off ratios ranged between 105-107. Multiple devices fab-

ricated within each single-crystal yielded mobilities that were identical to within

our measurement error. Specifically, the pristine devices in Figure 3.8a-b show

n-type behavior with mobilities of 3-4 cm2/V·s. These ranges of values are com-

parable to those reported for back-gated field effect transistors (FETs) fabricated

with mechanically-exfoliated MoS2 on SiO2 [13, 116, 132, 133](in the absence of

high-K dielectrics) and equivalent to the best reported values for monolayer CVD

MoS2 [26, 37]. Our current mobilities are likely limited by substrate effects and

the local electrostatic environment [134, 135].

Next we compare transport across grain boundaries. In the mirror twin device

shown in Figure 3.8a-b, the perpendicular device shows nearly identical perfor-

mance to the pristine devices, indicating that the mirror twin boundary has little

effect on channel conductivity. However, the electrical characteristics of the par-
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Figure 3.8: Electrical properties of mirror and tilt boundaries. (a-b) Linear

and logarithmic electrical transport transfer curves of four FETs

fabricated from the mirror twin MoS2 island shown in the inset

of a. The curves correspond with pristine regions (magenta and

black), and regions containing a grain boundary running per-

pendicular (cyan) and parallel (orange) to the flow of electrons.

(c-d) Electrical transport curves from the tilt boundary shown

in the inset of c. All data was measured at room temperature,

using the Si growth substrate as a back-gate and a source-drain

bias of 500 mV.
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allel devices differed measurably from the pristine devices. Although the transfer

curves of the parallel device in Figure 3.8a-b are qualitatively similar to that of

the pristine devices, they have a 25% larger on-state conductivity and 60% larger

off-state conductivity. This change is only slightly larger than the device-to-device

variation, but was consistent across four parallel devices measured on mirror twins

(particularly in the off state). The data impose a rough upper-limit for conduc-

tivity along the one-dimensional grain boundary of 1.5 µS-µm in the on-state and

120 pS-µm in the off-state. These values can be compared to overall sheet con-

ductivity for pristine devices of 2.2 µS/� in the on state and 56 pS/� in the off

state. This analysis indicates that the few-atom-wide twin boundaries, while still

semiconducting, have similar conductivity of up to a 1 µm-wide strip of pristine

material. This result is consistent with the mid-gap states we predict in the mate-

rial. The full effect of mid-gap states, however, is probably limited by the disorder

in the grain boundary, which will prevent a continuum of states.

In contrast to our measurements of the mirror twin, FET devices of tilt bound-

aries show a decrease in conductance in both the parallel and perpendicular con-

figurations. On one tilt boundary, shown in Figure 3.8c-d, the on-state boundary

conductance of both parallel and perpendicular devices decreases by 30% compared

to pristine crystals. However, measuring six angle devices yielded no consistent

change in conductance, decreasing by 5 % to 80 % compared to pristine. This vari-

ability is unsurprising: in graphene, electrical measurements are highly dependent

on the structure of the boundary [108]. We expect these variations to be wider

and more complex in semiconducting MoS2, where the electronic structure of the

boundary should depend on the tilt angle and atomic structure [125]. Significantly,

in all mirror twin and tilt boundaries we measured, the change in conductance from

any single grain boundary is only slightly more than the device-to-device variatio-
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nan important conclusion for the applicability of MoS2 based electronics.

3.7 Conclusions

In this work, we produced monolayers of large-area, highly crystalline MoS2 on

insulating surfaces and imaged the crystal edges, grain structure, and grain bound-

aries with electron microscopy. We identified the location of individual grain

boundaries on the surface and systematically compared the optical and electronic

properties to electronic structure calculations. In particular, we utilized the re-

peatability of the mirror-twin structure to correlate measurements of the structure,

photoluminescence and electronic transport of a single grain boundary structure.

In tilt boundaries, photoluminescence and electrical transport measurements vary

drastically for different boundaries. Controlling grain boundaries will be essential

for optimizing MoS2 electronic and photovoltaic devices, where defects in large-area

heterostructures can lead to interlayer leakage or unwanted exciton recombination.

MoS2 is just the first member of a large family of layered transition metal

dichalcogenides to be synthesized as a monolayer [136]. The above techniques are

crucial for exploring synthesis strategies to optimize the grain properties, and pro-

vide a template for studies of the microscopic and macroscopic impact of grain

structure on other monolayer membranes. Our results are thus a significant step

forward in realizing the ultimate promise of atomic membranes in electronic, me-

chanical and energy-harvesting devices.
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CHAPTER 4

ATOMIC RESOLUTION IMAGING AND SPECTROSCOPY OF A

TWO-DIMENSIONAL SILICA GLASS

Although 2D crystals may have clearer routes to device applications, our studies

of a 2D glass probe equally important fundamental materials questions. 2D glasses

are unique because 1) they represent a small, but important paradigm shift: from

extracting 2D versions of naturally layered 3D materials to synthesizing new classes

of 2D materials without 3D equivalents, and 2) they allow us to study glasses atom-

by-atom for the first time.This chapter is adapted from our paper: P.Y. Huang, S.

Kurasch et al., “Direct Imaging of a Two-Dimensional Silica Glass on Graphene”,

Nano Letters 12, 1081-1086 (2012), Ref [7].

4.1 Introduction

In stark contrast with 2D crystals such as graphene and monolayer hexagonal

boron nitride [3], 2D glasses remain almost completely unexplored. Reducing the

dimensionality of amorphous materials would enable their direct, atomic-resolution

structural and chemical characterization a long-standing challenge in amorphous

materials [137–140]. These materials, particularly if they can be isolated from

substrates and freely manipulated, may have enormous applicability. Addition-

ally, large-area graphene substrates provide a promising lab bench for synthesizing,

manipulating, and characterizing low-dimensional materials, opening the door to

high-resolution analyses of novel structures, such as 2D glasses, that cannot be

exfoliated and may not occur naturally. Here, we report the accidental discovery

of a 2D silica glass supported on graphene. The 2D nature of this material enables

the first atomic-resolution transmission electron microscopy of a glass, producing
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images that strikingly resemble Zachariasen’s original 1932 cartoon models of 2D

continuous random network glasses. Atomic-resolution electron spectroscopy iden-

tifies the glass as a bi-tetrahedral layer of SiO2 formed from a bilayer of (SiO4)4−

tetrahedra and without detectable covalent bonding to the graphene. From these

images, we directly obtain ring statistics and pair distribution functions that span

short-, medium-, and long-range order. Ab-initio calculations indicate that van der

Waals interactions with graphene energetically stabilizes the 2D structure with re-

spect to bulk SiO2. These results demonstrate a new class of 2D glasses that can

be applied in layered graphene devices and studied at the atomic scale.

4.2 Atomic-resolution imaging of a 2D glass

Figure 4.1a-b shows Zachariasen’s original 1932 model of a continuous random

network [141]. In this model, amorphous structures differ from crystalline ones

simply by allowing variable bond angles, which introduce structural disorder while

maintaining chemical order. In 2D, this creates amorphous structures that con-

tain continuous networks of rings of different sizes (Figure 4.1b). Determining the

structure of amorphous materials and comparing them to theoretical models such

as Zachariasen’s has remained challenging. In principle, transmission electron mi-

croscopy (TEM) and scanning TEM (STEM) possess sufficiently high resolution

to resolve atomic spacings in disordered systems, particularly after recent devel-

opments in aberration-correction [142, 143]. These techniques, however, typically

produce images which are 2D projections of 3D structures; In these 2D projec-

tions, disorder in materials renders direct atomic-scale imaging almost impossible

[144, 145].
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Figure 4.1: Atomic-resolution images of a 2D glass. (a,b) Zachariasen’s

models for a 2D crystal and a 2D amorphous glass, modified

from Reference [141]. (c,d) Experimental ADF-STEM images

of 2D crystalline and amorphous silica supported by graphene.

The strong qualitative match between these images and Zachari-

asen’s model suggests that these images are of a 2D glass that

roughly obeys the continuous random network model. Scale bars

5 Å. (e,f) Fast fourier transforms (FFTs) of STEM images from

amorphous and crystalline regions. Spots inside the gold-colored

region are from silica; spots immediately outside this region are

graphene spots. Other spots can be either graphene or silica. In

the silica-only (gold) regions, the amorphous silica exhibits no

clear reflections, a contrast with the crystalline FFT. The silica

crystalline lattice constant is 5.3 Å, roughly 2.14 times that of

graphene.
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We sidestep the projection problem by imaging a 2D glass. Crystalline two-

dimensional oxides formed from mono- or bi-layers of silica tetrahedra have recently

been grown on metal substrates [5, 146, 147]. These materials are natural starting

points for amorphous 2D glasses because silica is a ready glass former and contains

directional bonds, a necessity for forming a disordered continuous 2D network.

Here, we show that preparation of the amorphous phase of 2D silica, coupled with

a graphene support [43, 148, 149], allows atom-by-atom (S)TEM imaging and

spectroscopy of a glass. During the final preparation of this manuscript, another

group, using scanning tunneling microscopy, has observed an amorphous phase of

2D silica grown on bulk Ru(0001) [6]. Our results demonstrate that the silica can

also be grown with graphene on copper foils and isolated from the metal surface;

we also detail rigorous analyses of the structure, bonding, and thickness of the

material, and the nature of the graphene-silica interface.

Figure 4.1c-f show atomic-resolution annular dark-field scanning TEM (ADF-

STEM) images (c-d) and corresponding diffractograms (e-f) of crystalline and

amorphous regions of a 2D silica glass supported by graphene. The weakly-

scattering graphene substrate is not apparent in these images without filtering.

As we demonstrate later, the bright spots in ADF images represent stacks of sil-

icon and oxygen atoms, while individual oxygen atoms appear as an increase in

intensity between the bright spots. The strong qualitative match between these

images and Zachariasen’s model suggests that these images are of a 2D glass that

roughly obeys the continuous random network model. This silica was synthesized

by accident during the chemical vapor deposition growth of graphene on copper

foil, most likely the result of a contaminant in the graphene growth furnace. Ex-

perimentally, we have found the bilayer silica films to remain stable on graphene

for over a year’s exposure to air and heating to at least 400◦ C in vacuum.
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The diffractograms in Figure 4.1e,f and TEM nanodiffraction of the glass show

that the crystalline lattice constant is 5.3 Å, roughly 2.14 times that of graphene.

This large 7% lattice mismatch along with the presence of amorphous regions sug-

gests that the silica is not covalently bonded to the graphene on large scales. We see

no evidence for local regions that are coherently strained to be epitaxially lattice-

matched with the graphene. Figure 4.2 shows large-area TEM and STEM images

of the silica. Different regions of the material range from predominantly poly-

crystalline (Figure 4.2a) to predominantly amorphous (Figure 4.2c) in which large

areas appear to be continuous random networks. Most of the material resembles

the region shown in Figure 4.2b, which contains mostly amorphous material with

some crystalline inclusions. We attribute the mixing of crystalline and amorphous

phases to growth kinetics. Additional non-silicon atoms are sometimes present in

or near the center of rings, introducing small amounts of chemical disorder.

4.3 Quantitative ADF-STEM and EELS characterization

of chemical composition and thickness

We used STEM electron energy-loss spectroscopy (EELS), which measures the

local unoccupied partial density of states [61, 73], to map the composition and

bonding of the glass. Figure 4.3a-c contains atomic-resolution maps showing the

distributions of silicon, carbon, and oxygen in the region shown in Figure 4.3d.

Figure 4.3e-g show the corresponding EELS spectra from the glass. The glass seen

in the top portion of the ADF image corresponds with EELS maps of silicon and

oxygen, suggesting that the glass is silicon oxide.
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Figure 4.2: Large-area TEM and STEM images showing different phases of

2D silica ranging from predominantly crystalline to amorphous.

(a) A smoothed TEM image of a predominantly crystalline re-

gion. Crystals are joined by grain boundaries similar to those

in polycrystalline graphene [43]. (b) A TEM image of a typical

region of glass, which contains both amorphous regions and crys-

talline inclusions such as that seen in the bottom right, which

range in size from just a few unit cells up to tens of nanome-

ters across. (c) A smoothed ADF-STEM image of an extended

amorphous region formed primarily from a continuous random

network of rings. Scale bars 2 nm.
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Figure 4.3: Atomic-resolution EELS identifies the 2D glass as a bi-

tetrahedral layer of SiO2. (a-c) EELS concentrations maps of

Si, C, and O of a region of bilayer graphene partly covered by

2D glass (top half). The O map has been smoothed to improve

contrast. (d) Corresponding ADF image. In the bottom portion

of the image, the glass is damaged and largely removed, with a

few Si atoms clinging to the edge of the graphene sheets (bottom

left). Unlike the SiO2-like bonding in undamaged glass, these Si

atoms have SiC-like fine structure, suggesting they have bonded

to the graphene edge. Scale bar 2 nm. (e-g) Raw (black dia-

monds) and smoothed (black lines) experimental EEL spectra of

the 2D glass plotted with reference data (green lines) for bulk

a-SiO2 and FEFF simulations (blue, red). (h) Side view cartoon

of the structure suggested by EELS measurements.
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4.3.1 EELS fine structure analysis

We analyzed the images and spectra in Figure 4.3 to construct a 3D model of the

atomic structure and thickness of the silica. First, the Si-L2,3 edges in the glass

are similar to bulk SiO2 reference EELS edges, a strong indication that the Si

atoms are tetrahedrally-bonded in (SiO4)4− units. In contrast, silicon atoms from

damaged areas (Figure 4.3a, bottom) have a SiC-like fine structure that indicates

that they have bonded to the graphene edge. Additionally, the intensity and fine-

structure of the C-K edge (Figure 4.3f) are consistent with bilayer graphene [55]

and do not show any indications of covalent C-O bonding. Finally, we observe a

peak at 536 eV in the O-K edge (Figure 4.3g). To understand the origin of this

peak, we performed ab-initio simulations using FEFF9 [75], of two crystalline silica

structural models of different thicknesses, which we term mono- and bi-tetrahedral.

These simulated O-K edges are plotted along with the experimental spectrum in

Figure 4.3g. While the mono-tetrahedral structure lacks the peak observed in

experiment, a good agreement is found for the bi-tetrahedral structure, shown in

Figure 4.3h. This difference occurs because the O-K edge peaks damp out when

oxygen atoms have fewer than 6 oxygen nearest-neighbors [150, 151], a condition

met by a bilayer but not a monolayer of silica tetrahedra.

4.3.2 Determination of silica structure: Quantitative ADF

We conducted additional quantitative measurements of the amplitudes of ADF

and EELS signals which are within experimental error of the bilayer structure.

To start, we performed a quantitative analysis of the ADF intensity in our

2D silica. Because local contrast in ADF-STEM imaging scales roughly with the
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Figure 4.4: Thickness measurements using quantitative high-angle ADF in-

tensities and a graphene standard. (a) Plot of ADF intensity

versus graphene thickness for experiment (filled symbols), com-

pared with multislice (empty symbols) and incoherent models

(shaded bars). The data most closely correspond with the bi-

tetrahedral structure in both simulations. (b) Multislice simula-

tion of an image of bi-tetrahedral silica on single-layer graphene.

(c) Experimental image of crystalline silica on graphene.

atomic number Zγ, quantitative analysis of image intensities can provide mass-

thickness information. We measured the mass-thickness of the material using

graphene as a reference. Figure 4.4a plots spatially averaged experimental ADF

intensities (as red filled triangles) for several different regions of SiO2 with varying

graphene substrate thicknesses. From these data, we extract a mean, silica-only

ADF intensity of 3.5 ± 0.5 (s.d.) times the intensity of monolayer graphene. The

number of graphene substrate layers is determined experimentally by acquiring

spectrum images corresponding to each ADF and performing a quantitative EELS
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analysis of the C-K edge in each region.

We compare our experimental data to two different theoretical models for ADF

intensity. The first model, shown in the shaded color bars in Figure 4.4a, is a

simple incoherent imaging model that assumes the contrast scales as Zγ. This

approximation takes into account only the average density of each element. We

used a wide range of 1.5 < γ < 2 to account for uncertainty in collection and

convergence angles. Using a Z1.7 incoherent approximation, for example, the ADF

intensity should be 1.8 times the intensity of graphene for a monolayer of SiO4

tetrahedra or 3.3 for a bilayer—close to our experimental value of 3.5 ± 0.5.

For a more rigorous comparison to ADF data, we simulated dark-field detec-

tor signals using Multislice simulations, implemented in E.J. Kirkland’s Multi-

slice code. In Multislice, a full quantum mechanical multiple scattering simula-

tion of electrons is propagated through multi-layered atomic membranes, produc-

ing quantitative simulations of ADF detector signals [68, 69]. With the inclu-

sion of frozen phonons—where lattice vibrations are modeled by stochastic atomic

displacements—Multislice has been demonstrated to quantitatively match experi-

mental detector intensities when the specimen, probe, and detector geometries are

known [68, 152].

We set up the code, inputting the microscope parameters and theoretical mono-

and bi-tetrahedral silica structures on varying thicknesses of graphene. We then

extracted simulated images such as Figure 4.4b and averaged intensities versus

graphene thickness, plotted in Figure 4.4a as empty symbols. To match theory to

experiment, we found it was important to include phonon-induced displacements of

∼0.1Å for carbon atoms and ∼0.08 Å for Si atoms. With these values, multislice

simulations for bi-tetrahedral silica match both qualitatively and quantitatively
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Figure 4.5: Thickness measurements using quantitative EELS on an abso-
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extract areal densities of each element. (b) A table summarizing

EELS measurement of elemental densities and comparing them
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with experimental data.
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4.3.3 Determination of silica structure: Quantitative

EELS on absolute scales

We acquired a second measure of the silicate thickness by doing quantitative EELS

on absolute scales (Figure 4.5). We first acquired “full” EEL spectra containing

Si, C, and O edges as well as the elastic, or zero-loss, signal by recording core-

loss spectrum images followed by short-acquisition low-loss spectrum images in

the same region. The two energy ranges in each spectrum image were stitched

together in each pixel by aligning and scaling spectra so the intensities and peak

positions matched in an overlap region.

By acquiring full EEL spectra, we can compare the integrated intensities of

background-subtracted core-loss edges as a fraction of the elastic signal to known

Si, C, and O inelastic scattering cross-sections [61]. We used reference scattering

cross-sections from Gatans EELS atlas [153], adjusted for a convergence angle of

25 mrad and a collection angle of 60 mrad. From a continuous 2D silica sheet,

we extracted areal densities of 17 ± 3 (s.d) atoms/nm2 for Si and of 39 ± 7 (s.d.)

atoms/nm2 for O. To within error, these values are consistent with expected values

for the bi-tetrahedral structure: 17 atoms/nm2 for Si and 33 atoms/nm2 for O.

To confirm that these values were correct, we repeated these calculations for

a thermally-oxidized silicon wafer, which provided an Si/SiO2 interface. We mea-

sured the thickness of the samples using the ratio of the inelastic and elastic signals

to determine the electron mean-free paths in the sample. Then, we converted these

values to thicknesses in nanometers using reference mean free paths, corrected for

our beam energy and collection and convergence angles using equation 5.2 in Ref-

erence [61]. Then, using the bulk densities of Si and SiO2, we converted areal
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densities of Si and O from EELS measurements into thicknesses. The measured

values from EELS core-loss areal density measurements matched to within ∼10%

with thicknesses derived from low-loss thickness measurements.

The above measurements exclude the monolayer mono-tetrahedral structure

and structures which are ≥ 3 tetrahedra thick.

4.4 Theoretical structure calculations

Figure 4.6 shows top and perspective cartoons of the bi-tetrahedral bilayer silica

structure on graphene suggested by our data. The structural building blocks are

similar to those recently reported in 2D silica on bulk Ru(0001), also composed

of a bilayer of silica tetrahedra [5, 6]. This structure places every atom in a

local environment similar to bulk SiO2 in which all bonds are satisfied. Unlike

its crystalline analogue, the amorphous 2D silica has a unique structure where

tetrahedra are disordered in two dimensions but ordered in the third dimension,

where the upper and lower tetrahedra are locked in registry. Unlike its crystalline

analogue, the amorphous 2D silica has a unique structure that is disordered in two

dimensions but ordered in the third. This structure is therefore a 2D glass in the

sense that it is single unit cell thick, analogous to 2D atomic crystals [3] such as

MoS2 or NbSe2.

We constructed ab-initio models of a periodic bi-tetrahedral bilayer 2D silica to

assess its stability, structure, and electronic properties. The relaxed bi-tetrahedral

bilayer structures (Figure 4.6) closely match our experimental results, and their

calculated band structure is similar to bulk SiO2. Our energetic calculations in-

dicate that in vacuum, the binding energy of the bi-tetrahedral bilayer structure
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Figure 4.6: A structural model of 2D crystalline silica on graphene. (a) Top

and (b) perspective side views of the bi-tetrahedral structure

that matched experimental results.

is 86 meV per structural unit higher than bulk silica. Adding van der Waals

interactions to monolayer graphene energetically stabilizes the bi-tetrahedral bi-

layer silica over bulk SiO2 by 107 meV per structural unit. Covalent bonding

to unstrained graphene is a higher-energy state than the van der Waals bonded

structures, likely because covalent bonding would result in a large 7% strain and

disruption of the conjugated pi system in graphene. Our calculations therefore in-

dicate that graphene, in addition to providing a support membrane, can stabilize

new 2D materials.

4.5 Statistical measures of glass structure: PDF and ring

distribution

We extend the atomic scale analyses above by examining the pair distribution

function (PDF) and ring statistics. PDFs, which statistically describe atomic

spacings, have played an historic role in distinguishing between paracrystalline and

continuous random network glassy models. Ring statistics are also instrumental
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Figure 4.7: Structural analysis and ring statistics. (a,b) Two-dimensional

projected Si-Si pair-distribution functions for crystalline and

amorphous regions fully spanning the regimes of short-, medium-

, and long-range order (SRO, MRO, and LRO). (c) Histogram of

ring sizes and (d) ring statistics plotted on a lognormal proba-

bility scale and compared to two- and three-dimensional models

[155–157]. None of the models fit our experimental results.

because they can differentiate structural models whose PDFs are indistinguishable

[154, 155]. Ring statistics, however, are difficult—if not impossible—to measure

directly in 3D glasses. These two standard metrics of structural models in glasses

provide a quantitative measure of short-, medium-, and long-range order in our 2D

glass and allow comparison to theoretical models for 2D and 3D glasses.

Figures 4.7a-b show 2D-projected partial Si-Si pair-distribution functions

(PDFs) in crystalline and amorphous regions extracted from Si positions in real-

space images. On short ranges, on the order of 0-5 Å, the first peak in each
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Figure 4.8: Catalog of interesting ring shapes. The images are shown at

different scales.

pair-distribution functions represents Si-Si nearest neighbor spacings. For medium

ranges on the order of 5-20 Å, the pair distribution functions of the crystalline and

amorphous regions begin to diverge: peaks in the amorphous Si-Si pair distribu-

tions become strongly damped. The second-peak in the amorphous PDF around

4.3 Å is almost as sharp as the first one, a notable difference from 3D silica [158].

This likely corresponds to the reduced set of possible Si-Si-Si bond angles that

occur in 2D in order to provide ring closure. At long ranges >20 Å, the crystalline

PDF maintains sharp peaks while the amorphous PDF is featureless.

Figure 4.7c plots a histogram of ring size in crystalline and amorphous regions

extracted from large area images. In this plot, the ring size refers to the number

of vertices visible, or the projected number of tetrahedral units. In the amorphous

material, we observed stable rings ranging from 3-10 tetrahedra in size, visible in

Figure 4.8. The amorphous rings size had an expectation value of 6.04 ± 0.024

(s.e.m.) tetrahedral units in-plane. Figure 4.7d compares our experimental ring

statistics to a few selected theoretical models: a purely geometrical model for a 2D

glass and two molecular dynamics simulations for 3D silicas using different inter-

action potentials [155–157]. None of the models fit our experimental results. Part

of the deviation from the 3D models may be attributed to different dimensional

geometric constraints [159, 160]. Because Shackelford’s 2D model takes only geo-
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metrical factors into account, we attribute its mismatch with experiment to effects

not accounted for in the model, such as ring strain, formation kinetics, and cool-

ing rates. As direct experimental measurements of ring size distributions, these

results show the distance that separates experiment and theory and should aid in

improving models of connectivity in glasses.

4.6 Conclusion

Coupling ultrathin glasses with graphene support membranes frees the materials

from the requirements of extreme mechanical stability, low reactivity, and isolation

via exfoliation that have so far limited the range of 2D materials which could

be easily identified, processed, and applied. Further, this new class of materials

likely includes additional 2D glasses such as alumina or boric oxides and may

be applicable in layered graphene devices. Because the silica glass can be easily

removed from the copper substrate and contains no dangling bonds, it may also

find application in semiconductor or layered graphene electronics as a passivated

starting layer for gate insulators.
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CHAPTER 5

IMAGING ATOMIC REARRANGEMENTS AND DEFORMATION

IN 2D SIO2

Whereas the previous chapter looked at the static structure of a 2D glass, a care-

ful look at sequential images revealed that the glass was moving under the electron

beam in unexpected ways. This chapter attempts to understand those motions,

and was published as: P.Y. Huang, et al., “Imaging Atomic Rearrangements In

Two-Dimensional Silica Glass: Watching Silica’s Dance”, Science 342, 224-227

(2013), Ref [45].

Structural rearrangements control a wide range of behavior in amorphous ma-

terials, and visualizing these atomic-scale rearrangements is critical for developing

and refining models for how glasses bend, break, and melt. Yet it has long been

considered difficult—if not impossible—to directly image atomic motion in disor-

dered solids. Here, we demonstrate that using aberration-corrected transmission

electron microscopy, we can excite and image atomic rearrangements in a two-

dimensional silica glass. The resulting videos are surprisingly rich and beautiful:

our data reveal a complex dance of elastic and plastic deformations, phase transi-

tions, and the interplay between them. Through our videos, we can clearly identify

the strain associated with individual ring rearrangements, observe the role of va-

cancies in shear deformation, and quantify fluctuations at a glass/liquid interface.

These examples illustrate the wide-ranging and fundamental materials physics that

can now be studied at atomic resolution via transmission electron microscopy of

two-dimensional glasses.
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5.1 Introduction

Structural rearrangements play a key role in controlling the basic properties of

glassy and disordered solids. Yet, studies of phenomena such as plastic deforma-

tion and phase change have been limited by the difficulty of tracking individual

atoms in amorphous materials. As a result, many of the landmark studies on

the atomic-scale underpinnings of these phenomena have been conducted via com-

puter simulations [161–165] or using pseudo-atomic systems, such as micron-scale

colloidal particles [166–168] or bubble-rafts [169], as stand-ins for atoms. To verify

these findings, it is critical to develop experimental methods that can directly image

the rearrangements of atoms in glasses. Here, we demonstrate a new approach to

address this void: applying aberration-corrected high-resolution transmission elec-

tron microscopy (TEM) to image and restructure a two-dimensional (2D) silica

glass [6, 7]. This combination makes it possible to observe and track rearrange-

ments in an amorphous material, enabling the first experimental, atomic-scale

descriptions of deformation in a glass.

We first investigate the basic building blocks of plastic deformation by charac-

terizing the strain around an isolated ring rearrangement. By comparing our exper-

imental data with atomistic simulations, we show that, while the glasss structural

disorder strongly affects its long-range elastic behavior, its short-range strain field

resembles that of a crystal. Next, we investigate how multiple rearrangements

interact to produce shear. We observe distinct, localized zones whose differing

motions each contribute to the larger-scale deformation. Finally, we analyze rear-

rangements at a sharp, but fluctuating glass/liquid interface.

2D silica is a layered polymorph of SiO2, as shown in the cartoon structures

in Figure 5.1. Its crystalline phase is a honeycomb lattice with an in-plane lattice
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Figure 5.1: Structure of the crystalline and amorphous phases of 2D silica.

2D silica is a layered polymorph of SiO2. Both its crystalline

and amorphous phases are composed of the bi-tetrahedral struc-

tural units shown on the left. The crystalline phase of 2D silica

is a honeycomb lattice with an in-plane lattice constant a=5.4

Å (center). Out-of-plane, it consists of two registered layers of

SiO4 tetrahedra. Amorphous 2D silica (right) has an out-of-plane

structure similar to its crystalline phase. In-plane, it resembles

the 2D continuous random network predicted by Zachariasen’s

model.

constant a=5.4 Å. Out-of-plane, it consists of two registered layers of SiO4 tetra-

hedra [5, 7]. More interesting is the amorphous phase. Amorphous 2D silica has

an out-of-plane structure similar to its crystalline phase, but in-plane, it resem-

bles the 2D continuous random network predicted by Zachariasen’s model [141].

Unlike typical, three dimensional glasses, this 2D glass can be imaged at atomic

resolution [6, 7]—generating considerable recent interest [170–172]. Both phases

can be synthesized in a chemical vapor deposition (CVD) furnace [7] or grown
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using molecular beam epitaxy on metal substrates [5, 6]. For this work, we use

CVD-grown silica supported on a graphene substrate, from the same batch of sam-

ples as discussed in Reference [7]. The graphene serves as a mostly-transparent,

chemically inert imaging substrate [173, 174].

5.2 Tracking the atoms in individual bond rearrangements

To image and induce atomic motion in the 2D silica, we used low-voltage,

aberration-corrected high-resolution TEM at 80 kV. Similar techniques have been

used to visualize structural transformations such as molecular motions [175] and

rearrangements in 2D crystals such as graphene [44, 47, 100, 176–178]. The elec-

tron beam produces broad-beam illumination (∼100 nm in diameter) with typ-

ical dose rates around 1.4 × 106 electrons/nm2 s and frame rates around 1-2 s.

With low probabilities, electrons can transfer sufficient local energy to eject atoms

or break bonds through elastic or inelastic scattering. These processes result in

mobile (mainly oxygen) vacancies, which produce strain and enable plastic defor-

mation, flow, and even local melting well below the glass transition temperature

[179–182]. For large (>1 bond length) atom-displacements that change the local

bonding configuration, we observed on the order of ∼10−4 displacements/nm2s in

the bulk, or roughly one displacement every several images. Because these large

atom-displacements are relatively rare, we can use the electron beam both as a

source for randomly-induced structural rearrangements and as a probe to track

the materials response.

These techniques produce videos of restructuring, such as the isolated ring

rearrangement shown in Figure 5.2 a-d. Such rearrangements are worth examining
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Figure 5.2: Elastic and plastic deformation in ring exchange. (a-d) TEM

images showing a ring rearrangement that transforms a 5-7-5-7

cluster into a 6-6-6-6 cluster. The dark spots are Si-O-Si columns

that correspond with the top and side views in a. Images have

been smoothed and Fourier-filtered to remove the graphene lat-

tice background. (e) A trajectory map of the atomic sites. Color

(red to yellow) indicates time of motion. (f) Larger view of the

region from part a, and (g) corresponding first-to-last frame dis-

placement map. The arrows have been enlarged ×2 to increase

visibility; color indicates size of displacement, from 0 (dark blue)

to 1.3 Å (red). The region between the bond rearrangement and

the edge of the sheet exhibits strong local rotation. Scale bars 1

nm.
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in detail because they are the building blocks of plastic deformation. Figure 5.2a

shows a high-resolution TEM image of a small region of 2D silica with a cluster

of rings initially arranged in a 5-7-5-7 configuration. Each dark spot in the image

represents the location of one structural unit: two stacked SiO4 tetrahedra that are

registered out-of-plane. As we continue imaging, (Figures 5.2b to d), the 5-7-5-7

cluster transforms into a 6-6-6-6 cluster. Surprisingly, the transformation occurs

over several frames. In the 12 s between the stable initial and final configurations,

we observe several meta-stable intermediate states. A similar transformation has

been modeled in Reference [6].

We track the position of the atoms over time to measure elastic and plastic

deformation in the glass. Each line in Figure 5.2e represents the trajectory of

a single atomic site in Figure 5.2a-d. We produce these trajectories by cross-

correlating our images to remove net motion, fitting Gaussians at each atomic site,

and then tracking the atoms from frame-to-frame using particle-tracking software

adapted from colloids research [183]. Because 2D silica contains two registered

layers of SiO4 tetrahedra and because Si atoms dominate the TEM image contrast,

our methods effectively track the in-plane motion of Si pairs. These atom tracking

techniques are further detailed in Appendix D. The two trajectories in the center

of Figure 5.2e represent plastic deformation: atomic sites that break and form

new bonds. We also see the small motions of nearby atoms that move relative

to one another while retaining their nearest-neighbor bonding; these are elastic

deformations.

The elastic motion of atoms around the ring rearrangement is dramatic on

larger length scales. Figure 5.2f shows an overview image of the bond rearrange-

ment and its proximity to the edge of the silica sheet (right-hand side). Figure 5.2g
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shows the corresponding displacement vector field from the first to last frames, a

time frame of ∆t=28 s. The displacement field is dominated by a strong local

rotation in the region between the ring exchange and the edge of the sheet.

5.3 Elastic and plastic deformation in bond rearrange-

ments

We examine the correlation between elastic and plastic deformations by analyzing

the short-range elastic behavior as shown in Figure 5.3. Using our tracking data,

we take the spatial derivative of the displacement field. This produces the dis-

placement gradient field, which can be separated into its symmetric component,

the 2D strain tensor ε, and its anti-symmetric component, the local rotation ma-

trix ω [184, 185]. We plot the zoomed-in, independent experimental components

of ε and ω in Figure 5.3a-d. These components respectively represent the local

volume-change, shear, and local rotation. In this analysis, the motion of the two

middle atoms is removed to isolate the elastic behavior.

To understand these strain components, we use LAMMPS molecular dynamics

simulations to simulate the ring exchange [186]. We first produce relaxed struc-

tures of 2D silica crystals embedded with either a 5-7-5-7 or 6-6-6-6 cluster. These

structures simulate our before-and-after atom configurations and can be processed

using the same methods as our experimental images. The resulting ε and ω com-

ponents are shown in Figure 5.4a-d. The agreement between our simulations and

experiment provides evidence that our observed elastic displacements are directly

correlated to the plastic deformation of the ring exchange, and likely represent the

relaxation of the structure around the new ring configuration. Our experimen-
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Figure 5.3: Strain analysis of 5-7-5-7 to 6-6-6-6 ring exchange. (a-d) Ex-

perimental strain components representing, (a) the local volume

change (εxx + εyy,), (b-c) shear components (εxy and εxx − εyy),
and (d) the local rotation (ω) due to the ring exchange in Figure

5.2. Each component is calculated by comparing the position of

atoms between the first and last frames, excluding the two atoms

at the center of the bond exchange to isolate elastic behavior.

(e-h) Corresponding LAAMPS simulations for the 5-7-5-7 to 6-

6-6-6 ring exchange in crystalline 2D silica. Overlaid polygons

show the original ring configuration. Scale bars 1 nm.

tal strain fields also match those of an elastic dipole [187], suggesting that even

at the atomic scale, continuum elastic mechanics can provide a good model for

atomic rearrangements. Finally, the agreement between (amorphous) experiment

and (crystalline) simulation suggest that on very short length-scales ( <1.5 nm),

the elastic response of the amorphous material is similar to that of a crystal—

in much the same way that the short-range order of amorphous and crystalline

materials are also similar.

On larger length-scales, however, the elastic deformation of our system deviates

from that of an infinite crystal. Figure 5.4a-d shows LAMMPS simulations of

displacement fields for a 5-7-5-7 to 6-6-6-6 ring exchange representing four cases:
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Figure 5.4: Medium-range strain analysis of 5-7-5-7 to 6-6-6-6 ring exchange.

Simulated displacement maps isolated the effects of structural

and edge disorder. “Amorphous with edge” exhibits good qual-

itative agreement with our experimental results in Figure 5.2g.

Arrows have been enlarged ×4 for visibility. Color scale is from

0 (dark blue) to 1 angstrom (red). Scale bars 1 nm.

a crystal (Figure 5.4a), an amorphous sheet (Figure 5.4b), and crystalline and

amorphous sheets with an edge (Figure 5.4c-d). These plots separate the key

effects contributing to the experimental behavior seen in Figure 5.2g. The “crystal”

simulation in Figure 5.4a displays a highly symmetric displacement field that lacks

agreement with our experimental data. In Figure 5.4b, adding structural disorder

to simulate an “amorphous” structure damps the symmetry of the strain field and

improves agreement with experiment. In Figures 5.4c-d, adding an edge strongly

enhances the displacements between the ring exchange and the edge. Figure 5.4d

yields qualitative agreement with the experimental results in Figure 5.2g.

Together, these observations indicate a promising new opportunity to investi-
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gate deformation in glasses at the atomic scale and to address an even larger ques-

tion: how do multiple rearrangements interact to produce net plastic deformation

in an amorphous material? In crystals, plastic deformation frequently occurs by

introducing and migrating dislocations through the lattice. For amorphous mate-

rials, however, this process is far less well-understood. One model proposes that

deformation in amorphous materials is mediated by shear transformation zones—

concentrated, local regions of shear strain that rearrange and interact to produce

net deformation. Shear transformation zones have been directly observed in col-

loidal glasses and have been proposed as a model for metallic glasses [161, 164, 166].

5.4 Shear transformation in a covalently bonded 2D glass

Figure 5.5a shows atomic trajectories in a region undergoing shear. A correspond-

ing image is shown in Figure 5.5b. Shear deformation is apparent when comparing

the trajectories of atomic sites in Region 1 (top left) and Region 3 (bottom right).

While most atoms in Region 1 oscillate near their original positions (highlighted

in the enlarged atom trajectory and before-and-after bond configuration in Figure

5.5c), the atoms in Region 3 collectively displace by ∼2.4 Å relative to Region 1

(Figure 5.5d). The mechanisms enabling this displacement are visible in Regions

2 and 4, which separate the two displacing regions. Both Regions 2 and 4 contain

a large number of ring rearrangements; one isolated example is shown in Figure

5.5e. These rearrangements appear to be mediated by nearby defects: Region 4

is at the edge of the solid, while Region 2 contains a handful of vacancies (arrows

in Figure 5.5b). Over the course of the video, this vacancy-induced restructuring

gradually changes the bonds connecting Regions 1 and 3, enabling their relative

displacement. Although the uniform electron beam cannot directly apply shear
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Figure 5.5: Imaging and trajectories of shear deformation. (a) Trajectory

map over 74 seconds (37 frames at 2 s intervals, total dose of

1 × 108 electrons/nm2). The original image is shown in (b),

where purple arrows indicate vacancies. Our images show four

regions with distinct types of motion: oscillation around initial

positions (Region 1), gradual displacement by ∼2.4 Å (Region

3), and ring rearrangements at the edge of the sheet (Region 4) or

near vacancies (Region 2). The shear strain and bond rearrange-

ments appear directly related: the restructuring in Region 2 and

4 changes the bonds connecting Regions 1 and 3, enabling their

relative displacement. (c-e) Magnified trajectories (left), and

before-and-after bonding configurations (right). These atoms

have distinct motions: c oscillates near its original position; d

moves under shear; and e undergoes bond rearrangement. Scale

bars 2 nm.
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forces, possible sources of shear stress include: forces applied from the edge of

the sheet by the surrounding material, interactions with the graphene substrate,

or internal strain in the disordered silica. Our observation of localized regions of

large rearrangements suggests a covalently-bonded molecular glass analogue for

the shear transformation zones seen in other glassy systems.

5.5 Rearrangements at a glass/liquid interface

Figure 5.6 shows a third class of dynamics that we studied, the rearrangements

of atoms at the edge of the 2D sheet. One common way to distinguish solids and

liquids is their behavior under stress. Under stress, typical solids exhibit first a

linear strain in the elastic regime, followed by a non-linear stress-strain curve in the

plastic regime. This onset of non-linearity reflects, in part, the activation energy

to form and migrate dislocations in crystals, or to nucleate similar rearrangements

such as shear transformations in amorphous solids. These rearrangements produce

long-range strain fields. In these respects, the rearrangements observed in the

glassy 2D silica discussed above typify the behavior of solids under stress.

In addition to these solid-like behaviors we observed in our 2D glassy phase,

we also observed the formation of a second phase, highlighted in blue. This phase

is distinguished by its fast mean atomic displacements (>1 bond-length between

frames) under the electron beam. Importantly, because of its fast rearrangement

time-scales, this phase is liquid-like on the imaging time-scales: under the effective

heat bath of the electron beam, it rearranges too quickly to support stresses. These

characteristics make our system a non-equilibrium analogy to the equilibrium solid-

liquid interface. Electron energy loss spectroscopy confirms that this second phase
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Figure 5.6: Image series of restructuring at a glass/liquid interface. The solid

is false-colored yellow, with red highlighting the regions of largest

rearrangement relative to the first frame. The liquid region is

colored blue. Scale bar 2 nm.

is composed of oxygen-deficient silica, which has been shown to rearrange more

quickly under electron irradiation than stoichiometric SiO2 [180]. Structurally,

this material may be composed of rapidly rearranging 3D amorphous silicon sub-

oxide, mono-tetrahedral layers of silica, out-of-plane mismatched bi-tetrahedral

layers, or combinations thereof.

The structure of this interface is unusual: it resembles neither the sharp, faceted

surfaces at crystal/liquid interfaces [188, 189] reported in the literature, nor the

gradual evolution in properties that are typical in thermally driven glass/liquid

transitions [167, 168]. The transition between the two phases occurs over ∼1

nm. Figure 5.6a-d shows the time evolution of the interface. In Figure 5.6b-d,

solid regions that have undergone the most displacement relative to their initial

configurations are highlighted in red. The fastest-moving atoms are concentrated

near the edge of the sheet in each frame; here, large sections dissociate and re-form

several times over the course of the video, producing new arrangements and sizes

of rings with no apparent memory of the previous state.

Figure 5.7 presents a few quantitative measures of this restructuring, conducted
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Figure 5.7: Quantifying fluctuations at a glass/liquid interface. (a) Full ini-

tial image of the solid sheet used for analysis. The box indicates

the region shown in Figure 5.6. Scale bar 5 nm. (b) Mean

squared displacement
∣∣∆x
d2

∣∣ of “solid” atoms versus their distance

r from the glass/liquid interface for time intervals of ∆t=1, 3,

and 5 s. Both axes are normalized by d, the mean in-plane Si-Si

spacing. Atoms near the edge move faster than atoms in the bulk.

(c) Plot of the relative area of the solid sheet (A/A0) and length

of the glass/liquid interface (L/L0) versus time, taken from the

full area shown in a. Each curve is normalized to its initial value.

While frame-to-frame fluctuations are large, both the area and

length remain, on average, near their initial values.

for the full sheet shown in solid shown in 5.7a. Figure 5.7b plots the mean squared

displacement of atoms in the solid, which increases dramatically with proximity

to the edge of the sheet for all time intervals measured. This increased motion

consists of both increased elastic motion and bond rearrangements of atoms near

the edge. An increase in mean displacements at solid/liquid interfaces has also

been observed in hard-sphere colloids [190]. During the video, the area of the solid

and length of the interface fluctuate without increasing or decreasing measurably

(Figure 5.7c), indicating that we are observing the sample near a steady state

rather than simply damage-related degradation of the solid.
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5.6 Conclusions

We have demonstrated a promising avenue for understanding the structure and

dynamics of glasses through atomic resolution imaging of 2D glasses. Future work

that combines these techniques with well-defined in-situ stimuli, such as heat-

ing, straining, and electrical biasing, should further extend the potential of these

techniques, making it possible to correlate microscopic rearrangements with bulk

thermodynamic properties.
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CHAPTER 6

CONCLUSIONS

6.1 Summary

In this thesis, we have investigated the atomic structure and properties of one-

and two-dimensional disorder in 2D materials. Chapter 1 discussed the overarching

motivation behind this work and introduced various (S)TEM techniques, including

ADF imaging and EELS in an aberration-corrected STEM, as well as diffraction

and DF-TEM in a conventional TEM. The remaining chapters were divided into

two veins. Chapters 2 and 3 investigated the grain structure of 2D crystals of

graphene and MoS2. Chapters 4 and 5 studied the atomic-scale structure and

rearrangements in a 2D glass.

Together, these chapters accomplish two main tasks. First, they set forth a

series of techniques that adapt TEM techniques to 2D materials. In many cases,

the reduced dimensionality of 2D systems simplify the interpretation of TEM data,

enabling quantitative analysis of defects and disorder down to the single atom

scales. From a microscopy standpoint, our accomplishments include:

- Sample preparation methods for suspending atomically-clean 2D crystals on

TEM grids for high-resolution and large-area studies (Chapters 2 and 3).

- Utilizing aberration-corrected STEM to image every atom in 2D materials,

even in disordered systems (Chapters 2-4).

- Developing DF-TEM methods utilizing kinematic and dynamic diffraction

for characterizing grain structure in 2D crystals (Chapters 2 and 3).
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- Developing DF-TEM as a correlative platform for studying the relationships

between structural disorder and mechanical, electrical, and optical properties

in 2D crystals (Chapters 2 and 3).

- Atomically-precise quantification of ADF signals for characterizing the thick-

ness of 2D materials (Chapter 4).

- Quantitative EELS techniques for solve the full 3D atomic structure, com-

position, and bonding of unknown 2D materials (Chapter 4).

- Atom-by-atom tracking techniques to study local strain and atomic dynamics

in 2D materials (Chapter 5).

Applied to 2D materials, give us unprecedented insight into the structure and

properties that arise from atomic-scale disorder. We were able to:

- Solve the atomic structure of atomically-thin grain boundaries in graphene

and MoS2 (Chapters 2 and 3).

- Measure the electrical conductivity and breaking strength of grain boundaries

in graphene (Chapter 2).

- Measure the electrical conductivity and photoluminescence of grain bound-

aries in MoS2 (Chapter 3).

- Solve the 3D structure of a glass at the atomic scale (Chapter 4).

- Characterize medium-range ordering in an amorphous material through di-

rect measurements of the partial pair distribution functions and ring sizes

(Chapter 4).

- Image atomic rearrangements in a glass, including local plastic deformations,

shear, and fluctuations at a solid-liquid interface (Chapter 5).
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- Compare deformation in an amorphous solid to models for deformation in

crystals and continuum solids (Chapter 5).

Because these studies lay a strong foundation for studying 2D materials while

testing materials science concepts that apply to 3D systems, our work should have

broad scientific impact. For the large scientific community that seeks to probe

the unique physics and device applications of atomically thin systems, our work

provides critical tools with which to understand and engineer new 2D materials

atom-by-atom. For glass scientists, our work realizes an 80-year-old vision for

easily understandable glassy systems and introduces promising methods to test

theoretical predictions against experimental data. For electron microscopists, our

work illustrates high- and low-resolution quantitative electron microscopy tech-

niques with atomic-scale precision in all three dimensions. And perhaps most

ambitiously, our work represents small steps towards understanding disorder with

the atomic-scale precision at which we understand perfect crystals.

6.2 Outlook

Much remains to be explored. In the 2D crystals section, our work demonstrates

both the often dramatic effects of disorder on the properties of 2D systems and the

utility of TEM in materials engineering. The natural outgrowths of our work fall

into a few main categories, some of which are already under pursuit. One obvious

extension of our techniques is simply to apply them to new and more complex 2D

crystals. Here, our work has already spawned a veritable behemoth of research: for

example, to characterize the grain structure of hexagonal boron nitride [40], stack-

ing arrangements in mulitlayered crystals [53, 54, 191–193], or in-plane and out-of
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plane heterostructures of graphene and h-BN [16, 40]. Another area involves exam-

ining our grain boundary studies in more detail with more sophisticated growth,

transfer, device fabrication, and theoretical methods [108, 109, 194, 195]. A third

direction involves studying 2D materials using in-situ TEM techniques such as

heating and mechanical straining [54, 196]. One last category probes the out-of-

plane structure of 2D materials, such as our optical-microscope reconstructions of

the 3D micron-scale bending of graphene kirigami [22].

The 2D glass work represents an entirely new way to approach the study of

glass structure and properties. Currently, high-resolution (S)TEM and STM of

2D materials are the only methods to image glasses on the atomic level. Detailed

analyses of these images will be instrumental for developing and testing theoretical

models that examine how and why glass structures form [171]. Additionally, an

entire field of research is devoted to using colloidal particle systems to simulate the

behavior of glasses under varying external forces, temperatures, and for different

interatomic potentials. Many of these experiments can now be replicated with

atomic systems using in-situ methods in the TEM, providing insight into how the

complex potentials of real atoms govern their dynamics.

The above areas should become even richer as microscopy techniques for low-

damage, high-resolution imaging and precisely controlled in-situ methods continue

to be developed. And as 2D materials continue to improve and expand, so will

our opportunities to understand matter at the atomic scale through transmission

electron microscopy.
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APPENDIX A

GROWTH METHODS FOR 2D CRYSTALS

2D growth methods are constantly being refined: they are sensitive to the conditions

of individual growth systems, the processing of the substrates used, and sometimes

even the weather. Luckily, many research groups have contributed to a large and

continually changing body of literature that attempts to develop robust and repro-

ducible growth methods. That literature should be consulted when beginning to grow

these materials; the methods described below simply represent the best techniques

we had at the time we conducted the work in this thesis. The growth methods below

were developed with Arend van der Zande and Carlos Ruiz-Vargas (McEuen and

Park group, Cornell) for graphene and Arend van der Zande and Daniel Chenet

(Hone group, Columbia) for MoS2.

A.1 Graphene growth

For the studies in Chapter 2, we grew single-layer graphene using chemical vapor

deposition on Cu foils. These methods build on the techniques of Reference [23],

which uses a methane gas precursor. To prepare the growth substrates, the poly-

crystalline copper foils are cleaned using acetic or sulfuric acid, then rinsed with

distilled water. Next, the foils are loaded into a tube furnace, which is pumped

out and re-filled with the precursor and carrier gasses according to the following

recipes.

- Growth Method A: We anneal a 99.8% pure copper foil (Alfa Aesar #13382)

at 1000◦ C in low pressure with 150 sccm H2 flow for 10 minutes. We then
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grow the graphene at 1000◦ C by flowing CH4:H2 at 150:7 sccm, then cool

over 5 minutes.

- Growth Method B: Identical to Method A, except using higher purity

99.999%, copper foil (Alfa Aesar #10950).

- Growth Method C: We used a Rapid Thermal Processor tube furnace with a

∼4-inch inner diameter (MTI Corporation). We annealed copper foil (99.8%

purity) at 1000◦ C (H2:300 sccm) for 30 minutes, followed by graphene growth

at 1000◦ C (H2:CH4 300:875 sccm) for 60 minutes.

Graphene growth techniques have progressed rapidly since our initial work.

Controlling the methane and hydrogen flow rates, methane, hydrogen, and oxygen

partial pressure, and substrate chemistry have been shown to be critical factors that

dramatically change the grain size and graphene quality [112, 197]. Yet like many

growth methods, the reproducibility of growth conditions and outcomes are low.

Optimized protocols for graphene growth vary wildly between different furnaces

and even change over time as pump fittings wear out. An improved understanding

of graphene growth mechanisms remains critical [198].

A.2 MoS2 growth

For the studies in Chapter 3, we grew monolayer MoS2 by chemical vapor deposi-

tion from solid sulfur and MoO3 precursors. Our methods were similar to Reference

[26], but without seeds to nucleate growth.

We used Si growth substrates covered with 285 nm of SiO2. To clean the

substrates, they were soaked in acetone, isopropanol, then followed by two hours in
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H2SO4/H2O2 (3:1). Finally, substrates were treated with 5 minutes of O2 plasma.

For growth, the substrates were then loaded into a 2-inch CVD furnace and

placed face-down above a crucible containing 14 mg of MoO3 (≥99.5% Sigma

Aldrich #100932642), with another crucible containing 120 mg of sulfur (≥99.5%

Sigma Aldrich #101144903) located upstream. The CVD growth is performed at

atmospheric pressure while flowing ultra-high-purity nitrogen. The growth recipe

is: sit 4 hours at 105◦ C with 500 sccm, ramp to 700◦ C at 15◦ C/min with 10

sccm, sit 5 minutes at 700◦ C, cool to 570◦ C without feedback (∼20 minutes) with

10 sccm, open furnace and flow 500 sccm for rapid cooling.

High yield is achieved by using ultra-clean substrates and with fresh precursors.

The yield is significantly lowered by dirty substrates and old precursors. In these

cases, any monolayers will be smaller and misshapen. Closest to the source, the

film becomes a mixture of multilayer stacks and other crystal allotropes, while

furthest from the source, nothing grows.
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APPENDIX B

TEM SAMPLE PREPARATION FOR ATOMIC MEMBRANES

These solution-based sample preparation techniques have been developed with Arend

van der Zande (McEuen Group, Cornell and Hone Group, Columbia University)

and Carlos Ruiz-Vargas (Park Group, Cornell), with additional contributions from

Jonathan Alden and Josh Kevek (McEuen Group, Cornell). While the current

techniques are recorded below, our transfer methods are being constantly refined.

B.1 Choosing the right grids

1. For dark-field TEM, we typically wish to view large areas. Placing 2D ma-

terials on thin SiN rather than suspending them over holes greatly increases

yield and allows studies of non-continuous films, such as nucleation islands

of MoS2 .

- Thin (5-20 nm), amorphous silicon nitride membranes provide

regions up to 250 microns with a uniform low background. We typically

use 9-window grids that are 100x100 µm wide and 10 nm thick, from

TEMwindows.com (part no. N100-A10Q33).

2. For high-resolution TEM or STEM, samples must be suspended over

holes. We use two main types of grids for these applications:

- Quantifoil grids on gold mesh.The Quantifoil perforated carbon film

provides a stable support layer that is conducting, flexible, and good

for tuning and aligning. Meanwhile, the gold mesh is relatively stable

to baking and exposure most metal etchants that are used to isolate
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2D films. Our standard is Quantifoil grids with 2-micron holes on gold

mesh, available through Electron Microscopy Sciences (part no. Q225-

AR2) or Ted Pella (part no. 657-200-AU or 657-300-AU).

- Holey silicon nitride grids These grids are stiffer and more robust

than Quantifoil, but have a few drawbacks: they are insulating, brittle,

have a limited viewing area, and do not yield a good ronchigram for

microscope alignment. Pelco grids from Ted Pella (part no. 21535-10)

have 2.5 micron holes and have withstood quite some violence, including

350◦ C anneals in air, 1000◦ C anneals in vacuum, and multiple solvent

rinses. Similar grids, but with numbered holes and a thinner SiN mesh,

are available from TEMwindows.com (part no. SN100-A20MP2Q05).

3. For specialty applications: Several groups at Cornell have had success

combining in-situ or ex-situ heating, mechanical strain, or electrical biasing

and measurement with dark-field TEM. These applications require special-

ized grids. Heating grids are available through Protochips, while electrical

and mechanical devices have been fabricated by the McEuen and Park groups

at Cornell, using Cornell’s Nanofabrication Facility.

B.2 Transfer methods

The is fabrication for DF-TEM samples is a gentle wet transfer, originally devel-

oped for graphene. Our methods use a thin PMMA layer to support the atomic

membrane while the growth substrate is etched away. A subsequent anneal ther-

mally decomposes the PMMA. These methods have become quite dependable and

high-yield: producing up to 90% coverage of TEM grid-holes.
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B.2.1 Graphene transfer from copper foils

1. Begin with graphene grown on a copper foil.

2. Spin a thin layer of PMMA onto the graphene on the top of the foil (2% in

anisole, 4000 rpm for 60 seconds). To make the PMMA easier to remove, we

typically skip the standard PMMA post-baking step.

3. Remove the graphene from the backside of the foil. Typically, graphene grows

on both sides of the foil, and the backside layer complicates the transfer pro-

cess. Remove the extra graphene layer using a plasma etch or by scratching

it so that it falls off during the copper etch step.

4. Cut the foil into small (∼1-2 mm) pieces using a sharp (new) razor blade or

clean scissors. Alternatively, use the razor blade to just score the PMMA

layer, which will separate as the substrate is etched (this is gentler).

5. Etch the copper by floating the foil, PMMA side up, in a copper etchant.

Our typical etchants include

- Ferric Chloride: Our original standard was HCl/FeCl3 copper etchant

(Transene, Type 100/200). Ferric chloride etchants typically leave

Fe/Fe-O particles on the graphene films. When etching copper foils

with ferric chloride, minimizing the time spent in the etchant will help

minimize the amount of Fe deposition to the foils. 30 minutes-1 hour

should be more than enough time.

- Ammonium Persulfate: This etchant is metal-free, but leaves or-

ganic residues instead. It is important to avoid contact PMMA and

ammonium persulfate, which will cross-link it.

6. Wash the graphene and polymer support by transferring them to several

successive DI water baths.
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- A reasonable number of water baths is 4-8, with several minutes in each

bath. Let the membranes stand in the last water bath for an extended

period, 30 minutes to overnight.

- Take care to not bring the PMMA in contact with liquids to avoid

depositing unwanted residues.

- Several implements are available for moving the PMMA/graphene mem-

branes between water baths, including a glass slide, a silicon wafer, or

the perfect loop.

7. Finally, scoop the PMMA/graphene layer in pieces onto TEM grids. To do

this, you can insert the grids into the water to scoop them out.

8. Allow the grids to dry.

9. Remove the PMMA. Several options are available for this step. Importantly,

PMMA can be thermally decomposed[199], a gentler (and cleaner) process

than using liquid solvent rinses.

- Anneal in air: This is our standard procedure. We bake our samples

in air (for 300-350◦ C for 3-4 hours).

- Anneal in Argon/Hydrogen: This method is less-effective at clean-

ing, but will minimize damage to the graphene. Anneal under Ar/H2

for 4-6 hours.

- Solvent removal: This is not typically recommended: it is both dirtier

and less reliable than the anneal methods.

10. The grids are now ready for use!
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B.2.2 MoS2 transfer from Si/SiO2 wafers

Our transfer methods are easily adapted to different 2D materials. The MoS2

transfer is similar to the graphene transfer method, with the exceptions that: a)

Since MoS2 is grown on Si/SiO2 wafers, a KOH etchant is used rather than copper

etch and b)MoS2 is sensitive to anneals in air, so all anneals are done in vacuum

or Ar/H2. An abbreviated summary follows:

1. Polymer transfer layers were prepared by spinning PMMA (A2) onto finished

MoS2 on silicon oxide/silicon chips at 4000 RPM for 60 seconds.

2. The chips were floated on 1M KOH. The KOH etched the silicon oxide epi-

layer, causing the chips to fall off, and leaving the polymer and MoS2 coated

polymer membrane floating on the surface.

3. The membrane was transferred to DI water several times, then scooped onto

a TEM grid and dried.

4. The PMMA was removed by baking the TEM grids in a UHV heater at 300◦

C for 10 minutes or an atmospheric pressure Ar/H2 gas flow for 4 hours.

5. Before atomic-resolution imaging, we baked the samples overnight in UHV

at 130◦ C.

B.3 Tips and tricks

1. Clean all of your glassware well before using. Piranah cleans are the gold

standard, but we normally get away with a rinse-series of DI water, acetone,

IPA, blow dry.
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2. If you are using silicon nitride grids, plasma cleaning them briefly (3 seconds–

1 minute) can facilitate the transfer of 2D membranes from solution. The

oxygen plasma renders the grids more hydrophilic, making them easier to

handle in liquids.

3. The perfect loop (Electron Microscopy Sciences, part no. 70939) can be quite

useful for transferring TEM grid-sized pieces between baths and between the

liquid and the TEM grid.

4. Use a dedicated, clean quartz tube for anneals. To clean the tube, flow a 4:1

ratio of Ar/H2 and anneal each section of the tube at 1000◦ C for 10 minutes.

Slide the tube carefully to anneal each portion.
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APPENDIX C

DF-TEM ACQUISITION FOR 2D MATERIALS

Dark-field imaging in 2D is one of the oldest and easiest-to-learn TEM techniques.

Here, I offer an short beginner’s guide to DF-TEM acquisition below, specifically

on a FEI Tecnai T-12. A slightly more extended introduction is available in Section

9.3 of the Williams and Carter TEM textbook, Ref. [59].

C.1 Very basic theory

In dark-field TEM images, the diffracted electron beams are filtered to select par-

ticular diffraction spots and then Fourier-transformed within the TEM into real-

space images. This makes it possible to convert nearly any information that can

be obtained in a diffraction pattern into real-space, large-area images. For exam-

ple, dark-field TEM is useful for mapping the sizes and orientations of graphene

domains. Because they are relatively easy and can characterize a wide range of

length scales, diffraction-sensitive imaging techniques are well-suited for connecting

structure to physical properties.

Figure C.1 shows optical diagrams illustrating the bright-field and dark-field

imaging modes. In displaced-aperture DF-TEM, you insert the objective aperture

around a diffracted beam, off the central optic axis. In centered DF-TEM, beam

shifts are used to tilt a diffracted beam to the optic axis, and then the objective

aperture is centered around it. This minimizes optical aberrations, particularly

spherical aberration from tilting the beam off-axis.
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Figure C.1: Optical diagrams for bright-field, displaced-aperture dark-field,

and centered dark-field TEM imaging modes. Figure adapted

from Reference [59].

C.2 Conventional TEM imaging for 2D materials

1. To get started, set the electron beam accelerating voltage below the damage

threshold for your material

- Set to 80 kV for graphene, 60 kV for MoS2 or h-BN.

2. Load your sample

- 2D materials should not be plasma cleaned. Instead, plasma clean the

empty holder for 3 minutes before loading the sample.
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3. Do standard microscope alignments, including:

- Load a good recent alignment.

- Open the column valve, find a region of interest, and get to eucentric

height.

- Check the centering of the C2 aperture.

- Follow the automated alignment procedures: Gun Tilt, Gun Shift, Beam

Tilt Pivot Point, Rotation Center.

- Focus and stigmate to form a good bright-field image.

4. Maximize your contrast for BF-TEM. When you have good contrast, you

can easily find graphene and distinguish between different layer thicknesses,

even in bright-field mode. To maximize your contrast:

- Converge the beam so that the edges of the illumination are right outside

the limits of the camera.

- Use an objective aperture around the direct beam (center spot in the

diffraction pattern). This is the most important and simplest way to

optimize bright-field imaging.

- Maximize acquisition time without saturating the camera: 0.5 - 2 second

acquisitions are standard.

- You can also increase the spot size to get more beam current. Adjust

spot size with the L3 and R3 buttons on the control panel; Maximum

beam current is spot size 1.
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C.3 Taking a diffraction pattern

1. While imaging, insert the selected area (SA) aperture to select the region the

area for the diffraction pattern.

2. Remove the camera from the beam path.

3. Press “Diffraction” on the control panel to switch to diffraction mode.

4. Focus and stigmate the diffraction pattern.

- Focus by inserting the objective aperture and adjusting the Focus knob

until the edge of the aperture is sharp and in focus. This projects

the back-focal plane onto the CCD. Next, use the Intensity knob to

form sharp diffraction spots. This spreads the beam to form a parallel

incident plane wave.

- If necessary, adjust the diffraction shift and diffraction stigmation to

center the direct beam and make it round.

- If the Objective aperture is in, remove it.

5. Prepare to insert the camera.

- Insert and position the beam blocker to block the central beam. This

enables long acquisitions without saturating the camera.

- Lower the camera acquisition time to <100 ms to protect the camera.

6. Insert the camera and acquire a diffraction pattern.

- Adjust the camera length (using the Magnification knob) so that you

can see all of the desired diffraction spots. For graphene, I usually use

660 mm.

- 100 ms–2 s acquisitions are standard.
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C.4 Displaced-aperture DF-TEM

Note: You can do either Displaced Aperture or Centered DF-TEM. While centered

dark-field provides slightly higher spatial resolution and easier controls once set up,

displaced aperture TEM offers a simpler, more intuitive way to start out.

1. Position the objective aperture to select a diffraction spot of interest:

- In diffraction mode, insert the objective aperture. I use the smallest

aperture, number 1.

- View the diffraction pattern on the camera. If you have positioned the

aperture correctly, you should see the diffraction spot showing through

the aperture when you’re done. Adjusting the acquisition time to ∼10

ms can help. At this point, I typically acquire an image showing the

position of the objective aperture for my records.

2. Acquire a dark-field image:

- Return to real-space imaging by pressing “Diffraction”.

- Remove the selected area aperture and the beam block from your image.

- If you are low on signal, use the Intensity knob to make sure the beam

is just larger than your field of view.

- Acquire your image (typically 2-50 seconds).

3. Repeat as needed with different aperture positions to get a full set of dark-

field images showing all of the grains present.

- Because the selected area aperture is not quite the same size and shape

as the field-of-view, you may need to move the SA around and continue
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doing dark-field acquisitions on any new spots that appear, or just stay

in one spot with the SA and move the objective aperture around an arc

of 60 degrees to cover all of diffraction space.

C.5 Centered DF-TEM

Note: You can do either Displaced Aperture or Centered DF-TEM. Centered DF-

TEM can only be conducted on a scope with scan coils/ and STEM controls (e.g.

the Tecnai T-12 Spirit, but not the T-12 BioTwin). Centered dark-field provides

slightly higher spatial resolution and easier controls once set up, but can be difficult

to control on specimens that are charging. You will also need access to the DF-

TEM controls in the Tecnai User Interface.

1. View the diffraction pattern on the phosphor viewing screen.

2. Using diffraction shift (Multifunction X,Y), center the direct beam of the

diffraction pattern.

3. Enter dark-field mode by pressing the “Dark-Field” button on the right-hand

dashboard.

4. Use the Dark-Field controls to tilt and center a diffracted beam in a centered

objective aperture.

- Pull up the DF-TEM controls in the Tecnai User Interface. If you do

not have them, you can get them by right-clicking on the pull-down

menu in the bottom-right of the screen.

- You should see position controls, which refer to the displacement of

the beam in the diffraction plane. Click from “None” to either the x,y
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controls or the “conical” r, θ controls (r=tilt, θ=Rot).

- Now, use the Multifunction X,Y controls to tilt the beam so a diffraction

spot of interest replaces the direct beam at the center of the screen.

- If you can see the diffraction spots on the phosphor screen, the tilting is

easiest there; otherwise watch the diffraction pattern on the CCD, but

make sure to use a small selected area aperture and short acquisition

times to minimize the exposure of the camera to an intense direct beam.

- Insert the objective aperture around the centered diffraction spot. I use

the smallest aperture, number 1.

5. Acquire a dark-field image:

- Return to real-space imaging by pressing “Diffraction”.

- Remove the selected area aperture and the beam block so they do not

block your image.

- If you are low on signal, use the Intensity knob to make sure the beam

is just larger than your field of view.

- Acquire your image (typically 2-50 seconds).

6. Repeat as needed with different tilt angles to get a full set of dark-field images

showing all of the grains present.

C.6 Finishing up with the microscope

1. Set the accelerating voltage back to the standard setting (120kV).

2. Get out of any special modes (i.e. Diffraction or Dark-Field).
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3. Re-center the number 3 objective aperture and remove the objective aperture

from the beam path. This keeps other users from getting confused when they

start.

4. Remove any other apertures, pointers, etc. that you have put in the scope.

When youre done, the C2 aperture should be the only one left in the beam

path.

5. Follow the rest of the standard T-12 shut-down procedures. Most impor-

tantly:

- Remove the camera.

- Zero the stage.

- Close the column valve.

- Remove your sample.

- Re-insert the holder halfway into the scope.

C.7 Useful lattice parameters

2D Crystal a c Interatomic
spacing a√

3

b= 2√
3

2π
a
{1010}
spacing

{1120}
spacing

graphene 2.5 Å 3.3 Å 1.4 Å 2.9 Å−1 2.1 Å 1.2 Å

h-BN 2.5 Å 3.3 Å 1.4 Å 2.9 Å−1 2.1 Å 1.2 Å

MoS2 3.1 Å 6.2 Å 1.8 Å 2.3 Å−1 2.7 Å 1.6 Å

SiO2 5.3 Å — 3.1 Å 1.4 Å−1 4.6 Å 2.7 Å

Table C.1: Lattice constants for 2D crystals
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APPENDIX D

ATOM TRACKING FOR DISORDERED 2D MATERIALS

In amorphous materials, standard TEM data processing techniques to analyze

strain in crystals (such as geometric phase analysis) will not work. Luckily, sophis-

ticated particle tracking tools have been developed in other communities–particularly

colloid science[183, 200]. We adapted their particle tracking framework to track

atoms in our TEM images to understand the atomic rearrangements in silica as

discussed in Chapter 5. These techniques were developed in close collaboration with

Jonathan Alden in Paul McEuen’s group, with significant contributions from Alex

Alemi and Ashivni Shekhawat in Jim Sethna’s group.

D.1 Atom tracking methods

To identify the positions of atoms in each frame, we first cross-correlate the images

to align them. The contrast from the graphene lattice is then minimized by remov-

ing graphene lattice reflections from the Fourier transform of the image. Although

our analyses focus only on phenomena that are visible in the raw data, filtering

the images minimizes the errors in measuring the Si atom positions due to noise

and the substrate lattice contrast (see Figure D.1). Next, we obtain rough guesses

of the atom positions using ImageJ to threshold the images and locate the centers

of atomic sites.

The rest of the tracking and processing is conducted in Matlab. Our automatic

thresholding identifies ∼99% of atoms correctly in the 2D solid; the remaining

∼1% misidentifications are obvious by eye and reflect our use of a global threshold

to make the initial, rough determination of the atom positions. These errors result
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when the intensities of adjacent atoms overlap sufficiently: the thresholding will

find only a single atom, and place it at their center-of-mass. To correct these errors,

we manually remove features that are not isolated atoms and add atoms that were

not found by thresholding. We also use this step to remove atoms that we do not

wish to track, particularly atoms outside the solid sheet or partial vacancies. We

then refine the atom positions by approximating Gaussian fits to the intensity of

the image around each atomic site obtained from ImageJ. The above techniques

give us lists of the 2D-projected centers of atomic sites in each frame.

Next, we use particle-tracking software developed by Grier, Crocker, and

Weeks[183], implemented in Matlab by Blair and Dufresne[200]. This software

reads in our atom positions for all of the frames, then determines the best-fit iden-

tification for atoms across the entire video, and assigns each independent atom a

unique identifier. From this output, we produce atom trajectories and displace-

ments; the tracking data also makes it possible to measure the mean squared

displacement of each atom. We get comparable results when tracking either raw

or filtered/smoothed images (see Figure D.1).

D.2 Strain analysis from atom tracking data

We can quantify the elastic deformation by measuring the strain relative to the ini-

tial configuration observed. Using continuum mechanics, this is a rather standard

analysis covered in several textbooks [184, 185]. A short review, and our methods,

are copied here:

We start with the displacement field u derived from our images and tracking

data. To isolate the elastic displacements, we first manually remove atoms that
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Figure D.1: Comparison of raw and processed images and tracking data. (a-

b) Sample image and windowed Fast Fourier Transform (FFT)

and (c-d) tracking data for raw, unprocessed video. (e-h) Cor-

responding data after Fourier filtering with a low-pass filter. The

raw and filtered tracking data give similar results.
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are undergoing bond-rotation. To simplify data processing, we then interpolate u

(which only exists at each atom position) onto a grid using a bicubic interpola-

tion implemented in Matlab. We then take its spatial derivative, producing the

displacement gradient field:

∇u =

∂ux∂x ∂ux
∂y

∂uy
∂x

∂uy
∂y

 (D.1)

∇u can be separated into its symmetric component, the 2D strain tensor ε, and its

antisymmmetric component, the local rotation matrix ω. In linear elastic theory,

the displacement gradient can be rewritten as:

∇u = ε+ ω =

εxx εxy

εxy εyy

+

 0 ω

−ω 0

 (D.2)

In this equation, εxx = ∂ux/∂x, εyy = ∂uy/∂y, and εxy = εxy = 1
2

(
∂ux
∂y

+ ∂uy
∂x

)
are

the components of the strain tensor; ω = 1
2

(
∂ux
∂y
− ∂uy

∂x

)
gives the local rotation

such that the rotation angle ϕ = arcsin(ω). Because our interpolated data is

oversampled between atoms, we apply a Gaussian blur with σ ∼1.6 Å, or 1/2 of

the in-plane Si-Si nearest neighbor spacing. Then, we crop the data to avoid edge

effects. Finally, we plot the independent components of ε and ω.
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