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ABSTRACT 

Achieving a secure and sustainable energy future is one of the greatest scientific, 

technological and societal challenges of our time. The projected doubling of world energy 

consumption within the next 50 years, along with our current dependence on non-

renewable fossil fuels, as well as the attendant detrimental effects on the environment that 

their utilization entails, point to the critical need of alternative energy sources as well as 

to the more efficient use of existing energy resources. The traditional fossil fuels such as 

coal, natural gas and oil rely heavily on the energy storage within the form of chemical 

bonds. A modern society must be able to store and convert large quantities of clean energy 

derived from solar, wind or other sustainable sources, as well as converting existing fossil 

fuels in a more efficient and sustainable way.  

This PhD thesis focuses on the use and development of advanced (scanning) 

transmission electron microscopy techniques, especially in-situ methods, for energy 

applications. Specifically, the intent is to understand materials properties and reaction 

mechanisms of fuel cell catalysts and novel lithium-ion battery and lithium-sulfur 

electrode materials, so as to enhance the performance of practical devices. Three topics 

will be discussed (i) advanced electron microscopy for electrochemical energy storage 

and conversion systems: from ex-situ to in-situ; (ii) catalysts for proton exchange 

membrane (PEM) fuel cells; and (iii) materials for advanced lithium-sulfur batteries. 
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CHAPTER 1 

INTRODUCTION 

Section 1.1. Overview of Electrochemical Energy Storage and Conversion Systems  

Among a variety of alternative energy conversion and storage technologies, fuel 

cells and lithium-ion batteries are of particular interest for the electrification of 

transportation as well as for grid applications. At the fundament level, both fuel cells 

and batteries are electrochemical devices, where the chemical reactions take place at an 

interface between an electron conductor (electrode) and ionic conductor (electrolyte). 

These electrochemical reactions involve electron transfer between the electrode and the 

electrolyte or species in solution. Thus, electrochemistry is the study of the interactions 

between electrical energy and chemical changes. 1, 2 While the field of electrochemistry 

covers a broad range of topics ranging from electrochemical phenomena, 

electrochemical devices, and electrochemical techniques, this thesis is mainly focused 

on understanding electrochemical devices such as fuel cells and batteries.  

In electrochemical devices, electrical energy is generated by conversion of 

chemical energy via redox reactions at the anode and cathode. As the anode reactions 

usually take place at lower electrode potentials than at the cathode, the terms anode (or 

negative) and cathode (or positive) electrode are used to determine the voltage 

difference.  

A fuel cell is an electric energy conversion device that coverts the chemical 

energy, normally in the form of hydrogen or small organic molecules, into electrical 

energy. As shown in Fig.1, normally fuel cells are composed of two electrodes, anode 

(where the fuel is oxidized) and the cathode (where the oxidant is reduced). By 
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transferring electrons during the oxidation-reduction reaction, chemical energy is 

converted into electrical energy. The most common type of fuel cell is the so called 

proton exchange membrane fuel cells (PEMFC), in which hydrogen fuel is oxidized at 

the anode and oxygen gas is reduced on the cathode. The major limitation of PEMFC is 

the high cost of the polymer membrane, which is made of proprietary Nafion®, and the 

cathode catalyst, which is primarily platinum. The object of academic research is to 

lower the loading of platinum by alloying with other transition metal(s). This approach 

could also improve of catalytic activity as well as enhancing durability.  
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Fig.1.1 Schematic of a fuel cell. Figure reproduced from reference 3. 
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A lithium-ion battery is similar to a fuel cell, in that it also comprises an anode, 

cathode, electrolyte and membrane (Fig.2). The difference is that rather than supplying 

fuels externally, the battery can be charged and discharged (also known as “cycle”) 

within certain conditions. For example, a battery is self-contained and can be promoted 

to a higher energy state upon flowing of a positive current, or can be restored to its 

original discharged condition by an electric current flowing in the direction opposite to 

the flow of current when the cell is charged. The typical lithium-ion battery uses a 

lithium metal oxide as the cathode (i.e. LiCoO2), a graphite/carbon as anode, LiPF6 in a 

carbonate as electrolyte and a lithium-conducting polymer as separator (i.e. 

polyethylene). Lithium-ion batteries have been widely used as the major energy storage 

platform for consumer electronics and is being gradually used in electric vehicles and 

industrial level energy grid storage. Despite their wide application, today’s lithium-ion 

batteries still have limited energy density, precluding their application in long-range 

electric vehicles. Additionally, lithium-ion batteries commonly degrade significantly 

after 200-500 cycles, making longer term applications hard to implement.  

A lithium sulfur battery is similar to a lithium-ion battery, with the exception 

that a sulfur-carbon composite is used as the cathode, metallic lithium is used as the 

anode, and LiTFSI in DOL/DME used as the electrolyte. Lithium-sulfur batteries have 

attracted much attention in recent years due to their high theoretical capacity of 

1,672mAh g-1 and low cost. However, a rapid capacity fade is generally observed, 

attributed mainly to polysulfide dissolution and volume expansion. Although many 

strategies have been reported to prolong their cyclability, the high cost and complex 

preparation processes still preclude their practical application.   
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Fig. 2. Schematics of a lithium-ion battery. Figure reproduced from reference4. 
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Section 1.2. Comparison of Different Systems 

A fuel cell is an energy conversion system whereas a battery is an energy storage 

device. In the case of a fuel cell, it is an open system where the external sources such as 

hydrogens provide the energy. The reactions at the interfaces of cathodes and anodes 

are charge-transfer based. Therefore, the active masses undergoing the redox reactions 

are delivered from outside the cell, either from the environment, for example, oxygen 

from air, or from a tank, for example, fuels such as hydrogen. In the case of a battery, it 

is a closed system, where the anode and cathode are the charge-transfer medium and 

take an active role in the redox reactions as “active masses”. Compared to fuel cells, 

batteries rely on the internal stored energy and utilized as the energy source for powering 

external devices.  

A Ragone plot (energy density vs. power density) is typically used to compare 

the power and energy capabilities of common electrochemical devices5. As shown in 

Fig. 3, fuel cells can be considered to be high-energy systems, while batteries have 

higher power density but lower energy density. Lithium-metal batteries such as lithium-

air and lithium-sulfur are considered hybrid systems of both batteries and fuel cells-they 

can provide improved energy density and therefore might be more suitable for 

applications where high energy is needed (Fig. 4). It is also noted that neither a fuel cell 

nor battery can match the characteristics of the internal combustion engine. High power 

and high energy can best be achieved when the available electrochemical power systems 

are hybrid. In such case, one would expect the fuel cell to provide high energy density 

while the battery can supply high power density needed to compete with the internal 

combustion engine.  
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Fig.3   Ragone plot of different electrochemical energy storage and conversion 

devices. 5 
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Fig. 4 Comparison of different energy storage devices and their projected ranges 

inside an electric vehicle, with cyan color representing available devices, yellow 

representing under development market and red representing R&D . Within the 

category of beyond “under development”, the light color represents potential energy 

density while the solid color is the achievable energy density. While the current 

electric vehicle can typically deliver a driving range of 160 km with energy density of 

150 Wh/kg, Li-S batteries could potentially boost this driving range beyond 400 km 

with energy density of 600 Wh/kg. Figure reproduced from reference 6. 
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Both fuel cells and batteries are considered candidates for the replacement of 

traditional internal combustion engine with fossil fuels. Fuel cells generally provide 

higher energy density, demonstrating the required ~ 300 mile range for automotive 

applications.7 However, the high cost and rapid degradation of platinum (Pt) catalysts 

are great challenges remaining to be solved. Research that enables a dramatic decrease 

of Pt cost or a prolonged cycle life of Pt catalyst is needed for the wide 

commercialization of fuel cells. Lithium-ion batteries generally have a higher power 

density but lower energy density, making them more suitable for small-vehicle, low-

mileage-per-day electric vehicle applications. Research that enables battery electrode 

material with higher capacity, longer cycle life and faster charge-discharge rate will be 

essential for the wide acceptance of electric vehicles.  

 

Section 1.3. New Insights from this thesis 

This thesis is focused on the use and development of advanced scanning 

transmission electron microscopy techniques, especially in-situ methods, for energy 

applications. Specifically, the intent is to understand materials properties and reaction 

mechanisms of fuel cell catalysts and novel battery electrode materials. With the 

information obtained at the nanoscale (natural length scale for these applications), I have 

been able to demonstrate the performance improvement of fuel cells, lithium-ion 

batteries and lithium-sulfur batteries. More specifically, this thesis is divided into three 

main topics: (I) understanding the degradation mechanism of fuel cells and battery 

systems; (II) use the knowledge for the discovery and material characterization to design 
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better catalysts for fuel cells, and (III) advance the electrical energy storage 

characteristics for the lithium battery systems.  
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CHAPTER 2 

3-D TRACKING AND VISUALIZATION OF HUNDREDS OF Pt-Co FUEL CELL 

NANOCATALYSTS DURING ELECTROCHEMICAL AGING*† 

Section 2.1. Introduction 

Proton exchange membrane fuel cells (PEMFCs) represent an attractive energy 

conversion technology, which is also an environmentally-friendly alternative to the 

internal combustion engine used in automobiles1, 2.  In a PEMFC, hydrogen fuel is 

oxidized at the anode and oxygen is reduced at the cathode to produce water and 

electricity. While the standard reduction potential of O2 to H2O is +1.23 V, the kinetics 

of the oxygen reduction reaction (ORR) are notoriously slow, giving rise to large  

overpotentials. As a result, much recent work has focused on the improvement of the 

cathode’s electrocatalytic activity by synthesizing nanoparticles composed of platinum 

alloyed with a second element3-6. Among these, one of the most promising candidates is 

Pt3Co, which  has been shown both experimentally7 and theoretically8 to have a 2-4 fold 

enhancement in the ORR kinetics relative to pure Pt. However, the rapid degradation of 

the Pt3Co nanocatalyst results in unacceptably short life times of the fuel cell1. To date, 

the cost and degradation of cathode catalyst are two of the major barriers for the 

commercialization of PEMFCs. Therefore, it is of great importance to understand the 

mechanisms of degradation of nanocatalyst particles during electrochemical aging in a 

fuel cell cathode. A great deal of past efforts have focused on the ex-situ study of the 

nanocatalyst after electrochemical aging in a membrane-electrode-assembly (MEA, the 

                                                 
*  Produced with permission from Yingchao Yu, Huolin L. Xin, Robert M. Hovden, Deli 
Wang, Eric D. Rus, Julia A. Mundy,  David A. Muller,  Héctor D. Abruña. Nano letters 
2012, 12 (9), 4417–4423. Copyright © 2012 American Chemical Society 

†  Author contribution: Y.Y and H.L.X designed, performed the experiment and 
analyzed the data. R.M.H, D.W, E.R.D, J.A.M helped to analyze the 3-D tomography 
data and interpreated the electrochemical measurement. D.A.M and H.D.A guided the 
work.  
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power generating component of a fuel cell) 9-11. In these experiments, the MEA was 

sectioned for TEM analysis, making repeated observations on the same particles 

impossible. Consequently, particle trajectories were not available, making it difficult to 

unravel the concurrent coarsening effects of particle coalescence and Ostwald ripening9-

12. In addition, particle-support interactions are also of great importance to the 

coarsening of the nanoparticles13-15. However, with 2-D images alone, one cannot 

determine how the catalyst particles are distributed on a 3-D fuel cell carbon support16. 

Section 2.2. Materials and Methods 

Here we present a 3-D tomographic method that allows us to track, in 3-D, the 

trajectories and morphological changes of individual Pt-Co nanocatalyst particles on a 

fuel cell carbon support, before and after electrochemical aging via voltage sweeps. To 

achieve this, we carried out the electrochemical experiments directly on a TEM support 

grid17-20. In essence, a carbon-coated gold index grid was used as the working electrode 

in a three electrode electrochemical cell (Figure 1a). The fuel cell catalyst materials 

were deposited on the grid prior to the electrochemical experiments. The grid (Figure 1b) 

contained indexed windows, allowing us to perform electron tomography on exactly the 

same region of the catalyst material before (Figure 1c) and after (Figure 1d) aging, from 

which we were able to identify hundreds of nanoparticles in 3-D with precise one-to-

one correspondence. This enabled us to study the coarsening evolution of the particles 

by tracking location changes on the support surface, observing changes in particle 

volume, and directly visualizing coarsening events. We found that, following extensive 

cycling of the Pt-Co catalysts under normal fuel cell operating conditions (voltage scan 

from +0.6 V to +1.0 V for 30,000 cycles), the coarsening could be mainly attributed to 

coalescence of the nanoparticles. Furthermore, the observed coalescence and movement 

of the nanocatalyst particles was found not to be the result of carbon support 

degradation, but rather due to the electrochemical cycling itself.  In addition, in order to 
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detect changes in the near surface composition of the catalysts, we also performed 

atomic-scale electron energy loss spectroscopic (EELS) imaging of the nanoparticles,  
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Figure 1. (a) Schematic of the three electrode electrochemical cell. (b) The carbon-
coated gold finder grid. (c)-(d) Bright field TEM images of the same Pt-Co fuel cell 
material (metallic nanocatalyst loaded on 3-D carbon-black supports) identified before 
(c) and after (d) electrochemical aging.  
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from which we extracted the chemical composition of the near-surface volume of  the 

particles after voltage cycling.   

In our study, a carbon-coated gold TEM grid with indexed windows (Figure 1b) 

was chosen as the working electrode. The indexed windows facilitated the 

determination of locations of the same catalyst materials before and after the 

electrochemical aging (Figure 1c) in a three compartment electrochemical cell (Figure 

1a). Gold grids were chosen because they are relatively inert over the potential range of 

interest. To demonstrate that the TEM grid is a reliable electrode, we characterized the 

grid from two aspects. First, Figure 1S (a) presents a comparison of the voltammetric 

profiles of a gold TEM grid and a gold disk electrode. Both profiles exhibited a Au-

oxide reduction peak at approximately +1.2 V (vs. RHE)‡, which was characteristic of a 

gold surface. The double-layer region exhibited a capacitive response, which indicated 

that the surface of the grid was free of contamination. Second, the cross-talk between 

the catalyst material and the electrode should be minimal under the electrochemical 

aging conditions of interest, i.e. between +0.6 V to +1.0 V in our experiments. Figure 

1S (b) shows that, below +1.4 V, interference from the gold TEM substrate was not 

significant, demonstrating the electrochemical reliability of the grid. In addition to the 

cycling setup, it is crucial to choose the appropriate electrochemical aging method. In 

the case of platinum, previous studies have suggested that potential cycling is more 

damaging than holding the potential at a given value21, 22 (Figure 2S), and that a 

triangular wave form is more damaging than a square wave23. Therefore, we chose to 

cycle the potential with a triangular wave, so as to introduce more severe aging effects 

to the electrocatalyst nanoparticles.  

                                                 
‡ In the rest of the text, reported voltages are referenced to a RHE unless otherwise 
specified. 
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The aging experiment was performed at a scan rate of 50 mV/s, between +0.6 V 

to +1.0 V (vs. RHE), and a complete cycle from +0.05 V to +1.2 V was carried out 

immediately after each thousand cycles to determine the electrochemical surface area 

(ECSA) of the catalyst. The choice of aging window of +0.6 V to +1.0 V and 30,000 

cycles is based on the US Department of Energy (DOE) accelerated stress test protocols 

for PEMFCs24.  

Section 2.3. Results and Discussions 

The electrochemical aging results are shown in Figure 2a. Two key changes are 

highlighted by the blue and red dashed circles. First, the hydrogen adsorption peak at 

around +0.27 V in the anodic scan became sharper with aging. This sharpening effect 

was ascribed to the nanocatalyst surfaces becoming more Pt rich. The EELS spectrum 

analysis further confirmed such an assertion (vide-infra). Moreover, the hydrogen 

adsorption peaks at higher potential increased at the expense of those at lower potential. 

This is typically an indication of exposure of different facets after the electrochemical 

treatment25. The second feature to notice is the shift in the platinum oxide reduction 

peak at around +0.8 V to more positive values. To exclude the possibility that such a 

shift was due to the acid-leaching of cobalt, a set of control experiments was carried out 

on pure Pt nanocatalysts (i.e. no cobalt), as shown in Figure 3S.  The results indicate 

that the positive shift of Pt oxide reduction peak could be observed both in Pt3Co/C and 

Pt/C. Consequently, we ascribe the positive shift of the Pt-O reduction peak not due to 

Co leaching. It was speculated that such shift could be caused by the increase in the size 

of the nanoparticles, as it has been previously reported that a growth in the size of the 

nanoparticles is often accompanied by a shift in the Pt-O reduction peak26, 27. In our 

study, accompanied by the size increase of some nanoparticles, the overall surface area 

decreased, as suggested by the ECSA measurements in Figure 2b. The ECSA was 

calculated by determining the charges associated with the adsorption and desorption of  
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Figure 2. (a) Cyclic voltammogram  (CV) of Pt3Co/C nanocatalyst, before 
electrochemical aging (0K), and after 3000 (3K, ‘K’ represents 1000), 10K, 20K and 
30K cycles (between +0.6 V and +1.0 V) in 0.1M HClO4 at a scan rate of 50 mV/s. The 
blue dashed-circle highlights the sharpening of the H2 adsorption peak at ~ +0.27 V. 
The hydrogen adsorption peaks at higher potential increase at the expense of those at 
lower potential. It is an indication of rearrangement between (100) and (111) facets25. 
The red dashed-circle highlights the shift of the Pt-O reduction peak to more positive 
potentials. (b) Plot of electrochemical surface area (ECSA) as a fraction of its initial 
value, as a function of the number of cycles, for experiments performed on a gold grid. 
(c) Polarization curves for the oxygen reduction reaction (ORR) during the aging 
process, in O2 saturated 0.1M HClO4 solution, at a scan rate of 5 mV/s. Inset is the 
magnification from +0.83 V to +0.93V. The shift in the potential at half maximum 
kinetic current (ΔE1/2) was 15 mV. (d) Percentile of mass activity calculated at +0.85 V 
(red) and +0.90 V (blue) compared to its initial value, during the aging process.  
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Figure 3. Pt3Co/C nanocatalyst after electrochemical aging. The overall bright-field 

transmission electron microscopy (BF-TEM) image is shown in the center, with specific 

areas highlighted alongside Pt/Co chemical maps obtained by electron energy loss 

spectroscopy (EELS). The relative Pt concentration is shown in red and the Co 

concentration in green; yellow indicates a PtCo alloy. The arrow on the EELS map 

points out the position of the targeted particle from its carbon support.  The yellow 

circle on the number indicates particles that were coalesced. All images (except the 

overview) are to the same scale for easy comparison.
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hydrogen between +0.05 V and +0.40 V—assuming 0.21 mC/cm2 as the conversion 

factor for one monolayer of adsorbed hydrogen. Upon electrochemical aging, platinum 

was first oxidized to platinum oxide in the anodic scan (with an onset potential around 

+0.80 V), and the oxide was subsequently reduced back to platinum during the cathodic 

scan (with a peak potential at around +0.80 V). The dissolution-redeposition process 

results in a decrease in the ECSA28. At the end of the 30,000 cycles, the ECSA had 

dropped to around 87% of its initial value. This provides a direct indication of the 

overall changes in the surface area of the nanocatalysts. 

The ORR polarization curves on the Pt3Co/C nanocatalyst, before and after 

different extents of aging cycles, are shown in Figures 2c-d. The experiments were 

recorded on the same RDE electrode in an O2-saturated 0.1 M HClO4 solution at a 

rotation rate of 1600 rpm, after regular intervals of electrochemical aging. Metrics by 

which the activity of the nanocatalyst towards the ORR can be assessed include the 

potential at half maximum kinetic current (E1/2), and the current at +0.85 V and +0.90 

V. The last two can be used to evaluate the mass activity, by normalizing the kinetic 

current to the mass of the nanocatalyst on the electrode surface (Figure 3S for more 

detail). We found that the E1/2 shifted in the negative direction by about 15 mV and that 

the mass activity at +0.85 V and +0.90 V decreased by 15 - 20% after 30,000 cycles of 

aging. Such a loss in ORR activity was consistent with the ECSA results. The 

degradation of the nanocatalyst was further confirmed by CO stripping (Figure 4S). The 

CO oxidation peak shifted to lower potentials, suggesting that the aging process resulted 

in an increase of the effective particle size. By comparing the integrated area of CO 

oxidation peak (Figure 4S), a 22% surface area loss was also observed, which was in 

agreement with the ECSA measurement. 

Figures 5S-7S present bright-field TEM comparisons of the Pt-Co nanocatalyst 

materials. Owing to the labeled TEM tracing grid, it was possible to locate the same 
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areas before and after electrochemical aging. It has been reported that carbon corrosion 

can play an important role in the degradation of Pt-based nanocatalysts in an MEA14, 15, 

in which the potential at the cathode could go significantly above +1.0 V, especially 

under hydrogen starvation conditions-so the carbon support can be oxidized. However, 

that was not the case in our study. In the three-electrode system employed, control of 

the potential upper limit during voltage cycling was accurate without ambiguity. As 

evident in Figures 6S-7S, the carbon support was stable over the cycling range of +0.6 

V to +1.0 V. Thus, any coarsening of the nanoparticles cannot be related to carbon 

support corrosion. In addition, in order to eliminate the possibility that the coarsening 

may be caused by other effects, including electron beam damage, a control experiment 

(Figure 2S) was performed in which the potential was held constantly at +1.2 V for 16 

hours, after the electrochemical aging. Virtually no change could be observed from both 

TEM and ECSA measurements. Thus, the coarsening events were attributed to the 

voltage cycling. In Figure 5S, the particles circled in yellow were suspected to have 

sintered during aging. To further confirm their chemical compositions, EELS mapping 

of those 17 spots, after electrochemical aging, was performed and the results are present 

in Figure 3. A Pt-rich shell was clearly observed, with an average shell thickness 

determined to be 0.85 ± 0.04 nm for single-core nanoparticles, and 0.93 ± 0.07 nm for 

multi-core nanoparticles. Both numbers correspond to a Pt shell thickness of 3-4 Pt 

monolayers (see Figure 8S for more details on determining the Pt shell thickness). 

When comparing this to our previous study12 of the same nanocatalytst before 

electrochemical aging, where the average Pt shell thickness was determined to be 2-3 Pt 

monolayers, it was surprising that the Pt shell thickness did not grow beyond 2-3 

monolayers. The voltage cycle range and the temperature of the aging conditions could 

explain this. Under the electrochemical aging conditions, Pt is first oxidized during the 

anodic scan and then reduced during the reverse cathodic scan. During such Pt 
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dissolution and redeposition, the Pt-Co alloy core is exposed to the acidic environment, 

allowing Co to be leached into the bulk solution. On the other hand, only Pt-O would be 

reduced back to Pt while Co was lost. Given enough time to reach equilibrium, the 

thickness of the Pt shell would reach a maximum value, which is likely to be 

determined by the voltage cycle range and temperature. Since the upper voltage limit in 

our experiment was precisely +1.0 V (but not +1.2 V or higher) and the experiment was 

carried out at room temperature (but not 80°C or higher), the aging conditions were 

milder than our previous approach12. These evidences were speculated to explain why 

the Pt shell thickness did not increase for more than 2-3 Pt monolayers. More 

importantly, EELS mapping is key for understanding how the Pt is redeposited, i.e., is 

the nanoparticle coarsening dominated by Ostwald ripening or coalescence? In Ostwald 

ripening, larger nanoparticles grow at the expense of smaller ones, with the small ones 

eventually being consumed. In such a scenario, a single-core particle should be 

expected29, 30. On the other hand in coalescence, two or more particles merge together to 

form a multi-core particle29, 30. Since only Pt should be able to redeposit over this 

potential range, the Pt-rich shell should be much thicker in Ostwald ripening when 

compared to coalescence. If Ostwald ripening played as a major part, then the shell 

thickness on multi-core particles should consequently be much larger than on single-

core particles. However, as we determined in a statistical box plot (Figure 9S), no 

obvious difference in shell thickness between multi-core and single-core nanoparticles 

could be observed. Therefore, we conclude that the electrochemical aging in our study 

is mainly dominated by coalescence.   

Taking advantage of the distinctive dissolution and redeposition properties of Pt 

and Co, we found that coalescence played a major role in the coarsening of the particles 

using atomic-scale chemical mapping. However, the trajectories of the coalesced 

particles were still missing, which made it difficult to understand the underlying driving 
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force(s) for this particular coarsening mechanism. To overcome this limitation, the 

electron tomography of a Pt-Co nanocatalyst region, obtained at the exactly same 

location both before and after electrochemical aging, is present in Figure 4. The area 

was chosen to be representative of a typical particle distribution and carbon support 

morphology (Figures 6S-7S). By overlaying the reconstructions before and after the 

aging, we can directly visualize particle movement and coalescence (Figures 4a-b, and 

Movie 1S). It is immediately evident that most particles did not move after aging, which 

was confirmed by comparing the volume distribution and nearest neighbor distances 

(Figure 10S).  The mean particle radius, around 3.2 nm, also did not change 

significantly—any changes that may have occurred was within a thresholding error no 

more than one Pt monolayer (Figure 12S). The preservation of particle positions greatly 

facilitated accurate alignment of the reconstructions in 3-D.  The large set of fiduciary 

particles enabled an alignment fine enough to detect even small movements (~1-2 nm) 

on the carbon support.  A more dramatic example of particle migration is visualized in 

Figure 4f, where a nanocatalyst particle ‘falls’ from the negative curvature (summit) 

into the positive curvature (valley) of the carbon support. This movement is likely 

driven by maximizing the contact area with the carbon support. This is consistent with 

the electrochemical results (Figures 2a and 3S), which also suggest that the orientation 

of nanoparticle facets changed after aging. Tracking particles one-by-one, before and 

after electrochemical aging, also reveals the coarsening mechanisms in the system. We 

found that the majority of the coarsening events were caused by particle coalescence, as 

illustrated in Figures 4c-e. The particles were seen to both migrate and coalesce with 

adjacent particles. This is in contrast to Ostwald ripening, where the particles dissolve 

and uniformly redeposit onto larger particles nearby. After coalescence, there is a 

further diminution of surface area that takes place during the dissolution-redeposition 

process when the connection between the coalesced particles is rounded off to minimize 
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Figure 4. One-to-one correspondence of nanocatalyst particles before (gold) and after 
(red) electrochemical aging—same color scheme used in all figures. (a) 3-D 
reconstruction of nanocatalyst particles, on the carbon support (violet) with projected 2-
D images shown at each side. (b) Alternate viewing angle. (c,d,e) Several instances of 
nanocatalyst particle coalescence and migration, with particle positions indicated by 
arrows. (f) One example of cropped volume from (a,b), showing how one nanocatalyst 
particle moves into the positive curvature (valley) from the negative curvature (summit) 
of the catalyst support. The arrow points out the trajectory of the particle movement. 
Violet shading is the carbon support.  
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surface energy. This is best seen in Figure 4d, where two separate particles clearly 

merged uniformly. Such a result is in agreement with our previously proposed particle-

particle-interaction between coalescence and Ostwald ripening12. It is important to note 

that isosurface# can sometimes be misleading with ill-chosen thresholds. Therefore, in 

this study, all coalescence events were verified with the volumetric reconstruction data 

(Figure 11S, Movie 2S and 3S). In Figures 11S(d)-(e), a gap seen between two particles 

suggests they were separate before aging, while the disappearance of such a gap 

confirms that the two particles were in contact with each other at the end of the cycles. 

This faithfully substantiates our visualization of nanoparticle coalescence in three-

dimensions.  

Although Ostwald ripening and coalescence might co-exist during 

electrochemical aging, it has been predicted that each of them would dominate at 

different potentials23, 31. At a higher cycling voltage (i.e. in MEA with hydrogen 

starvation), the Pt dissolution-redeposition was so severe that larger nanoparticles 

consumed smaller ones quickly. On the other hand, at a lower cycling voltage (i.e. our 

case), the migration of nanoparticles mainly took place to minimize the surface tension. 

One way to address the complex question would be to cycle the same nanoparticles to 

the potential higher than +1.4 V. However, under such conditions, our assumption 

regarding the gold TEM grid would no longer be valid. 

Moreover, it has been reported that one of the coarsening mechanisms in Pt/Pt-

alloy nanoparticle systems is carbon corrosion18, 32, 33. However, no obvious carbon 

degradation was observed in our study (Figures 6S and 7S). Possible explanations for 

                                                 
# Isosurface represents points of constant value within a volume of space; it is a set of 
continuous function whose points group is in 3-D space 
(http://en.wikipedia.org/wiki/Isosurface) 
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the contrast with previous studies are two fold. First, in membrane electrode assembly 

(MEA) studies, the potential cycling window can be easily altered by hydrogen 

starvation and fuel cross-over. They can cause the potential at the cathode to be as high 

as +1.4V. However, in our well-defined three electrode electrochemical system, the 

control of the cycling window (+0.6 V to +1.0 V) is accurate. Therefore, the kinetics of 

carbon corrosion in this cycling window could indeed be very slow. However, we 

cannot completely rule out any early-stage inside-out corrosion of the carbon support 

that did not render an apparent change in the support morphology14.  

 

Section 2.4. Conclusion 

In summary, we report for the first time a direct 3-D visualization of 

nanoparticle trajectories before and after electrochemical aging based on TEM grid 

indexing. The growth in the Pt shell thickness and observation of coalescence in 3-D 

could explain the decrease in electrochemically active surface area and loss of activity 

of Pt-Co nanocatalysts in fuel-cell cathodes. The simplicity and rigor of the three 

electrode system helps to rule out many factors that could take place in the MEA (such 

as hydrogen starvation), and therefore helps establish a direct correlation between 

ECSA and activity loss with the sintering behavior of nanocatalysts. The sintering 

processes were probed by atomic-scale chemical mapping and 3-D tomography. The 

majority of the coarsening events were determined to be coalescence, not Ostwald 

ripening. Moreover, the coalescence was not due to degradation of the carbon support, 

but rather due to the Pt dissolution-redeposition process and the curvatures on the 

carbon supports. Such findings suggest that minimization of particle movement can 

potentially slow down the coarsening of particles during the electrochemical aging. 

These studies will be of great help in the future design of an electrochemically durable 

fuel cell nanocatalyst and supports. 
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Supporting Information 

The electrochemical and TEM characterizations of nanocatalyst, before and after aging, 

are available. Also included are three movies of nanoparticles on the carbon support. 

This material is available free of charge via the Internet at http://pubs.acs.org. 
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CHAPTER 3 

COALESCENCE IN THE THERMAL ANNEALING OF NANOPARTICLES:  

AN IN-SITU STEM STUDY OF THE GROWTH MECHANISM OF  

ORDERED Pt-Fe NANOPARTICLES IN A KCl MATRIX*† 

Section 3.1. Introduction 

With potential applications in ultrahigh-density magnetic recording media and 

high-performance nano-composite magnets, ferromagnetic PtFe nanoparticles and thin 

films with small particle sizes, narrow size distributions, and optimized compositions 

are of great interest.1-5 In contrast to PtFe alloys, the atomically-ordered intermetallic 

structure is ferromagnetic and shows large uniaxial magnetocrystalline anisotropy and 

good chemical stability. The PtFe nanoparticles are usually synthesized by a liquid 

phase reduction of metal cation precursors, during which different long chain 

surfactant molecules are used to protect the particles from aggregation as well as to 

control grain growth and particle size.1, 6-9 The as-synthesized nanoparticles are 

reported to have a disordered face-centered cubic (FCC) structure and are 

superparamagnetic at room temperature. In contrast, PtFe nanoparticles of the ordered 

tetragonal (FCT) structures are ferromagnetic at room temperature. To prepare such 

ordered particles, annealing at moderate temperatures (up to 600 oC) is necessary.1, 9 

At these temperatures, the surfactant molecules decompose to form carbonaceous 

residues and the particles coarsen and agglomerate in an uncontrolled manner.9 

Different post-synthetic approaches have been developed to prepare ferromagnetic 

                                                           

*  Produced with permission from Hao Chen, Yingchao Yu, Huolin L. Xin, Kathryn A. 
Newton, Megan E. Holtz, Deli Wang, David A. Muller, Héctor D. Abruña, and 
Francis J. DiSalvo, (2012), Chemistry of Materials, 2013, 25 (8), 1436–1442. 
Copyright © 2012 American Chemical Society 
 
† H.C. and Y.Y. contributed equally to this work. H.C. and Y.Y. designed, performed 
and analyzed the majority data of the experiments presented. H.L.X, K.A.N, M.E.H. 
and D.W. helped to analyze the data. D.A.M., H.D.A. and F.J.D. guided the work.  
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PtFe nanoparticles without forming aggregates. For example, the as-synthesized 

nanoparticles can be coated either with SiO2 or MgO before thermal annealing, and 

the protecting oxide layer is then removed after the ordered tetragonal phase is 

formed. These methods involve multiple steps, including nanoparticle synthesis by hot 

injection (200 oC ~ 300 oC) with long-chain capping ligands and a separate oxide 

coating step.9, 10 

Section 3.2. Materials and Methods  

Synthesis of PtFe Np-KCl matrix. All the chemicals were purchased from 

STREM Chemicals Inc. or otherwise listed individually. The synthesis was carried as 

follows: 0.08 mmol PtCl4, 0.08 mmol FeCl3 and 2.24 mmol LiCl were weighed out in 

an argon filled glovebox and dissolved in 25 mL THF by stirring. 3.5 mL reducing 

agent KEt3BH (1M Sigma-Aldrich) was mixed with THF to form a 10 mL solution. 

Then, the precursor solution was drawn up into a syringe and injected into the 

reducing agent solution under vigorous stirring. The mixed solutions immediately 

(within seconds) formed an opaque black solution. The solution was then transferred 

to a centrifuge tube, sealed and brought out of the box and centrifuged at 5000 rpm for 

5 min. The clear supernatant was decanted off and the precipitate was subsequently 

washed three times with THF and hexanes without air exposure. The product was then 

dried under vacuum for 2 hours and transfer back into the Ar glovebox.  

Annealing procedure to achieve the ordered intermetallic phase. The PtFe-KCl 

powder was placed into silica tubes in an argon filled glovebox, which were then 

transferred to a Schlenk / vacuum line and sealed under vacuum. The sample was then 

heated to 600 oC at a rate of 100 oC per hour and annealed at 600 oC for 12 hours. 

STEM (scanning transmission electron microscopy) and EELS (electron-

energy loss spectroscopy) measurement. The high resolution STEM images and EELS 

maps were acquired on a 5th-order aberration-corrected scanning transmission electron 
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microscope (Nion UltraSTEM) operated at 100 kV, with a convergence angle αmax = 

~30 mrad. With the setup, atomic-resolution imaging and EELS mapping are achieved 

routinely.26  

In-situ STEM measurement. The in-situ heating experiments were obtained on 

a Schottky-field-emission-gun Tecnai F20 scanning transmission electron microscope 

(STEM) operated at 200 keV.  A high-angle annular dark field detector provided an 

incoherent projection image of the specimen with a signal intensity proportional to the 

amount of material and its atomic number, which is also known as Z-contrast.  The in-

situ heating substrate (E-AHA21) and the heating TEM holder (Aduro System) are 

manufactured by Protochips, Inc. The heating chip contains a resistive ceramic 

membrane so the set temperature can be attained less than a second, after changing the 

set point. The calibration of temperatures was performed by using a thermo-camera 

prior to the experiment, and the stability of temperature was determined to be +/- 1oC. 

X-Ray diffraction. Powder X-ray diffraction (XRD) data were measured using 

Cu Kα radiation on a Rigaku Ultima IV diffractometer equipped with a theta-theta 

goniometer, a sealed-tube solid-state generator, and a D/TeX Ultra Imaging detector. 

Particle size statistics. The edges of particles were outlined based on the 

intensity contrast of particles (brighter) and background (darker) from the STEM 

image. The areas (S) of the segmented 2D projection of nanoparticles were then used 

to represent particle sizes and the diameters in figure 4f were back calculated by 

solving for effective diameter, d, in  π*(d/2)2 = S. A detailed description of this 

method is shown in figure S5. 

Robustness of the size measurements. To evaluate the robustness of the particle 

size measurement, two independent measurements of different numbers of 

nanoparticles were conducted at each temperature frame and showed similar size 

distribution. As shown in figure S7, The shapes of histograms from the two data 
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sets match each other, indicating good precision of the particle size measurement at 

the areas analyzed. 

Section 3.3. Results and Discussion 

Synthesis of ferromagnetic PtFe nanoparticles. Here, we report on a study of 

the mechanism of particle growth and ordering during annealing of samples that are 

prepared through a one-pot scalable synthesis and stabilization method, resulting in 

ferromagnetic PtFe nanoparticles. The general strategy of this method is shown in 

figure 1. Instead of separate synthesis and protection steps, a nanoparticle-KCl (Np-

KCl) matrix is formed in a simple room temperature liquid phase reduction in THF 

(equation 1). A detailed synthesis and thermal annealing procedure is shown in the 

method section. 

PtCl4 + FeCl3 + 33LiCl + 40KEt3BH  

PtFe + 40KCl + 3.5H2 + 7Et3B +33LiEt3BH              (1)
 

The THF-insoluble KCl by-product forms a matrix that protects the 

nanoparticles from sintering during thermal annealing up to 600 °C and that can be 

removed under mild conditions. This approach can be generalized to the scalable 

synthesis of other transition-metal/Pt intermetallic nanoparticles (e.g. Pt3Fe, Pt3Mn, 

Pt2CoFe, PtNi), also allowing small particle sizes to be synthesized, and such 

nanoparticles are being considered as fuel cell catalysts.11  

Samples of Np-KCl assemblies were annealed for 12 hours at 400 oC and 600 

oC, respectively. As expected, the average composition of an ensemble of 

nanoparticles in an area of 500 nm by 500 nm obtained by Energy-dispersive X-ray 

spectroscopy (EDX) for Pt:Fe is typically 50:50 (±3%) and uniform throughout the 

sample (figure S1). 

 
  

→
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Figure 1. PtFe nanoparticles are formed in a rapid, room temperature, solution-based 
reduction of their chloride precursors by using KEt3BH as reducing agent and THF as 
the solvent. Since the by-product KCl is not soluble in THF, the newly formed PtFe 
nanoparticles are protected by the KCl matrix. A thermal annealing process converts 
the FCC PtFe to the ordered intermetallic structure. An in-situ study of the annealing 
process showed that coalescence of nanoparticles is the main mechanism for particle 
sintering on or in the KCl matrix.  

 

 

  

KEt3BH 
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Characterization of the intermetallic structure. As shown in the X-ray 

diffraction (XRD) pattern (figure 2a), the as-synthesized PtFe nanoparticles are 

essentially amorphous or have very small domain sizes. After annealing at 400 oC for 

12 hours under vacuum, the PtFe nanoparticles remain in an alloy FCC structure. 

However, after increasing the annealing temperature to 600 °C for 12 hours, the 

ordered tetragonal phase is obtained. The observation of ordering peaks, such as the 

expected weak (001), (110) and (201) peaks, demonstrates that the desired ordered 

intermetallic phase is formed. The average domain size and average particle size have 

increased to 5 nm (figure S2). With comparable domain and particle sizes, there are 

still fewer internal grain boundaries than the external surfaces. Grain boundary planes 

are expected to become more important as the sintering becomes more pronounced, 

but for the annealing conditions identified here these effects are still quite small. The 

regime studied here would be best described as the initial stages of sintering, as there 

are fewer grain boundary planes than external surfaces. 

Magnetic measurements at room temperature of the PtFe-40KCl (mole ratio of 

PtFe to KCl matrix is 1: 40) annealed at 400 oC, taken in a Quantum Design 

superconducting quantum interference device (SQUID – Model Quantum Design 

MPMS-XL7), exhibit superparamagnetic behavior (figure 2b). In summary, XRD and 

magnetic data clearly show that annealing at 400 oC for 12 hours did not convert the 

FCC PtFe to the ordered intermetallic tetragonal structure. In contrast, PtFe-40KCl 

annealed at 600 oC for 12 hours is ferromagnetic with a coercivity of almost 1 T at 

300K. A saturation magnetization of 29 emu per gram of PtFe is observed (figure 2b). 

In comparison, the saturation magnetization of Fe metal is 220 emu per gram. The 

smaller moment of PtFe is due, in part, to the small particle sizes, the dilution of Fe by 

nonmagnetic Pt, and the much larger mass of Pt related to Fe. Previous authors have 

reported values as high as 56 emu per gram for 7 nm diameter PtFe particles.9  
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Figure 2. (a) XRD patterns of PtFe from a PtFe-40KCl matrix with no thermal 
annealing (blue) and annealed for 12 hours at 400 oC (black) and 600 oC (red), 
respectively. After annealing the PtFe-40KCl matrix for 12 hours, the KCl matrix is 
removed in an ethylene glycol and water solution, and the PtFe nanoparticles are 
deposited directly on suspended carbon black particles (Vulcan XC-72). The peak 
positions for the disordered alloy phase (PDF#030659122) and intermetallic phase 
(PDF# 030659121) of PtFe are shown at the bottom as black and red tick marks, 
respectively. The superlattice peaks from ordering are marked with *. (b) SQUID data 
of hysteresis loops of the PtFe nanoparticles obtained after the thermal annealing of 
the PtFe-40KCl complex at 400 oC (black) and 600 °C (red) for 12 hours under 
vacuum. (c)-(d) HAADF-STEM images of the annealed intermetallic nanoparticles. 
Due to the atomic number ‘Z contrast’ of the HAADF signal, the Pt shows up as much 
brighter than the Fe signal. The STEM images show periodic changes of brighter and 
darker columns of atoms, indicating the presence of the ordering structure on the zone 
axis observed. (d) The ordered intermetallic structures viewed on [110] zone axis, 
where periodic arrays of brighter and darker atoms present Pt and Fe, respectively. (e) 
Diffractogram of (d) showing superlattice peaks such as the {001} and {110} marked 
with red. 

(b) (a) 

(d)  

Å-1 

(e)  (c) 
(a)  

1 nm2 1 nm 
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After thermal annealing a PtFe-40KCl sample at 600 oC for 12 hours to 

achieve the ordered intermetallic phase, the KCl matrix was removed, and the particles 

were bound to a Vulcan carbon support by mixing the support and matrix in an 

ethylene glycol and water solution at room temperature. Atomic-resolution high-angle 

annular dark field (HAADF) STEM images of the annealed nanoparticles were taken. 

As shown in figure 2c-d, due to the atomic-number ‘Z contrast’ of the HAADF signal, 

the Pt shows up as much brighter than the Fe signal. The STEM images show periodic 

changes of brighter and darker columns of atoms, which suggests the ordering of the 

two elements in the nanoparticles, indicating the presence of the ordering structure on 

the zone axis observed.12 Shown in figure 2d, an intermetallic nanoparticle is observed 

on the [110] zone axis. The intermetallic structure can also be realized by the 

appearances of the superlattice planes in the electron diffraction pattern of a single 

crystal domain. Shown in figure 2e is the diffractogram from figure 2d with the 

superlattice spacings  marked in red.  Spacings of 3.7 Å and 2.7 Å are measured for 

the {001} and {110} superlattice spots, respectively, and match with the bulk PtFe 

intermetallic structure. These data confirm the formation of an ordered intermetallic 

phase after thermal annealing at 600 oC.  

We have also determined the composition of individual annealed nanoparticles 

by performing electron-energy loss spectroscopy (EELS) imaging. An on-axis 

intermetallic nanoparticle is shown in figure 3a. The Fe signal is extracted using a 

power-law background fit  
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Figure 3. STEM-EELS analysis of PtFe nanoparticles. (a) HAADF-STEM image, 
with highlighted EELS spectrum images shown in (b) Fe-L2,3 edge, extracted by 
power-law background fit; (c) Pt-N3 edge, extracted after 20 iterations of MCR 
(multivariate curve resolution) and (d) composite of Fe and Pt. The line profiles of (e) 
Fe and (f) Pt show homogenous distributions of Fe and Pt, without any obvious core-
shell structure, within the experimental resolution of less than one atomic layer. The 
best-fit lines are extrapolated by using two error functions and the distance is 
calculated based on the full width at half maximum of the best-fit line. 
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on the Fe-L2,3 edge, since the peaks have a distinct and abrupt onset. However, since 

the broad Pt-M and Pt-N edges have delayed onsets, we used the MCR (multivariate 

curve resolution)method to extract the Pt-N3 edge, although background subtraction 

still works well for the higher-energy Pt-M edge. Details and tests of the reliability of 

this approach for analyzing the Pt-N3 edge can be found in previous publications13, 14 

and their supplements. The EELS study suggested a homogenous distribution of Fe 

and Pt, with no obvious phase segregation within the experimental precision of less 

than one atomic layer (figure 3b-d). To quantitatively evaluate whether a core-shell 

structure exists, EELS line profiles were obtained (figure 3f), and the full width at half 

maximum (FWHM) of the projected Fe and Pt mass profiles were extracted. The 

difference between the FWHM of the Pt and Fe signals is less than one atomic layer, 

indicating no obvious core-shell formation. Such homogeneity is also expected since 

the thermal annealing was performed under vacuum rather than in a reducing 

environment, such as hydrogen. Under a hydrogen atmosphere, Pt usually segregates 

to the surface in order to lower the surface energy through the formation of relatively 

strong Pt-H bonds.15  

The STEM images of the as-prepared disordered FCC and ordered tetragonal 

PtFe nanoparticles in the KCl matrix are shown in figure S2. The KCl matrix of the as-

prepared PtFe-40KCl showed a BET surface area of 54.1 m2/g with a domain size of 

77 nm (figure S4). The as-prepared PtFe nanoparticles average less than 2 nm in 

diameter. Even after thermal annealing at 600 oC for 12 hours, the KCl matrix protects 

the nanoparticles from significant large-scale aggregation (figure S2b and S2c).  

Nonetheless, the particles have grown in diameter by factors of 2 to 3, compared to the 

as-prepared sample (figure S2a). 

In-situ observation of annealing by STEM. To better understand this dynamic growth 

process, an in-situ STEM annealing study of the Np-KCl assembly on a heated 
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substrate was undertaken.16, 17 Since the nanoparticles are formed in or on the KCl, the 

Np-KCl assembly was transferred onto the heating grid in an Ar-protected 

atmosphere, preventing any interference from air.  During imaging, the sample was 

heated to 400 oC and then to 500 oC, holding for c.a. two hours (figure 5a).  

Nanoparticle sintering was observed during the heat treatment (figures 4-5).  

In general, there are two competing mechanisms in the sintering process, 

namely Ostwald ripening and coalescence.18, 19 Ostwald ripening is caused by the 

exchange of atoms, one at a time, with larger particles growing and smaller particles 

continuously shrinking in size. Coalescence is the result of the motion of the 

nanoparticles themselves. In Ostwald ripening, the larger particles grow at the expense 

of the smaller ones; hence, as the size distribution evolves, it is expected to have a bias 

toward larger diameters. However, such distributions can only be observed if 

sufficient time is allowed for the particles to grow to about 10 times their initial 

diameter, such that any history of the initial distribution is lost.20, 21 Coalescence, in 

contrast, is the merging of two nanoparticles. Studies have suggested that a log-normal 

distribution should result from coalescence.22-25 To determine the dominant growth 

mechanism, we followed the time evolution of the particle positions and sizes over the 

same area of the PeFe-KCl assembly under thermal annealing up to 600 oC (figure 4a-

d and movie S1). We found that most coarsening events occurred primarily through 

the motion of the nanoparticles in or on the KCl matrix, which suggests that 

coalescence is the main coarsening mechanism. In addition, the particle size 

distribution of over four hundred nanoparticles in the same area, at different 

temperatures, was measured in-situ (figure 4e). As the temperature increased, the 

mean diameter of the particles became larger, along with a broadening of the size 

distribution.22-25 The size distribution is plotted in figure 4f, and fits well to the log-

normal distribution that is consistent with coalescence. To illustrate the coalescence 



41 

 

process, the evolution of several particles was shown in figure 4g. Nanoparticles, 

instead of atoms, diffuse in or on the KCl matrix and coalesce to form bigger particles.  

Although the size distribution is consistent with the existence of coalescence, 

the size distribution alone is not sufficient to eliminate the occurrence of Ostwald 

ripening, whose ideal distribution will not be apparent unless the average diameter is 

increased by a factor of 10. The heating temperature was then increased to 600 oC and 

held there to address this problem. We tracked the size and positions of individual 

particles in a selected area during a more detailed time series, instead of relying solely 

on the size distribution.  
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Figure 4. HAADF-STEM images of one representative area during the in-situ heating 
experiment. (a) 400°C; (b) 500°C; (c) 600°C; (d) 600°C and after 2 hours; (e) 
Statistical histogram of size distribution in (a)-(d); (f) Log scale of size distribution, 
fitted with a log-normal distribution. The maintenance of such a log-normal 
distribution is consistent with coalescence. (g) Zoomed in images of (a)-(d). The 
evolution of four particles has been tracked with changes in temperature, showing that 
coalescence is the main mechanism for particle growth. 
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Figure 5. (a) Plot of grid temperature versus real time during the in-situ heating 
experiment. The sample was heated to 600 oC at 2442 s and kept at that temperature 
for two hours. An isolated area, marked in figure 4(c), has been imaged every 3 
minutes to track the change of particle sizes. (b) and (c) Particle sizes versus real time. 
To better illustrate the subtle changes in particle sizes, we have segmented the 
nanoparticles with polygons, which are also for area estimation. A detailed example is 
shown in figure S5. (d)-(f) Video images of corresponding particles in (b) and (c) 
showing the particle growth pathways. A more comprehensive movie showing this 
particular area can be found in movie S2. The images are colored with red (for before 
i.e. t-1) and green (for after, i.e. t) corresponding to different time frames labeled on 
the top. If the particles did not move, a yellow color is expected. If the particles 
disappeared from one location, a red color is expected at the original location. If the 
particles migrated or are newly formed, a green color is expected at the new location. 
Ostwald ripening occurred in (d) from particles # 1 to # 2. Coalescence took place in 
(e) with the formation of particle # 7 from # 3 and # 4. Two other cases of coalescence 
can be seen in (f) where the formation of # 9 is from the migration and sintering of # 5 
and # 6, and formation of # 8 is from # 2 and # 7. In 150 total particles, 22 instances of 
coalescence and only 4 instances of Ostwald ripening were observed.  

 

Figure 5a presents a plot of the grid temperature versus real time. The area 
shown in figure 4c was imaged every 3 minutes at 600 oC for two hours. In a region of 
150 nanoparticles, 22 instances of coalescence versus 4 instances of Ostwald ripening 
were counted. As an example, a selected area, which is circled in figure 4c, is shown 
in figure 5d and movie S2. In the initial stages of coalescence, the particles are not all 
round or oval in shape. To better illustrate the subtle changes in particle sizes, we 
measured the projected areas of the nanoparticles to represent the particle sizes. This 
assumes that the third, projected dimension, does not deviate significantly in scale 
from the other two dimensions (A more detailed method is included in figure S5). To 
eliminate the influence of particles that are outside the observed area, the sizes of 
particles closest to the target particles were measured and showed no significant 
changes (figure S6). The particle sizes in the observed area are shown in figures 5b 
and 5c. Shown in figure 5d-f are the images of the selected area at specific times. The 
corresponding particles are marked in the images. Coalescence of particles was 
observed and dominated the particle growth process. Note the formation of particle #7 
from particles #3 and #4 at 2880 s, the formation of particle #8 from particle #7 and #2 
at 7400 s, and the formation of particle #9 from #5 and #6 at 7400 s. A common 
pattern has been observed for these coalescence events, in which two particles diffuse 
toward each other and subsequently merge. Ostwald ripening was also observed in a 
few instances as well. The gradual size increase of particle #2 and size decrease of 



45 

 

particle #1 evidence a clear pattern for ripening. As mentioned previously, there were 
very few Ostwald ripening events (4 incidences out of 150 particles) compared to 
coalescence events (22 incidences out of 150 particles). 

The different shapes of nanoparticles are also an indication of the sintering 

mechanism. When Ostwald ripening occurs, as for particles #1 and #2 in figure 5, the 

shapes before and after are closer to round or oval. This can be understood in terms of 

the exchange of individual atoms between particles. Individual atoms, that attach to 

each particle are more likely to locate at sites that minimize the overall surface/volume 

ratio (which, in turn, minimizes the surface energy), while particles are most likely to 

detach from sites that maximize overall surface/volume ratio. The end result is a 

tendency toward more rounded particles. This process is isotropic in nature and thus 

should not lead to any preferential shape. However, this is not the case for 

coalescence. The joining of two or more nanoparticles will occur when the two 

particles first touch, initially leading to elongated structures. If the particles have 

different orientations, then a grain boundary will be created where the particles 

touched. After significant surface diffusion, a rounder shape evolves to lower the 

energy of the system. As an example, in figure 4g, several particles that display this 

elongated shape are highlighted. However, like other TEM/STEM studies, this in-situ 

STEM study is based on a 2D projection of Np-KCl matrix during thermal annealing. 

Based solely on one projected image, it is almost impossible to distinguish if the two 

nanoparticles overlap or sinter. However, in this study, since the videos recorded 

contain multiple snapshots at different temperatures and times, it is sometimes 

possible to distinguish particle overlap from sintering by their relative motions. One 

example can be seen in figure 5d and movie S2, where the yellow colored nanoparticle 

below # 4 can be categorized as an overlapping rather than a sintered one.  
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Section 3.4. Conclusion 

PtFe ordered intermetallic nanoparticles have been synthesized by a Np-KCl 

matrix method, and the coarsening mechanism during thermal annealing has been 

studied by in-situ STEM heating. The motivation for our work was to reach the 

ordered phase without significant particle aggregation or growth in average particle 

size, which would dramatically limit their utility in proposed applications. The in-situ 

STEM studies allowed us to individually track the growth and motion of particles 

during thermal annealing of the Np-KCl assemblies. This study shows that encasing 

nanoparticles in a KCl matrix significantly slows agglomeration and particle size 

growth. Based on these observations, we conclude that coalescence is the dominant 

mechanism of nanoparticle growth in the KCl matrix at the temperatures studied. It is 

expected that this approach can be generalized to study other nanoparticle-substrate 

systems.  

 

Supporting Information Available: The synthesis method and TEM characterization 

of nanocatalyst particles, before and after annealing, are available on line at 

http://pubs.acs.org free of charge. Also included is a movie of the thermal annealing of 

nanoparticles on the KCl matrix. 
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CHAPTER 4 

NANOSCALE IMAGING OF LITHIUM INO DISTRIBUTION DURING IN SITU 

OPERATION OF BATTERY ELECTRODE AND ELECTROLYTE*† 

Section 4.1. Introduction 

The integration of renewable, and often intermittent, energy sources such as 

solar and wind into the energy landscape, as well as the electrification of 

transportation, requires dramatic advances in electrical energy conversion and storage 

technologies including fuel cells, batteries and supercapacitors.1, 2 Advancing our 

understanding necessitates the development of experimental tools capable of operando 

characterization that can discern mechanisms of operation and degradation in the 

native operating environment. Energy storage materials, such as battery electrodes, 

often display inhomogeneous behavior on the nanoscale.3 Thus, the most illuminating 

and useful characterization methods are those capable of providing detailed 

mechanistic information of charge/discharge dynamics of individual grains and 

particles. TEM investigations specialize in revealing structural and compositional 

information with nanoscale spatial resolution and sub-second temporal resolution. 

Unfortunately, conventional TEM is not compatible with studies of many 

electrochemical energy storage processes because they occur in liquid environments. 

Recently, the development of TEM holders that encapsulate thin liquid layers promise 

                                                 

*  Produced with permission from Megan E. Holtz, Yingchao Yu, Deniz Gunceler, Jie 
Gao, Ravishankar Sundararaman, Kathleen A. Schwarz, Tomás A. Arias, Héctor D. 
Abruña, David A. Muller, Nano Letters, 2014, 14 (3), 1453–1459. Copyright © 2014 
American Chemical Society. 
† M.E.H. and Y.Y. contributed equally to this work. D.A.M., H.D.A., Y.Y., and 
M.E.H. designed the electrochemical TEM experiment. M.E.H. and Y.Y. performed 
the experiments. M.E.H. analyzed the data. D.G. and R.S., supervised by T.A., 
designed and performed JDFT calculations to analyze the solution intensity, with 
discussions with K.A.S. J.G. synthesized the particles. The manuscript was written 
with contributions from all authors. 
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in situ imaging and spectroscopy on the nanoscale.4-8 Incorporating electrodes9, 10 

enables in situ imaging of electrochemical processes,11-13 including electrodeposition9 

and dendrite growth.14 However, quantitative electrochemistry in the electron 

microscope remains a major challenge. Here we develop broadly-applicable, 

quantitative electrochemistry in a liquid cell TEM holder that can be correlated with 

microstructure and local electronic structure changes during operation, even for 

surface-sensitive catalysts such as those used in fuel cells. To follow the underlying 

ion redistributions, we demonstrate a method for spectroscopic imaging of nanoscale 

processes during electrochemical operation and follow the charging and discharging 

dynamics of a battery electrode.  

The lithium-ion battery is a particularly promising candidate for electric 

vehicle and energy storage applications.1, 15-18 A key mechanistic aspect in the 

performance of lithium-ion battery electrodes is how the lithium ions intercalate and 

deintercalate from the electrode during cycling. Here, as a demonstration of tracking 

lithiation and degradation in an in situ battery in the TEM, we studied the cathode 

material LiFePO4, which has surged in interest due to its attractive capacity, ability to 

sustain high charging and discharging rates, abundance, low toxicity, relative 

operational safety, and low cost.17, 19 There is much discussion in the literature on the 

mechanism of lithiation and delithiation,3, 17, 20-27 with evidence of a two-phase 

reaction or a metastable solid solution.17, 25  Within the two-phase reaction pathway, 

there are different theories for the propagation of lithiation, one of which suggests 

concurrent transformation23, 28 and the other particle-by-particle intercalation.21, 24, 27, 29 

Some disagreement may be attributed to many-particle effects, where bulk 

measurements (both in situ and ex situ) convolve signals from the entire area of the 

electrode probed.3 Ex situ studies are inherently compromised by removal of the 

particles from their native – and often reactive – environment, which leads to 
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questions of relaxation or reactions caused by the foreign surroundings. In this study, 

we probe, in real time, the evolution of individual grains and nanoparticles of LiFePO4 

in the native environment of a battery in a liquid cell TEM. Particles are seen to 

delithiate, one at a time, in a mosaic fashion, with most particles either lithium-rich or 

lithium-poor. We are also able to directly image the phase transformations and see 

different delithiation mechanisms in neighboring particles, and have observed core-

shell structures and anisotropic growth in different particles within the same 

agglomerate on the electrode.  

TEM detection of lithium through a liquid is difficult, because lithium is a 

weak elastic scatterer and multiple scattering from the liquid overwhelms the inelastic 

core-loss signal in electron energy-loss spectroscopy (EELS). In this work, we 

successfully observed the lithiation state by valence energy-filtered TEM (EFTEM), 

which probes the low-energy regime (~1-10 eV), and allows us to work in thicker 

liquid layers than core-level spectroscopy.6  Valence EELS can provide electronic 

structure information, allowing us to track battery charging and discharging as ions are 

being transferred between electrode and electrolyte. This method is analogous to 

observing color changes in optical spectroscopy during battery cycling on the micron 

scale,30, 31 except that valence EFTEM achieves nanometer resolution. While 

electronic structure features in the lithiated and delithiated electrode are have been 

well documented,32 identifying electronic structure fingerprints in the solution is less 

well explored because there are many solvated species in solution that are difficult to 

distinguish. Here we employed ab initio theory to calculate optical gaps of solvated 

species.33 We took solution effects into account with a hybrid functional34 including a 

nonlinear description of the polarization response of the surrounding liquid,35 which 

gives a more physical model of bound solvent charges near the solute than linear 

models. For the first time, we applied this technique to calculate excited electronic 
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states and found quantitative matches to experimental excitation energies. By 

combining electrochemistry in the TEM with valence spectroscopic imaging and 

theory, we were able to identify the lithiation state of the electrode and electrolyte 

during in situ operation.  

Section 4.2. Materials and Methods 

We use a liquid cell holder developed by Protochips using chips we designed 

to mimic a typical electrochemical cell (Figure 1a-b). The tip of the holder is a 

microfluidic flow cell with silicon nitride viewing membranes that confine a liquid, 

shown in cross section in Figure 1a. Figure 1b illustrates the top chip, with three 

patterned electrodes optimized for electrochemical cycling and imaging. Traditional 

silicon-processing methods use a chromium adhesion layer and gold electrodes. 

However, chromium diffuses rapidly through gold (especially at grain boundaries) and 

can affect and even dominate the electrochemical signal. In addition, high-atomic-

number electrode materials such as Pt and Au obscure imaging. Instead, we used a 

carbon working electrode which only weakly scatters electrons and is commonly used 

in bulk electrochemistry, and titanium adhesion layers under platinum reference and 

counter electrodes.    
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Figure 1. Schematic of the in situ electrochemistry TEM holder and electrochemical 
data. (a) Cross-sectional view of the holder, with silicon nitride membranes 
encapsulating a fluid layer. The working electrode (WE), made of carbon, lies in the 
viewing window, with LiFePO4 (LFP) nanoparticles deposited on top. The platinum 
counter electrode (CE) is coated with an excess of activated carbon (AC). In EFTEM 
mode, energies are selected by a slit to be imaged. (b) Schematic of the top chip, with 
three patterned electrodes: a carbon WE on the viewing membrane, Pt RE (not used 
here) and Pt CE. The connection leads are covered by SU8, and the contact pads to the 
holder do not contact the liquid, so as to minimize electrochemical activity outside the 
viewing window. The chips exhibited electrochemical activity qualitatively similar to 
that of an ex situ microelectrode, as shown for the Pt cyclic voltammetry (CV) in (c) 
and in (d). In extremely thin liquid layers (~150 nm) the voltammetric profile exhibits 
a significant ohmic drop as seen in (d).  
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This allows us to image through the electrode with little loss in spatial resolution and 

contrast, which is dominated by scattering in the liquid, instead. As a practical matter, 

and discussed below, spatial resolution is often limited by the low doses needed to 

control radiation damage than by beam spreading in the cell. 

To demonstrate that in situ electrochemistry reproduces well-established 

criteria, we performed cyclic voltammetry of a film of platinum, shown in Figure 1c-d, 

in the TEM. This control experiment represents a test case for quantitative 

electrochemistry, since the features are surface effects, including hydrogen adsorption 

and desorption (at negative potentials) and oxide formation and reduction (at positive 

potentials) which are very sensitive to contaminants at the sub-monolayer level. The in 

situ electrochemistry reproduced the characteristic voltametric profile of a 

polycrystalline platinum electrode at an appropriate current scale, regardless of the 

electron beam. In thin liquid layers, the ohmic drop in the solution becomes 

significant, as evidenced by the slanted curve in Figure 1d. This implies an inherent 

compromise between the highest spatial resolution imaging and quantitative 

electrochemistry. Accounting for ohmic drops in solution, this setup replicates results 

of a conventional electrochemical cell while obtaining nanometer resolution.  

 

Section 4.3. Results and Discussions 

Having established the electrochemical performance of the TEM holder, we 

studied LiFePO4, a widely used Li-ion cathode material, in 0.5 M Li2SO4 aqueous 

electrolyte. The ex situ characterization of the LiFePO4 is discussed in the Supporting 

Information Section 1. Because aqueous electrolytes have safety benefits over organic-

based electrolytes, such as the commonly used carbonates, and due to its high 

abundance, low weight and non-toxicity, researchers have considered aqueous 

electrolytes in addition to the more traditional carbonates.36 We find the use of an 
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aqueous electrolyte to be practical for technique development as carbonates are more 

viscous than aqueous electrolytes, leading to higher flow pressures and potentially 

more window breakages. In the event of electrolyte leakage, aqueous liquids will 

dissipate quickly while carbonate electrolytes lead to contamination of the microscope 

column.  

To elucidate the lithiation mechanism we must examine how the lithium ions 

intercalate into/out of the electrode. In the TEM, lithiation can be tracked by 

morphological changes or structural changes using electron diffraction,21, 37 although 

morphology does not give chemical maps and diffraction spots are quickly obscured in 

thicker liquid films. As a light element, lithium scatters electrons weakly, making 

elastic imaging challenging, and the energy-dispersive X-ray signal for lithium has too 

low an energy to enable detection. Instead, we tracked the lithiation state of the battery 

using EELS, which offers chemical fingerprints (core-loss EELS) and electronic 

structure information (valence EELS). Yet, using EELS to identify lithium in liquids 

presents two obstacles. First, EELS is degraded by multiple scattering events in thick 

liquids.6 Second, the lithium-K edge resides at 54 eV and is lost in the superimposed 

bulk plasmon of the thick films of liquid. As a consequence, previous liquid cell 

studies have performed their lithium edge spectroscopy separately and ex situ.38 

Additionally, the lithium-K edge overlaps with many transition metal M edges such as 

iron.39 This makes core-loss EELS of the lithium practically impossible to detect in the 

liquid cell TEM.  

Valence EELS, which interrogates electronic structure, can detect the state of 

lithiation of battery electrodes in liquid electrolytes. During discharge and charge, 

lithium ions move in and out of the electrode, filling and emptying valence bands, 

thereby changing the electronic structure. These electronic structure shifts are 

accessible by optical spectroscopy, where lithiation has been observed on the micron 
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scale in electrodes as they change color as a function of their state of lithiation.30, 31 

Valence EELS surveys the same electronic levels as ultraviolet-visible (UV-VIS) 

spectroscopy. Optical absorption spectra track the imaginary part of the energy-

dependent dielectric constant, Im(ε), and the electron energy-loss function in EELS is 

proportional to Im(ε)/[Re(ε)2 + Im(ε)2]. An advantage of valence EELS is its high 

spatial resolution, which is ultimately limited to the nanoscale by the delocalization of 

the low-energy excitations.40 While delocalization prevents atomic-resolution valence 

EFTEM studies, resolution in the liquid environment is often more strongly limited by 

multiple scattering or by the low-dose imaging conditions required. Valence EELS 

provides strong signals due to large scattering cross sections and low background from 

the liquid. The electronic structure shift usually occurs where the electrolyte is stable, 

at energies below its optical gap (~6-7 eV) where the electrolyte is transparent. Taking 

advantage of the electronic structure shifts in battery electrodes during cycling is a 

practical method to track the lithiation state.  

The spectroscopic characteristics of the battery cathode LiFePO4 and 

electrolyte 0.5 M Li2SO4/H2O are shown in Figure 2. The monochromated valence 

EELS of dry LiFePO4 is shown in Figure 2a. There is a fingerprint of the delithiated 

FePO4 at 5 eV, which is not present in the lithiated LiFePO4. This corresponds to the 

electronic structure shift in FePO4 as it lithiates to LiFePO4. As lithium ions interact 

with the Fe-3d bands, the corresponding peak at 5 eV disappears.32, 41 Thus, this peak 

enables quick spectroscopic mapping of the state of lithiation.42  

Figure 2b presents the UV-VIS spectra of 0.5 M Li2SO4 electrolyte, and for 

comparison 0.5 M H2SO4 and water. There is a peak in the 0.5 M Li2SO4 solution at 

6.2 eV, not present in sulfuric acid or water. Because of the alkaline pH of the Li2SO4 

electrolyte (pH ca. 8), there is a very low concentration of protonated species. Using 

equilibrium constants we can identify the predominant solvated species in solution as: 
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0.74 M Li+, 0.26 M LiSO4
-, 0.24 M SO4

2-, with less than 10-5 M of LiOH, HSO4
- and 

LiHSO4. We uniquely identified that the absorption peak at 6.2 eV in the electrolyte is 

due to solvated LiSO4- using ab initio theory. Because electronic screening from the 

surrounding electrolyte shifts the optical gaps of the relevant species on the same order 

as their separations (~1 eV), we developed a novel ab initio approach to calculate 

excited states while accounting for the surrounding liquid. We employed joint density-

functional theory (JDFT) to compute the electronic structure information of solvated 

species in thermodynamic equilibrium with a liquid environment.33 Using a hybrid 

functional for the solute34 and a nonlinear description of the polarization response of 

the surrounding liquid,35 this approach yielded an ab initio optical gap of solvated 

LiSO4
- of 6.3 eV, in excellent agreement with experimental absorption peak at 6.2 eV. 

Thus, the presence of this peak indicates a lithiated solution. Other solvated species in 

the solution have peaks at higher energies, which are  
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Figure 2. Spectroscopy of LiFePO4 and the delithiated counterpart FePO4 and the 
Li2SO4 aqueous electrolyte. (a) Monochromated EELS, with an energy resolution of 
0.2 eV, of a dry sample shows a peak at 5 eV for FePO4 but not for LiFePO4. (b) UV-
VIS spectra of the electrolyte 0.5 M Li2SO4/H2O, 0.5 M H2SO4/H2O, and pure water. 
There is an absorption peak at 6 eV for the Li2SO4 solution. The JDFT calculated gaps 
of the solvated species in solution indicate that the 6 eV peak is caused by LiSO4 
EFTEM of LiFePO4 in 0.5 M Li2SO4/H2O with a 5 eV energy slit around (c) 0 eV 
where the liquid dominates the signal and the particles look fairly homogeneous, 
showing no diffraction contrast, and at  (d) 5 eV, which highlights the FePO4. Scale 
bar is 200 nm. Using the 5 eV EFTEM image we can locate delithiated regions. 
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discussed and tabulated in the Supporting Information Section 2. This theory shows 

remarkable agreement with experiment, and has been repeated for other solvated ions 

measured by UV-VIS, see Supporting Information Section 2. In the 5 eV EFTEM 

images we have two fingerprints: one of the delithiated cathode material FePO4 at 5 

eV, and one for the lithiated liquid electrolyte at 6.2 eV.  

We used EFTEM to obtain spectroscopic mapping of the 5 eV signal with a 5 

eV wide slit (energy range from 2.5 to 7.5 eV), which captured the state of lithiation of 

both the particle and the solution. The 0 eV and 5 eV spectroscopic images of 

LiFePO4 particles in a 200 nm thick 0.5 M Li2SO4 electrolyte are shown in Figure 2c-

d, respectively. In the elastic 0 eV EFTEM image, the particles appear fairly 

homogeneous with no evident diffraction contrast. In the 5 eV EFTEM image, the 

delithiated regions of the particles are brighter, enabling us to differentiate delithiated 

and lithiated particles rapidly on the nanoscale. The solution has a high intensity, 

indicating a lithiated solution, as as would be expected. Our convergence and 

collection angles are relatively large, which minimizes diffraction contrast. We can 

estimate the extent of the diffraction contrast, which is an elastic effect, by examining 

the elastic only (0 eV) EFTEM images that are recorded interlaced with the 5 eV 

images. We see little diffraction contrast in the cathode material, but a high level of 

contrast in the 5 eV image. Hence, we conclude that the contrast changes are due to 

chemical and not to diffraction contrast. We used electron beam conditions that 

minimized beam interactions in a control experiment, where irradiation without 

cycling had no apparent affect on morphology or composition (Supporting 

Information Figure 3). Another control experiment with the same electron beam 

conditions showed similar effects over the entire electrode, not just in the region 

imaged (Supporting Information Figure 4).  This method of EFTEM enables rapid  
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Figure 3. In situ charging and discharging of the cathode material LiFePO4 in 0.5 M 
Li2SO4 aqueous electrolyte. (a) 5eV spectroscopic EFTEM images of charging and 
discharging at indicated times.  Scale bar is  400 nm. Bright regions are delithiated 
FePO4 and dark regions are LiFePO4. There are more bright regions of FePO4 at the 
end of charge cycles and less during the discharges. White arrows point towards 
“bright” charged particles while black arrows point towards “dark” discharged 
particles. (b) Current profile corresponding to 10C. Time = 0 s corresponds to the start 
of our study, which began on the third charge cycle (not on the first) after assembly. 
Arrows on the top axis indicate the times of the images shown in (a). The 
corresponding voltage profile is in (c), using the activated carbon counter electrode 
also as reference. (d) Integrated intensity over various regions, tracking with the 
voltage profile, from the regions shown by the boxes in (a). The solution becomes 
very dark during discharges and returns to the background level during charge. 
Regions of the particle are seen to light up and disappear, potentially due to 
delithiating and fracturing off of the particle cluster. During times when no imaging 
occurred, the data are linearly extrapolated, and for comparison the intensity is 
brought to the same level by subtraction. 
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(second-long) mapping of the nanoscale lithium distribution in both the electrode and 

the electrolyte. 

Having an electrochemical cell for the TEM and a technique to observe the 

lithiation state, we assembled an in situ battery using an activated carbon anode, 0.5 M 

Li2SO4 aqueous electrolyte, and a LiFePO4 cathode. We imaged at 5 eV with a 5 eV 

wide energy window to track the state of lithiation (Figure 3a, Supporting Information 

Movie 1) and recorded electrochemical data (Figure 3b-c) simultaneously. Figure 3b 

shows the current profile (applied current was ±10 nA) applied between the anode and 

cathode. From an estimate of the amount of active material present on the electrode 

and the specific capacity from ex situ aqueous studies (31 mAh/g, Supporting 

Information Figure 1), this corresponds approximately to a charge/discharge rate of 

about 10 C (time to charge or discharge to theoretical capacity is 1/10th of an hour or 6 

minutes). Figure 3c shows the resulting voltage profile between the anode and 

cathode. Because the potential difference for the deintercalation (intercalation) of 

lithium ions between LiFePO4 and FePO4 is 1 V,43 charging (discharging) occurs 

within the potential range of our experiment. Since we are charging above 1.2 V, it is 

possible that there could be gaseous evolution. However, given that at the electrodes 

employed the overpotentials for hydrogen and oxygen evolution are large, we do not 

feel that under these experimental conditions that this is a concern. The rapid cycling 

rate (10C) enabled multiple charge-discharge cycles to be acquired in the course of the 

experiment and decreased the electron beam exposure time.  

There are clear differences in the 5 eV spectroscopic images between the 

charged (Figure 3a, right) and the discharged state (Figure 3a, left) in both the 

particles and the solution. In the charged state, compared to the discharged state, 

particles show more bright regions - indicated by white arrows - corresponding to 

delithiated FePO4. Additionally, the cluster of particles is overall brighter in the 
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charged image, especially around the edges of the cluster, than in the discharged 

image, as marked by black arrows. The brightest particles may correspond to 

completely delithiated FePO4, whereas the overall slight increase in intensity in the 

particles may indicate partially delithiated particles. On discharge, these bright regions 

of FePO4 disappear, transitioning back to LiFePO4. If we spatially integrate the 5 eV 

EFTEM intensity over a cluster of particles, inside the region of the red box in Figure 

3d. we see an average increase in intensity on charge and a decrease on discharge. The 

intensity of the particles in Figure 3d was raised to the background level of the 

solution. Radiation damage is expected to be irreversible and uncorrelated with 

voltage cycle, and the appearance of the bright regions of FePO4 and lithiated solution 

is repeatable/reproducible and correlated with charge state, indicating that the electron 

beam did not cause the observed responses. This demonstrates tracking of the 

lithiation state of battery electrodes at the nanoscale. 

We next examined the 5 eV EFTEM intensity in the solution adjacent to the 

particles. There is a local decrease in intensity in the solution surrounding the particles 

during discharge, which can be seen in Figure 3a. The spatially integrated signal from 

the solution adjacent to the particle (blue) drops dramatically during discharge, plotted 

in Figure 3d. Far away from the particles, the intensity in the solution remains 

relatively constant (black trace). From UV-VIS measurements and JDFT calculations, 

the bright intensity in the solution is caused by LiSO4
-. As the particles lithiate during 

discharge, the adjacent solution becomes depleted of Li + and LiSO4
-, causing the drop 

in the 5 eV signal. The profile of the intensity drop matches that of a diffusional 

concentration profile (Supporting Information Figure 2), supporting that it is due to 

depletion of species near the electrode. Additionally, the intensity change appears in 

the inelastic but not in the elastic images, indicating a chemical change. We thus 

observe the expected delithiation of the solution in the 5 eV EFTEM images as the  
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Figure 4. Temporal evolution of a LiFePO4/FePO4 cluster during one 
charge/discharge cycle. The voltage profile is shown in (a), corresponding to the 
second imaged cycle (fourth cycle after assembly). The 5 eV EFTEM image in (b) is 
for the completely discharged state, with a scale bar of 200 nm. At the bottom of (c) 
and (d) we see the emergence of core-shell structures. In (d) a bright particle appears 
with a core-shell structure that fills in brighter in (e), and partially disappears in (f). 
More regions of bright FePO4 develop in (g), and the particle returns to the discharged 
state in (h) where it is darker. In general, images taken for the charged state (d-g) have 
more bright regions than the images taken in the discharged state, (a) and (h), which 
have significantly more dark sections. Red arrows indicate particles delithiating by a 
core-shell pathway and yellow arrows indicate delithiation propagating from left to 
right through the particle. 
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particles are being lithiated. Thus, valence EFTEM can track the lithium ions in the 

particles and solution during battery cycling.  

With the capability to locate ions at the nanoscale, we explored the mechanism 

of lithiation and delithiation of individual cathode nanoparticles. There are several 

proposed mechanisms of lithiation for LiFePO4,21, 23-25, 44 which have been reported to 

depend on particle size, coating, synthesis methods, charging rate and other 

experimental conditions.45 These methods typically rely on bulk particle analysis 

which convolutes the effects of many particles.3 

We observed the evolution of many individual particles under high rate 

conditions in aqueous solution. The evolution of one cluster of particles is shown in 

Figure 4, corresponding to the voltage profile in Figure 4a. In Figure 4b the cell is 

discharged, and the particles and solution are dark, corresponding to a lithiated particle 

and a delithiated solution. During charge, the red arrows track the evolution of an 

individual particle. In Figure 4c, the start of nucleation is seen. In Figure 4d, we see a 

core-shell type structure, which completely transforms into FePO4 in Figure 4e. In 

Figure 4f, the particle appears to have mostly fractured off. We track the evolution of a 

representative particle denoted by the yellow arrows, where the edge of the particle 

transitions to FePO4, and the delithiation front propagates anisotropically across the 

particle until it is completely delithiated in Figure 4g. We return to the discharged state 

in Figure 4h, and the bright regions disappear, converting to LiFePO4.  

The delithiation of individual particles as seen in Figure 3a and in Figure 4 

demonstrates slow nucleation during the transformation, indicating particle-by-particle 

delithation. Growth of the phase is also slow enough for us to image (Figure 4) and we 

see particles that are not fully transformed – in contrast with the “domino cascade” 

model that predicts the full transformation of individual particles once nucleated. We 

observed core-shell structures, but more commonly delithiation started at an edge and 
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then moved through the rest of the particle supporting anisotropic growth. Also, 

stronger regions of delithiation are seen on the edges of agglomerates, where the 

particle may be in better electrical contact with the current collector. However, the 

same particles are not always the active ones. The kinetics are consistent with a 

diffusional response (Supporting Information Figure 3), which is not surprising, 

considering the high cycling rate and thin liquid layer. Strikingly, the particles exhibit 

an inhomogeneous response at the nanoscale and many of the particles are inactive at 

any moment in time. This inhomogeneous response is likely a characteristic of the 

kinetics and the mechanism of Li-ion insertion and de-insertion associated with multi-

particle polycrystalline LiFePO4, and similar inhomogeneity has been noted ex situ by 

scanning transmission x-ray spectroscopy at much lower (40 nm) spatial resolution.29 

This highlights the advantages of nanoscale imaging during cycling, as bulk analysis 

can rarely deconvolve these effects. 

We observe degradation mechanisms in the LiFePO4 particles during the 

course the rapid charge/discharge cycles. We see gradual mass loss of the LiFePO4 

throughout the experiment from our observations from elastic 0 eV EFTEM images 

(20% particle area diminution in 5 cycles). The fracturing and mass loss were 

observed in a control experiment to occur over the entire electrode, even where it was 

not exposed to the electron beam during cycling (Supporting Information Figure 4). 

This is consistent with our observations in the 5 eV EFTEM images during cycling. 

As particles delithiated, they often disappeared from the field of view, followed by the 

formation of another delithiated region – seen in Figure 4e and 4f, and in Supporting 

Information Video 1. An plausible explanation is that as the particles delithiate, and 

given the rapid cycling (10C) conditions, lattice strain causes regions to physically 

detach from the particle and float away in the solution. In fact, fracturing has been 

observed in ex situ studies.20, 46 After fracturing, a fresh surface of LiFePO4 is 



67 

 

exposed, enabling further delithiation, as found in Sn(II) oxide by in situ x-ray 

tomography.47 
 
Section 4.4. Conclusion 

This work demonstrates the unique ability of liquid cell in situ TEM coupled 

with spectroscopy and theory to observe the lithium insertion and de-insertion 

dynamics and degradation of LiFePO4 in real time. These techniques may provide 

valuable insights into operation and other degradation pathways in a wide range of 

electrical energy conversion and storage devices such as batteries, fuel cells and 

supercapacitors.  

 

Supporting Information Available: methods, ex situ material testing, supporting 

video and further discussion of ion transport in electrolyte and JDFT, and description 

of beam damage control experiments. This material is available free of charge via the 

Internet at http://pubs.acs.org. 
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CHAPTER 5 

NANOPARTICLE METAMORPHOSIS: AN IN-SITU  

HIGH TERMPERATURE TEM STUDY OF THE STRUCTURAL 

EVOLUATION OF HETEROGENEOUS Au: Fe2O3 

NANOPARTICLES*† 

Section 5.1. Introduction  

The ability to control structure and composition at the nanoscale has generated 

opportunities to create novel materials with properties by design. Concurrent advances 

in synthesis,1 characterization2 and computational modeling3 of nanoparticles (NPs) 

with precise size,4 shape,5,6 and composition have provided valuable scientific insights 

and improved our understanding of fundamental structure property relationships.7-10 

Moreover, the successful application of NPs as building blocks in a variety of 

prototype devices has underscored their immense potential in emerging 

nanotechnologies.11,12  

Heterogeneous NPs combining multiple functionalities of dissimilar materials 

have emerged as versatile materials with novel properties emerging from 

complementary and synergistic interactions among the nanostructures components. A 

variety of core/shell,13,14 dot/rod15,16 and Janus-like17 heterostructures have been 

created and demonstrated to exhibit unique optoelectronic18,19, catalytic20,21, and 

biomedical22 properties. While highly promising, many basic thermodynamic and 

                                                           
*  Produced with permission from William J. Baumgardner, Yingchao Yu, Robert 
Hovden, Shreyas Honrao, Richard G. Hennig, Héctor D. Abruña, David A. Muller and 
Tobias Hanrath. Unpublished result.  
 
† W.J.B. and Y.Y. contribute equally to this work. The synthesis and casting of binary 
NP assemblies, and in-situ XRD was carried out by W.J.B. The design and 
characterization using in-situ STEM (including EDX, EELS), post-data analysis and 
manuscript writing are performed by Y.Y. and W.J.B.. H.D.A, D.A.M and T.H guide 
the experiment as well as revising the paper. 
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kinetic aspects governing the formation of heterostructured NPs remain poorly 

understood, which renders progress largely empirical.  

Thin film growth and epitaxial techniques established for planar surfaces 

present interesting analogies to the growth of heterostructured NPs. In planar 

geometries, the formation of islands (i.e., Volmer-Weber or Stranski–Krastanov 

growth) or conformal layer-by-layer (i.e., Frank-van der Merwe growth) is well 

understood and depends on the chemical potential of the deposited layers. The 

emergence of nanostructured materials introduces the question of how these concepts 

and fundamental relationships apply in the case of thin layer growth in nanostructured 

systems, e.g. on the curved surface of a spherical NP. In light of growing interest in 

heterostructured nanomaterials, addressing this knowledge gap could provide the most 

valuable insights. Specifically, we need to understand how thermodynamic and kinetic 

aspects of the formation relate to the structure of the thin shell formed on the surface 

of colloidal NPs.  

Size-effects are known to significantly alter the physical and electronic 

properties of single component NPs; however, the impact of size on phase behavior of 

heterogeneous NPs is less well understood. The sensitive relationship between the 

structure of heterogeneous NPs and their properties provides strong motivation to 

better understand and ultimately control their formation. Fusing dissimilar NPs under 

controlled conditions is an advantageous approach to study these processes in detail. 

To a first approximation, homogeneous and heterogeneous NP fusion can be described 

in terms of the average Gibbs free energy change associated with the NP surface 

energy. However, this simplification fails to capture complexities that arise from 

faceting of the NP surface and variations in the atomic composition of the core relative 

to the surface. These size-dependent effects may introduce significant perturbations 

relative to the known phase equilibrium of the corresponding bulk materials.  
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In-situ transmission electron microscopy (TEM) at variable temperatures, 

detailed in this paper, allowed us to directly monitor the NP fusion in real time and to 

establish the size-dependent phase behavior of heterogeneous NPs. In-situ X-ray 

diffraction (XRD) experiments confirmed similar trends in thin films of NPs. Using 

Au and Fe2O3 NPs as a model system, we demonstrate the evolution of structure and 

composition of heterogeneous Au:Fe2O3 particles at elevated temperatures. Based on 

the detailed in-situ structure analysis presented in this paper, we submit the hypothesis 

that the heterogeneous fusion of Fe2O3 and Au particles can be explained by the 

sequence of events illustrated in Fig. 1. First, Au, from a smaller NP, spreads across 

the surface of a partially reduced hematite particle. The amount of Au in the initial 

fusion product is insufficient to form a monolayer. Upon further addition Au NPs, the 

Au:Fe surface alloy layer transforms into a well-defined core/shell structure. 

Experimental insights, detailed below, allowed us to establish a temperature-

dependent phase diagram of Au and Fe2O3 NPs to illustrate the complex interplay of 

NP composition, morphology, temperature, and size.  

The large difference in melting points makes Au and Fe2O3 NPs an 

advantageous model system for the present study. The smaller Au NPs (6.6 nm 

diameter) melt in the range of 850-900˚C, which is lower than that of the bulk value 

due to the contributions of surface energy described by the Gibbs-Thomson effect.23 

The larger Fe2O3 NPs (15 nm diameter), on the other hand, exhibit minimal melting 

point reduction and are expected to melt near their bulk value of 1566˚C. We 

deliberately focused on NPs of different diameters for two reasons: first, as a means to 

favor heterogeneous sintering through Ostwald ripening; the process by which larger 

particles (i.e., Fe2O3) grow at the expense of smaller ones (i.e., Au) to lower surface 

free energy;24 and secondly, to form thin films of the material from the smaller Au NP 
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(lower surface energy) spread across the surface of the larger Fe2O3 NP (with larger 

surface energy).  

Disordered films of Au and Fe2O3 NPs were formed by drop-casting a dilute 

suspension of Au and Fe2O3 NPs (ratio 1:1) onto a heating chip. We studied a field of 

view with a diverse range of local NP stoichiometries and morphologies to gain 

insights into NP sintering behavior as a function of local nanoscale environment rather 

than bulk composition. TEM images of the starting materials as well as detailed size 

analysis are provided in the supplementary materials (Fig. S1). 
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Fig. 1. Schematic illustration of heterogeneous Au / Fe2O3 NP fusion. Au dissolves 
into the Fe-rich surface layer to form a Fe2O3/Au:Fe surface-alloyed structure. Further 
addition of Au leads to the formation of a phase segregated Au shell.  
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Section 5.2. Materials and Methods 

Fig. 2 summarizes in-situ TEM observation of the evolution of NP structure 

and morphology during the heating experiment. We heated the NP film from room 

temperature to 900˚C over the course of four hours (a detailed temperature profile is 

provided in the supplementary materials, Fig. S4) and monitored structural changes of 

the binary NP film in real time using high angle annular dark-field scanning 

transmission electron microscopy (HAADF-STEM). In-situ TEM studies with 

extended beam exposure times must be performed with careful attention to the 

possibility of beam damage effects. Based on a detailed analysis of the electron beam 

dosage and careful control experiments detailed in the supplementary materials, we 

can confidently conclude that irradiation-induced artifacts are not a factor in the 

experimental observations detailed below. All experiments were captured in video, 

excepting only short recesses to capture stills and perform elemental analysis by EDX. 

Due to Z-contrast from the incoherent signal from HAADF-STEM imaging25 Au is 

expected to be about 10 times brighter than Fe and O. We included several movies of 

the NP fusion events in the supplementary materials (see movies S1-S3).  

Section 5.3. Results and Discussion 

For temperatures up to 450˚C, the particles appeared stable and we did not 

observe any NP fusion. At 500˚C, the film morphology changed dramatically and Au 

NPs fused with Fe2O3. Our detailed in-situ observations revealed three remarkable 

trends: (1) during fusion, NP heterostructures undergo fluid shape transformations at 

temperatures several hundred degrees below their size-reduced melting point; (2) 

heterogeneous fusion of Au and Fe2O3 NPs is significantly favored over homogeneous 

fusion of either Au or Fe2O3 particles; (3) the structure of heterogeneously sintered 

Au:Fe2O3 NPs evolves from a particle with uniform contrast to a phase segregated 

(Janus or core/shell) morphology upon addition of further Au. Below, we discuss each 
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Fig. 2. In-situ HAADF-STEM images acquired during the thermal annealing 
experiment. (a) Video stills of two regions of the NP sample at 5000C, forming alloy 
NPs. In the stills, particles that are taking part in the next fusion event are colored, red 
for iron oxide, green for gold, and yellow for composite particles. (b) Overview of the 
primary viewing region at 200, 500 and 7000C. C) (c) Video snapshots of particles 
undergoing a phase transition from alloy to phase segregated at 6500C (left) and from 
alloy to core/shell at 7500C (right). All scale bars represent 50 nm.   
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of these observations in the context of underlying energetic and kinetic factors driving 

the transformation of particle shape and composition.  

As shown in the movies S1 and S2, the heterogeneous Au/Fe2O3 fusion leads 

to structures that rapidly deform in a fluid fashion. Fig. 2b provides several snapshots 

illustrating the dynamics of the quasi-fluid particle fusion. Careful analysis of the 

video data shows that particles formed by heterogeneous fusion of Au and Fe2O3 NPs 

often appear to be ‘activated’ for a period of approximately 60 seconds, participating 

in a rapid series of subsequent fusion events. Remarkably, this quasi-fluid fusion 

occurs at temperatures approximately 1000˚C below the expected melting point of 

Fe2O3 NPs. Detailed structural analysis (vide infra) confirms that the core of the fused 

Au:Fe2O3 particle maintains the hematite crystal structure.  

The fluid-like deformation of NP particles during the fusion event is intriguing 

and uncharacteristic of crystalline particles. Nearby NPs, that were not involved in the 

fusion, remained relatively stationary. The physical process that initiates the 

apparently spontaneous fusion is not yet fully understood but may be related to phase 

transitions in the iron oxide particles. Variable-temperature XRD experiments (see 

supplementary materials, Fig. S6) revealed a maghemite-to-hematite phase transition 

to occur near 500˚C – the same temperature at which we observe the initiation of 

heterogeneous NP fusion events. Further investigation is required to understand the 

possible role of the lattice structure transformation in initiating the NP fusion. 

Heterogeneous fusion of Au and Fe2O3 NPs is significantly favored over 

homogeneous fusion of either Au or Fe2O3 NPs based on extensive in-situ TEM 

observations. We interpret the preference for heterogeneous fusion in context of the 

change in Gibbs free energy. In the case of homogeneous fusion of two similar NPs 

the Gibbs energy change is given by . Similarly, the Gibbs free energy 

change associated with the heterogeneous fusion, e.g. Au and Fe2O3, is given by 

dG = σ dA
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, where  presents the corresponding surface or 

interface energy and dA1, dA2, and dA12 present the change of the Au, Fe2O3 NPs 

surface area and the Au/Fe2O3 interface, respectively. Based on the observed 

preference for heterogeneous fusion at 500˚C, we can infer that the adhesion energy of 

Au on Fe2O3 is larger than the surface energy of Au, specifically  where 

 is a geometric factor accounting for the radius of the two NPs involved in the fusion 

(see supplementary materials). The preference for heterogeneous fusion of Au and 

Fe2O3 on a TEM grid is consistent with previous reports of Au/Fe2O3 NP 

heterostructures formed via coalescence of colloidal particles in a heated suspension.26 

 The sequence of structural transformations of heterogeneous Au:Fe2O3 NPs 

fusion products from initial structures with uniform contrast to phase segregated 

particles merits more detailed discussion. Fig. 2c illustrates how a fused particle with 

initially homogeneous contrast evolves to phase segregate into bright (Au-rich) and 

dark (Au-lean) regions at 650˚C over the course of about 2 minutes. The right panel 

illustrates the transformation of a fused particle with uniform contrast into a well-

defined core/shell structure at 750˚C. At the highest temperatures (8000C), nearly all 

NPs redistributed their contrast to form a core/shell morphology. We observed this to 

be the final transient state before the particles decomposed and were subsequently lost 

to the vacuum of the instrument. Collectively, these observations illustrate the 

complexity of shape and composition transformations of heterogeneous NPs. We 

investigated the temperature-dependent evolution of composition and structure using a 

suite of characterization techniques including electron energy loss spectroscopy 

(EELS), energy dispersive X-ray spectroscopy (EDX) and X-ray diffraction (XRD).   

In-situ EDX analysis during the course of the annealing experiment provides 

important insights into the evolution of the composition of the sintered NPs. NPs with 

a uniform contrast exhibited a homogenous distribution of Fe and Au measured across 

dG = σ 1dA1 +σ 2dA2 +σ12dA12 σ

σ 12 > 1+φ( )σ 1

φ
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the particle (Fig. 3a-d). If the NP fusions were approximated as a constant volume 

process, spreading a 6.6 nm diameter Au particle across the surface of a 15 nm Fe2O3 

particle would yield an Au layer with a thickness of approximately 0.2 nm. This 

thickness is too small to form a coherent film of pure gold.27 Based on the isochoric 

model, we calculated that approximately 7 Au NPs would be required to form a 

coherent 1nm thick Au shell (see supplementary materials Fig. S8).  

To explain the uniform contrast of the fused Au:Fe2O3 particles, we formulated 

several alternative hypotheses. First, the uniform contrast could be interpreted as a 

homogeneous AuxFeyOz alloy NP. In the bulk, such alloys have not been reported. We 

discarded the possibility of a homogeneous AuxFeyOz alloy on the basis of highly 

unfavorable energetics. Density-functional theory calculations (see supplementary 

materials) showed that formation energies for Au within the hematite lattice were in 

excess of 1.8 eV. As a second hypothesis, we considered the possibility that the 

uniform contrast in the fused NP may be due to phase segregation in the direction of 

the beam, i.e. with the gold rich region either at the top (towards the electron beam), or 

bottom of the particle. In projection, this would look similar to an even distribution of 

gold throughout the particle. Such a structure could be driven by an energetic 

preference for Au wetting of the Fe2O3 of the particle as opposed to the silicon carbide 

(SiCx) substrate. However, this interpretation fails to fully explain the size and shape 

changes of the particles, as well as the liquid-like behavior. In particular, particle 

deformation to initiate the event, and movement across the substrate cannot be 

explained with the interpretation as a particle with vertical phase segregation.  

The third alternative interpretation of the uniform contrast is as a thin Au-Fe 

alloy layer coating the surface of the fused particle; we refer to these structures as 

surface alloy nanoparticles (sa-NP). At 500˚C, the bulk solubility of Au in Fe is less 

than 1 at. % whereas the solubility of Fe in Au is near 15 at%.28 To better understand  
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Fig. 3.  Compositional analysis of surface alloy (sa-NP) and phase-segregated (ps-NP) 
structures. (a) HAADF-STEM image of a region composed of alloy particles, and its 
corresponding EDX mapping of (b) Fe, in red; (c) Au, in green; (d) composite of both. 
(e)-(h) represents a different location comprised of a phase-segregated structure.  
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the structure of the fused heterogeneous NP and to test the hypothesis of Au-Fe 

surface alloys, we performed a detailed analysis of structure and composition of the 

fused particles as discussed below.   

NPs with clearly discernible phase segregation in the brightness of HAADF-

STEM images exhibit a different compositional profile. EDX analysis of phase-

segregated nanoparticles (ps-NP) revealed a clear segregation of the gold distribution 

within the particle, consistent with the distribution of the bright contrast (Fig. 3e-h). 

Interestingly, by comparing the O:Fe ratio in the EDX spectrum of the fused and 

unfused particles, we observe a relative decrease in the ratio of the fused NP relative 

to the starting material (see supplementary materials Fig. S11). We point to this 

comparison of composition as an indication that NPs with a lower O:Fe ratio (i.e. Fe-

rich stoichiometry) are more likely to sinter. This trend further supports the hypothesis 

of the role of a Fe-rich surface layer in initiating the heterogeneous NP fusion.    

 The peculiar NP fusion and metamorphosis motivates the study of the 

evolution of the NP composition in real time. Unfortunately, time-resolved EDX 

analysis is impractical given the long acquisition time for the spectra (e.g., 200 s for 

Fig. 3). We resolved this limitation by calibrating the contrast in the HAADF-STEM 

images relative to the composition of the particles determined from EDX based on the 

Z contrast in HAADF-STEM imaging.25 This approach provided detailed, real-time 

insights into the concurrent shape and composition changes during NP sintering, 

allowing us to connect the contrast redistributions we observed in STEM to chemical 

changes in the compositional distribution of the particle itself. Specifically, the 

metamorphosis from sa-NPs to ps-NPs commonly observed above 6000C was 

indicative of migration and segregation of gold atoms on the particle surface that could 

be detected in real time (Fig. 2e, Movies 2S-3S).  
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 To provide a quantitative description of NP fusion at elevated temperatures, we 

analyzed STEM video data to determine the specific phase behavior of individual 

particles within the sample as a function of composition (percentage of Au and Fe2O3), 

temperature, morphology (uniform or phase segregated) and size (diameter). To obtain 

this information, we performed a geometric analysis to approximate the atomic 

composition of each individual NP at the beginning of the experiment. We carefully 

tracked the video data frame-by-frame and catalogued each NP fusion event (see 

supplementary materials Fig. S12). Using this approach, we determined the 

composition of new sa-NPs or ps-NPs based on the composition of the precursor 

particles from which it formed. 

To estimate the inhomogeneity in atomic distribution, and hence, phase of each 

particle, we indexed the contrast histogram of each NP. Using the correlation between 

HAADF contrast and atomic distribution established by EDX above, we measured the 

standard deviation of contrast within each stable NP at each temperature, with higher 

values indicating more diverse contrast values and hence phase segregated NPs 

morphology. Finally, we tabulated the comparative ‘size’ of the particle as the cubed 

root of the total number of atoms within each particle (a detailed description of the 

methodology is provided in the supplementary information).  

 Fig. 4 summarizes the phase behavior of Au:Fe2O3 NPs as a function of 

composition, temperature, and particle size as the parameters. In the diagram, each 

data point represents a specific particle that was tracked throughout the experiment. 

All particles within the viewing region were included. The color of the point 

corresponds to the phase of the NP (sa-NP red, ps-NP blue and core/shell NP in grey), 

determined by the method described above. The diameter of the point is proportional 

to the NP diameter. The abscissa and ordinate are the particle composition, and the 

temperature at which it was observed to be stable, respectively.  
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Fig. 4.  A phase diagram of composite particles made of Fe2O3 and Au.  Each point 
corresponds to a specific particle present in the video data.  The composition is 
estimated by observing fusion events in the real time video.  The color of the data 
point corresponds to its degree of phase segregation, as estimated by the standard 
deviation of the contrast within the particle.  The size of the point is proportional to the 
cubed root of the number of atoms estimated to be within the particle.   
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The phase diagram illustrates a number of important trends. The sa-NPs with 

uniform image contrast are generally more common with lower gold content (i.e., 

towards the left of the phase diagram) and at lower temperatures. Phase segregation 

appears to be more likely in larger fused particles compared to smaller particles with 

similar overall composition. This trend is corroborated by basic geometric arguments 

of the isochoric core/shell mode detailed in the supplementary materials. For a given 

composition, larger particles formed by the fusion of multiple Fe2O3 and Au NPs will 

exhibit a relatively thicker shell. Comparison of the experimental data summarized in 

the phase diagram (Fig.4) and the theoretical model suggest that a shell thickness of 

approximately 2 nm is required to observe phase segregation in heterogeneous NPs. 

To the best of our knowledge, this is the first observation and analysis of analogous 

Stranski–Krastanov growth on the surface of spherical NPs (see supporting 

information, Fig. S9).  

 The formation of sa-NPs naturally leads to questions about the chemical and 

structural nature of the heterogeneous NP surface. We investigated the core electron-

bonding environment of the Fe atoms within the alloy using electron energy loss 

spectroscopy (EELS) (Fig.5a-c). We acquired EELS spectra of Au, Fe2O3, sa-NP, and 

ps-NPs at 5500C (see supplementary materials, Fig.S15, S16). While the Au signature 

is too broad to reveal fine structure, the Fe-L edge signal confirmed the hematite-like 

valence of the Fe2O3 particles. In sa-NPs, we observed a 0.4 eV redshift in the Fe-L3 

peak and a 1.0 eV redshift in the Fe-L2 peak, indicating an overall reduction in the Fe 

oxidation state upon alloying. The ps-NPs displayed similar shifts in the Fe-L edge 

absorptions at the gold rich edges of the particle compared to the gold deficient 

sections. EELS data confirm that the formation of sa-NPs causes a change in the 

chemical and bonding environment of the Fe atoms compared to pure Fe2O3, resulting 

in an average decrease in the Fe oxidation state.  
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Fig. 5. In-situ EELS and nanodiffraction at 550 0C.  (a) STEM image of an Fe2O3 
particle.  (b) STEM image of a sa-NP.  (c) Fe L edge EELS spectra of particles in (a) 
and (b).  (d) STEM image of sa-NP. (e) Indexed diffractograms of particle (d).  The 
spots index to the hematite <110> zone axis. 
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 We applied STEM nanodiffraction to gain detailed insights into the structure of 

the NPs. Analysis of the diffraction patterns of sa-NPs revealed their crystalline 

hematite Fe2O3 structure with small strains in the angles or spacing of the diffraction 

disks (Fig.5d-e and supplementary materials Fig. S19). In the case of ps-NPs, we 

observed different diffraction patterns based on the region of the particle that was 

being measured. In addition, real-space atomic-resolution images also confirm that the 

products after the heterogeneous sintering – ps-NPs and core/shell NPs – still have 

crystalline structure, with no noticeable amorphous structure on any particle that is 

reasonably steady after the sintering (see supplementary materials, Fig. S18).  

 In-situ variable-temperature XRD measurements corroborated that the 

structural evolution of Au:Fe2O3 NPs described above is not unique to thin films on 

TEM supports but also occurs on thin films prepared on arbitrary substrates (see 

supplementary materials Fig. S6). XRD revealed hysteresis in reflection of the (104) 

spacing of the hematite crystal when cycled from ambient temperature to 1000˚C. 

Control experiments with neat hematite NPs showed no hysteresis. The lattice 

expansion relative to the bulk is attributed to a reduction of surface energy 

accompanying the formation evolution from surface-alloy, to phase-segregated and 

ultimately core/shell metamorphs detailed above. Interestingly, the Fe2O3 NPs 

contained a mixture of small domain hematite and maghemite crystals, which 

transformed into single crystal hematite between 500 and 550 °C (see supplementary 

materials Fig.S6). The maghemite-to-hematite phase transition may play a key role in 

the initiation of the NP fusion observed in our experiments. Further studies are 

required to test this conjecture.  

Section 5.4. Conclusion 

 We have investigated the rich phase diagram of a binary NP assembly. In the 

Au/Fe2O3 system, we found that heterogeneous fusion readily occurred at elevated 
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temperatures, resulting in new crystalline particles with a surface-alloyed or phase-

segregated morphology.  Further increases in temperature caused nearly all sa-NPs to 

transform into ps-NPs, either through additional Au fusing with the particle or 

temperature induced segregation of the Au.  As the temperature increased further, the 

NPs formed an unstable core/shell phase before sublimation within the vacuum. Using 

these data, we were able to produce the first ever individual-particle nano-sized binary 

phase diagram combining information on composition, temperature, and particle size. 

From this diagram we obtained information about the stable compositions and sizes of 

this new, bulk-forbidden phase and provided a blueprint for how to construct similar 

diagrams for new systems. These observations prompt many other exciting 

opportunities:  What other phases might be possible, how might they be used, and 

what are the physical processes governing their formation? In answering these 

questions, the field is poised to greatly expand the functional materials library and 

broaden our knowledge of chemistry at the nanoscale. 
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CHAPTER 6 

TURNING ORR ACTIVITY VIA CONTROLLABLE DEALLOYING: A MODEL 

STUDY OF ORDERED CU3PT/C INTERMETALLIC NANOCATALYSTS*† 

Section 6.1. Introduction 

Proton exchange membrane fuel cells (PEMFCs) have long been considered as 

a potential green alternative to internal combustion engines used in automotive and 

stationary applications due to the potential for high efficiencies (as they are not limited 

by the Carnot cycle) and zero carbon dioxide emissions, when hydrogen is the fuel.1,2 

One of the major limitations for commercialization of this technology is the high cost 

of Pt, which is used as the electrocatalyst in the anodes and cathodes of fuel cells. 

Numerous studies have been dedicated to screening more efficient electrocatalytic 

materials, especially for lowering the precious metal loading and improving the 

sluggish kinetics of the oxygen reduction reaction (ORR) at the cathode. Early studies 

focused on lowering cost and improving ORR activity by alloying Pt with some 3d 

transition metals (i.e. Pt-M alloys, where M=Fe, Co, Ni, V, etc.), 3-9 and the activities 

of these materials have been found to be about 2-4 times greater than pure Pt for the 

ORR8, 10-14. Other approaches have included Pt monolayer catalysts on nanoparticles 

of other metals or metal oxides,15-17 and different single crystal planes, such as 

Pt(110)18, Pt(100)18, and Pt3Ni(111)19 etc.  

                                                 

*  Deli Wang, Yingchao Yu, Huolin L. Xin, Robert Hovden, Peter Ercius, Julia A. 
Mundy, Hao Chen, Jonah H. Richard, David A. Muller, Francis J. DiSalvo, and Héctor 
D. Abruña, (2012), Nano Letters, 2012 (10) 5230.  Copyright © 2012 American 
Chemical Society. 
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contributed to EELS and 3-D work. J.A.M., H.C. and J.H.R. contributed in analyzing 
the data. D.A.M., H.D.A. and F.J.D. guided the work. 
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Recently, dealloyed Pt bimetallic nanoparticles, especially Pt-Cu alloy 

nanoparticles, have attracted attention as electrocatalyts for the ORR.20-25 It has been 

shown that by using electrochemical methods, Cu is removed from the alloy surface 

layers, forming a Pt-rich core-shell nanostructure, which exhibits enhanced ORR 

activity when compared to pure Pt nanoparticles.22-24 Most previous studies have 

focused on Pt-based alloy nanoparticles, in which the lack of an ordered structure 

makes it more challenging to produce a specific atomic-level morphology and surface 

structure.26, 27 Here we explore ordered intermetallic Cu3Pt/C nanoparticles as a 

promising type of a low Pt-content electrocatalyst, which can be prepared using a 

simple impregnation-reduction method followed by a high temperature post-treatment. 

Two dealloying methods were examined to enhance the ORR activity—namely, 

electrochemical and chemical leaching. The morphology and atomic-scale elemental 

distribution of the as-prepared and dealloyed nanoparticles were determined using 

atomic-resolution electron energy loss spectroscopic (EELS) imaging in a 5th-order 

aberration-corrected scanning transmission electron microscope (STEM) equipped 

with an electron energy loss spectrometer (EELS). Using atomic-scale EELS mapping, 

we found that both Pt and Cu are distributed relatively uniformly in the as-prepared 

particles, and that the surfaces do not show significant preferential segregation. After 

electrochemical dealloying, a ~1 nm Pt-rich shell is formed enclosing an ordered 

Cu3Pt intermetallic core. The ordered core strains the Pt shell, which is known to 

enhance the electrocatalytic activity towards the ORR.7 Unlike electrochemical 

dealloying, however, chemical leaching gave rise to a ‘spongy’ structure with no 

apparent remaining ordered intermetallic structure, which was further verified by a 3-

D tomographic reconstruction. This study reveals the correlations among the 

dealloying treatments, the resulting atomic-scale chemical structure and ORR activity. 
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Section 6.2. Materials and Methods 

Carbon-supported Cu3Pt intermetallic nanoparticles with ten percent Pt by 

weight, 10wt%, were prepared via a two-step route (Figure S1.). First, the Cu3Pt/C 

nanoparticles were pre-prepared using an impregnation-reduction method, in which 

the H2PtCl6 and CuCl2 precursors (previously adsorbed on the Vulcan XC-72 support) 

were reduced under flowing H2 in a tube furnace at 300 oC. The sample was then 

annealed at 1000 oC in a tube furnace under flowing H2 to form an ordered 

intermetallic phase.  

Section 6.3. Results and Discussions 

Figure 1 shows the X-ray diffraction (XRD) patterns of the samples and the 

standard powder diffraction files (PDF). When annealed at 300 oC, two types of 

diffraction peaks were present: broad peaks with characteristic at 2θ values of 41, 48, 

70 o and sharp ones at 2θ values of 43, 50, 74 o. The broad diffraction peaks were at 

higher angles, compared to pure Pt, because the lattice contracts when Cu atoms are 

incorporated into the Pt lattice to form a PtCux alloy. The sharp diffraction peaks, 

corresponding to metallic Cu, indicate that not all of the Cu was alloyed with Pt under 

the experimental conditions employed. On the other hand, the single phase, ordered 

intermetallic Cu3Pt, formed after the as-prepared PtCux-Cu/C nanoparticles were heat-

treated at 1000oC (Figure 1). The XRD pattern showed pronounced (100) and (110) 

super-lattice peaks, characteristic of a well-ordered, intermetallic phase, and all the 

diffraction peak positions were consistent with the standard PDF card of  the Cu3Pt 

intermetallic phase (PDF card #03-065-3247). We also performed an in-situ TEM 

heating experiment to monitor changes to the as prepared (at 300 oC) PtCux-Cu 

nanoparticles upon annealing at higher temperatures (Figure S2). After heating at 1000 

oC, the large Cu particles decreased in size and disappeared, while the smaller particles 

of PtCux grew concomitantly larger.  
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EDX and EELS elemental mapping are invaluable tools for understanding the 

composition and morphology of Pt-bimetallic nanoparticles.22, 28-31 Figures 2a-b show 

the STEM-EELS images of a Cu3Pt/C nanoparticle, while the EELS mappings of Cu 

and Pt are shown in Figures 2b-d. The images indicate that there is no phase 

segregation of Cu and Pt in the core, while one to two monolayers of Cu are 
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Figure 1. XRD patterns of Cu3Pt/C prepared at 300oC and after 1000oC heat-
treatment. Below are the peak positions of standard pure metallic Pt, Cu and 
intermetallic Cu3Pt. 
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Figure 2. (a) ADF-STEM images of a [011] oriented Cu3Pt/C intermetallic 
nanoparticle; (b) 2-D EELS map of Cu-L2,3 edge; (c) Simultaneously recorded ADF 
image, which represents signals from Pt due to ‘Z-contrast’; (d) Composite Cu vs. Pt 
map, showing a homogenous distribution of Pt and Cu; (e) FFT of (a), with {100} 
peak indicating formation of intermetallic structure; (f) A crop of the super lattice 
feature from (a), with four Pt atoms (brighter) around each Cu atom (darker). The 
matching theoretical model of ordered intermetallic Cu3Pt is shown in the inset of (f). 
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segregated on four facets, while others are Pt-Cu alloy terminated. Evidence of Cu on 

the surface could also be found in the CV (cyclic voltammetric) testing in Figure 3a, 

vide infra. The FFT analysis (Figure 2e) exhibited three groups of diffraction peaks, 

{111}, {100}, and {200} which are in agreement with the XRD results. The strong 

intensity of the {100} and {110} peaks is evidence of the existence of an ordered 

structure across the selected region. The ‘Z-contrast’ image obtained with an annular 

dark field (ADF) was used to differentiate between columns of Pt and Cu atoms in 

appropriately oriented particles. The ADF detector collects elastically scattered 

electrons with an intensity that is 5-7 times higher for Pt than for Cu, allowing the 

differentiation of Pt and Cu atoms based on the intensities in a ADF-STEM image.32 

The box in Figure 1f demonstrates that there are periodic square arrays of four Pt 

atoms around each Cu atom, which is consistent with the ordered structure (inset in 

Figure 2f). All of these observations unambiguously indicate the formation of ordered 

intermetallic Cu3Pt nanoparticles.   

Two methods were used to dealloy the Cu3Pt/C intermetallic nanoparticles. In 

the first, the potential applied to the Cu3Pt/C intermetallic nanoparticles was cycled 

between +0.05 V and +1.0 V (figures 3a-b). The first 5 cycles exhibited no clear 

hydrogen adsorption/desorption peaks between +0.05 and +0.3 V, indicating that the 

surface is not Pt-rich. In addition, at the second cycle, it was apparent  that some Cu 

had dissolved into the solution during the first anodic scan, as indicated by the small 

bulk Cu oxidation peak at around +0.3 V, and the broad peak between +0.3 V to +0.9 

V due to the under potential deposition of Cu. In the cathodic scan, Cu was re-

deposited on the nanoparticles, as evidenced by the three peaks at +0.6 V, +0.35 V and 

+0.25 V. As the cycling continued, the Cu peaks gradually decreased and hydrogen 

adsorption/desorption features emerged, and became well-defined after 50 cycles, 

indicating that the surface had become Pt-rich. In addition, both the onset potential and  
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Figure 3. (a,b) Cyclic voltamograms of Cu3Pt/C ordered intermetallic nanoparticles 
during electrochemical dealloying in 0.1 M HClO4, at a scan rate of 50 mVs-1. Color 
coded legends indicate the cycle number. (c) ORR polarization curves in O2-saturated 
0.1 M HClO4 at a rotation rate of 1600 rpm and a scan rate of 5 mVs-1, (d,e) Pt mass 
and area specific activities at +0.9V, respectively. (f) Summary of mass and specific 
activities for the ORR. 
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the peak potential of the Pt oxide reduction shifted in positive direction with cycling, 

reflecting a decrease in the adsorption strength of the oxygen-containing species on 

the electrode surface, which is key for enhancing the ORR activity. 33, 34 

After rinsing the electrode and placing it in fresh, O2-saturated electrolyte, the 

electrocatalytic activity for ORR of electrochemically dealloyed Cu3Pt/C intermetallic 

nanoparticles was investigated by linear sweep voltammetric (LSV) scans using a 

rotating disk electrode (RDE) (Figure 3c). Compared to Pt/C catalyst nanoparticles, 

the ORR polarization curves of dealloyed Cu3Pt/C intermetallic nanoparticles 

exhibited onset and half wave potentials that were 40 mV more positive after 50 

potential cycles, and even more positive (for a total about of 50 mV) after 5,000 

cycles. The Pt mass activity at +0.9 V was determined to be 0.38 and 0.65 A/mgPt after 

50 and 5,000 cycles, respectively. These values are about five and seven times higher 

than that of the Pt/C catalyst (Figure 3d, f). The specific activity (current per unit 

surface area of Pt as determined by hydrogen adsorption) also showed a one order of 

magnitude increase (Figure 3e) relative to Pt/C. The current density was obtained by 

normalizing the kinetic current to the Pt surface area which was calculated by 

integrating the coulometric charge associated with the adsorption and desorption of 

hydrogen between +0.05 and +0.40 V, using a conversion factor of 200 µCcm-2 for the 

adsorption of a monolayer of hydrogen (The value of 200 µCcm-2 was recently 

proposed by Feliu et al.35, 36). Such enhanced activity could be ascribed to two reasons 

(1) the formation of a large number of active sites after dealloying (Figure 3b) and (2) 

the modification of the electronic structure of Pt. Both effects would affect the 

bonding energy between Pt and oxygen-containing species (Figure 3b).    

Figures 4a-b show a pair of overview STEM images of Cu3Pt/C intermetallic 

nanoparticles after electrochemical dealloying. The images show that a majority of the 

particles are still well-dispersed on the carbon support. One representative  
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Figure 4. (a,b) BF and ADF-STEM overview images of Cu3Pt/C intermetallic 
nanoparticles after electrochemical dealloying; (c,d) Atomic-resolution HAADF-
STEM and BF images of one nanoparticle along [011] zone axis, showing an ordered 
intermetallic structure in the highlighted region; (e) FFT of highlighted area from (c), 
with superlattice peaks in red; (f) EELS mapping of Cu L2,3 edge; (g) EELS mapping 
of Pt N3 edge, after 20 iterations of MCR (multivariate curve resolution) analysis (a 
comparison on the reliability of such method is in figure S6); (h) Combination of (f) 
and (g), showing Pt shell; (i) Line profiles of Pt and Cu, with a quantitatively 
determined 1.1 nm Pt shell. 
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nanoparticle was investigated by atomic resolution imaging (figures 4c-d). The 

intermetallic core structure was preserved after the electrochemical dealloying 

treatment, as seen from the ADF-STEM images (figures 4c-d), and the FFT indicates 

the presence of superlattice peaks such as {221} (figure 4e). The surface of this 

nanoparticle is Pt-rich, as demonstrated by EELS mapping (Figures 4f-h), and 

consistent with the cyclic voltammetric measurements. Since the Cu-L2,3 edge has 

very distinct features and an abrupt onset, a linear combination of power-law 

background subtraction method was used37 (Figure 4f) to separate out the Cu edge. On 

the other hand, the delayed onset for Pt-N and Pt-M edges is highly sensitive to errors 

in the power-law background subtraction. To map Pt concentrations accurately (Figure 

4g), the MCR (multivariate curve resolution) method was carried out on the Pt-N edge 

(the evaluation of such method is presented in Figure S6 and can also be found in a 

previous publication28). This method enables a clear determination of the Pt-shell 

thickness to be about 1 nm (Figure 4i).    

Chemical dealloying of the Cu3Pt/C ordered intermetallic nanoparticles was 

carried out by immersing the sample in 1 M HNO3 for 2 days under continuous 

magnetic stirring. XRD showed that after chemical dealloying, all the peaks became 

weaker and their peak positions shifted to lower angles, although still not as low as the 

peak positions of pure Pt (Figure S3), indicating the partial, but not total, removal of 

the Cu from the bulk of the Cu3Pt/C ordered intermetallic nanoparticles. The super 

lattice peaks characteristic of the ordered intermetallic structures at around 24o and 34o 

are almost invisible, indicating that a disordered PtxCu alloy formed after chemical 

dealloying. The overview of BF and ADF-STEM images (Figures 5a) show that the 

particles are well distributed on the carbon support. The speckle patterns in the Z-

contrast (ADF-STEM) images (Figures 5a (right) and 5b) of the chemically dealloyed 

particles indicate that the particles may have developed a porous structure. However, 
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Figure 5. (a) BF (left) and ADF-STEM (right) overview images of Cu3Pt/C 
intermetallic nanoparticles after chemical dealloying; (b) Atomic-resolution BF-STEM 
image of four ‘spongy’ nanoparticles; (c,d) EELS mapping of Cu L2,3 edge and 
simultaneously recorded Pt M4,5 edges and combination of Cu and Pt maps, showing 
two nanoparticles of approximately 10  and 20 nm, respectively. 
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 the origin of the dark spots in the projected Z-constrast images could either reflect 

Cu-rich volumes (Cu scatters less than Pt) or voids/divots (deficiency of both Pt and 

Cu). The presence of Cu-rich volumes, nonetheless, can be excluded by our chemical 

mapping of the particles (Figure 5c and d). From a comparison of the Z-contrast dark 

spots and the Cu and Pt elemental maps, there does not appear to be any correlation. 

Thus, although a bit speculative on our part, we believe that the dark features in the 

image represent voids in the naoparticles, consistent with a spongy structure. To 

directly visualize the three-dimensional porous network formed after chemical 

dealloying, we performed ADF-STEM 3-D tomography of ‘spongy’ nanoparticles. 

The reconstructed porous structures are visualized in Figure 6. Two differential 

viewing angles are provided (Figures 6a,b) with two arrows indicating channels 

connecting to the exterior surfaces. The internal porous network is visualized from 

consecutive cross-sectional images through the 3-D reconstruction of the nanoparticle 

(Figure 6c). It demonstrates the internal nanoporosity of the nanoparticles and a 

dramatic increase in the surface-to-volume ratio after the chemically dealloying 

process. The formation of the ‘spongy’ structures is likely due to the Kirkendall 

effect—the diffusion rates of Pt and Cu are different in the alloy—similar to the 

previously reported hollow-structure formation.38  

 To evaluate the effects of size on the morphology of chemically dealloyed 

nanoparticles,39 we analyzed the size distributions of ‘spongy’ nanoparticles (Figure 

7). Since only a fraction of the nanoparticles are on the same focal plane from the 

HAADF-STEM image (Figure 5a), analyzing nanoparticles from these images will 

introduce inaccuracies, especially when many of the pores are almost invisible, if not 

on focus. Therefore, we have carried out an experiment in which we take 34 

consecutive images at different defocus; a procedure that has been previously reported 

to be more accurate for analyzing nanoparticle size distribution.40 By extend depth of  
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Figure 6. (a,b) 3-D tomographic reconstruction of a chemically dealloyed nanoparticle 
(‘spongy’), at two different viewing directions. The arrows indicate channels 
connecting to the exterior surfaces. (c) A series of consecutive slices through the 
isosurfaces of such nanoparticle, showing the porous networks.  
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Figure 7. (a) Extend depth of field reconstruction of 34 through-focal series of the 
dealloyed spongy Pt-Cu nanoparticles, with most nanoparticles reconstructed at the 
same focal plane; (b) Size distributions of  non-spongy and spongy nanoparticles, with 
error bars of mean diameter corresponding to three standard errors of the mean; (c)-(d) 
Masks for analyzing the size distribution. Each of the 34 through-focal frames is 
checked to categorize the spongy and non-spongy nanoparticles. However, due to the 
limitation of spatial resolution, we cannot eliminate errors of placing spongy ones into 
the non-spongy category. Therefore, we report the upper limit of non-spongy 
nanoparticles and the lower limit of spongy nanoparticles, assuming the confidence 
interval in the number of non-spongy nanoparticles is dominated by Poisson counting 
statistics. It is clear that larger nanoparticles are more likely to form a spongy 
structure.  
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field reconstruction,41 most nanoparticles are present on the same focal plane (Figure 

7a). The size distribution of such an image is shown in Figure 7b, where the ‘non-

spongy’ nanoparticles have a mean diameter of 7.5 ± 0.7 nm while the ‘spongy’ ones 

are 14.9 ± 2.4 nm. We checked the accuracy of the method by hand-segmentation of 

non-spongy and spongy particles separately (Figure 7c-d). However, due to the 

limitation of spatial resolution, it is possible that we might pick (place) some ‘spongy’ 

ones into the ‘non-spongy’ category. The analysis of such error is propagated by 

reporting the upper bound of the number of ‘non-spongy’ ones and the lower bound 

for the ‘spongy’ ones. As Figure 5a shows, after chemically dealloying, only the larger 

size nanoparticles have evolved into porous structures, while most smaller ones 

remain ‘non-spongy’. In the case of Pt-Cu binary materials, since Cu is more soluble 

than Pt upon electrochemical cycling, a vacancy is expected in the bulk, if a Pt-rich 

shell is formed on the surface, so as to slow further diffusion. A ‘spongy’ structure 

could evolve when the etching rate of Cu is comparable to the surface diffusion rate of 

Pt.28, 42 However, if the diffusion length (where Pt is redeposited on the surface) is 

larger than the particle size, a ‘spongy’ structure would not be expected.28, 39, 42 This 

explains why many smaller nanoparticles have remained ‘non-spongy’ after chemical 

dealloying, and in turn, illustrates the importance of using through-focal ADF-STEM 

imaging series and EELS mapping to confirm the existence of porous structures. 

Similar results have been recently reported in a study of the size dependence of 

structure and morphology in dealloyed bimetallics in which it was shown that 

nanopores or hollows were not observerd when the particle size was below 5 nm, 

while multiple core-shell structures formed when the particle size ranged up to 20 

nm.39 
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We compared the ORR activity of ‘spongy’ PtxCu/C nanoparticles with Pt/C. 

As shown in Figure 8, the as-prepared ‘spongy’ particles (denoted as the “no cycling” 

sample) exhibited higher onset and half wave potentials than pure Pt. The half-wave 

potential was about 50 mV more positive than Pt. It has been reported that such 

hollow structures are not stable under fuel cell operating conditions.38,43 However, 

after 50 cycles, the ORR mass activity of the ‘spongy’ nanoparticles grew by a factor 

of 1.6; and was even slightly higher after 5,000 cycles. These data suggest that by 

tuning the atomic and/or electronic structures, one can achieve improved 

electrocatalytic activity for the ORR (Figure 8a). The CVs (Figure 8b) reveal a large 

hydrogen adsorption/desorption region in the first cycle, but without well-resolved 

peaks. The hydrogen peaks decreased in amplitude with potential cycling, but were 

almost constant after 50 cycles. In addition, two well-defined peaks appeared, 

indicating the presence of several Pt surface structures. This suggests that the Pt 

surface structure was established from the topmost layers during potential cycling. 

Chemical leaching gave rise to disordering of the previously ordered intermetallic 

nanoparticles so that the resulting surfaces would be anticipated to have more defects 

such as steps and kinks. With electrochemical cycling, Pt atoms associated with these 

defects might be able to re-arrange due to electrochemical dissolution and re-

deposition, which may explain the appearance of the well-defined hydrogen 

adsorption/desorption features. This phenomenon might also lead to a change in the 

adsorption of oxygen-containing species and affect the ORR activity accordingly. The 

mass activities at +0.90 V of the ‘spongy’ nanoparticles were found to be 0.35, 0.58 

and 0.64 Amg-1Pt
 with no potential cycling, after 50 cycles and 5,000 cycles, 

respectively. The corresponding specific activities were measured to be 0.38, 0.91, and 

1.1 mAcm-2
Pt. The ‘spongy’ structures were stable even after 5,000 potential cycles, 

which can be seen from the STEM images (Figure S4) showing that most of the 
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‘spongy’ structures were preserved after 5,000 potential cycles. The chemically 

leached nanoparticles exhibited better electrocatalytic activity, just after leaching, than 

the electrochemically treated nanoparticles after 50 cycles, as can be ascertained from 

Figure S5. The half-wave potential of the ‘spongy’ product was about 20 mV more 

positive than the electrochemically leached product (Figure S5) and the mass activity 

at 0.9 V was about 1.5 times higher, although the specific activity is slightly less 

(Figure S5). 

The higher mass activity of chemically dealloyed nanoparticles (‘spongy’) 

could be attributed, at least in part, to the increased surface area resulting from nano-

voids formed after chemical leaching. We have investigated the nature of such 

enhancement from two aspects. First, by comparing the CVs presented in figures 3b 

and 8b, we can see that the areas corresponding to hydrogen adsorption/desorption 

regions are higher for chemically dealloyed nanoparticles than for electrochemically 

dealloyed ones, indicating that the chemically dealloyed samples present a higher 

electrochemical surface area (ECSA). Second, we performed high-resolution chemical 

mapping and 3-D reconstruction of the chemically dealloyed nanoparticles (Figure 5 

and Figure 6). The results showed that the nanoparticles developed a nonporous 

structure after chemical dealloying. This porous structure dramatically increased the 

surface-to-volume ratio which, in turn ,increased the electrocatalytic activity towards 

the ORR.  
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Figure 8.  (a) ORR polarization curves of chemically leached nanoparticles after 

different potential cycles (0.05-1.0 V vs. RHE) in O2-saturated 0.1 M HClO4, at a 

rotation rate of 1600 rpm and a scan rate of 5 mVs-1. (b) Cyclic voltammograms of

chemically leached nanoparticles after different potential cycles (0.05-1.0 V vs. 

RHE) in 0.1 M HClO4, at a scan rate of 5 mVs-1. Color coded legend indicates the 

cycle number. (c,d) Pt mass activities for the ORR at +0.9 V. (e,f) Specific activities 

for the ORR at +0.9 V. 
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Section 6.4. Conclusion 

In conclusion, ordered Cu3Pt intermetallic electrocatalyst nanoparticles have 

been successfully prepared and electrochemically activated via two dealloying 

methods. Sub-Ångstrom resolution EELS-STEM imaging indicated that the 

electrochemical treatment resulted in a 3-5 monolayer Pt-rich shell, which enhanced 

the ORR activity. Furthermore, the chemically leached samples (‘spongy’ 

nanoparticles), showed both higher activity and durability for the ORR. Since most 

electrocatalysts yield a lower catalytic activity after extensive electrochemical aging, it 

is important to note that the ‘spongy’ nanoparticles behaved differently with their 

ORR activity actually improving by electrochemical cycling, at least up to 5,000 

cycles. Without the aid of surfactants or capping ligands, the methods reported here 

offer morphology control and new opportunities for preparing durable, active and low 

Pt-loading electrocatalysts, which are crucial for the wide commercialization of 

PEMFCs.   

Supporting Information Paragraph. More experimental details, material 

characterizations, additional figures (Figures S1-S6). This material is  available free of 

charge via the Internet at http://pubs.acs.org. 
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CHAPTER 7 

STRUCTURALLY ORDERED INTERMETALLIC PLATINUM-COBALT CORE-

SHELL NANOPARTICLES WITH ENHANCED ACTIVITY AND STABILITY AS 

OXYGEN REDUCTION ELECTROCATALYSTS*†  

Section 7.1. Introduction 

 
To enhance and optimize nanocatalyst performance and durability for the oxygen 

reduction reaction (ORR) in fuel cell applications, we look beyond Pt-Metal disordered 

alloys and describe a new class of Pt-Co nanocatalysts comprised of ordered Pt3Co 

intermetallic cores with a 2-3 atomic-layer thick platinum shell. These nanocatalysts 

exhibited over 200% increase in mass activity and over 300% increase in specific activity 

when compared to the disordered Pt3Co alloy nanoparticles as well as Pt/C. To date, this 

mass activity for the ORR is the highest among the Pt-Co systems reported in the 

literature under similar testing conditions. Stability tests showed a minimal loss of activity 

after 5,000 potential cycles and the ordered core-shell structure was maintained virtually 

intact as established by atomic-scale elemental mapping. The high activity and stability 

are attributed to the Pt-rich shell, and the stable intermetallic Pt3Co core arrangement. 

These ordered nanoparticles provide a new direction for catalyst performance 

optimization for next-generation fuel cells. 

                                                   
*  Produced with permission from Deli Wang1 Huolin L. Xin, Robert Hovden, Hongsen Wang, Yingchao 
Yu, David A. Muller, Francis J. DiSalvo and Héctor D. Abruña, Nature Materials 12, 81–87 (2013). 
Copyright © 2013 Nature Publishing Group  
† D.W. and H.L.X. conceived and designed the experiments. D.W. performed synthesis and electrochemical 
characterizations. H.L.X. performed STEM and EELS mapping experiments. D.W. and H.L.X. wrote the 
manuscript with assistance from R.H. D.W. and H.L.X. contributed equally to this work. R.H. participated 
in analysis of the data. All authors discussed results and commented on the manuscript. 
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The sluggish kinetics of the oxygen reduction reaction (ORR) at the cathode is one of the 

key challenges for the commercial viability of proton exchange membrane fuel cells 

(PEMFCs)1-4 especially for transportation applications. In this regard, it is of great 

interest to explore more active catalysts, with superior performance and durability, than 

the traditionally employed carbon supported Pt (Pt/C) nanoparticles. Considerable 

progress has been made on Pt-based bi- and tri-metallic electrocatalysts such as 

alloying Pt with 3d-transition metals, including Fe5-10, Co5, 11-15, Ni5, 13, 14, 16, 17, Cu18-20, 

Cr13, 21and Mn22, 23 etc. Other approaches have included monolayer coating of Pt on 

suitable metal nanoparticles24-26, and dealloying of binary/ternary nanocatalysts18-20, 27. 

Most recently, the use of perovskites28, Co3O4 nanocrystals grown on graphene oxide29, 

and carbon nanotube-graphene complexes30 have been suggested. Among these catalysts, 

Pt-Co systems have received considerable attention because of their relatively high ORR 

activity5 and stability in acidic environments7, 31.  However,  

previous studies have mainly focused on the disordered Pt-Co alloy catalysts, with only 

limited reports on structurally ordered intermetallic Pt-Co nanocatalysts32, 33. The lack 

of interest in the ordered phase can be attributed to the previously reported low activity 

of ordered Pt-Co catalysts32 and concerns about particle sintering during the high 

temperature annealing that is generally necessary to obtain ordered phases. However, 

ordered intermetallic phases, with definite composition and structure, provide 

predictable control over structural, geometric, and electronic effects not afforded by the 

widely studied alloys33-36. Here, we demonstrate that core-shell structured Pt-Co 

nanoparticles, composed of Pt3Co ordered intermetallic cores with 2-3-atomic-layer Pt 
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shells (Pt3Co@Pt), can be prepared by a facile method. The Pt shell is strained to the 

ordered intermetallic core, which has an 0.8% smaller lattice constant than the disordered 

alloy. These particles exhibited the highest Pt mass activities for the ORR among Pt-Co 

systems reported in the literature under similar testing conditions (Supplementary Fig. 

S1) and with greatly enhanced durability, making them promising candidates for next 

generation PEMFCs.  

 

Section 7.2. Materials and Methods 

Sample preparation. The carbon supported Pt/C and Pt3Co/C nanoparticles were prepared 

using an impregnation method. In a typical synthesis, 53.3 mg of H2PtCl6·6H2O and 8.2 

mg of CoCl2·6H2O were dissolved in deionized water, and 78 mg of Vulcan XC-72 carbon 

support were dispersed in it. After ultrasonic blending for 30 min, the suspension was 

heated under magnetic stirring to allow the solvent to evaporate and to form a smooth, thick 

slurry. The slurry was dried in an oven at 60 oC. After being ground in an agate mortar, the 

resulting dark and free-flowing powder was heated in a tube furnace at 150 oC under 

flowing H2/N2 for 2 h. Finally, the powder was cooled to room temperature under N2. The 

as-prepared Pt3Co/C catalysts were then annealed at 400 oC and 700 oC under an H2 

atmosphere for 2 h. These samples are denoted as Pt3Co/C-400 and Pt3Co/C-700, 

respectively. 

 

Characterization. The as-prepared catalysts were characterized by powder X-ray 

diffraction using a Rigaku® Ultima VI diffractometer, and diffraction patterns were 

collected at a scanning rate of 5 o/min and with a step of 0.02 o. TEM was performed using 
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a Shottky-field-emission-gun Tecnai F20 operated at 200 kV. The electron energy loss 

spectroscopic (EELS) maps were acquired on a 5th-order aberration-corrected scanning 

transmission electron microscope (Cornell Nion UltraSTEM) operated at 60 kV (αmax = 

~30 mrad). Under such conditions, a real space resolution of 1.3 Å37 and a reciprocal space 

information transfer, up to 1.18 Å can be routinely achieved. The method of extracting Pt 

and Co maps from the EELS spectroscopic images are described in the previous 

publication15. The atomic-resolution annular dark-field STEM (ADF-STEM) images were 

recorded with this machine operated at 100 kV (αmax = 27.8 mrad). Sub-angstrom 

resolution is achievable at these operating conditions. 

 

Particle size distributions were made from ADF-STEM images.  Due to the limited depth 

of field of the aberration corrected microscope, extended depth of field techniques were 

used to obtain a single projection image with all particles in focus38. The particles were 

hand segmented to determine particle areas from the projection image and diameters were 

estimated by assuming a spherical particle geometry. 

 

Electrochemical testing. Electrochemical experiments were carried out in 0.1 M HClO4 

at room temperature using a Solartron model 1280 B electrochemistry station employing 

the analog sweep mode. Working electrodes were prepared by mixing the catalyst with 

Nafion (0.05 wt % Nafion dissolved in ethanol) solution. The mixture was sonicated and 

about 5.0 µL were applied onto a glassy carbon disk. After solvent evaporation, a thin layer 

of Nafion-catalyst-Vulcan ink remained on the GC surface to serve as the working 

electrode. The Pt loading on the RDE was calculated as 17.7 μgPt cm-2. A Pt wire was 
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used as the counter electrode and a reversible hydrogen electrode (RHE), in the same 

electrolyte as the electrochemical cell, was used as the reference electrode. All potentials 

are referred to RHE, and the readout currents were recorded without any iR drop 

correction during the measurements. Since we use a Luggin capillary type RHE, the 

ohmic drop in the solution is negligible. For the electrochemical surface area (ECSA) 

study, cyclic voltammetry (CV) was conducted over the potential range of +0.05 V to +1.00 

V at a scan rate of 50 mVs-1 in 0.1 M HClO4.  ECSA values were calculated by integrating 

the area under the curve for the hydrogen adsorption/desorption region between +0.05 and 

+0.40 V for the reverse sweep in the CV and using a conversion factor of 200 µCcm2, 

according to recent results from Feliu. 39, 40.  The oxygen reduction reaction (ORR) 

polarization curves were obtained by sweeping the potential from +0.20 to +1.10 V at a 

scan rate of 5 mV s-1 and at a rotation rate of 1600 rpm. The kinetic current (Ik) can be 

calculated using the Koutecky–Levich equation which is expressed by  

(1) 

where I is the measured current and Id the diffusion limited current.  

The Id term can be obtained from the Levich equation: 

               (2) 

where n is the number of electrons transferred; F is Faraday’s constant (96,485 C mol-1); 

A is the area of the electrode (0.196 cm2); D is the diffusion coefficient of O2 in 0.1 M 

HClO4 solution (1.93×10-5 cm2 s-1); υ is the kinematic viscosity of the electrolyte (1.01×10-

2 cm2 s-1); ω is the angular frequency of rotaion, ω=2πf/60, f is the RDE rotation rate in 

rpm and CO2 is the concentration of molecular oxygen in 0.1 M HClO4 solution (1.26×10-

6 mol cm -3).”  

I  =  
1

Ik

 +  
1

Id

Id  =  0.62nFAD2 /3υ−1/ 6ω1/ 2CO2
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Section 7.3. Results and Discussions 

 

  The structures of the carbon supported Pt3Co nanoparticles (Pt3Co/C) were 

controlled by pre-treatment of the as-prepared Pt3Co/C, which was, in-turn synthesized 

using an impregnation-reduction method 41-45, at different temperatures under a flowing 

H2/N2 mixed gas atmosphere. As shown in the X-ray diffraction (XRD) pattern of Fig. 

1a, the  sample, after pre-treatment at 400 oC (denoted as Pt3Co/C-400) showed typical 

Pt face-centered-cubic (fcc) features. The broad peak at around 25o is attributed to the 

carbon support. The other four diffraction peaks are consistent with those of pure Pt 

metals with an fcc structure, corresponding to the (111), (200), (220) and (311) planes. 

The peak positions are shifted to higher angles, relative to Pt/C, indicating that Co is 

incorporated into the Pt fcc structure to form an alloy phase with a concomitant lattice 

contraction. We will use the Pt3Co/C-400 sample as a reference for the traditional, 

disordered Pt3Co catalysts. After heat-treatement at 700 oC (denoted as Pt3Co/C-700), 

the XRD pattern showed pronounced (100) and (110) peaks characteristic of an ordered, 

intermetallic Pt3Co phase and an additional 0.8% lattice contraction (Table 1). The lattice 

parameter, calculated from the (220) diffraction peak position, and the average particle 

size, calculated using the full width at half maximun of the (220) diffraction and the  

Debye-Scherrer equation, are presented in Table 1.  
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Table 1. XRD and E-Chem results of Pt/C and Pt3Co/C 
 
 
 

sample Particle 
size/nm 

Lattice 
parameter/nm E1/2/V ǂ MA*@0.9V 

/mAµg-1 
Ik
§ @0.9V 

/mAcm-2 
Pt/C 4.4 ± 0.5 0.3916 0.875 0.06 0.09 
Pt3Co-400 4.8 ± 1 0.3873 0.918 0.16 0.31 
Pt3Co-700 7.2 ± 1 0.3841 0.945 0.52 1.10 

 

ǂ for ORR at RT, 0.1 M HClO4, 1600 rpm, 5 mVs-1.  * Mass activity. § Specific activity. 
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Bright-field (BF) and annular dark-field (ADF) images of Pt3Co/C-700 simultaneously 

acquired in a 5th-order aberration-corrected scanning transmission electron microscope 

(STEM) operated at 60 kV are presented in the supplementary information (Figs. S2 and 

S4). The images demonstrate that the majority of the particles stay well dispersed on 

the Vulcan carbon support after the 700 oC  heat treatment. The particle size distribution, 

calculated from more than 150 nanoparticles, shows that the mean particle size is about 5 

nm in diameter (Supplementary Fig. S338), which is slightly smaller than the value 

calculated from XRD because XRD gives volume-weighted measurements which tend 

to overestimate the geometric particle size 46. In the center of Fig. 1b, a 5-nm Pt3Co 

nanoparticle is viewed along the [001] zone axis. Due to the unique super periods that 

are not present in the disordered alloy phase, the presence of the L12 ordered 

intermetallic structure in Pt3Co can be directly identified from atomic-resolution ADF-

STEM images (Supplementary Fig. S5). For example, along the [001] axis, the 

projected L12 unit cell is composed of a periodic square array of pure Co columns 

surrounded by Pt columns at the edges and corners of each unit cell (Figs. 1b and d). 

Because ADF-STEM images reflect  the Z-contrast of materials 47, the Pt columns will 

have an intensity higher than that of the Co columns (Figs. 1d and e). This differs from 

the disordered alloy phase which has all columns with equal intensity and lacks the 

(001) super period (Supplementary Fig. S5). Therefore, from the qualitative agreement 

of the simulation (Fig. 1e) with the experimental ADF-STEM image of the center 

particle in Figs. 1b and d, we confirm that the bulk of the nanoparticle is L12 ordered. 

It should also be noted that the first 2-3 atomic layers on the {100} facets—as indicated 

by the yellow arrows in Fig. 1b—appear free of the ordered super-lattice structure. Our 
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image simulations indicate that they are likely pure Pt planes (Figs. 1f and g). For 

detailed information on the simulation, see Supplementary Fig. S6 in the supporting 

information. We will later demonstrate (vide infra) by 2-D atomic-scale aberration-

corrected chemical mapping, that they are, in fact, Pt surface segregation layers, rather 

than a disordered Pt3Co. 
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Figure 1 | X-ray diffraction and HAADF-STEM images. a, XRD patterns of Pt/C, Pt3Co/C-
400, and Pt3Co/C-700. The inset in Fig. 1a shows the enlarged region of the Pt (220) diffraction 
peaks. The red lines indicate the peak positions of the intermetallic Pt3Co reflections (PDF card # 
04-004-5243). b, Atomic-resolution ADF-STEM image of Pt3Co/C-700 after Richardson-Lucy 
deconvolution (for details see Supplementary Fig. S5).  A smaller particle (lower left) overlaps 
the larger particle in projection. The inset shows the projected unit cell along the [001] axis. c,
Diffractogram of the center particle in Fig. 1b.  d, A crop of the super lattice feature from Fig. 1b. 
e, The simulated ADF-STEM image of L12 ordered Pt3Co along [001] by a simple incoherent 
linear imaging model.  f, Multislice simulated ADF-STEM (100 kV, probe forming angle=27.8 
mrad, ADF collection angles=98-295 mrad) image of the idealized nanoparticle as shown in Fig. 
1b. g, The idealized atomic structure of the Pt3Co core-shell nanoparticle. 



128 
 

The chemical microstructure of the surface of the Pt-rich Pt3Co/C-700 

nanoparticles was examined using electron energy loss spectroscopic mapping employing 

a 5th-order berration-corrected STEM operated at 60 kV15, 48, 49. Fig. 2a shows the ADF-

STEM image of a Pt3Co/C-700 nanoparticle that was spectroscopically imaged. Figs. 2b 

and c show the Pt and Co projected distributions within the particle. The Pt (red) vs. Co 

(green) composite image (Fig. 2d) indicates that the Pt3Co core (yellow) is surrounded by 

a pure Pt shell. However, the outside of the particle is decorated by a small amount Co/Co 

oxide. The Co/Co oxides will not affect the electrocatalytic activity of these particles 

because they quickly dissolve in acid conditions. Fig. 2e shows the line extracted from the 

Pt and Co maps across the facet indicated by the arrows. It can be seen that the Pt shell 

thickness is about 0.5 nm, which is 2-3 atomic layers, in agreement with our ADF analysis 

in Fig. 1 and Supplementary Fig. S7. 

      The polarization curves for the ORR obtained with Pt/C, Pt3Co/C-400, and Pt3Co/C-

700 electrocatalysts as thin-films on a rotating disk electrode (RDE) in an O2-saturated 

0.1 M HClO4 solution at 1600 rpm are shown in Fig. 3a. All electrodes were pre-treated 

by cycling the potential between +0.05 and +1.00 V at a sweep rate of 50 mVs-1 for 50 

cycles in order to remove surface contamination prior to the ORR activity testing. We can 

see from Fig. 3a that both Pt3Co/C-400 and Pt3Co/C-700 have similar ORR onset 

potentials, which is nearly 50 mV higher than for Pt/C. At higher overpotentials, the 

current reaches its diffusion-limited value, ~5.6 mAcm-2. At lower overpotentials 

(+0.80 V to +1.00 V), the current approaches the mixed regime. In this region, the half-

wave potential of an ORR polarization curve, E1/2, is often used to evaluate the 

electrocatalytic activity of a catalyst.  As listed in Table 1, the half wave potential, E1/2, 
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increased in the sequence: Pt/C < Pt3Co/C-400 < Pt3Co/C-700. The Pt3Co/C-700 

showed a dramatic positive shift in E1/2 of ~70 mV relative to Pt/C. These data show 

that the intermetallic phase of Pt3Co/C-700 exhibits dramatic activity improvements 

over Pt/C and disordered Pt3Co/C-400 alloy catalysts. For a better understanding of the 

observed catalytic activities of the synthesized  electrocatalysts for the ORR, the mass 

activities (MA) and specific activity (SA) at +0.85 and +0.90 V were calculated based on 

the ORR polarization curves and the amount of Pt or electrochemical surface area (ECSA) 

of Pt on the electrodes. The kinetic current (Ik) can be calculated using the Koutecky–

Levich equation50 which is expressed by  

      (1) 

 

where I is the measured current and Id is the diffusion limited current.  

The Id term can be obtained from the Levich equation: 

    (2) 

  

I  =  
1
Ik

 +  
1
Id

Id  =  0.62nFAD2 /3υ−1/6ω1/2CO2
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Figure 2 | ADF-STEM image of one nanoparticle and elemental mapping.  a, ADF-STEM 
image of a Pt3Co/C-700 nanoparticle; 2-D EELS map of b, Pt and c, Co along with the d,
composite Pt vs. Co map. e, line profiles extracted from Fig. 2b and c across the facet  
indicated by the arrows showing that the Pt shell is ~0.5 nm thick. 
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Fig. 3b shows the rotation-rate-dependent current-potential curves of the Pt3Co/C-700 

nanoparticles (similar curves for the Pt/C nanoparticles are given in the Supplementary 

Information, Supplementary Fig. S8). The number of electrons transferred (n) was 

calculated to be ~ 4.0 at 0.8 – 0.9V from the slopes of the Koutecky–Levich plots, 

indicating the nearly complete reduction of O2 to H2O on the surface of Pt3Co/C-700 

nanoparticles. The mass activity comparison of Pt/C, Pt3Co/C-400, Pt3Co/C-700 at +0.85 

and +0.90 V is shown in Fig. 3c, where one can see that Pt3Co/C-700 exhibits much higher 

mass activity than  pure Pt and Pt3Co/C-400. Compared with the mass activity of Pt-Co/C 

systems tested under similar conditions at +0.90 V reported in the literature, our 

Pt3Co/C-700 catalyst exhibits one of the highest electrocatalytic activities for the ORR 

(Supplementary Fig. S1 and Table S1). Fig. 3d compares the specific activity (Ik) 

towards the ORR for Pt/C, Pt3Co/C-400, and Pt3Co/C-700 electrodes. The Ik was 

obtained by normalizing the kinetic current to the electrochemical surface area (ECSA) 

which was calculated by measuring the charge associated with the adsorption of 

hydrogen Hads (QH) between +0.05 and +0.40 V (Supplementary Fig. S9) and assuming 

a conversion factor of 200 µCcm-2 for the adsorption of a monolayer of hydrogen. (The 

value of 200 µCcm-2 was recently proposed by Feliu et al.39, 40.) The measured currents 

were also corrected for mass transport to obtain the true kinetic currents. At +0.9 V, the 

specific activity of Pt3Co/C-700 was 1.1 mAcm-2Pt, which is much higher than pure Pt 

and Pt3Co/C-400 (Table 1, Supplementary information).   

 

  



132 
 

 

  

 

 
 

Figure 3 | Electrochemical characterization. a, ORR polarization curves for Pt/C, Pt3Co/C-400 
and Pt3Co/C-700 in O2-saturated 0.1 M HClO4  at room temperature, Rotation rate, 1600 rpm; 
Sweep rate, 5 mVs-1. b, The Koutecky–Levich plots from ORR data forn Pt3Co/C-700 at different 
potentials. The inset in b shows the rotation-rate-dependent current-potential curves. c, 
Comparison of mass activities for Pt/C, Pt3Co/C-400 and Pt3Co/C-700 at 0.85 and 0.9 V. d,
Comparison of specific activities (Ik ).  
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The durability of the catalysts was evaluated by potential cycling between +0.05 and +1.00 

V for 5,000 cycles in an N2- saturated 0.1 M HClO4 solution at a  scan rate of 50 mVs-1. 

The cyclic voltammograms (CVs) of Pt3Co/C-400 and Pt3Co/C-700 nanoparticles obtained 

after 2, 100, 500, 2000, and 5000 cycles are shown in Fig. 4a and b. For the Pt3Co/C-400 

nanoparticles, there were no well-defined hydrogen adsorption/desorption peaks after the 

first 100 cycles (See also the Supplementary Fig. S10). With continued cycling, the 

hydrogen adsorption/desorption peaks, as well as the Pt oxides reduction peaks become 

prominent (Fig. 4a). This suggests that, in the beginning, the behavior of the Pt3Co/C-400 

nanoparticles was dominated by the Pt-Co alloy and that cobalt was gradually leached away 

leaving a Pt-rich surface. However this was not the case for Pt3Co/C-700 nanoparticles. 

Even the second CV cycle exhibited two prominent hydrogen adsorption/desorption peaks, 

along with the Pt oxides formation/reduction peaks (Fig. 4b) indicating that the Pt3Co/C-

700 nanoparticle surfaces were Pt-rich right after preparation. The peak currents increased 

slightly with potential cycling (Fig. 4b) indicating that some Co/Co oxides on the catalyst 

surface dissolved with potential cycling, exposing additional Pt on the surface. This result 

agrees with our ADF-STEM and STEM-EELS images that indicate there is a small amount 

of Co/Co oxides decorating the Pt-rich surface of the Pt3Co/C-700 nanoparticles.  The 

ECSAs of Pt3Co/C-400 and Pt3Co/C-700, after a given number of potential cycles, are 

shown in Fig. 4c. It can be seen that both Pt3Co/C-400 and Pt3Co/C-700 show an increased 

ECSA in the first few cycles, which could exhibited attributed to surface roughening and 

removal of contaminants from the sample surface, since the hydrogen 

adsorption/desorption peaks became more prominent. The ECSA of Pt3Co/C-400 reached 
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a maximium value after 500 cycles, then decreased rapidly with additional cycling. After 

5,000 cycles, the ECSA had decayed by about 30% of its maximum value. However, for 

the Pt3Co/C-700 catalyst, the ECSA increased by about 20% after 2,000 cycles, and then 

stabilized. After 5,000 potential cycles, the Pt3Co/C-400 catalyst showed a degradation of 

more than 30 mV in its half wave potential, E1/2 (Fig. 4d), while the degradation of the 

Pt3Co/C-700 catalyst was much lower, with less than a 10 mV negative shift in the half 

wave potential, indicating that the structurally ordered intermetallic Pt3Co/C was much 

more durable and stable than the disordered Pt3Co/C alloy. In addition, most of the particles 

were still well-dispersed on the carbon support (Supplementary Fig. S11). The structural 

stability of Pt3Co/C-700 nanoparticles after 5,000 electrochemical cycles was verified by 

ADF-STEM images and EELS elemental mapping (Fig. 5). As shown in Fig. 5a, although 

some of the particles coalesced and/or aggregated (a), the Pt-riched shell (b,c,d) and 

ordered intermetallic core (a,e) structure were preserved. Compared with the ADF-STEM 

images and EELS elemental mapping of Pt3Co/C-700 nanoparticles before potential 

cycling (Fig. 2), there are no Co/Co oxides left on the surface and the Pt rich shell can be 

clearly seen (Fig. 5b, c, and d).   
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Figure 4 | Characterization of the surface area changes and stability for ORR. a, CV curves 
of Pt3Co/C-400 and b,Pt3Co/C-700 nanoparticles in N2-purged 0.1 M HClO4 solution after 
different potential cycles, at room temperature, at a scan rate of 5 mVs-1. c, Electrochemical surface 
area (ECSA) as a function of the number of CV cycles for Pt3Co/C-400 and Pt3Co/C-700 catalysts. 
d, Comparative ORR activities of Pt3Co/C-400 and Pt3Co/C-700 catalysts before and after 5000
potential cycles. 
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Figure 5 | Structural stability. a, ADF-STEM image of a Pt3Co/C-700 nanoparticles 
after 5,000 electrochemical cycles. b, EELS maps of Pt, Co and the composite Pt vs. Co 
map from the selected region in a. c,d, two more particles and their Pt, Co elemental 
mapping to show the Pt-riched shell and PtCo intermetallic core after electrochemical 
cycling. e, Additional particles to demonstrate that the ordered structure is maintained 
after electrochemical cycling. All the scale bars are 1nm. 
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Section 7.4. Conclusion 
 

In summary, this work presents a new kind of electrocatalyst for the ORR, 

composed of ordered, intermetallic core-shell Pt3Co@Pt/C nanoparticles. These 

nanoparticles are more active and durable than the disordered Pt3Co/C alloy and could 

represent the next-generation ORR electrocatalyst for fuel cells applications. The high 

activity and durability of the electrocatalyst for the ORR can be ascribed to the Pt-rich shell 

and the stable intermetallic Pt, Co arrangement in the core. This study provides a new 

design strategy for preparing fuel cell catalysts with both excellent electrocatalytic activity 

and stability. 
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Supplementary information accompanies this paper at www.nature.com/naturechemistry. 
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CHAPTER 8 

YOLK-SHELL STRUCTURE OF POLYANILINE COATED SULFUR FOR LITHIUM-

SULFUR BATTERIES12 

Section 8.1. Introduction 

 
The widespread usage of portable electronic devices and the rapid growth of electric 

vehicles require the development of next generation batteries with higher capacity and energy 

density. Among all rechargeable batteries, the Lithium-Sulfur (Li-S) cell is one of the most 

promising candidates due to (1) it’s high theoretical capacity of 1672 mAh g-1, which is over 5 

times that of currently used transition metal oxide cathode materials; (2) it’s low cost and 

abundant resources of sulfur; (3) non-poisonous and environmentally benign.1-5 Despite these 

advantages, the practical application of Li-S cells is still limited mainly due, at least in part, to: (1) 

the low conductivity of sulfur (5×10-30 S cm-1 at 25 0C);  (2) the dissolution of polysulfides and 

the resulting shuttling effect in the charge-discharge process; (3) the volumetric expansion during 

the discharge of the cell.4-8 While the dissolution of polysulfides is the hardest problem to 

overcome, these issues are often accompanied with each other. Therefore, a systematic material 

design strategy intended to prevent polysulfide dissolution, might address  this problem.

                                                           

1 Produced with permission from Weidong Zhou, Yingchao Yu, Hao Chen, Francis J. DiSalvo 

and Héctor D. Abruña, Journal of the American Chemical Society., 2013, 135 (44), 16736–
16743. Copyright © 2013 American Chemical Society. 

2 W.Z. and Y.Y. contributed equally to this work. W.Z. synthesized the sample, Y.Y. performed 
the microscopy imaging. W.Z. and Y.Y. designed and analyzed the battery testing. H.C. helped 
to perform the sysnthesis. H.D.A. and F.J.D. guided the work.  
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The high capacity and cycling ability of sulfur arises from the electrochemical cleavage 

and reformation of sulfur-sulfur bonds in cathode, which is believed to proceed in two steps. 

First, the reduction of sulfur to lithium higher polysulfides (Li2Sn, 4≤n≤8) followed by further 

reduction to lithium lower polysulfides (Li2Sn, 1≤n≤3).6-8 The higher polysulfides are easily 

dissolved into the organic liquid electrolyte, enabling them to penetrate through the polymer 

separator and react with the lithium metal anode, leading to the loss of sulfur active materials. 

Even if some of the dissolved polysulfides could diffuse back to the cathode during the recharge 

process, the sulfur particles formed on the surface of the cathode are electrochemically inactive 

owing to the poor conductivity. Such a degradation path, leads to poor capacity retention, 

especially during the long cycling (i.e. more than 100 cycles). 

Efforts to trap the sulfur have mainly focused on the use of mesoporous carbons to absorb 

polysulfides through weak intermolecular interactions9-17 and physically encapsulating sulfur 

particles with conducting polymers18-24 or graphite carbon25-29. The mesoporous carbon/sulfur 

composites are often prepared via the sulfur vapor impregnation into conductive mesoporous 

carbons, which show obvious advantage on their high conductivity and large surface area due to 

the small pores size and large overall pore volume. However, if the sulfur can diffuse into the 

small pores of the mesoporous carbons, it also could diffuse out theoretically, considering the 

fact that the sulfur can still be accessed by an electrolyte for a long term. Although the weak 

interactions between sulfur and the mesopores could alleviate the dissolution of polysulfides in 

the short term, the polysulfides could still eventually be dissolved. This is likely the reason why 

extended cycle life (>100 cycles) tests, with stable capacity retention and high Coulombic 

efficiency, are rarely reported for this type of composite. On the other hand, the methodology of 

core-shell composites adopts the reverse order, in which, sulfur nanoparticles are first prepared 
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and then coated with a conductive polymer or graphite carbon. While, this method could provide 

for the long term retention of sulfur, the large volumetric expansion of sulfur during lithiation 

renders the protective coating layer susceptible to cracking or even breaking, resulting in the loss 

of polysulfides. In this respect, Cui and coworkers pioneered the concept of forming a yolk-shell 

structure, to adjust the amount of sulfur encapsulated inside the TiO2 shell, by leaching only a 

fraction of the encapsulated sulfur using organic solvents.30 This approach greatly improved the 

confinement of sulfur, resulting a long-term cycling performance for Li/S batteries. Despite the 

promising progress, some issues remain, for example, the electrolyte might still dissolve away 

additional polysulfides considering the fact that toluene could dissolve out the sulfur during the 

preparation of this system. It is difficult to control the amount of sulfur leached out while 

maintaining a uniform distribution of leaching percentage across an entire array of nanoparticles. 

The insulating nature of the TiO2 shell in the electrochemical window of 1.5 to 3.0V vs Li can 

limit the actual capacity of the sulfur. Another innegligible phenomenon in Li/S batteries is that 

polyvinylidene fluoride (PVDF) dissolved in N-methyl-2-pyrrolidone (NMP) was generally 

employed as the binder. However, NMP could dissolve sulfur out of the pre-constructed 

nanostrucutures and the evaporation of NMP under vacuum could also cause related 

environmental problems.31 

Section 8.2. Materials and Methods 

 
Material Synthesis 

Na2S2O3 (2.37 g) in 50 ml water was slowly added into the diluted sulfuric acid solution (500ml, 

3mM) containing 1% (weight ratio) of polyvinylpyrrolidone (PVP, Mw~40,000). After stirring 

for 2hours at room temperature, the sulfur particles were collected by centrifugation and re-

dispersed into 300ml aqueous solution of PVP (1%). 200mg aniline and 10ml sulfuric acid (1M) 
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was added into the above emulsion. 0.5g ammonium persulphate in 30ml water was added in 

dropwise under nitrogen flow at 00C. After stirring at 00C for 24hours, the polyaniline coated 

sulfur particles were collected by centrifugation and dried under vacuum overnight. To prepare 

the sulfur-polyaniline yolk-shell structures, the powder of the core-shell particles was sealed into 

a glass tube filled with argon and heated to 1800C for 12hours. 

 

Electrochemical Measurement 

To prepare the cathodes, sulfur based materials were first mixed with carbon black and 

polytetrafluoroethylene (PTFE) binder (80:15:5 by weight) through ground in mortar. The 

mixture was then roll-pressed to produce electrode films with an average sulfur loading of 4mg cm-2, 

which were heated at 500C for 12 hours under vacuum before using to fabricate the coin cells. 2032 type 

coin cells were fabricated in an argon filled glove box using lithium foil as the anode and TFSI (1M in 

DOL/DME) as the electrolyte. The sulfur contents of S-Pani core-shell and yolk-shell in the whole 

cathode films were calibrated to be 65.6% and 46.4%, respectively. 

 

Material Characterization 

Powder X-ray diffraction (XRD) was performed by using a Rigaku® Ultima VI diffractometer, 

and diffraction patterns were collected at a scanning rate of 5 o/min and with a step of 0.02 o. 

Electron microscopy imaging was carried out using a Schottky-field-emission-gun Tecnai F20 

scanning transmission electron microscope (STEM) operated at 200 keV.  A high-angle annular 

dark field detector provided an incoherent projection image of the specimen with a signal 

intensity proportional to the amount of material and its atomic number, which is also known as 

Z-contrast. The energy dispersive x-ray (EDX) analysis was per-formed in F20 using an Oxford 

detector, at a beam current of about 1 nA. An EDX resolution of 1-5 nm is routinely achieved on 

this setup. Sulfur was not found to sublime into vacuum within the electron microscope under the 

testing conditions, likely due to the core-shell or yolk-shell structure, which protects sulfur 

against sublimation.  
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Section 8.3. Results and Discussions 

In this paper, sulfur-polyaniline(S-Pani) core-shell and yolk-shell nano-architectures have 

been prepared, tested and compared. They exhibited different cycling stability especially in 

prolonged cycling performance. The yolk-shell nano-composite was prepared through a heating 

treatment of core-shell composite and was found to provide higher capacity retention owing to its 

unique morphology that encapsulated the sulfur inside the polymer shells with buffer void. The 

advantage of yolk-shell structures lies in the presence of internal void space to accommodate the 

volumetric expansion of sulfur during lithiation, thus preserving the structural integrity of the 

shell while minimizing polysulfide dissolution. With the help of this yolk-shell structure, the 

capacity of Li/S batteries could be stabilized at 765 mAh g-1 at 0.2 C and 628 mAh g-1 at 0.5 C 

after 200 cycles.  

The S-Pani core-shell structure was synthesized as shown in Figure 1. First, the mono-

dispersed sulfur nanoparticles were prepared through the reaction of sodium thiosulfate with acid 

(HCl, HCOOH and H2SO4 were tested) in the presence of 1% (weight ratio) of 

polyvinylpyrrolidone (PVP, Mw~40000).32,33 The freshly prepared sulfur particles were then 

dispersed in an aqueous solution of aniline and diluted sulfuric acid under strong stirring. The 

polyaniline coated sulfur could be obtained through oxidation with ammonium persulphate at 

0oC for 24 hours.34,35 The scanning electron microscopy (SEM) image in Figure 1 shows uniform 

spherical nanoparticles prepared using H2SO4 as the acid source, with averaging diameter about 

348±20 nm. When HCl and HCOOH were employed as the acid sources, the obtained 

nanoparticles showed not only larger but also ununiformed nanoparticles, as shown in the 

Supporting Information(SI) Figure S1. Comparisons of maximum particle size obtained in the 
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presence of 1% PVP show the following order: H2SO4 < HCOOH < HCl. The surface of S-Pani 

particles appears to be very rough, with many nanoparticles protruding on the surface (SI, Figure 

S2), which can be attributed to the cross aggregation of polyaniline chains. The high angle 

annular dark field and bright field scanning transmission electron microscopy (HAADF-STEM, 

BF-STEM) images indicated that sulfur nanoparticles were uniformly encapsulated inside the 

polyaniline shell. From the contrast variation in Figure 2a-b, the polyaniline shell was measured 

to be about 15 nm, whereas the sulfur core was about 300 nm. Energy dispersive x-ray (EDX) 

elemental mapping confirmed that the core of the particle in Figure 2b was sulfur, along with 

overlaying carbon and nitrogen signals from coating polyaniline shells (Figure 2c). The EDX 

spectrum displayed a very strong sulfur peak, which was over ten-fold higher in peak intensity 

relative to carbon, as shown in Figure 2d. The X-ray diffraction (XRD) data of this S-Pani core-

shell structure only gave the well matched signals of orthorhombic sulfur, as shown in the Figure 

S3 of SI, indicating the polyaniline was amorphous. Thermogravimetric analysis (TGA) showed 

that about 82 wt% of sulfur was incorporated in the S-Pani composite (SI, Figure S4). Compared 

with recent reports on the polymer coated sulfur composites,21,22,36,37 much smaller sulfur 

particles and thinner polymer shell were obtained in this study, which would facilitate both the 

lithium ionic transportation and the electrochemical availability efficiency of sulfur owing to the 

poor conductivity of sulfur. 
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Figure 1. (a) Two step synthesis route for a S-Pani composite, with yellow sphere representing 
sulfur and dark green shell representing polyaniline and the black shell representing vulcanized 
polyaniline. (b) SEM images of S-Pani core-shell composite using H2SO4 as the acid source and 
(c) the particle size distribution.  
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Figure 2. (a) HAADF and BF STEM images of S-Pani core-shell structure. (b) Magnified image 

of a single S-Pani core-shell particle and (c) the corresponding EDX elemental mapping of 

carbon, sulfur, nitrogen, along with an overlay of those three maps, showing the enrichment of 

carbon and nitrogen on the shell. (d) EDX spectrum of S-Pani core-shell composite.  

 

  

(a) 

(b) (c)        C map S map 

N map 
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Figure 3. (a) Charge/discharge profiles and (b) Charge/discharge capacities vs cycle number for 

a S-Pani core-shell cathode at a rate of 0.2C (1C=1672 mA g-1). The capacity values were 

calculated based on the mass of sulfur. The large scale (c) and magnified (d) SEM images of S-

Pani core-shell structures after running 5 cycles in the coin cell. 
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We prepared cells, in which the S-Pani core-shell composite was used as cathode, lithium 

foil as the anode and 1.0M lithium bis-trifluoromethanesulfonylimide (LiTFSI) in a mixed 

solvent of 1,3-dioxolane and 1,2-dimethoxyethane (DOL/DME, 1:1, v/v) containing LiNO3 (1 

wt%) as the electrolyte. S-Pani was mixed with carbon black (Super P) and water soluble binder 

sodium alginate (80:15:5 by weight) to prepare the cathode film.38 Here, water soluble binder 

was employed to avoid unwanted dissolution of sulfur or even the damage of the nano-structures. 

As shown in Figure 3a, two well-defined discharge plateaus were observed, which could be 

assigned to the multi-step reduction mechanism of elemental sulfur, as reported previously.6-8 

The first plateau, centered around 2.35V, was generally attributed to the reduction of the S8 ring 

and the formation of S82-. The discharge plateau at 2.08V was ascribed to the further reduction of 

the higher polysulfides (Li2Sn, 4≤n≤8) to the lower polysulfides (Li2Sn, n≤3). Within the first 20 

cycles, the capacity showed clear fading with cycling, followed by a relatively stable capacity 

from the 20th to the 50th cycle. These features were similar to the previous reports,22,36 where 

only first 50 cycles were presented. In longer cycling, the capacity dropped heavily from 510 

mAh g-1 to 280 mAh g-1 after 125cycles, indicating that the core-shell structure was not effective 

in preventing the long-term loss of sulfur into the electrolyte during the redox processes. In 

comparison, a control electrode based on pure sulfur suffered from a much faster capacity fade, 

yielding a capacity of only 124 mAh g-1 after 125 cycles. These results indicate that although the 

core-shell structure provides a protective coating, it’s integrity is not preserved during the 

volumetric expansion and polysulfides eventually escape during the discharge process. The SEM 

image of the S-Pani core-shell composite after running 5 cycles in coin cell gave visualized 

evidence, in which, around half of the particles were broken or shrunk (shown in Figure 3 c and 



153 

 

d). All these above results indicated that the polyaniline shell could not effectively accommodate 

the large volumetric expansion during the lithiation process, especially in the long term and 

repeating discharge-charge processes.  

In order to provide more space to allow for the volume expansion of sulfur particles 

during lithiation, it is desirable to develop a S-Pani yolk-shell nanocomposite with polyaniline 

shells and tunable buffer voids. In this respect, the strategy of leaching sulfur out of the core-

shell structures through partial dissolution of sulfur in toluene has been reported.30 However, if 

the toluene can leach out the sulfur, it is also plausible that the electrolyte solvent DOL/DME 

could leach out the polysulfides during the discharge-charge process. To verify this, we tried to 

prepare the S-pani yolk-shell nanocomposites by leaching them with toluene/ethanol. As 

predicted, all of the core-shell structures were broken and the resulting half-bowl structures were 

observed, as shown in images of the Figure 4a. The STEM image exhibited that there was almost 

no sulfur left in the half bowl structures (Figure 4b), which indicates that nano-size sulfur was 

easily dissolved out under these conditions and the polyaniline shells were subsequently 

collapsed.  

From recent studies on polyaniline doped sulfur for Li/S electrode composites, 

polyaniline could react with sulfur at high temperature to form a cross-linked structure, which 

significantly improved the cycling performance.39,40 With this knowledge in mind, the S-Pani 

core-shell composites were heated at 180°C in a sealed tube filled with argon for 12 hours, with 

the expectation that elemental sulfur would react with polyaniline shell to form a three-

dimensional, cross-linked S-Pani yolk-shell structure with both inter- and/or intra-chain sulfide 

and/or disulfide bonds interconnection through in-situ vulcanization.39 Such a S-Pani yolk-shell 
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structure could potentially help to provide buffer void space for the volumetric expansion of the 

polysulfides during lithiation and physically confine the elemental sulfur and the polysulfides.  

 

Figure 4. (a) SEM and (b) HAADF-STEM images of S-Pani core-shell structure after leaching 

in toluene/ethanol.  
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Figure 5. (a) Large scale TEM image and (b) magnified TEM image and (c) SEM image of S-

Pani yolk-shell structures after heat-treatment. (d) FTIR spectra of S-Pani core-shell and yolk-

shell structures. 
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Transmission electron microscopy (TEM) and SEM images of S-Pani after heat treatment 

exhibited uniform, yolk-shell structures without any broken shell, as shown in Figure 5. The 

intact polymer shell was well preserved and partially hollowed yolk-shell structures of the S-Pani 

can clearly be observed. The void space appeared as either an empty area or lower intensity area 

due to the two-dimensional projection nature of the TEM images.41 The ability of sulfur vapor to 

diffuse out through the polyaniline shell indicates the porous nature of polyaniline shells, which 

can be ascribed to the cross aggregation of polyaniline chains. Unlike what the S-Pani core-shell 

structure did in the toluene/ethanol, the polyaniline shell did not shrink with the diffusing out of 

the sulfur in the heating treatment, suggesting that the mechanical strength of polyanilne shell 

was enhanced during the heating vulcanization. It can be attributed to the cross-linked sulfide 

and/or disulfide bonds interconnection among polyaniline chains. To verify it experimentally, 

Fourier transformed infrared (FTIR) spectra of S-Pani core-shell and heat treated yolk-shell 

structures were recorded and shown in Figure 5d. Both the C=C stretching vibration at 1497 

cm−1 from the benzenoid rings and the C-N stretching vibrational bands at 1307 cm−1 shifted to 

lower wave numbers, owing to the substitution of H atoms on benzenoid rings by S atoms. Three 

peaks at 1379, 1122 and 1040 cm−1 arose in the heat treated S-Pani yolk-shell composites, which 

could be assigned to the vibration of C-S.42-44 The intensity of the C-H vibrational band in the 

vicinity of 1149 cm−1 significantly weakens, further confirming the replacement of H atoms on 

aromatic rings by S atoms.39 And the heat treated S-Pani yolk-shell composites showed a blacker 

color compared with the dark green of S-Pani core-shell composites, as shown in the Figure S5 

of SI. Different to the orthorhombic sulfur of S-Pani core-shell composite, the XRD of heat 
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treated S-Pani yolk-shell composite indicated that it contained two types of sulfur, the sulfur 

(orthorhombic) and Rosickyite (monoclinic), as shown in the Figure S6. This indicates the 

formation of Rosickyite after heat treatment, giving rise to a polymorph of sulfur. These features 

confirm that elemental sulfur reacted with the unsaturated bonds of polyaniline during the heat 

treatment, through a well-known vulcanization reaction. The sulfur content was found to be 

about 58% in the heat treated yolk-shell composites according to the TGA result in the Figure S7 

of SI, which was around 46% in the whole electrode films considering 20% of carbon black and 

binder. The formation of the yolk-shell structure could be attributed to the vulcanizing reaction 

and partial evaporation of the elemental sulfur during the heating treatment. 
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Figure 6. Typical CV curves of S-Pani yolk-shell cathode at a sweep rate of 0.05 mV s-1(a) and 

0.02 mV s-1(b); Charge/discharge profiles and capacities vs cycle number for S-Pani yolk-shell 

composite cathodes at a rate of 0.2C (c) and 0.5C (d). 
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Cyclic voltammograms (CVs) of a Li-S cell with a heat treated S-Pani yolk-shell cathode 

was obtained at a scan rate of 0.05 mV s-1 and 0.02 mv s-1(Figure 6a and 6b). Two reduction 

peaks around 2.35 and 2.08 V were observed and could be assigned to the multi-step reduction 

mechanism of elemental sulfur, as reported previously.6-8 Compared with typical CV curves of 

Li-S cell, the reduction peak of the heat treated S-Pani yolk-shell cathode at 2.08V was a little 

smaller and a shoulder centered at 1.9V could be clearly observed, especially at a slow scan rate. 

Also, the reduction peak at 1.9V could be observed in every reduction cycle of the CV curves 

from the Figure 6a and 6b, indicating that the reduction at 1.9V was reproducible. This reduction 

peak could be attributed to the reduction of disulfide bonds connected with polyaniline through 

the vulcanization.40 Figure 6c shows the discharge-charge profiles of coin cells using heat treated 

S-Pani yolk-shell composites as the cathode materials at different current densities. Different to 

two clear discharge plateaus of the S-Pani core-shell composite electrode, two less well defined 

discharge plateaus centered around 2.35 and 2.08V were observed for heat treated S-Pani yolk-

shell composites, which was in highly agreement with the CV curves of Figure 6a.39,40 As 

illustrated in Figure 6c, the heat treated S-Pani yolk-shell composites showed an initial capacity 

of 1101 and 920 mAh g-1 under different current densities of 0.2 and 0.5 C, respectively. 

Although there was an initial capacity drop, the capacity tended to stabilize after about 10 cycles 

at both 0.2 C and 0.5 C (Figure 6d). Compared to the S-Pani core-shell electrode described 

earlier, the heat treated yolk-shell composite electrode exhibited significantly improved capacity 

retention with cycling, which could be ascribed to the combined contributions from buffer space 

and stabilized shell through vulcanization. After cycling for 200 cycles, a discharge capacity of 

765 mAh g−1 was obtained at 0.2 C, which corresponded to a 69.5% capacity retention. At a 
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higher current density of 0.5 C, a stable cycling performance was observed with a capacity 

around 628 mAh g-1 and a 68.3% capacity retention after running 200 cycles. The relatively 

lower cycling performance at 0.5 C can be attributed, at least in part, to the lower Coulombic 

efficiency at this current density. The improved cycling stability verifies that the yolk-shell 

structure can help to immobilize the polysulfides and mitigate capacity fading. To further 

investigate the stability of the yolk-shell structure during the cycling of coin cell, a cell was 

disassembled after running 5 cycles and the composite was regained after rinsing with water. As 

shown in the Figure 7, the intact polyaniline shells were still preserved, which suggests that the 

shell of vulcanized polyaniline can accommodate the volumetric expansion during the 

charge/discharge process. During the discharge process, the elemental sulfur was first reduced 

due to it’s relatively higher reducing potential. With the reducing of elemental sulfur, that is, the 

lithiation process, the volume of the sulfur/sulfide species was increased to near twice, which 

will fill the void space within the shell. After that, the disulfide bonds among polyaniline chains 

were reduced and the shell should not shrink much due to the volumetric increase of the inside 

sulfide species during lithiation. In subsequent charge process, the sulfide anions on the polymer 

chains could be re-oxidized to form disulfide again and recover the cross-linked polyaniline 

shell. So, theoretically, these processes should not destroy the yolk-shell structure. 

Experimentally, the CV gave reproducible reduction shoulder at 1.9V, which indicate these 

processes were reversible. In addition, the SEM and TEM images of the yolk-Shell structure 

after running 5 cycles gave visible evidence that the structure was well preserved. 
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Figure 7. The SEM (a) and TEM (b) images of S-Pani yolk-shell structures after the 5th charge 

in the coin cell. Small particles are the carbon black particles. 
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Figure 8. Schematically comparison of the S-Pani core-shell and yolk-shell SEM images after 

running 5 cycles in cells and the long term cycling performance. 
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The significantly improved cyclability could be ascribed to the sufficient buffer space in 

the yolk-shell structures, which allowed for the volume expansion of sulfur. After the heating 

treatment, the sulfur weight content dropped from 82% to 58%, as shown in the TGA data of 

Figure S4 and S7 of SI, which indicated that more than 2/3 of sulfur was evaporated out or 

reacted with the polyaniline shells based on the assumption that the weight of polyaniline did not 

change. Since the weight of polyaniline shells should actually increase by some degree during 

the vulcanization, the evaporated sulfur would be around or less than 2/3. These data indicate 

that the volume of empty space within the yolk-shell nanostructures was estimated to be around 

or near twice of the sulfur, which would be enough to accommodate the 80% volumetric 

expansion during the discharge process without causing the shell to crack.18 Apparently, these 

values were supported by the TEM images of Figure 5, in which, more than half of the space 

within the shell was void. Experimentally, the integrity of polyaniline shells was still well 

preserved after running 5 cycles in coin cell, as shown in the Figure 8, further confirming that the 

void buffer space of the yolk-shell structures successfully accommodated the volumetric 

expansion. By contrast, most polyaniline shells of the core-shell composite were cracked after 

running 5 cycles in coin cell, as shown in the Figure 8. All these above features, from different 

sides, verified that internal void space in the yolk-shell nanostructures was sufficient to 

accommodate the volume expansion of polysulfides during lithiation, thus maintaining the intact 

shells to minimize the polysulfide dissolution and maximize the capacity retention. One thing we 

should point out is that although this yolk-shell composite delivered much improved cycling 

stability compared with the core-shell composite, slow capacity degradation could still be 

observed. And the efficiency was just around 97%~98%, which indicates that the dissolution of 
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polysulfides and the subsequent shuttling effect still did not completely vanish in this condition. 

In addition, the sulfur ratio in the yolk-shell composite was only around 58%, which limited the 

real capacity based on the composite. But owing to the low cost of widely available polyaniline 

and the easily scaled up heating process that could give uniform distribution of leaching 

percentage across the entire array of nanoparticles, it is potentially scalable for industry 

manufacturing. 

Section 8.4. Conclusion 

 
In summary, polyaniline coated sulfur with core-shell and yolk-shell structures have been 

prepared and investigated to immobilize lithium polysulfides as the cathodes of Li-S cells. 

Compared with the core-shell composite, the as-synthesized S-Pani yolk-shell composite 

delivered obviously improved cycling stability. The vulcanized soft polymer shells and yolk-

shell structures developed in this study successfully encapsulated the sulfur and polysulfide 

species within the polymer shell and accommodated the volumetric expansion associated with 

the lithiation, owing to the presence of internal void space. While slight capacity fading was still 

observed, we believe that these results provide important insights and novel methodology to 

confine the sulfur and polysulfides for the future application of Li-S batteries. 

 

Supporting Information  

Experimental details for the material preparation, characterization, and device testing, along with 

additional supporting data. This material is available free of charge via the Internet at 

http://pubs.acs.org. 
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CHAPTER 9 

INFILTRATING SULFUR IN A HIERARCHICAL ARCHITECTURE MWCNT@MESO C 

CORE-SHELL NANOCOMPOSITES FOR LITHIUM-SULFUR BATTERIES*†

Section 9.1. Introduction 

 
Numerous effects has been focused on developing new materials for Li-ion 

batteries (LIBs), however, limited by the intercalation chemistry of the materials, LIBs 

cannot meet the increasing demand for higher the energy/power density for applications 

in hybrid electric vehicles or efficient storage for renewable energy. It is of urgent to 

explore new materials with high specific energy. Element sulfur (S), with a high 

theoretical specific capacity of 1675 mA h g-1,1-5 and high specific energy density of 2600 

Wh kg-1(when coupled with a Li metal electrode), which is about five times higher than 

conventional LIBs (410 Wh kg-1)6, 7. In addition to the high capacity, sulfur as a cathode 

material also has the advantages of natural abundance, cheap and environmentally 

friendly,8 makes Li/S batteries a promising candidate for the next-generation rechargeable 

batteries.  

                                                 

* Produced with permission from Deli Wang, Yingchao Yu, Weidong Zhou, Hao Chen, David A. 
Muller,  Francis J. DiSalvo, Hector D. Abruña. Physical Chemistry Chemical Physics, 
2013,15,9051 Copyright © 2013 Royal Society of Chemistry 

 

† D.W. synthesized the sample, Y.Y. performed the microscopy imaging. D.W. and Y.Y. designed 
and analyzed the battery testing. W.Z. and H.C. helped to perform the synthesis as well as 
analyzing data. D.A.M., H.D.A. and F.J.D. guided the work.  
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  However, the insulating nature of sulfur and the solubility of lithium polysulfide 

intermediates in the electrolyte limit the widespread practical use of Li/S batteries 

technology. One of the ways to overcome the sulfur cathode challenges is to use carbon 

materials as hosts to improve the conductivity of sulfur and alleviate the diffusion of 

lithium polysulfide into the electrolyte. Many efforts have been made to prepare various 

structure and morphology of carbon materials including carbon nanotubes,9-13 

mesoporous carbon,1, 14-18 carbon nanofibers,19-21 hollow carbon,3, 22 graphene/oxides,23, 

24 etc. Multi wall carbon nanotubes (MWCNTs) have been used as carbon matrix and 

electric conductor for sulfur cathode because of their high conductivity and unique 

structure. It is reported the cyclability of the Li/S batteries could be improved by 

combining sulfur with MWCNTs.13 However, the low surface area (typically less than 

200 m2/g) and pore volume of CNTs limit their capability to accommodate much sulfur. 

Mesoporous carbons (Meso Cs) with higher surface area and inter connected pore 

networks have attracted much attention for application in Li/S batteries. For example, by 

confining sulfur in mesoporous carbon, the S/C composites show a high initial discharge 

capacity of 1320 mA h g-1  and a slow capacity fading over 20 cycles at a current density 

of 168 mA g-1.1 However, the electronic conductivity of mesoporous carbon is much 

lower than other graphite-based materials due to its disordered amorphous nature. 

Inspired by these previous work, by combining the advantages of MWCNTs and Meso 

Cs, the hierarchical architecture of MWCNT@Meso C nanocomposites with high surface 

area and good electronic conductivity might serve as good carbon matrix for Li/S 

batteries.  
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Herein, we report the rational design and synthesis of a hierarchical architecture 

MWCNT@Meso C with a core-shell configuration as an improved confined matrix for 

the sulfur cathode. In this MWCNT@Meso C core-shell structure, the mesoporous carbon 

shell serves as carbon matrix to trap sulfur, while the high aspect ratio MWCNT core 

facilitate the electron transport.  

Section 9.2. Materials and Methods 

 
Synthesis of MWCNT@meso C composites. The coating of mesoporous carbon on 

MWCNTs was conducted using MWCNT@meso SiO2 composites as a hard template. 

The MWCNT@meso SiO2 composites were firstly synthesized according to a sol-gel 

coating method.33, 34 In a typical synthesis, 200 mg MWCNTs were dispersed in a CTAB 

containing EtOH/H2O mixture solution. After sonicating for 1 h, 4 mL ammonia was 

immediately added into above mixture, and then TEOS (2 mL in 80 mL EtOH) was added 

and the mixture was stirred under magnetic stirring for 12 h. The mixture was then 

centrifuged and washed with EtOH and pure water. After vacuum drying, the surfactants 

in the mixture were removed by ion exchange method (4 g NH4NO3 in 240 mL acetone) 

to obtain a core-shell structured MWCNT@meso SiO2 composite.  

  The as-prepared MWCNT@meso SiO2 composites were then used as a hard 

template, furfuryl alcohol as a carbon source and oxalic acid as a catalyst to synthesize 

MWCNT@meso C composites. Typically, 300 mg MWCNT@meso SiO2 composites 

were added in an EtOH solution containing 450 mg furfuryl alcohol and 3 mg oxalic acid.  

After sonicating for half an hour, the mixture was placed in a sealed Teflon container. 

The hydrothermal reaction was carried out at 80 oC for 48 h in order to completely fill the 
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nanopores of SiO2 with carbon source. The MWCNT@meso C composites were then 

obtained after being pyrolyzed at 150 oC for 3 h and carbonized at 900 for 2 h. Finally, 

the silica in the composites was etched in a NaOH solution to obtain MWCNT@meso C 

composites. 

Infiltrating S in MWCNT@meso C composites. Sulfur was infiltrated in the 

MWCNT@meso C composites by an impregnation-heating method. Firstly, 120 mg 

sulfur were dissolved in THF under magnetic stirring at 40 oC, and 80 mg 

MWCNT@meso C as carbon matrix were dispersed in it. After ultrasonic blending for 

30 min, the suspension was heated atb 40 oC under magnetic stirring to allow the solvent 

to evaporate and to form slurry. The slurry was dried in a vaccum oven at 40 oC. After 

being ground in an agate mortar, the powder was then transferred to a Schlenk / vacuum 

line and sealed under vacuum. The sample was heated to 200 oC for 5 hours to infuse 

sulfur into the mesoporous carbon host. S/MWCNT composites were also synthesized 

using the same procedure for comparison. 

Characterization. The samples were characterized by powder X-ray diffraction using a 

Rigaku® Ultima VI diffractometer, operated at 40 kV and 44 mA, and diffraction patterns 

were collected at a scanning rate of 5 o/min and with a step of 0.02 o. TEM was performed 

using a Shottky-field-emission-gun Tecnai F20 operated at 200 kV. The electron energy 

loss spectroscopic maps were acquired on a 100 kV 5th-order aberration-corrected 

scanning transmission electron microscope (Nion UltraSTEM).  
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Electrochemical measurements. The electrochemical measurements were carried out 

with CR 2032 coin cells assembled in an argon-filled glove box with lithium metal as 

anode. The cathodes consisted of 90 wt% active materials and 10 wt% 

polytetrafluoroethylene as a binder, which were rolled into a thin film. After drying under 

vacuum at 40 oC, the film was cut into a circular electrode with an area of 0.71 cm2. The 

cut film was then pressed onto a nickel foam as cathode for Li/S battery. Using lithium 

foil as the anode, the electrodes were separated by a separated material (Celgard 2320). 

The electrolyte is 1.0 M LiN(CF3SO2)2 (LiTFSI) in a mixture of dimethoxyethane (DME) 

and 1,3-dioxolane (DOL) with 1 : 1 v/v. 

Galvanostatic charge/discharge of the coin cells were tested using Arbin battery testing 

system with a constant discharge current density of 100 mAg-1 and charge current density 

of 100 mAg-1. at a cut-off potential of 1.5–3.0 V under room temperature. All the 

capacities were normalized to the mass of the sulfur in the active materials. Cyclic 

voltammetry (CV) testing of the cells were performed on a Solartron electrochemistry 

working station at a scan rate 0.05 mV s-1 

Section 9.3. Results and Discussions 

The MWCNT@Meso C core-shell composites were prepared by using sol-gel 

coating method followed by nanocasting. As shown in Scheme 1, the porous SiO2 was 

first coated outside of MWCNT using TEOS as Si source with the aid of cationic 

surfactant CTAB. The MWCNT@Meso SiO2 composites were obtained by removing 

CTAB via an ion-exchange procedure. The MWCNT@Meso SiO2 nanocomposites then 
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served as a “hard template” which were soaked with furfural alcohol and oxalic acid. 

After carbonizing at high temperature and removing of SiO2, mesoporous C coated 

MWCNT nanocomposites were obtained. These core-shell structures can be seen clearly 

from STEM images (Figure 1). Before coating, the diameter of MWCNTs is about 20 nm 

(Figure a and a’). After coating with a thin SiO2 layer, the diameter increased by 10 nm, 

corresponding to a 5 nm thick SiO2 layer on the MWCNTs surface (Figure b and b’). 

Figure 1c and c’ show a pair of dark and bright-field STEM images of MWCNT@Meso 

C. Compared with original MWCNT, the 1-D tubular structures with the retained 

morphology are reserved, while the surface seems coarser than those of pristine 

MWCNTs. 
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Scheme 1. (a) Synthesis procedure of MWCNT@Meso C core-shell composites; (b) Sulfur infiltrated 

MWCNT@Meso C core-shell composites as cathode materials for Li/S batteries. 
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Figure 1. Dark field(a, b and c) and bright field (a’, b’ and c’) STEM images of pristin 

MWCNT(a,a’), SiO2 coated MWCNT (b, b’), and mesoporous catbon coated MWCNT (c, c’). 
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Infiltrating sulfur into the MWCNT@meso C core-shell nanocomposites was 

performed by impregnating followed by vacuum heating method. Specifically, sulfur was 

first dissolved in THF solution, certain amount of MWCNT@meso C nanocomposites 

were then dispersed in it. After evaporating solvent and drying in a vacuum oven, the 

mixture was placed into a quartz tube, which was then transferred to a Schlenk / vacuum 

line and sealed under vacuum. The sample was then heated to 200 oC for 5 hours to infuse 

sulfur into the mesoporous carbon host. S/MWCNT composites were also synthesized 

using the same procedure for comparison.  

Figure 2 show the powder X-ray diffraction (XRD) patterns of sulfur, MWCNT, 

S/MWCNT, and S/MWCNT@meso C. Pure sulfur shows a typical reflection of a-

orthorhombic type of sulfur (S8, JCPDS#08-0247). By combining sulfur with MWCNTs, 

the diffraction pattern changed to β-monoclinic type of sulfur after impregnation-heating 

treatment. For S/MWCNT@meso C, the graphitic diffraction peaks of MWCNTs at 

around 25 o and 44 o are still reserved after sulfur infiltration, while the diffraction peaks 

of sulfur are much weaker or disappeared, indicating sulfur exists as small nanoparticles 

and dispersed well in the MWCNT@meso C structure.5, 25, 26 The actual loading of sulfur 

in S/MWCNT@meso C composites determined using thermogravimetric analysis (TGA) 

is about 60wt% (Figure 2b), which is close to the nominal ratio.   
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Figure 2. (a) XRD patterns of sulfur, MWCNT, S/MWCNT, and S/MWCNT@meso 
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Further evidence of sulfur exists in the MWCNT@meso C composite was 

provided by TEM images and EELS spectrum. As shown in Figure 3a, the EELS 

spectrum of sulfur L2,3 edge was obviously observed. The dark-field STEM image of 

S/MWCNT@meso C composites (Figure 3b) coupled with the elemental mapping 

analysis of carbon and sulfur (Figures 3c and d), indicating sulfur dispersed 

homogenously in the carbon matrix with no obvious aggregation. We can also see from 

the line profiles that sulfur distributed only on the surface of MWCNT, which is in the 

matrix of mesoporous carbon (Figure 3e). 

  



 

179

 

  

 

 

Figure 3. Dark field (DF)-STEM image of S/MWCNT@meso C composite (a) and the corresponding 

elemental mapping for carbon (b) and sulfur (c), the scale bars are 10 nm; (d) Line profiles of carbon 

and sulfur composition across the MWCNT in figure a (the white arrow indicates the scan direction); 

(e) EELS spectrum of sulfur. 
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The overall electrochemical properties could be improved using this unique 

structure of S/MWCNT@meso C nanocomposite as cathode materials for Li/S batteries. 

As previously illustrated in scheme 1b, the outer layer mesoporous carbon shell not only 

serves as hosts to trap sulfur/polysulfides, but also provides pathway for Li ion 

transportation, while the inter layer MWCNT core provides electron pathway. Cyclic 

voltammetry (CV) was firstly carried out to study the kinetic processes of sulfur reduction 

and polysulfide oxidation of S/MWCNT@meso C nanocomposite. As shown in Figure 

4a, there are two peaks in the first cathodic scan, indicating that during discharge the 

electrochemical reduction of sulfur occurs in two stages. According to the mechanism for 

sulfur electrochemical reduction, the peak at a potential of around 2.3 V is related to the 

open ring of cyclic S8 to long chain lithium polysulfides (Li2Sn, 4<n<8).27-30 The following 

peak at a potential of about 2.0 V is associated with further reduction of higher-order 

lithium polysulfides to insoluble Li2S2 and Li2S.29-32 The first cathodic peak shifts 

positively in the following cycles. It is probably due to the electrochemical reaction of 

sulfur needs to overcome the strong absorb energy with the conductive matrix during the 

first discharge process. Notably, there are no obvious potential or current changes of 

cathodic peaks in the subsequent cycles, indicating the stable performance of the 

composite after the first cycles. In the anodic scan, a bigger oxidation peak at a potential 

of around 2.4 V, followed by a smaller peaks at a potential of around 2.5 V, indicating 

the charging process also occurs in two stages. The bigger oxidation peak corresponds to 

the formation of lithium polysulfides from lithium sulfulfides. The smaller peak ascribe 

to the continuing oxidation of lithium polysulfides to elemental sulfur. And this peak 

gradually disappears after the first cycle. 
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The electrochemical performance of the S/MWCNT@meso C nanocomposites 

was further investigated by galvanostatic charging/discharging the materials in a coin 

cell. Figure 4b shows typical charge/discharge profiles of S/MWCNT@meso C 

nanocomposites with a cut-off voltage window of 1.5-3.0 V. Two voltage plateaus 

appeared at around 2.3 V and 2.0 V in discharge curves, indicating two-step reaction of 

sulfur with lithium during discharge process, which matches well with the CV curves. In 

the first cycle, the discharge capacity is 1248 mA h g-1  (based on the mass of sulfur). The 

discharge capacity dropped to 1053 mA h g-1 in the second cycle and stabilized at around 

1000 mA h g-1 during 10 cycles, which is 80% of initial capacity. The capacity starts to 

decrease after 10 cycles and retained about 640 mA h g-1 after 50 cycles. The 

S/MWCNT@meso C nanocomposites shows remarkable performance enhancement 

compared with that of S/MWCNT as shown in Figure 4c. Although S/MWCNT cathode 

shows an initial discharge capacity of 1223 mA h g-1, the capacity kept decreasing and 

the capacity dropped to 118 mA h g-1 after 50 cycles, which is only 10% retaining. 

However, for S/MWCNT@meso C cathode, there are 51% capacity remained after 50 

cycles. The performance improvement could be attributed to the bi-functional effects of 

MWCNT@meso C as carbon matrix, in which mesoporous carbon traps 

sulfur/polysulfides and MWCNTs provides electron pathways. The rate capability of 

S/MWCNT@meso C is demonstrated in Figure 4d. The cell delivered an initial capacity 

of 1250 mA h g-1 at a current density of 0.1 A g-1. As the discharge current density 

increasing, the discharge capacity gradually decreases and remains at around 720 mA h 

g-1 at a current density of 2 A g-1.  
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Figure 4. (a)Cyclic voltammogram of the S/MWCNT@meso C nanocomposites in a coin cell at a 

scan rate of 0.05 mV/s; (b) Charge-discharge profiles of S/MWCNT@meso C at a current density of 

0.1 A/g; (c) Cycling performance of S/MWCNT@meso C and S/MWCNT cathodes at a current 

density of 0.1 A/g; (d) Rate capabilities of S/MWCNT@meso C. 
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Section 9.4. Conclusion 

 
      In conclusion, we have successfully synthesized a hierarchical architecture 

MWCNT@meso C with a core-shell structure. By infiltrating sulfur in the mesoporous 

carbon as cathode materials for Li/S battery, the unique S/MWCNT@meso C 

nanocomposites show an enhanced electrochemical performance. The improved overall 

electrochemical performance can be attributed to a bi-functional effect of 

MWCNT@meso C as carbon matrix. First, the mesoporous carbon with higher surface 

area traps sulfur/polysulfides, while MWCNT core provides electronic pathways. This is 

only a preliminary result we have obtained using this core-shell structure as carbon matrix 

for confining sulfur. We are trying to tune some parameters of the shell to optimize the 

overall electrochemical performance, such as the thickness and the pore size of the 

mesoporous carbon shell, etc. Anyway, this novel structure may provide some reference 

information for material design, especially for carbon matrix to trap sulfur in Li/S 

batteries. 
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CHAPTER 10 

AMYLOPECTIN WRAPPED GRAPHENE OXIDE/SULFUR FOR IMPROVED 

CYCLABILITY OF LITHIUM-SULFUR BATTERY *†

Section 10.1. Introduction 

There is currently a great deal of interest in the development of high energy and 

power density and long life rechargeable batteries for transportation and grid applications. 

Much attention has been focused on lithium ion batteries (LIBs) due to their potentially 

high energy density and low cost. The typical cathode materials most widely used in 

commercial LIBs are LiCoO2, LiMn2O4 and LiFePO4. However, they are limited by their 

relatively high cost, as in the case of cobalt, and low energy density.1-3 Although the 

theoretical capacities can reach to 300mAh g-1, the maximum practical capacities 

obtained are typically less than 200mAh g-1. Compared with the relatively large capacity 

of current anodes, the use of cathodes based on transition metals puts a theoretical limit 

on LIB systems for large scale energy storage. Lithium-sulfur (Li/S) batteries, represent 

one of the most promising candidates for next generation LIBs owing to their high 

theoretical capacity of 1673mAh g-1, which is about five times that of current commercial 

cathodes.4 Although the voltage of Li/S cells is around 2.1~2.3V (relative to Li/Li+), the 

very high capacity and low cost overcome these limitation. However, despite their 

                                                 

*  Produced with permission from Weidong Zhou , Hao Chen , Yingchao Yu , Deli Wang 
, Zhiming Cui , Francis J. DiSalvo , and Héctor D. Abruña. (2013) ACS Nano, 7, 10, 8801. 
Copyright © 2013 American Chemical Society 

 

† W.Z. and H.C. synthesized the sample, Y.Y. performed the microscopy imaging. D.W. 
and Z.C helped to perform the synthesis. H.D.A. and F.J.D. guided the work.  
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attractive properties, Li/S batteries suffer from poor cyclability, which is mainly 

attributed to the dissolution of intermediate lithium polysulfide products Li2Sn (4≤n≤8), 

volumetric expansion and the poor conductivity of sulfur and polysulfide species.5-7 In 

order to address these challenges, various methods have been reported including the use 

of mesoporous carbon,8-16 graphene oxide,17,18 carbon nanotube,19-21 sulfur-coating 

polymer composites.22-24 Among these, mesoporous carbon-based materials with pore 

size of less than 5nm show attractive performance. However, the preparation of 

mesoporous carbon usually involves the use of highly toxic hydrofluoric acid to remove 

the hard template.8-16 And from the mixing of mesoporous carbon and sulfur, if the sulfur 

could diffuse into the small pores of the mesoporous carbon, the sulfur could also diffuse 

out during long cycling, considering the fact that the sulfur can still be accessed by 

electrolyte for long terms. Although the weak interactions between sulfur and mesopores 

could alleviate the dissolution of polysulfides in a short term, the polysulfides should still 

be dissolved and diffuse out eventually. This is likely the reason why extended cycle life 

(>100 cycles) tests with stable capacity retention and high Coulombic efficiency were 

rarely reported for this type of Li/S composites. In addition, the mesoporous carbon/sulfur 

composites are constructed through the diffusion of sulfur vapor or liquid sulfur into the 

nano-pores of mesoporous carbon, which limits the sulfur loading in the electrode 

composite. Another innegligible phenomenon in Li/S batteries is that polyvinylidene 

fluoride (PVDF) dissolved in N-methyl-2-pyrrolidone (NMP) was generally employed as 

the binder. However, NMP could dissolve the sulfur, which will destroy the pre-

constructed nanostrucutures and the evaporation of NMP under vacuum could also cause 

related environmental problems.25 To overcome these limitations, more feasible methods 

need to be explored to immobilize the lithium polysulfides at lower cost and can be easily 

scaled up in industry.  
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Section 10.2. Materials and Methods 

 
According to the recent studies, graphene-oxide(GO) doped sulfur in Li/S 

electrode composite show promising improvement for the cycling stability of the 

corresponding batteries.17,18 GO consists of a basal plane decorated mostly with epoxide 

and hydroxyl groups, in addition to carbonyl and carboxyl groups, which are located at 

the edges.26-29 These groups in grapheme-oxide play important role for immobilizing the 

otherwise free lithium polysulfides.17 However, the stable charge-discharge process of 

pure GO coated sulfur composite can only be observed at initial 30cycles, followed by an 

obvious capacity fading. When a PEG surfactant coated sulfur was wrapped with GO, the 

capacity dropped from initial 1000mAh g-1 to 550 mAh g-1 after 20 cycles.18 These 

capacity fading probably because the superficial sulfur cannot be fully trapped and the 

open channels among the GO layers provide large space for polysulfides to escape. To 

further immobilize the polysulfides, a soft polymer should be employed to wrap the GO/S 

composite and construct a 3-dimensional network for better immobilizing the polysulfide 

species and accommodating the volumetric expansion during cycling. The polymer had 

better interact with the marginal hydroxyl and carboxyl group of the GO for binding the 

margins of adjacent GO layers to avoid the polysulfide diffusing out of the GO layers. In 

the meantime, it should be both insoluble and non-redox active in the LIBs potential 

window. 

With this consideration in mind, a natural polymer, amylopectin was pitched on 

here because sufficient hydroxyl units of amylopectin will interact with the hydroxyl 

group of GO through hydrogen bonding interaction to form cross-linked 3-dimensional 
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structure, helping to bind the GO layers and accommodate the volumetric expansion, and 

it is environmentally benign.30-33 Recently, gelatin and β-cyclodextrin were tested as 

aqueous binders of the Li-S batteries for the immobilization of polysulfides, which gave 

improved cyclability in the initial 50 cycles.34,35 Water soluble brown algae was also 

harnessed as a binder to build silicon nanopowder–based lithium ion batteries and gave 

improved performance.36 Herein, the reasonable combination of amylopectin wrapped 

GO-Sulfur as electrode composite for improvement of sulfur electrode stability was 

investigated. As expected, with the assistance of this structure, the cycling stability of the 

sulfur electrode was enhanced significantly compared with the unwrapped GO-Sulfur 

composite. This cross-linked build-up, constructed through the intermolecular 

interactions, provides new opportunities to mitigate the diffusion of lithium polysulfide 

species and improves the cycling stability of Li/S batteries.  

A control sample of amylopectin doped sulfur without GO (but contained carbon 

black) was first prepared to test the electrochemical properties. Sulfur and carbon black 

were first heated to 1550C for 12 hours to obtain a homogeneously mixed material. The 

mixture was dispersed in an aqueous amylopectin solution under sonication and excess 

ethanol was then added slowly to yield the black precipitation of amylopectin coated 

sulfur (S-Amy) composite. According to the thermogravimetric analysis (TGA) curve of 

the obtained black powder, in Figure S1 of the Supporting Information(SI), around 56% 

sulfur and 14% amylopectin were contained in the composite. It was then ground in the 

presence of 5% polytetrafluoroethylene (PTFE) to lower the stiffness of amylopectin, 

giving the electrode films with an average sulfur mass loading of 4.0 mg cm-2. Coin cells 

were fabricated to test the electrochemical performance of the S-Amy composite using 
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lithium foil as the anode and 1.0M lithium bis-trifluoromethanesulfonylimide (LiTFSI) 

in a mixed solvent of 1,3-dioxolane and 1,2-dimethoxyethane (1:1, v/v) as the electrolyte. 

Preparation of S-Amy composite electrode: In a typical electrode making process 

of S-Amy, 50mg sulfur and 25mg carbon black were first heated at 1550C for 12 hours to 

obtain a homogeneous material. The mixture was dispersed in 100ml aqueous solution of 

15mg amylopectin under sonication and 300ml ethanol was then added slowly to yield 

the precipitation of amylopectin coated sulfur-carbon black composite. The above 

precipitation and polytetrafluoroethylene (PTFE) were well ground in a mortar with the 

addition of isopropanol and then were roll-pressed to produce an electrode film, which 

was heated at 500C for 12 hours under vacuum before using to make the coin cell. The 

coin cells were fabricated in an argon-filled glove box using lithium metal as the counter 

electrode and a microporous polyethylene separator. The control experiment of pure 

sulfur coin cell was also fabricated according to the same procedure, except that the 

cathode composite was made from 50% of elemental sulfur, 40% of carbon black and 

10% of PTFE binder. 

Synthesis of GO-S-Amy composite: 60mg GO was well dispersed in 100ml water 

through 1 hour sonication to obtain a black homogeneous suspension. For sulfur particles 

synthesis, 2.0g of Na2S2O3 was first dissolved in 400ml of 1% PVP aqueous solution. 6ml 

concentrated hydrochloric acid was added to the above solution, and then the system was 

kept at room temperature for 40min with magnetic stirring to get white gel solution of 

sulfur particles. The suspension of GO was then added into the sulfur gel solution under 

vigorous magnetic stirring. After 20min, the product of GO-S was collected by centrifuge 
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and further washed twice with water. 10mg amylopectin was suspended in 100ml water 

and then heated to 800C for 1 hour to get a transparent solution. Fresh prepared 70mg of 

GO-S and 15mg carbon black were added to the above solution and stirred for 30min 

under sonication for intensive mixing. The resulting suspension was poured into 300ml 

ethanol, filtered and dried to get a black powder. The obtained powder and 5% PTFE 

were well ground in a mortar with the addition of isopropanol and then were roll-pressed 

to produce an electrode film, which was heated at 500C for 12 hours under vacuum before 

using to fabricate the coin cell. The GO-S-Amy coin cell was fabricated according to the 

similar procedure as S-Amy coin cell. 

Section 10.3. Results and Discussions 

 
A cyclic voltammetry (CV) of a Li/S cell with the S-Amy cathode was obtained 

at a scan rate of 0.05mV s-1, and was shown in Figure S2 of the SI. Two well-defined 

reduction peaks at 2.35 and 2.08V were observed, which could be assigned to the 

multistep reduction mechanism of elemental sulfur, as reported previously.8-24 The 

reduction peak centered around 2.35V is generally attributed to the reduction of the S8 

ring and the formation of S82-. The reduction peak at 2.08V is associated with further 

reduction of the higher polysulfide species (Li2Sn, 4<n<8) to the lower polysulfide species 

(Li2Sn, n≤2). The broad oxidation peak around 2.3-2.5V is associated with the oxidation 

of polysulfides to the neutral elemental S8.9  
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Figure 1. a) Charge/discharge profiles and b) Charge/discharge capacities vs cycle 

number for S-Amy cathode at a rate of C/8. 1C was corresponded to a current density of 

1600mA/g and the capacity values were calculated based on the mass of sulfur. 
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Figure 1a depicted the first and 40th discharge/charge profiles of the S-Amy 

electrode at a rate of C/8 in a rechargeable lithium cell. Two flat discharge plateaus 

located at 2.35 and 2.08V were clearly observed, in good agreement with the CV results. 

As shown in Figure 1b, the S-Amy electrode showed an initial discharge capacity of 825 

mAh g-1 followed by a gradual decrease during subsequent cycles. Compared with the 

cycling performance of the pure sulfur electrode, although the pure sulfur cathode 

exhibited a higher capacity in initial 15cycles, it exhibited a much faster capacity fade 

especially after 30 cycles. The relatively slow capacity fading of S-Amy electrode 

indicates that the addition of amylopectin can alleviate the diffusion of the lithium 

polysulfides into the electrolyte and therefore suggests that the amylopectin could be 

adopted as an additive for Li/S batteries.34-36 On the other hand, the coulombic efficiency 

of the S-Amy electrode stabilized at a little over than 90% and the capacity still faded 

obviously, which indicate there still be some polysulfide dissolution and shuttling of the 

polysulfide species.37 
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Scheme 1. Schematic two step synthesis route for a GO-S-Amy composite, with yellow 

balls representing sulfur and black balls representing carbon black. 
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Figure 2. SEM images of GO (a) and GO-S-Amy (b) composite. 
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The amylopectin wrapped Graphene Oxide-Sulfur(GO-S-Amy) composite was 

subsequently prepared through a quite sample dissolution-precipitation method. In our 

approach (Scheme 1), typical Hummers GO was employed in the electrode composite.29 

The GO was first dispersed in the solution of sodium thiosulfate under sonication to form 

a homogenous suspension. Sulfur particles could then be synthesized and precipitated 

homogeneously among GO layers by reacting sodium thiosulfate with hydrochloric acid. 

As shown in the TGA curve of Figure S3 in the SI, around 72 wt% of sulfur was 

incorporated in the GO-S composite. The as prepared GO-S and carbon black were 

dispersed in an aqueous solution of amylopectin through sonication. Excess ethanol was 

then slowly added to give the GO-S-Amy floccus precipitation, which was employed to 

make the electrode film after drying in vacuum. According to the TGA results of Figure 

S4 in the SI, the final sulfur content in the whole electrode was around 52% accounting 

5% PTFE binder added during the preparation of the electrode film. This approach is 

much simpler and economical when compared with the widely used procedure of long 

time or repeated sublimation for infusion of elemental sulfur into porous carbons. Also, 

such a process is environmentally benign and highly reproducible, and can be 

straightforward to scale up in industry. 

Figure 2 exhibits the scanning electron microscopy (SEM) images of the GO and 

GO-S-Amy composite. Compared with the well defined flake structure of GO, 

amorphous and aggregated nano-sheets with carbon black particles on the surface were 

observed for the GO-S-Amy composite, which could be attributed to the interaction 

between amylopectin and GO. In the scanning transmission electron microscopy (STEM) 

images of GO-S-Amy composite, sulfur particles with a diameter of around 500nm could 
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be clearly observed, as shown in Figure 3a and 3b. Elemental maps of sulfur and carbon 

(Figure 3) confirmed that the bright particles in Figure 3b were sulfur particles, along 

with overlaying carbon signals from GO sheets. Compared with the SEM image of Figure 

2b, the sulfur particles should have been confined among the GO layers, because there 

was no sulfur particle could be observed on the surface from the SEM image. Energy-

dispersive X-ray (EDX) microanalysis exhibited strong sulfur peak, which is around three 

times of carbon, as shown in Figure 3f. The relative content of sulfur in GO-S-Amy 

should be higher considering that the contribution of amylopectin and the carbon film on 

the STEM grid was also included in the EDX intensity of carbon. In the case of 

unwrapped GO-S, the sulfur particles could not be observed in the STEM images, as 

shown in Figure 4, which can be attributed to the high vacuum of STEM and high vapor 

pressure of the sulfur.38, 39 Although elemental sulfur could still be detected in the sulfur 

map, the EDX intensity of sulfur is obviously smaller compared with the carbon, which 

suggests most of the sulfur in GO-S was evaporated in the high vacuum of STEM. These 

features, from one side, verify the amylopectin effectively wrapped the sulfur in GO-S-

Amy. 
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Figure 3. STEM images of GO-S-Amy in bright field (a) and dark field (b). Elemental 

mapping of the region shown in yellow square of (b) for carbon (c), sulfur (d) along 

with (e) an overlay of those two maps. (f) EDX spectrum of GO-S-Amy composite.  

 

(a) 

500nm 

(c)           C map (d)                S map 

(e) (f) 
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Figure 4. STEM bright field image of the GO-S composite (a) and the corresponding 

elemental mapping for carbon (b), oxyen (c) and sulfur (d). (e) EDX spectrum of GO-S 

composite. 
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The obtained dry GO-S-Amy composite was employed to make the electrode 

films with several typical sulfur mass loadings of 2.0mg cm-2, 4.0mg cm-2 and 6.0mg cm-

2 through control the thickness of electrode films. Figure 5 shows the CV and cycling 

performance of coin cells using GO-S-Amy as the cathode with a suffer loading of 4.0mg 

cm-2. Two well defined reduction peaks centered around 2.3 and 2.03V were clearly 

observed, similar to the CV of the S-Amy electrode described above. During the initial 

10 cycles, the redox curves become sharper gradually suggesting reversibility actually 

improved with cycling. As illustrated in Figure 5b, the GO-S-Amy electrodes showed 

initial capacities of 817, 650 and 596 mAh g-1 under different C rates of C/8, 5C/16 and 

C/2, respectively. Although there was an initial drop, the capacity stabilized after about 5 

cycles at both low and high current densities, as observed in Figure 5c. Afterward, there 

was a much more gradual decrease in capacity. A control sample of GO-S without 

amylopectin coating exhibited a stable cyclability during the first 25 cycles followed by 

a significant capacity fading. Relative to the amylopectin free GO-S electrode, the GO-

S-Amy electrode exhibited much improved capacity retention with long cycling, which 

was ascribed to the cross-linked structures of GO wrapped amylopectin and polysulfides. 

After a long-term cycling of 175 cycles, a discharge capacity of 441 mAh g−1 was 

obtained at 5C/16, which corresponded to a 68% capacity retention ratio as shown in 

Figure 5d. At the higher current density of C/2, much more stable cycling performance 

was observed with a stable capacity around 430mAh g-1, which did not decay 

significantly after 100 cycles. The relatively better cycling performance at C/2 can be 

attributed to the weaker shuttle effect at higher current density.6 The improved cycling 

stability verifies the fact that amylopectin wrapped GO-sulfur structure can help to 
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immobilize the polysulfides and reduce the capacity fading, which was in agreement with 

the successful confinement of sulfur under high vacuum of STEM. The branched 

amylopectin could the wrap and bind GO layers effectively through its cross-linked 3-

dimension structure and supramolecular interaction, which closes the open channels 

among GO layers and minimizes the diffusion of the polysulfides. As a result, electrodes 

employing the amylopectin wrapped GO-Sulfur exhibited better cycling stability. 
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Figure 5. a) Typical CV of GO-S-Amy cathode at a sweep rate of 0.1 mV s-1; b) First 

cycle charge/discharge profiles for the GO-S-Amy cathodes at current densities of C/8, 

5C/16and C/2; c) and d) Charge/discharge capacities vs cycle numbers of GO-S and GO-

S-Amy at different current densities. 
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Figure 6. a) First cycle charge/discharge profiles for the GO-S-Amy cathodes with the 

sulfur loadings of 2mg cm-2 and 6mg cm-2 at C/8; b) Charge/discharge capacities vs cycle 

numbers of GO-S-Amy at different sulfur loadings. 
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Figure 6 shows the CV and cycling performance of the GO-S-Amy composite 

electrodes with different sulfur loadings of 2mg cm-2 and 6mg cm-2 at C/8. Obviously, 

the lower suffer loading of 2mg cm-2 GO-S-Amy cathode delivered higher discharge 

capacity and efficiency in this condition. From the Figure S6 of SI, the coulombic 

efficiencies of the electrode with different sulfur loadings of 2mg cm-2, 4mg cm-2 and 

6mg cm-2 at C/8 were around 98, 94 and 91, respectively. Here, lower capacity at higher 

suffer loading can be attributed to the poorer ionic transportation and contact in thicker 

electrode film. We should point out that although this composite showed better cycling 

stability compared with the pure sulfur and un-wrapped GO-S, slow capacity degradation 

could still be observed. Besides, the efficiency was just around 98% even in low suffer 

loading of 2mg cm-2, which indicates that the dissolution of polysulfides and the 

subsequent shuttling effect are still not completely vanished in this condition. But the low 

cost of materials and the easy scaled up preparation process give the competitive 

advantage for this structure. 
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Figure 7. STEM dark field image of GO-S-Amy composite after 50th discharge in cell 

(a) and corresponding elemental mapping for sulfur (b) and carbon (c). 

  

 

1µm 
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To further investigate the structure of the GO-S-Amy composite during the long cycling, 

a cell was opened after 50th full discharge in cell and the electrode was peeled off from 

the current collector and re-dispersed in THF under sonication. As shown in the STEM 

images and EDX mapping of Figure 7, the sulfur particles were disappeared and the 

elemental sulfur dispersed homogeneously among the GO layers, owning to the 

precipitation of a thin layer of discharge products (Li2S2 and/or Li2S). It is also noticeable 

that the building-in of GO-S was still maintained after running 50 cycles, which indicates 

the stability of this structure. The fourier transform infrared spectroscopy (FTIR) spectra 

of the 50th discharged cathode exhibited obvious peaks at 1580 cm−1, 1426 cm−1 and 850 

cm−1, as shown in the Figure S8 of the SI, suggesting the formation of S-Li or O-Li.38,40 

The summit of broad band between 3600 and 2600 cm-1 resulting from the O-H groups 

of GO-S-Amy (after 50th discharge) shifted towards short wavenumber compared with 

the GO-S-Amy, which indicates the presence of the hydrogen bonds in discharged GO-

S-Amy composite. Meanwhile, an obvious shoulder at 2535 cm-1 could be ascribed to the 

S-H stretching vibration, which suggested the presence of the balance between O-H and 

S-H. These observations, including the STEM and FTIR, suggest that the GO-S-Amy 

composite forms a stable cross-linked structure through the supramolecular interactions, 

which can accommodate the charge/discharge reactions and preserve the structure in long 

cycling. 
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Section 10.4. Conclusion 

 
In conclusion, a natural polymer, amylopectin wrapped graphene oxide - sulfur 

nanocomposite has been prepared and investigated for immobilizing the lithium 

polysulfides in the cathode of Li/S cells. With the help of this 3-dimensionally cross-

linked structure, the Li/S battery exhibited much improved cycling stability and columbic 

efficiency compared with the conventional sulfur electrodes. From the comparison of 

STEM images and EDX data, the branched amylopectin successfully confined the sulfur 

particles among the GO layers, which helps to tether the polysulfides during the 

charge/discharge processes. Different sulfur loading electrodes were tested and compared 

as well, lower sulfur loading electrode show better capacity and efficiency relative to 

higher sulfur loading electrode. While slight capacity fading presents in these and premier 

studies, we believe that these results provide reliable insights and novel concepts for 

future Li/S batteries. 

Supporting Information. Experimental details and characterization are included. This 

material is available free of charge via the Internet at http://pubs.acs.org. 
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CHAPTER 11 

CONCLUSION 

 

The work presented here encompasses the use of a broad range of advanced 

electron microscopy approaches for understanding electrochemical energy storage and 

conversion systems.  

It has been demonstrated, particularly in Chapter 2, that the 3-D electron 

tomography method enables the identification of hundreds of electrocatalyst 

nanoparticles with one-to-one correspondence before and after electrochemical aging1. It 

allows us to track, in three-dimensions (3-D), the trajectories and morphologies of each 

Pt-Co nanocatalyst particles on a fuel cell carbon support. The use of atomic-scale 

electron energy loss spectroscopic imaging enables the correlation of performance 

degradation of the catalyst with changes in particle/inter-particle morphologies, particle-

support interactions and the near-surface chemical composition. We found that, aging of 

the catalysts under normal fuel cell operating conditions (voltage scans from +0.6 V to 

+1.0 V for 30,000 cycles) gives rise to coarsening of the nanoparticles, mainly through 

coalescence, which, in turn, leads to the loss of performance. The observed coalescence 

events were not due to carbon support degradation, but to the migration of nanoparticles 

on the support during voltage cycling. This method provides detailed insights into how 

nanocatalyst degradation occurs in proton exchange membrane fuel cells (PEMFCs), and 

suggests that minimization of particle movement can potentially slow down the 

coarsening of the particles, and the attendant performance degradation. 
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Moving from the ex-situ to in-situ characterization, we report a study using high-

resolution scanning transmission electron microscopy coupled with an in-situ thermal 

annealing stage of surfactant-free, mono-dispersed superparamagnetic PtFe (cubic) alloy 

nanoparticles (≈ 2 nm in diameter) stabilized in a KCl matrix.2 Ex-situ experiments 

confirmed that annealing produces PtFe (tetragonal) ordered intermetallic nanoparticles 

with a mean diameter of 5 nm, and the in-situ study revealed that the mechanism of 

nanoparticle growth is dominated by particle-particle coalescence, although Ostwald 

ripening is also implicated in a few cases. In addition, to determine the time dependent 

evolution of the size distribution of an ensemble of over 400 nanoparticles, analysis of 

the in-situ data also allowed tracking of individual nanoparticles, distinguishing 

coalescence from Ostwald ripening, nanoparticle by nanoparticle. This approach has 

provided valuable insights into changes in crystal structure and sintering that occur during 

the thermal annealing of Pt-Fe nanoparticles.  

In Chapter 4, we apply the in-situ characterization techniques into the liquid 

phase, where the electrochemical reactions become feasible.3 We describe an approach 

that enables imaging the nanoscale distribution of ions during electrochemical charging 

of a battery in a transmission electron microscope liquid flow cell. We use valence 

electron energy-loss spectroscopy to track both solvated and intercalated ions, with 

electronic structure fingerprints of the solvated ions identified using an ab initio non-

linear response theory. Equipped with the new electrochemical cell holder, nanoscale 

spectroscopy and theory, we have been able to determine the lithiation state of a 

LiFePO4 electrode and surrounding aqueous electrolyte in real time with nanoscale 

resolution during electrochemical charge and discharge. We follow lithium transfer 
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between electrode and electrolyte and image charging dynamics in the cathode. We 

observe competing delithiation mechanisms such as core-shell and anisotropic growth 

occurring in parallel for different particles under the same conditions. This technique 

represents a general approach for the operando nanoscale imaging of electrochemically 

active ions in the electrode and electrolyte in a wide range of electrical energy storage 

systems. 

 This in-situ STEM characterization technique cannot only be applied to 

electrochemical energy systems, but also be applied to the study of nanoparticle 

metamorphosis. In Chapter 5, high-temperature in-situ electron microscopy and X-ray 

diffraction revealed that Au and Fe2O3 particles fuse in a fluid fashion at temperatures far 

below their size-reduced melting points. With increasing temperature, the fused particles 

undergo a sequence of complex structural transformations from surface-alloy to phase 

segregated and ultimately core-shell structures. The combination of in-situ electron 

microscopy and spectroscopy provides new insights into fundamental thermodynamic 

and kinetic aspects governing the formation of heterogeneous nanostructures. The 

observed structural transformations present an interesting analogy to thin film growth on 

the curved surface of a nanoparticle. Using single particle observations, we constructed a 

phase diagram illustrating the complex relationships among composition, morphology, 

temperature, and particle size. 

 Learning from the information of in-situ TEM study, we have been able to 

develop better catalysts for fuel cell systems. In Chapter 6, a promising electrocatalyst 

prototype of low Pt mole fraction, intermetallic nanoparticles of Cu3Pt, has been prepared 
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using a simple impregnation-reduction method, followed by a post heat-treatment.4 Two 

dealloying methods (electrochemical and chemical) were implemented to control the 

atomic-level morphology and improve performance for the oxygen reduction reaction. 

The morphology and elemental composition of the dealloyed nanoparticles were 

characterized at Ångstrom resolution using an aberration-corrected scanning transmission 

electron microscope equipped with an electron energy loss spectrometer. We found that 

the electrochemical dealloying method led to the formation of a thin Pt skin of ca. 1 nm 

in thickness with an ordered Cu3Pt core structure, while chemical leaching gave rise to a 

‘spongy’ structure, with no ordered structure being preserved. A 3-D tomographic 

reconstruction indicated that numerous voids were formed in the chemically dealloyed 

nanoparticles. Both dealloying methods yielded enhanced specific and mass activities 

toward the ORR and higher stability relative to Pt/C. The ‘spongy’ nanoparticles 

exhibited better mass activity with a slightly lower specific activity than the 

electrochemically dealloyed nanoparticles after 50 potential cycles. In both cases the 

mass activity was still enhanced after 5,000 potential cycles. 

 To better improve the performance of fuel cells, we have looked beyond Pt-metal 

disordered alloys and described a new class of Pt-Co nanocatalysts comprised of ordered 

Pt3Co intermetallic cores with a 2-3 atomic-layer thick platinum shell.5 In Chapter 7, these 

nanocatalysts exhibited over 200% increase in mass activity and over 300% increase in 

specific activity when compared to the disordered Pt3Co alloy nanoparticles as well as 

Pt/C. To date, this mass activity for the ORR is the highest among the Pt-Co systems 

reported in the literature under similar testing conditions. Stability tests showed a minimal 

loss of activity after 5,000 potential cycles and the ordered core-shell structure was 
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maintained virtually intact as established by atomic-scale elemental mapping. The high 

activity and stability are attributed to the Pt-rich shell, and the stable intermetallic Pt3Co 

core arrangement. These ordered nanoparticles provide a new direction for catalyst 

performance optimization for next-generation fuel cells. 

 Applying the studies from in-situ TEM characterization, I have also explored the 

field of lithium-sulfur batteries. In Chapter 8, we reported the synthesis of a polyaniline-

sulfur yolk-shell nanocomposite through a heating vulcanization of a polyaniline-sulfur 

core-shell structure.6 We observed that this heating treatment was much more effective, 

than chemical leaching, to prepare uniform yolk-shell structures. Compared with its 

sulfur-polyaniline core-shell counterparts, the yolk-shell nanostructures delivered much 

improved cyclability owing to the presence of internal void space inside the polymer shell 

to accommodate the volume expansion of sulfur during lithiation. The yolk-shell material 

exhibited a stable capacity of 765 mAh g−1 at 0.2 C after 200 cycles, representing a 

promising future for industrial scale Li-S batteries. 

In Chapter 9, we present a hierarchical architecture MWCNT@ meso C core-shell 

nanostructure as carbon matrix for effective trapping sulfur/polysulfides as cathode 

materials for Li/S batteries.7 The unique structure of MWCNT@Meso C core-shell 

nanocomposites were prepared by using a sol-gel coating method followed by 

nanocasting. By infiltrating sulfur into the matrix, the S/MWCNT@Meso C core-shell 

nanocomposites delivered an initial discharge capacity of 1248 mA h g-1. The capacity 

was stabilized at about 640 mA h g-1 after 50 cycles, which is much higher than that for 

S/MWCNT. This material exhibited excellent rate capability even at a discharge current 
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density of 2 A g-1. The improvement in electrochemical performance is attributed to the 

synergetic effect of MWCNTs cores which provide electronic pathways, while 

mesoporous carbon shells with relatively high surface area, trap sulfur/polysulfides and 

provide Li+ ion pathways. 

 In Chapter 10, we move more closely to the actual application of lithium sulfur 

battery system. An amylopectin wrapped graphene oxide-sulfur composite was prepared 

to construct a 3-dimensionally cross-linked structure through the interaction between 

amylopectin and graphene oxide, for stabilizing lithium sulfur batteries.8 With the help 

of this cross-linked structure, the sulfur particles could be confined much better among 

the layers of graphene oxide and exhibited significantly improved cyclability, compared 

with the unwrapped graphene oxide-sulfur composite. The effect of the electrode mass 

loading on electrochemical performance was investigated as well. In the lower sulfur 

mass loading cells, such as 2mg cm-2, both of the capacity and efficiency were cleraly 

better than those of the higher sulfur mass loading cells, such as 6mg cm-2. 

Each of the examples above represents the functional and mechanistic insights 

that the in-situ electron microscopy has provided understandings of electrochemical 

energy storage and conversion systems. Both the ex-situ and in-situ investigations of Pt-

Co nanoparticles confirmed the same degradation mechanisms; that coalescence and 

carbon support play important roles in fuel cell catalysts degradation. The study using the 

in-situ liquid cell provides a representative of electrochemical behavior of platinum 

nanoparticles inside an electron microscope. The structure of lithium-sulfur battery 

composite materials demonstrates their distinct character as stable and high-performance 
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battery materials and has generated active research in the mechanistic details of the 

complex chemistry.  Given the tremendous efforts to elucidate the impact of modern 

electrochemical energy materials, more fascinating research and collaborations are 

ongoing across the fields of chemistry, physics and material science in this new era of 

renewable energy research. 

  



 221

REFERENCES 

1. Yu, Y.; Xin, H. L.; Hovden, R.; Wang, D.; Rus, E. D.; Mundy, J. A.; Muller, D. 

A.; Abruna, H. D. Nano Letters 2012, 12, (9), 4417-4423. 

2. Chen, H.; Yu, Y.; Xin, H. L.; Newton, K. A.; Holtz, M. E.; Wang, D.; Muller, D. 

A.; Abruna, H. D.; DiSalvo, F. J. Chemistry of Materials 2013, 25, (8), 1436-1442. 

3. Holtz, M. E.; Yu, Y.; Gunceler, D.; Gao, J.; Sundararaman, R.; Schwarz, K. A.; 

Arias, T. A.; Abruña, H. D.; Muller, D. A. Nano Letters 2014, 14, (3), 1453-1459. 

4. Wang, D.; Yu, Y.; Xin, H. L.; Hovden, R.; Ercius, P.; Mundy, J. A.; Chen, H.; 

Richard, J. H.; Muller, D. A.; DiSalvo, F. J.; Abruna, H. D. Nano Letters 2012, 12, (10), 

5230-5238. 

5. Wang, D.; Xin, H. L.; Hovden, R.; Wang, H.; Yu, Y.; Muller, D. A.; DiSalvo, F. 

J.; Abruna, H. D. Nature Materials 2013, 12, (1), 81-87. 

6. Zhou, W.; Yu, Y.; Chen, H.; DiSalvo, F. J.; Abruna, H. D. Journal of the 

American Chemical Society 2013, 135, (44), 16736-16743. 

7. Wang, D.; Yu, Y.; Zhou, W.; Chen, H.; DiSalvo, F. J.; Muller, D. A.; Abruna, H. 

D. Physical Chemistry Chemical Physics 2013, 15, (23), 9051-9057. 

8. Zhou, W.; Chen, H.; Yu, Y.; Wang, D.; Cui, Z.; DiSalvo, F. J.; Abruna, H. D. Acs 

Nano 2013, 7, (10), 8801-8808. 

 


	Chapter 0
	Chapter 1
	Chapter 2
	Chapter 3
	Chapter 4
	Chapter 5
	Chapter 6
	Chapter 7
	Chapter 8
	Chapter 9
	Chapter 10
	Chapter 11



